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Summary
The streng heterogeneity in unidirectional continuous fibre-reinforced composites
yields a low strength and failure strain in transverse tension, mainly due to the
stress concentrations and/or strain magnifications in fibre, matrix and interface. As
a result of their geometrical structure, the transverse properties are additionally
affected in quite a complex manner by parameters such as the fibre content, the
environmental temperature (which affects the thermal residual stresses), adhesion
between fibre and matrix, the matrix properties and the properties of a possible
layer between fibre and matrix, i.e. the interphase ar interlayer ar coating. Of all
inferior transverse properties, especially the low failure strain limits the applications
of composite materials. In order to find a methad to enlarge the transverse failure
strain, the influence of the previously mentioned factors on the transverse
properties of unidirectional composites is systematically investigated using bath
experimental and numerical techniques. For the experiments, various composite
systems are chosen which allow for an intensive study on the influence of these
parameters separately. In order to get a better understanding of the experimental
results, these systems are additionally investigated using micromechanical finite
element methods, allowing for a relatively simple parameter variatien and revealing
the influence of these parameters on the micro-deformation.
Fibre volume fraction
Experimental verifications of the micromechanical model are conducted with a
glass-fibre-reinforced epoxy system. The model based on a hexagonal fibre
packing combined with a Van Mises failure criterion for the matrix, results in good
quantitative predictions of the transverse strength. Experiments on wel! bonded
glass/epoxy composites revealed that with increasing fibre content, the transverse
stress at fracture (i.e. the composite strength) increases. The transverse strain at
fracture on the other hand decreases strongly. Numerical rnadelling shows that with
increasing fibre content the stress concentrations in the matrix significantly
increase, whereas the maximum Van Mises stress decreases, which explains the
experimentally observed phenomena.
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Test-temperature
For the glass/epoxy composites an increase in strength and failure strain is
observed with decreasing temperature. This is mainly the result of the temperature
dependenee of the yield stress of the matrix, which increases linearly with
decreasing temperature. Micromechanical analyses reveal that thermal shrinkage of
the matrix results in compressive stresses in the matrix between the fibres,
resulting in an increase in the transverse tensile strength. This effect is, however,
quite small and obscured by the counteracting effect of the temperature
dependenee of the matrix ductility.
Adhesion
The influence of adhesion between fibre and matrix on the transverse properties is
investigated using carbon fibre reinforeed epoxy composites. To determine the
relation between the level of adhesion and the resulting transverse properties,
carbon/epoxy composites were investigated with fibres that were subjected to
different levels of surface treatment. An interface element is introduced in the
numerical modelling, allowing for a variatien of the interface strength in the
micromechanical modelling. Both experiments and models show that adhesion
does not influence the transverse modulus. Considering the influence on the
transverse strength, three regions can be distinguished. With basically no adhesion,
a minimum in strength is predicted combined with a typical failure mode of multiple
debonding. In this case the strength is controlled the by properties of the matrix
and, as a result of high stress concentrations, approximately 20% of its yield stress.
With intermediate levels of the adhesion, failure is interface dominated and the
transverse strength and failure strain are proportional to the interface strength.
Finally, with perfect adhesion, the interface is streng enough to obtain matrix
fracture and a maximum transverse strength and failure strain is obtained, since
the strength is determined by the yield stress of the matrix rather than by the
interfacial bond-strength. With perfectly bonded fibres the transverse strength
increases with increasing fibre volume fraction. Consequently, higher levels of
adhesion are required to achieve a maximum in strength. Generally, the interface
strength may not be sufficient and an increase in fibre volume fraction will result in
a change in failure mode trom matrix dominated fracture to interface dominated
fracture.
Matrix ductility
The influence of the matrix ductility (characterized by its failure strain) on the
resulting transverse failure strain of the composites is investigated on carbon/epoxy
composites using epoxies with various netwerk densities and thus strains to break.
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By using a ductile epoxy matrix with a maximum strain to break of 62%, instead of
the standard epoxy with 6% strain, the transverse failure strain as tested in uniaxial
tension and three-point bending could be increased from 0.8% and 1.6% up to
2.8% and 4.5%, respectively. To explain this relatively small increase in composita
failure strain, the matrix deformation in carbon/epoxy composites is studied using
numerical simulations. Glass, rubber coated and rubber fibre-reinforced composites
are analyzed and compared with the most extreme case of a matrix tilled with
cylindrical holes. The analyses reveal that stift fibres result in extreme localizations
of the strain. This effect reduces the efficiency of the ductile matrices to obtain an
enhanced macroscopie transverse failure strain. With rubber fibre composites ar more extreme- perforated matrices, strain localizations are less serieus and higher
macroscopie transverse strains result. In the case of rubber coated carbon-fibre
composites, the matrix stress situation is similar to that in rubber fibre composites
and therefore an promising efficiency of the matrix ductility is predicted.
lnter/ayers with brittie matrices
The intriguing case of the presence of a coating or interlayer, i.e. a non-neglectable
thick layer between fibre and matrix, on the transverse properties is first
investigated with a composita system based on a highly cross-linked epoxy matrix
with a subsequent low failure strain (6%). lntuitively, one could expect that a
rubbery interphase coating on the carbon fibres in this camman composite system
would result in an enhanced transverse failure strain, since the macroscopie
transverse strain can be absorbed by the flexible coating, thus saving the brittie
matrix. Modelling reveals, however, that the presence of such a coatings has a
dramatic effect on the stress situation in the matrix, reducing bath the transverse
strength and failure strain significantly. The rubber coatings reduce the hydrastatic
stresses, which subsequently results in a streng increase in the Van Mises stress
concentrations. This eventually results in lower transverse stresses necessary to
initiate yielding, which in the case of brittie (epoxy) matrices directly leads to
macroscopie composita fracture.
/nter/ayer ductility
These unexpected results triggered the application of flexible matrices, for example
based on a thermoplastic matrix poly(2,6-dimethyl-1 ,4-phenyl ether) (PPE) with a
high failure strain (89%), combined with ductile (epoxy-rubber) interlayers. In these
composites, the interlayers are realized via a pronounced reaction induced phase
separation of a reactive epoxy solvent at the (polar) fibre surface. By changing the
chemistry of the epoxy, the properties can be varied from a completely rigid
amorphous glass to a flexible rubber with a low glass transition temperature, a low
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modulus and yield stress but with a high strain to break. In composites based on
matrices with such a high failure strain, failure is initiated inside the interlayer and,
consequently, the transverse strength and failure strain are directly governed by the
interphase properties. By flexibilizing the interphase, the failure strain is significantly
increased and an increase in the transverse failure strain is expected. However, the
streng reduction of the interphase modulus and yield stress proved to result in
significant strain localizations inside the interphase itself. These counteracting strain
localizations result in only a minor increase in the macroscopie failure strain .
Therefore it can be concluded that, in order to obtain a substantial increase in the
transverse failure strain, special attention should be paid to the increase of the
failure strain of the interphase, while maintaining its high modulus and yield stress.
This can be obtained by optimizing the chemistry of the reactive solvent.

Longitudinal properties
Also considering the effects of an interface or interphase on the longitudinal
properties -such as tensile strength, tensile fatigue life and compressive strength- it
is preterred to use fibres with a perfect adhesion to the matrix via interphases with
a high modulus (>2 GPa) and yield stress (>50 MPa). Without maintaining these
interphase properties the increase in transverse strain obtained will be toa much at
the expense of the longitudinal properties. Therefore, it is better to reduce the
cross-link density to obtain higher failure strains of the matrix and the interphases,
rather than reducing the Tg by using flexibilizers, since this results in a less
significant drop in modulus and yield stress. Consequently, the applications of
ductile matrices or ductile interphase with a reasonably high Tg (which results in an
acceptable high modulus and yield stress) seems to be the most promising route to
obtain composites with overall improved mechanica! properties.

Introduetion

Chapter 1
Introduetion

1.1

High-performance composite materials

Composita materials containing continuous unidirectional high-performance fibres
are characterised by a high specific longitudinal stiffness and strength, which
makes them especially interesting for weight saving applications. When composites
are used for structural applications, usually stacked plies with different fibre
orientations are used, allowing for a considerable stiffness and strength in more
than one direction. A disadvantage of these composites is that the material
heterogeneity and pronounced anisotropy results in inferior inter- and intralaminar
mechanica! properties, such as for example a low impact resistance and low offaxis properties. Tensile loading of composita structures based on stacked plies with
different orientation, such as the camman [0, 90] 5 cross-ply or [0, 90, ±45]. quasiisotropie stacking sequence, results in early fracture initiatien in the off-axis pliesl1 ·31 .
Generally, transverse cracking (aften referred to as matrix cracking) is the first
damage mechanism to occur in continuous-fibre-reinforced laminates under bath
static and fatigue loading conditions and has received detailed analysis because of
its significanee for the predietien of mechanica! performance of composita
structures. Figure 1 .1 gives a schematic representation of the situation normally
referred to as 'first ply failure' for a cross-ply laminate in quasi-static loading. This
terminology is commonly used to describe the situation where the primary cracks
(read: transverse cracks) in a laminate are formed . As indicated by the figure, the
stiffness of the laminate is reduced as a result of multiple cracking of the
transverse plies because the laad, after an initia! crack, is redistributed into the
remaining undamaged materiaL Although in practice the change in slope of the
stress-strain curve will be nat nearly as distinct as suggested by Figure 1.1, the
concept of 'first ply failure' and an estimate of the stress or strain level at which
they occur is of great significanee because these primary cracks are the souree of
subsequent damage development. For example, it has been shown that under
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cyclic loading (fatigue) transverse cracks change the stress state in the composite
and thus, initiate other, more severe types of damage mechanisms such as
delaminations and fibre fracture leading to total failure of the structure, thus
affecting the life time of a composite structure. According to Reifsnider 141 fatigue
damage in cross-ply laminates can be devided in different stages, see Figure 1.2.
The first stage consists of homogeneous, non-interactive, transverse cracking
restricted to individual plies. After reaching the saturation level for transverse
cracking the secend stage is characterized by the tendency of crack interaction and
the development of streng interlaminar stresses resulting in delamination. The
saturation level fortransverse cracks, i.e the so-called 'characteristic damage state'
(COS) occurs at this transition trom first to secend stage and provides an upper
limit for this type of damage.
p

E'<E

E

Figure 1.1

Schematic representation of 'first ply failure' in a cross-ply laminate, and the change
in stiffness of the laminate. (Reproduced from K.L. Reifsnider l•~.

As a result of this, the apparent low transverse failure strain of unidirectional
composites can be regarded as a significant limitation in possible interesting
applications of these composite materials. To avoid the appearance of primary
damage in structural application a (first ply failure) strain of approximately 0.4% is
used as design criterion 15·61, which is significantly lower than the failure strain of the
fibres applied. A considerable overdesigning results and an increase in transverse
failure strain up to a level of for instanee 0.8%, would, in principle, imply an
enhanced weight efficiency of composite structures with a factor of two.
In first instanee it might seem remarkable that in almast all cases the failure strain
of unidirectional composites is higher in the fibre direction, with the parallel
arrangement of rigid fibres and the potentially flexible matrix, than in the direction
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Schematic representation of the development of damage during the life-time of a
composite laminate. (Reproduced trom K.L. Reifsnider 141).

perpendicular to the fibres, where bath components act typically in series. This not
only applies to thermoplastic matrices, since even standard epoxy matrices exhibit
strains to break varying from 4 to 6%, which is significantly higher than for instanee
the failure strain of high-strength carbon fibres, being typically 1.4%. With a fibre
content of 50 vol.% a strain magnification exists in the matrix which is, using a
series model, estimated to be two. For the epoxy matrices mentioned above this
should result in macroscopie transverse failure strains of 2-3%. Using more
sophisticated two-dimensional models with the fibres in a regular packing 171 higher
strain magnifications are expected, see also Figure 1.3. They all still result,
however, in predicted failure strains that are toa high when compared to those trom
experimental evidence (even when rather tough matrix systems are used 18·111). This
demonstrates that the strain magnifications are still underestimated and that the
problem is more complex.
The low transverse strength of unidirectional fibre-reinforced composites is aften
assumed to be a result of the intrinsic material heterogeneity and the resulting
considerable stress concentrations. The strength proves nat only to be determined
by the strengths of the constituents but also depends on the level of fibre-matrix
adhesion, which might result in premature separation of fibres and matrix 112. 141 . As a
result of the subsequent pronounced danger of transverse (brittle) fracture, the
strength is additionally significantly reduced by defects 11 1. Those are often
controlled by processing parameters such as fibre wetting and impregnation, void
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Strain magnifications in the matrix as a tunetion of the volume fraction of (rigid)
fibres, as calculated with a parallel model, a series model and the models of Kies 161
with a square and hexagonal fibre packing.

content and edge finishing effects 1151 . Combining all these factors generally results
in disappointing low strains to break. In the literature typical values between 0.4 %
and 0.8 % are reported 13.4.8· 13"16. 181 .
Most of the more recent research on the transverse properties of composite
materials is focused on an impravement of the strength. Since most modifications
in the composite do not significantly affect the transverse modulus, increasing the
strength usually directly results in an increased failure strain as well. Considering
the large number of parameters involved, as indicated above, the development is
slow and the optimisation strategies are not obvious. Therefore, apart trom time
consuming experimental studies often numerical micromechanical simulations are
performed. These simulations are usually based on a simplified geometry
consisting of a repeating unit of a model of a cross-sectien of unidirectional
composites with the fibres in a square or hexagonal packing array [7. 191. This
geometry is considered to be a representative volume element tor the total
composite. Analyses like these offer the opportunity to reveal the crigin of
deformation 116"17 "20 "2 11 and fracture 11 8 "221 on a microscopie scale and could lead to a
considerable impravement in the fundamental understanding of the influence of
distinct parameters. Notably since the mid-sixties 1191 , when 'advanced' computers
were introduced, micromechanical rnadelling was performed using finite difference
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and finite element methods to simulate this transverse deformation of unidirectional
composites. Many of these analyses have been performed on metal matrix
composites 121 •251 and, despite their goals to obtain an increased understanding of
the deformation mechanisms occurring, they were often limited to predictions of the
modulus 117· 19·26 -281. Less frequently, attempts were made to predict the transverse
strength 116·21 •23·29 ·301. Even when good agreement is found between a model
prediction and an experiment, this strategy did not automatically lead to an
improved understanding and no attempts were made to apply these analysis to an
material optimization strategy. In order to reach this, parameter varlation is
required. This involves an extensive study on the influence of all relevant
parameters, such as the fibre volume fraction 121 ·23 ·26-281 , fibre mechanica!
properties 1261 , fibre-matrix bonding 113' 18 ' 211 , fibre-coating properties 129•301 and matrix
ductility 18 . 111 . Only when it is understood how all these parameters affect the
transverse properties and how they are inter-related, successful material
optimization schemes to reach increased failure strains can be defined.

1.2

Survey of the thesis

The objective of this study is to evaluate different routes which might lead to the
enhancement of the transverse failure strain of fibre-reinforced composites based
on amorphous polymer matrices. The influence of parameters like fibre volume
fraction , test temperature, fibre-matrix adhesion, matrix ductility and interphase
properties on the transverse tensile properties has been studied using a
combination of experiments and finite element micromechanical modelling. To
determine the influence of these parameters experimentally, each has been varied
separately in a well defined (model) composite system. Micromechanical modelling
showed their influence on the microscopie deformation. The polymer materials
studied are characterized by their elastic properties, such as the Young 's modulus
and the Poisson's ratio, and , additionally, their maximum stress (yield stress) and
their maximum strain at failure. lt is described how the different parameters affect
the transverse modulus, the plastic deformation and finally the transverse stress at
failure, i.e the composite strength, and strain at failure.
In Chapter 2 a beginning is made with the modelling using basic simple linear
elastic analyses in order to predict the transverse strength of fibre reinforeed
epoxies. A relatively standard system was studied , based on glass fibres in a brittie
epoxy matrix. Attention was focused on the influence of the fibre volume fraction
and the test-temperature is presented, in order to validate the micromechanical

6
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modelling in wider applications. In Chapter 3, the influence of fibre/matrix adhesion
will be discussed. The numerical analyses are expanded by introducing the
interface strength in the micromechanical modelling of carbon fibre reinforeed
epoxy. Chapter 4 presents the influence of the matrix ductility on the composite
failure strain. Non-linear analyses are performed to described the visco-elastic
behaviour of the ductile epoxy matrices in the carbon-fibre-reinforced composites.
Other composite systems are presented as well, to reveal the influence of the
composite morphology on the efficiency of the matrix ductility. In Chapter 5, it is
outlined how an interlayer (or interphase) between fibre and matrix affects the
transverse mechanica! properties. In the analyses a third constituent has been
introduced, which represents the interlayer that is applied by carbon-fibre-coating or
that occurs by specific phase separation using reactive dilute processing. Finally in
Chapter 6, the conclusions and recommendations with respect to useful future work
are summarized.
This thesis is based on a colleetien of publications 131 · 381 . Furthermore, the author
has contributed to several papers on related subjects, which are not presented in
this thesis 139•461 .
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modelling

of composites with

Introduetion

In literature, the transverse deformation and fracture of metal-matrix 11 ·SJ and
polymer-matrix 16 - 161 composites have been studied using finite ditterenee or finite
element methods (FEM) on micromechanical models. These numerical analyses
offer the opportunity to reveal the deformation (and fracture) on a miercseale and
may lead to a considerable impravement in the fundamental insight of the influence
of the distinct parameters. However, in most studies hypothetical strength criteria
are used, such as a maximum principle stress criterion for polymer matrices 18 -131 ,
and many papers do nat contain sutficient experimental data to verify the numerical
results 112• 161 • As a result of the complex three-dimensional stress situations in
composites the choice of a failure criterion like the maximum principal stress might
lead to the wrong conclusions. Therefore, attention must be focused on the
determination of the appropriate failure criteria 11 7 ·181.
The objective of this chapter is to develop a micromechanical model that can be
used tor transverse strength predictions of fibre-reinforced epoxies. Therefore, a
system is studied based on glass fibres in a relatively brittie epoxy matrix. By using
an isotropie fibre like glass and an isotropie matrix material micromechanical
modelling is easier but, more importantly, more reliable and comprehensible.
Mechanica! properties and failure criteria, necessary as input parameters for the
micromechanical analyses, have been determined experimentally. Experimental
results are compared with the results of numerical analyses that are based on

"Reproduced in part from: de Kok, J.M.M. and Meijer, H.E.H. Composites 1995, submitted
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square and hexagonal fibre packing arrays. The influence of parameters like fibre
volume fraction and test-temperature will be presented to validate the modelling.

2.2

Experimental

2.2.1 Neat materials
The composites studied consisted of E-glass fibres from PPG Industries Fibre
Glass bv (084-M28) and an Araldite epoxy system trom Ciba Geigy, based on
diglycidyl ether of bisphenoi-A (LY556) with tetrahydromethylphthalic anhydride
(HY917) as a curing agent and 1-methylimidazole accelerator (DY070) in a weight
ratio 100:90:1. To obtain the necessary input parameters tor the numerical
analyses, the neat materials were characterized using tension tests at room
temperature at a strain rate of 10-3 s· 1 . To identify an appropriate failure criterion for
the epoxy matrix, besides uniaxial tension ether (multi-axial) tests were used
including simple shear, uniaxial compression and plane strain compression . The
Poisson's ratio of the epoxy was determined using bath a longitudinal- and a
transverse extensometer. The thermal expansion coefficient was determined by
monitoring the length of a sample with an extensometer trom room temperature to
100°C. The data obtained are shown in Table 2.1.
Tabel 2.1

Properties of fibre and matrix.
Young's

Poisson's

Therm al

modulus

ratio

expansion

[GPa]

[-]

coefficie nt
[10'6/"C]

E-glass

70

0.22

Epoxy

3.2

0.37

Material

*

7

*

67.5

* Uterature data

The ultimate stress of the epoxy in uniaxial tension is determined as a tunetion of
the test-temperature at a strain ra te of 1o-3 s·1 . Same typical stress-strain curves
are shown in Figure 2.1. lt is clear that the yield stress, defined as the maximum of
the stress, decreases with increasing temperature, whereas the plastic strain
significantly increases. However, at room temperature the epoxy is rather brittie
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Figure 2.1

Stress-strain curves of the epoxy matrix at different test-temperatures.

and at the yield stress the material fails catastrophically. As can be expected tor
polymer materials 119-211 , the yield stress of the epoxy matrix decreases linearly with
temperature, as shown in Figure 2.2. This can be described by Eyring's flow
equation, tor the high stress region given as 1221

é

= Aexp(

-!l.U + a YVJ
kT

or a = -!l.U
y
V

+

kT In ( Ac. )
-V

(2.1}

where A is a constant, V is the shear activatien volume, k is Boltzmann's constant
and T is the absolute temperature. !l.U is the activatien energy for the flow process.
Simple shear tests were performed on cast moulded plates of 100 x 60 x 2 mm.
For these tests a grip-ta-grip di stance was used of 10 mm and a specimen length
of 100 mm. Cast moulded plates of 6 mm thickness we re used tor the uniaxial
compression tests. Tests were performed on polished specimens with a crosssectionar area of 6 x 6 mm and a gauge length of 25 mm. With the 25 mm gauge
length bath end effects due to laad introduetion and buckling were avoided and/or
minimized. Planar compression tests were performed on epoxy specimens with a
gauge length of 40 x 12 x 2 mm. The specimens were supported by two Teflon
covered steel plates to create a plane strain condition 123' 241 • For all these tests the
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Temperature dependenee of yield stress of the epoxy matrix.

strains were determined from the cross-head displacement The yield behaviour in
these test conditions can be described by a modified form of Eyring's flow
equation 1211 given as
=i: exp(-f:J.U
Eeq

0

+ aeq V+

kT

aQ]

(2.2)

where é0 is a pre-exponential factor, ä the hydrastatic component of stress (mean
stress), Q the so called pressure activation volume and ieq the equivalent strain
rate 121,251:

Èeq =

12
3

.j(ë 1 - È2 ) 2

+ (È 2 - È3 ) 2 + (È 3 - È 1 ) 2

(2.3)

where é 1, i 2 and é 3 are the principal strain rates, while, finally, aeq is the equivalent
stress, also known as Von Mises stress 121 ·251:
(2.4)

where a 1, a 2 and a 3 are the true principal stresses.
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Tabel 2.2

Yield stresses in various tests.

Test method

Uniaxial

Simple

Uniaxial

Plan ar

ten si on

shear

compression

compression

Strain at yield

&y

[% )

5.9

-

-7.0

-7.0

True yield stress

o,

[MP a)

99

53

-111

-114

1:1:0

1:1 :-1

-1:-1 :0

-1:-1:V2

Ratio

15

oy:o,:o2

[25,26]

1st Princ. stress

o,

[MPa)

99

53

-111

-114

2nd Princ. stress

02

[MPa)

0

-53

0

-57

Oeq

[MP a)

99

92

111

99

[MP a]

33

0

-37

-57

Von Mises stress
Hydrastatic stress

-0

In our experiments, strain rate effects are circumvented by determining the yield
stress at equal values of the equivalent strain rate 1211 (1 o-as- 1). The yield stresses
measured are shown in Table 2.2, combined with the decomposed principal
stresses cr, and cr2 125' 261 • The true yield stress cr1 in tension or compression has been
determined trom the engineering yield stress cr6 by assuming linear elastic volume
deformation prior to yielding:

where eY is the strain at yield and v the Poisson's ratio of the epoxy. The factor F
depends on the test conditions and is for the plane stress tests equal to 1, and for
the planar compression test approximately 1.5 125' 261 . With the principal stresses, cr1
and cr2 , a yield envelope can be generated, as illustrated in Figure 2.3. This
envelope can reasonably be approached by the Von Mises criterion with a small
dependency of the yield stress to hydrastatic pressure 12s-281 . Since the data were
not sufficient to determine the pressure dependenee of the yield stress, this
influence will be disregarded in the numerical analyses.
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Failure envelope of the epoxy matrix.

2.2.2 Compa.site manufacturing
Composita specimens were manufactured using the filament winding technique.
Glass fibre strands were impregnated in an epoxy bath and wound on a framework.
The resin rich fibres were degassed by placing the framewerk with fibres in a
vacuum oven at 400 mm Hg and 60°C for 30 minutes. After degassing, the
composite is moulded using teflon sheets to ensure demoulding after cure. The
resulting thickness of the laminates, and thus fibre volume fraction, is controlled by
spacers. After applying 5 bar pressure, the resin is cured in the press at 80°C for
4 hours. Post-curing is performed at 140°C for 8 hours. Unidirectional composites
were obtained, varying in fibre volume fraction from 43% to 73%. High-quality
composites resulted which were basically free of voids.
The manufactured laminates were cut with a diamond cutting wheel into
rectangular specimens with a width of 20 mm. To avoid grip effects, tensile
specimens with a typical dumbbell shape were machined using a special grinding
machine. In order to avoid catastrophic influence of surface flaws, the specimen
edges were carefully polished using a sequence of 300,1200 and 4000 SiC
sandpaper 1291 •
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2.2.3 Testing
Tension tests were performed on a Frank type 81565 tensile machine at a strain
rate of 10-J s·1 • The Young's modulus and failure strain are measured by using an
extensometer (1 0 = 50 mm). Durnbbeli shaped specimens were used with a
geometry of 18 x 150 mm and a narrow sectien with a length and width of 60 mm
and 11 mm, respectively. The thickness of the tensile specimens varied from 0.85
to 1.40 mm. Cardboard and grinding paper is used between specimens and
specimen grips to prevent slip and premature failure in the grips. Three-point
bending tests were performed according to the ASTM 0790-81 standard at a
strain-rate of 1 o-3 s· 1. The thickness of the beam specimens varied from 0.9 to
3.0 mm. Their width was approximately 20 mm. Span-to-depth ratios between 30
and 46 were used. Roller radii of the supports and loading nose were 1.5 mm and
2.0 mm, respectively. Tests at room temperature were also performed on a Franck
type 81565 tensile machine. A Zwick Rel SB 3122 hydraulic tensile machine with a
thermostatically controlled oven was used for testing at -30°C and +70°C.

2.3

Modelling

The numerical analyses are based on a two-dimensional generalized plane strain
model using the FEM code MARC 1301 • A square and hexagonal array geometrical
model were used. In Figure 2.4 the meshes used are shown, bath created with the
preprocessor MENTAT. The particular curve on the right side of the hexagonal
mesh allows for calculations on composites with high fibre volume fractions.
Quadratic 8-node generalized plane strain elements were used to achieve accurate
results with a constant strain in the fibre direction. In the vicinity of the interface the
element size was reduced because of the expected high stress gradients 121 • Perfect
fibre-matrix bonding was modelled by attaching fibre and matrix with coinciding
nodes. The fibre volume fraction could be varied by changing the radius of the
fibre. This was easily achieved by changing the material parameters of the circular
layers at the fibre-matrix interface from fibre to matrix parameters or vice versa. In
this way, ten different fibre volume fractions could be computed with bath meshes,
viz. with the square model from 38% to 68% and with the hexagonal model from
39% to 72%. For bath fibre and matrix, linear elastic behaviour is assumed. The
input parameters used are shown in Table 2.1.
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(a)

8

A

(b)

x
Figure 2.4

Finite element meshes of (a) the square and (b) hexagonal fibre packing model ,
respectively.

The boundary conditions of the models are given as zero displacement in the xand y-direction for all nodes at the lines AD and AB, respectively. The nodes at the
line CD are tied to point C with the displacements in the y-direction of these nodes
equal to the y displacement of point C, as given by
(2.6)

where vis the displacement in the y-direction, the subscripts are node labels and P
is a node at CD. With the square array model the nodes at the line BC are tied to
point C with the displacements in the x-direction of these nodes equal to the x
displacement of point C, as given by
(2.7)

where u is the displacement in the x-direction and Q is a node at BC. For the
hexagonal model a different boundary condition is used for side BC, where the
displacementsof nodes at BS are linked to side SC and the midpoint S '2 ·121 , as
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given by
(2.8)

(2.9)

where R is a node at BS and Rat SC equidistant trom point S.
Transverse loading, with the residual thermal stresses being ignored, is realized by
subscribing a fixed displacement of 1o· 3 times the length of AD in the y-direction for
node-point C, which results in an average applied transverse tensile strain of 0.1 %.
Transverse tensile moduli are determined by dividing the average transverse stress
by the applied strain. To predict the transverse strength only the stresses in the
matrix are considered, assuming perfect adhesion and thus matrix dominated
failure. Furthermore, strain-localization and abrupt failure is assumed upon reaching
the yield stress at room temperature, as observed trom tensile testing at 22°C, see
Figure 2.1. Stress concentrations are determined by dividing the maximum local
stress by the average stress. By dividing the yield stress of the matrix by the stress
magnification factor the transverse strength can be predicted. The transverse
failure strain is calculated by dividing the predicted strength by the calculated
transverse modulus.
Tabel 2.3

Yield stress of the epoxy matrix as a tunetion of temperature.
Temperature [0 C]

-30

22

70

Yield stress [MPa]

123.9

94.2

67.2

The test-temperature is varied by applying a thermal load on the model geometry
to simulate the temperature jump trom cure-temperature to test-temperature. A
negative thermal load on the model geometry results in a temperature reduction
and subsequent thermal shrinkage. Residual thermal stresses are introduced as a
result of the difference in thermal expansion coefficient of fibre and matrix, see
Table 2.1. lt is assumed that no relaxation of thermally induced stresses occurs
below the glass transition temperature, Tg, of the epoxy matrix, being 140°C.
Cooling from cure temperature {140°C) to test-temperatures of -30°C, 22°C and
70°C is realized, using thermalloads of -170°C, -118°C and -70°C, respectively.
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By applying a transverse laad after the thermal laad, on each position the matrix
stresses increase linearly with the applied laad. However, the local maximum does
not increase linearly, since the position of the maximum stress shifts to a different
position. Furthermore, because of the nonlinear tormulation of the Von Mises stress
(Equation 2.4), even at every single position this stress usually does not increase
linearly with the applied transverse stress. An additional transverse loading is
generated by applying an incremental point-load up to 150 MPa at node-point C in
steps of 10 M Pa. By determining the maximum loc al Von Mises stress with
increasing laad the transverse strength is predicted. Since the critica! failure stress
of the epoxy matrix is temperature dependent, for each test-temperature a different
value is used, see Table 2.3.

2.4

Results and discussion

2.4.1 lnfluence of fibre volume fraction on transverse modulus
All composites experimentally tested showed perfect linear elastic behaviour up to
failure. The transverse modulus strongly increases with increasing fibre volume
fraction, as could be expected, see Figure 2.5. The modulus determined by threepoint bending is systematically lower than the modulus determined by tensile
testing, despite the large span-to-depth ratios used in the bending tests. Numerical
predictions were made using both types of packing. Most experimental data are
found between the two calculated lines.

2.4.2 Matrix deformation
Transverse tensile loading, with the residual thermal stresses being ignored, results
in calculated matrix stresses as illustrated in Figure 2.6. The applied transverse
stress is mainly transferred through the fibres and the matrix in series with the
fibres. This can be seen in Figure 2.6b and 2.6f, where the dark grey zones with
high stresses continue vertically in the direction of the applied load. Due to the
presence of the rigid fibres considerable strain magnifications, SM F, are found in
the matrix, which can reasonably be approximated (within 5%) using the analytica!
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Figure 2.5

Transverse modulus as a tunetion of fibre volume fraetion, as measured in tension
[0) and three point bending [e) and predieled with the square [ - ) and hexagonal
fibre paeking model [- -- ).

model of Kies, given by

(2.1 0)

v3

with K = 2 tor the square array model 1311 and K =
for the hexagonal array model.
Furthermore e is the strain, E is the modulus and VF is the volume fraction of the
fibres. The subscripts M, F and C denote matrix, fibre and composite, respectively.
This strain magnification factor varies from 3 to 7 for the fibre volume fractions
considered. The matrix parallel (or next) to the fibres is hardly loaded (stressed or
strained) . Because the contraction of the matrix in the x- and z-direction is
constrained by the rigid fibres, considerable tensile stresses of about half the
applied stress are generated perpendicular to the applied laad, see Figure 2.6a,
2.6c, 2.6e and 2.6g. This results in a Van Mises stress lower than the axial stress
cryy. see Figures 2.6d and 2.6h.
For each fibre volume fraction the maximum of the principal stress, Van Mises
stress and hydrastatic stress has been determined. Figure 2.7 shows the local
maxima normalized to the average stress tor bath model geometries. As expected,
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Figure 2.6

Stress contour plots of the square (50 vol.% fibre, a,b,c,d) and hexagonal (49 vol.%
fibre, e,f,g,h) fibre packing model, respectively, in transverse loading. Results are
plotled tor the stresses normalized to the applied stress in y-direction in x-direction
(a,e), y-direction (b,f) and z-direction (c,g) and, finally, !he von Mises stress (d,h) .

the principal stress increases with increasing fibre volume fraction 16 · 10· 121 . Also the
hydrastatic stress increases with fibre volume fraction and appears to be quite high,
especially when compared with the hydrastatic stress in uniaxial tensile loadings. In
the composite, matrix stresses are close to triaxial, which results in Von Mises
stresses that are considerably lower than the maximum principal stress and almest
equal to the average applied stress. Although in general the matrix stresses
increase with increasing fibre volume fraction, the Von Mises stress decreases,
because the matrix stresses are closer to a triaxial stress state with increasing fibre
volume fraction .

2.4.3 lnfluence of fibre volume fraction on transverse strength
In Figure 2.8 the predicted strengths (stresses-to-failure) are shown using a Von
Mises and a principal stress failure criterion. Both criteria yield substantial different
results, quantitative as well as qualitative. The curves obtained from the principal
stress criterion are in agreement with the existing literature 18 -10· 121 and show a
decreasing transverse strength with higher fibre volume fraction. Camparing the
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Maximum principal stress, Von Mises stress and hydrostatic stress in the matrix as
a tunetion of fibre volume fraction, as calculated with the square [ - ) and
hexagonal fibre packing model [- - -).

experimentally determined transverse strengths, a large ditterenee is observed
between the results of the tensile tests and the results of the three-point bending
tests, see also Figure 2.8.
Previous studies on this subject on composites with a fibre volume fraction of
approximately 60 vol.% showed a good agreement between the experimental
strength determined from tensile tests and the predictions using the principal stress
criterion 18. 111 . However, by varying the fibre volume fraction this agreement is found
to be a coincidence. Given the ditterences in slope there is no qualitative
agreement between model predictions and experimental data. lt is clear that the
uniaxial tensile tests result in relatively low strengths due to unwanted size effects,
where the strength is determined by defects and flaws 1321• In three-point bending,
failure is less controlled by flaws because only a smal! volume of the material is
highly stressed. Since the flexural transverse strengths are close to the matrix
strength, they are expected to be a reliable estimation of the real 'intrinsic' material
strength. By using the Van Mises criterion, being the appropriate failure criterion for
the epoxy resin (see Figure 2.3 and the discussion above), a good agreement is
found between the predicted strengths and the flexural transverse strength data,
bath quantitatively and qualitatively, see Figure 2.8.
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Transverse strengths as a lunetion of libre volume fraction, as measured in lension
[OJ and three point bending 1•1 and predicted with the square [ - 1and hexagonal
fibre packing model [--- ), using a von Mises criterion and an ultimate stress
criterion.

Due to the triro<ial stress state the use of the Von Mises criterion yields a higher
predicted strength than obtained with the principal stress criterion. lt can be
expected, however, that the accompanying high hydrastatic stresses might cause
cavitation of the matrix and subsequently exceptional brittie fracture behaviour 117· 181.
Considering the flexural strength measured, the matrix is still able to sustain these
triaxial leads. When the yield stress is reached , however, localized plastic flow may
induce an increased hydrastatic stress and subsequent cavitation 1231. lt is important
to note that both the experimental and predicted transverse stress to failure, when
using a Von Mises failure criterion for the matrix, increases with increasing fibre
volume fraction . This in contrast with the aften quoted hypothesis that the
transverse strength is low as a result of stress concentrations in the matrix and that
the transverse strength will decrease with increasing fibre volume fraction as a
result of increasing {principal) stress concentrations.
Since the transverse modulus increases considerably with increasing fibre volume
fraction, the transverse failure-strain decreases with increasing fibre volume
fraction, see Figure 2.9. Obviously, also for the measured transverse failure-strains
a large ditterenee is found between the results of the tensile tests and the threepoint bending tests. Using a Von Mises failure criterion, a good agreement is found
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Transverse lailure strain as a tunetion of fibre volume fraetion, as measured in
lension [0] and three point bending [e] and predieled with the square [ - ] and
hexagonal fibre paeking model [- -- ], using a von Mises criterion and an ultimate
stress criterion.

between the numerical results based on the hexagonal array and the experimental
data. Because the square array model generally overestimates the transverse
flexural modulus, lower failure strains are predicted.

2.4.4 lnfluence of environmental temperature on the matrix deformation
Thermal loading of the composites results in matrix stresses as illustrated in
Figure 2.10. For an understanding of the stress situations, the deformation can be
considered as a result of a relative expansion of the fibres. This results in tensile
hoop stresses in the matrix and compressive stresses normal to the fibre-matrix
interface, with the highest stresses where the fibres are adjacent, as shown in
Figure 2.1 Oa, 2.1 Ob, 2.1Oe and 2.1 Of. Because matrix shrinkage is constrained in
the fibre direction, tensile axial stresses are generated , see Figure 2.1 Oe
and 2.1Og. The combined tensile stresses and compressive stresses result in Van
Mises stresses which are higher than the distinct principal stresses, see
Figure 2.1 Od and 2.1 Oh.
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Stress contour plots of the square (50.3 vol.% fibre, a,b,c,d) and hexagonal (49.1
vol.% fibre, e,f,g,h) fibre packing model, respectively, in thermalloading. Results are
plotled for an applied therm al load of 1oe for the radial stress (a,e), hoop stress
(b,f) and axial stress (c,g) and, finally, the Von Mises stress (d,h) .

As a result of cooling down trom cure temperature to test-temperature, significant
residual stresses can be generated. However, since stress relaxation is ignored, in
reality thermal residual stresses wil! be somewhat lower than those predicted here.
Higher fibre volume fractions yield higher thermal stresses, as shown in
Figure 2.11. Of course, the residual thermal stresses increase proportionally with
increasing temperature jump, given the linear thermal-elasticity of the systems
under investigation. By normalizing the thermal stresses to the applied thermal
laad, all data are reduced to two curves, see Figure 2.11 b. The local maximum in
the Van Mises stress proves to be much higher with the square model than with
the hexagonal model. This is attributed to the interlibre distance, which is
considerably smaller tor the square fibre packing than for the hexagonal fibre
packing.
Following the position of the maximum Von Mises stress and its value as a tunetion
of the applied transverse stress at different temperatures, a general master curve
can be generated by normalizing bath the Van Mises stress and the applied
transverse stress to the applied thermal laad, see Figures 2.11 and 2.12. As
mentioned previously, with higher fibre volume fractions, initially, i.e. befare
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transverse loading, the residual stresses are higher. However, as a result of the
lower Van Mises stress magnifications at higher fibre volume fractions, the stress
will increase slower with increasing load. This results in intersectien points of the
lines with different fibre volume fractions, where the influence of the mechanica!
loading overrules the influence of the thermal loading. At high machanical loads,
the Van Mises stress decreasas with increasing fibre volume fraction, which is
similar to the results with the thermal stresses ignored. At higher thermal loads the
intersectien points are found at higher machanical loads, because higher thermal
stresses have to be overcome.

2.4.5 lnfluence of environmental temperature on the transverse strength
The transverse strength can be predicted by determining the transverse stress
necessary to reach the yield stress of the matrix. By combining the master curves
trom Figure 2.12 with the temperature dependenee of the yield stress (Figure 2.2)
the transverse strength can be calculated as a tunetion of test-temperature, see
Figure 2.13. In general, a streng increase in strength is predicted with decreasing
temperature, because the yield stress of the matrix dominatas the transverse
strength. The effects of thermal stresses (although less significant) is most
pronounced around 70°C, at the distinct kink in the curves of Figure 2.13. These
residual thermal stresses yield an enhanced transverse strength since compressive
thermal stresses have to be overcome, see Figure 2.1 Oa and 2.1 Oe. An exception
in this general trend is found with the square array model at a high fibre volume
fraction . Here, with further decreasing test-temperature the predicted transverse
strength decreasas since the thermally induced tensile hoop stresses (see
Figure 2.1 0) give rise to red u eed transverse strengths. However, since this
decrease in transverse strength is experimentally not observed, these residual
thermal stress effects seem to be overestimated .
To campare the numerical results with experimental data, the transverse strengths
determined at three different test-temperatures are shown as a function of fibre
volume fraction in Figure 2.14. Only three-point bending test-data have been used,
since tensile tests showed to yield irrelevant data. At room temperature (22°C} for
bath models a good agreement is found between the calculated and the
experimental strengths. However, a more pronounced temperature influence is
predicted than experimentally observed. Basically, it is expected that the transverse
strength decreasas with decreasing temperature, as a result of residual thermal
stresses caused by matrix shrinkage. However, the influence of parameters, such
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as residual thermal stresses, is obscured by the strong effects of the increase in
matrix yield stress with decreasing temperature, as was shown in Figure 2.2.
The influence of the residual thermal stresses can be revealed by normalizing the
transverse strengths to the yield stress of the matrix (Table 2.3). The normalized
flexural strength increases significantly with increasing temperature up to values
higher than the matrix strength (>1 ), see Figure 2.14b. Surprisingly, the influence of
temperature on the experimentally obtained normalized strength is smaller at high
fibre volume fractions than at low fibre volume fractions, although residual thermal
stresses are likely to be higher at high fibre volume fractions. Since at these high
volume fractions the measured flexural strengths appear to be in between the
predicted strengths of the square and hexagonal array model, the influence of
residual thermal stresses would be overestimated with the square array model and
underestimated with the hexagonal array model.
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Transverse failure strain as a lunetion of libre volume fraction, as measured in three
point bending at -30°C [e], 22°C (.Á.] and 70°C r.).

The numerical analyses, as shown in Figure 2.14b, indicate that at low fibre volume
fractions the influence of residual thermal stresses is insignificantly low. However,
experimentally a strong increase in normalized flexural strength is found at these
volume fractions (<50%). lf the temperature dependenee of the normalized strength
cannot be attributed to the occurrence of thermal stresses, this effect is probably
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caused by the increase in matrix ductility (plastic strain) with increasing
temperature. which also may affect the transverse strength. This speculatien is
confirmed by the observed temperature influence on the transverse failure strain,
see Figure 2.15. Similar to the transverse strength. the failure strain is expected to
decrease with increasing test-temperature. However, no significant influence of the
test-temperature on the failure strain is found, as a result of increasing matrix
ductility. see Figure 2.1, compensating the effects of the matrix yield stress.
At room temperature a good agreement is found between the calculated and
experimental strengths, since the assumed failure mechanism of abrupt fracture at
the yield stress is valid (see Figure 2.1). lgnoring the temperature dependenee of
the failure mechanism, due to the increased plastic strain at higher temperatures,
results in larger ditterences in the predicted failure properties and experimentally
data.

2.5

Conclusions

Three-point bending tests are essential to obtain good experimental data of the
transverse stress and strain to failure of unidirectional composites. Transverse
testing of glass-fibre-reinforced epoxy in uniaxial tension yields too low strength
values as a result of premature failure caused by flaws and defects. With threepoint bending tests, strengths are obtained, which are close to the matrix strength.
This indicates that the 'intrinsic' material performance is measured, since the
micromechanical models predict those high values in the case of matrix dominated
failure.
The transverse stress to failure increases with increasing fibre volume fraction. By
using a principal stress failure criterion for the matrix no agreement could be
obtained between the experimental flexural strength data and the strengths
predicted with a square or hexagonal packing array. However, by using a Von
Mises failure criterion a good agreement. both quantitatively and qualitatively, is
found between experiments and numerical analyses. By incorporating the pressure
dependenee and strain rate dependenee of the yield stress according to the
modified form of Eyring's flow equation 121 "241, this agreement might even be
improved.
By decreasing the test-temperature an increase in transverse strength is found.
This is primarily caused by the temperature dependenee of the yield stress of the
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epoxy matrix. The numerical analyses predict a strenger temperature dependenee
of the transverse strength than experimentally found. The difference in strengths at
high fibre volume fractions might be caused by the influence of the thermal
stresses, which is overestimated with the square array model and underestimated
with the hexagonal array model. Both models show that the pressnee of residual
thermal stresses generally results in an increase of transverse strength, since
matrix shrinkage yields compressive stresses between the fibres.
The difference between the predicted strengths and the experimental strengths at
lower fibre volume fractions cannot be attributed to the occurrence of thermal
stresses, since the influence of thermal stresses is found to be insignificant at
these volume fractions. The decrease of the transverse strength with increasing
test-temperature as a result of the decreasing matrix yield stress is probably
reduced by the increase of the matrix ductility.
At room temperature a good agreement is found between the calculated and
experimental strength, using relatively simple linear elastic analyses. However, by
ignoring the temperature dependenee of the matrix ductility, with increased plastic
strain at higher temperatures, at other temperatures larger ditterences between
predicted strengths and experimental strengths are found.

2.6

References
Adams, D.F. 'Eiastoplastic crack propagation in a transversely loaded unidirectional
composite' Joumal of Composite Materials 8 (1974) pp 38-54

2

Wlsnom, M.R. 'Factors affecting the transverse tensile strength of unidirectional continuous
silicon carbide fibre reinforeed 6061 aluminum' Joumal of Composite Materials 24 (1990) pp
707-726

3

Nimmer,

R.P.,

Bankert,

R.J.,

Russell,

E.S.,

Smith, G.A.,

and

Wrlght, _P.K

'Micromechanical rnadelling of fibre/matrix interface effects in transversely loaded SiC{Ti-6-4
metal matrix composites' Joumal of Composites Technology & Research 13 No 1 (1991) pp
3-13
4

Wisnom, M.R. 'Micromechanical rnadelling of the transverse tensile ductility of unidirectional
silicon carbide/6061 aluminum' Joumal of Composites Technology & Research 14 No 2

5

(1992) pp 61-69
Hahn, T.A. 'Thermal stress relaxation due to plastic flow in the fibre coating of a continuous
fibre reinforeed composite' Joumal of Composite Materials 27 No 16 (1993) pp 1545-1577

6

Adams, D.F. and Tsal, S.W. 'The influence of random filament packing on the transverse
stiffness of unidirectional composites' Joumal of Composite Materials 3 No 3 (1969)
pp 386-381

Composite rnadelling

35

7

Htemstra, D.L and Sottos, N.A. 'Thermally induced interiacial microcracking in potymer

8

matrix composites' 27 No 10 (1993) pp 1030-1051
Adams, D.F. and Doner, D.R. 'Transverse normal loading of a unidirectional composite'

9

Joumal of Composite Materials 1 (1967) pp 152-164
Marom, G. and Arrldge, R.G.C. 'Stress concentrations and transverse modes of faiture in
composites with a soft fibre-matrix interlayer' Materials Science and Engineering 23 (1976)
pp 23-32

10

11

12

Adams, D.F. 'Micromechanical predictions/experimental correlations of the inttuenee of the
interiace on the mechanica! and physical properties of a unidirectional composite'

Composite Interfaces, Proc. ICCI-1, ed. H. lshida and J.L. Koenig, Elsevier Science
Publishing Co., lnc., New York (1986) pp 351-365
Ha, S.H. and Springer, G.S. 'Nonlinear mechanica! properties of a lhermoset matrix
composite at elevated temperatures' Joumal of Composite Materials 23 (1989)
pp 1130-1158
Foye, R.L 'An evaluation of various engineering estimates of the transverse properties of
unidirectional composites' in Advanced fibrous reinforeed composites, Proceedings of the

13

14

10th national SAMPE symposium, San Diego, California (1966) pp G31 -G42
Carman, G.P., Averill, A.C., Reifsnlder, KL. and Reddy, J.N. 'Optimization of fibre
coatings to minimize stress concentrations in composite materials' Joumal of Composite

Materials 27 No 6 (1993) pp 589-612
Adams, D.F. 'lnelastic analyses of a unidirectional composite subjeeled to transverse
normalloading' Joumal of Composite Materials 4 (1970) pp 310-328

15

Foye, R.L 'Theoretica! post-yieldir'lg behaviour of composite laminates. Part 1-lnelastic
micromechanics' Joumal of Composite Materials 7 (1973) pp 178-193

16

Pomles, F. and Cartsson, LA. 'Analysis of modulus and strengthof dry and wet thermoset
and thermoplastic composites loaded in transverse tension' Joumal of Composite Materials
28 No 1 (1994) pp 22-35

17

Asp, L, Berglund, LA. and Gudmundson, P. 'Mechanica! behaviour of epoxy resins in
uniaxial and triaxial loading' in Developments in the Science and Techno/ogy of Composite
Materials, Proc ECCM-6, ed. Bunsell, A.R., Kelly, A . and Massiah, A., Woodhead Publishing

18

Berglund, LA. and Asp, L. 'Fracture of epoxies subjeeled to uniaxial and triaxial stress

Ltd, Cambridge (1993) pp 323-328
fields' in Deformation, Yield and Fracture of Polymers, Proc. 9th Int. Conference, The
lnstitute of Materials, London (1994) pp P55/1-P55/5
19

Bauwens-Crowet, C., Bauwens, J-C. and Homès, G. 'The temperature dependenee of
yield of polycarbonate in uniaxial compression and tensile tests' Joumal of Materials

20

Bauwens-Crowet, C., Ots, J-M and Bauwens, J-C. 'The strain-rate and temperature
dependenee of yield of polycarbonate in tension, tensite creep and impact tests' Joumal of

Science 7 (1972) pp 176-183

21

Materials Science 9 (1974) Letters pp 1197-1201
Duckett, R.A., Goswarnl, B.C., Smlth, L.S.A., Ward, I.M. and Zlhlif, A.M. 'The yielding
and erazing behaviour of polycarbonate in torsion under superposed hydrastatic pressure'
The British Polymer Jouma/10 (1978) pp 11 -16

22

Eyrlng, H. 'Viscosity, plasticity, and ditfusion as examples of absolute reaction rates'

Joumal of Chemica/ Physics 4 (1936) pp 283-291

36

Chapter 2

23

Govaert, l.E. and Tervoort, T.A. 'Plastic instabilities in glassy polymers' in Deformation,
Yield and Fracture of Polymers, Proc. 9th Int. Conference, The lnstitute of Materials,
Londen (1994) pp P67/1-P67/4
Govaert, l.E., Schellens, H.J., de Kok, J.M.M. and Peljs, T. 'Micromechanical rnadelling
of time dependent failure in transversely loaded composites' in Proc. Deformation and
Fracture of Composites (1995)
Williams, J.G. and Ford, H. 'Stress-strain relationship tor some unreinforced plastics'
Joumal of Mechanica/ Engineering Science 6 (1964) pp 405-417
Bowden, P.B. and Jukes, J.A. 'The plastic flow of isotropie polymers' Joumal Materials
Science 7 (1972) pp 52-63
Ward, I.M. 'Review: the yield behaviour of polymers' Joumal of Materials Science 6 (1971)
pp 1397-1417
Raghava, R., Caddell, R.M. and Yeh, G.S.Y. 'The macroscopie yield behaviour of
polymers' Joumal Materials Science 8 (1973) pp 225-232
Kltano, A., Yoshioka, K., Noguchi, K. and Matsui, J. 'Edge finishing effects on transverse
cracking of cross-ply CFRP laminates' Composites Behaviour, Proc. /CCM/9, ed. A.
Miravete, Woodhead Publishing Ltd, Cambridge, 5 (1993) pp 169-176
MARC manual, Marc Analysis Research Corporation, Palo Alto, CA (1992)
Kies, J.A. 'Maximum strains in the resin of fibreglass composites' NRL Report 5752,
AD-274560, U.S. Naval Research LaboraloryWashington DC (1962)
Peters, P.W.M. 'The influence of fibre, matrix and interface on transverse cracking in
carbon libre-reinforeed plastic cross-ply laminates' Composite Materials: Fatigue and
Fracture, ASTM STP 1012, ed. P.A. Lagace, American Society tor Testing and Materials,
Philadelphia (1989) pp 103-117

24

25
26
27
28
29

30
31
32

Fibre-matrix adhesion

37

Chapter 3*
The importance of fibre-matrix adhesion

3.1

Introduetion

Fibre-reinforced materials are basically composed of two constituents, fibre and
matrix, where generally the fibre acts as a reinforcement of the matrix material or,
alternatively, the matrix acts as an adhesive between the fibres . Given this specific
role of the matrix, the performance of fibre-reinforced composites is obviously
strongly controlled by the matrix adhesion capacity. Therefore, a lot of effort has
been dedicated to improvements of the fibre-matrix bond and to study the influence
of fibre-matrix bonding on the mechanica! properties of composite materials 11 ·31 •
To obtain a better interaction between fibre and matrix, the fibre surface can be
made rough or chemically reactive to the matrix. For glass-fibre-reinforced
thermosets like epoxy or polyester, it has been found that the fibre-matrix adhesion
is mainly determined by the chemica! reactivity of the fibre surface 141 . The reactivity
of the glass surface can be increased using silane sizings containing organic sites,
which are reactive with the matrix materiaL Accordingly, an increase of the surface
reactivity of fibres ether than glass usually also yields an increase of the fibrematrix adhesion 15.101. For organic fibres (such as carbon, aramid and polyethylene
fibres) this can be obtained by oxidation of the fibre surface ts- 121. Since longer fibre
treatments usually lead to an increase in the amount of reactive sites 17 -141 the level
of reactivity can be controlled by varying the treatment time. Using a single type of

"Reproduced in part from: (i) de Kok, J.M.M." van Klinken, E.J. , and Peijs, T. in: Developments in
the Science and Technology of Composite Materials, (ed. A.R. Bunsell, J.F. Jamet and A. Massiah,
European Association for Composite Materials, Bordeaux, 1992) 385, (ii) de Kok, J.M.M." van
Klinken, E.J., and Peijs, A.A.J.M. in: Advanced Composites '93 (ed. T. Chandra, The Minerals,
Metals & Materials Society, Wollongong, 1993) 427 and (iii) de Kok, J.M.M. and Peijs, T.
Composites 1995, in press
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surface treatment all activa sites will be nearly identical and, consequently, the fibre
reactivity is likely to be proportional to the number of sites, which can be
determined by measuring for example the quantity of surface oxygen that is aften
considered to be a characteristic element for activa sites 16 •8 · 10. 13·151.
Fibre-matrix adhesion is aften characterized by determining interface dominated
properties of unidirectional composites 15·7 ·9 · 12-14' 16. 191 . lt is generally found that fibrematrix bonding does nat significantly affect the longitudinal properties, because
these properties are mainly fibre dominated 15 ·7 · 12 ' 13· 161. In contrast, bonding has a
streng effect on for example the transverse and shear properties 15·7 ·9 · 13' 16. 191. Fibresurface treatment leads only to a slight change of the transverse modulus 15 · 13· 16· 181,
whereas generally a substantial increase of the transverse strength and failurestrain is reported 15 ·13· 16' 18 ' 191 . A maximum in transverse strength is aften found due to
a change in failure mode trom dabonding to matrix 113·161 ar fibre 15 .9 1 dominated
failure above a specific level of fibre surface treatment.
In an attempt to reach a better understanding of the significant role of fibre-matrix
adhesion on the transverse properties of fibre-reinforced composites finite element
analyses are aften used. Generally these analyses are restricted to two extremes:
perfect bonding ar na bonding 120.231. In Chapter 2 the influence of the fibre volume
fraction and test-temperature on the transverse composita properties was
discussed for the case of matrix dominated failure and perfect fibre-matrix
bonding 1241 . In this chapter, attention is focused on the relation between the level of
adhesion and the transverse tensile properties. Ta investigate this relation a
micromechanical model has been developed which includes the interfacial bond
strength. In the literature different rnadeis are reported for representation of
interfaces. Lattice rnadeis 125' 261 and atomistic simulations 127 ' 281 allow the predietien of
conformational characteristics and thermadynamie properties of polymers at
interfaces. Apart trom these detailed interface models, other models in composites
can be divided into two classes r291 , those based on spring layer modeIs f30-36I and
the more frequently used interlayer rnadeis 117· 18 '37 -401 . The spring layer rnadeis
consider a very thin interfacial zone between fibre and matrix, where tractions are
continuous but displacements may be discontinuous. The tractions are often
proportional to the corresponding displacement discontinuities. Since the
proportionality constants characterize the properties of the interfacial zone as well
as the fibre-matrix bonding, spring layer models are convenient to introduce
interface strengths in micromechanical models.
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Here a spring layer model will be used while focusing on fibre-matrix interaction
obtained by chemica! fibre surface treatment. In subsequent chapters the influence
of relatively thick interlayers will be studied and in this case an interphase layer
model will be implemented. In a finite element model elastic springs are introduced
as interface elements which reprasent the covalent bands between fibre and matrix
as a result of oxidative fibre surface treatment. In a parametrie study interface
properties are varied in the numerical model. Experimentally, the influence of the
interface is determined by transverse testing of carbon-fibre-reinforced composites,
incorporating 50 vol.% carbon fibres subjected to different levels of surface
treatment. Apart from the influence of the interface, also the influence of the fibre
volume fraction on the transverse strength will be evaluated for verification of the
numerical analyses.

3.2

Modelling

The numerical analyses are based on a geometrical linear two-dimensional
generalized plane strain model of a cross-section of a unidirectional composite. The
finite element code MARC is used. The mesh is shown in Figure 3.1 a. Only a
square fibre packing array has been studied, since stress concentrations were
found to be al most independent of the fibre packing array 12 4 "411 and interfacial
effects were found to be similar for bath the square and hexagonal fibre packing
array 130•31 1. The interfacial bond strength is incorporated in the micromechanical
analyses by introducing the interface springs in the finite element model using onedimensional truss elements to conneet the fibre and matrix. For bath fibre and
matrix four node linear elements have been used.

3.2.1 lncorporation of an interface model
Considering the numbers of bands present at the interface, it would be very
impractical to reprasent each chemica! bond by one single spring. Therefore, it
seems more useful to let one spring describe saveral bands. For the interface
spring characteristics a linear elastic stress-strain relation can be assumed, as is
described in more detail in the appendix.
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The interface (tensile and shear) 'modulus' E5 is proportional to the number of
chemica! bands N, given as
(3.1)
where k5 is the interface unit stiffness and L5 is the interface thickness and,
consequently, the interface properties can numerically be controlled by varying this
interface modulus. The interface failure 'strain' is equal for all interfaces being
considered. This failure criterion seems physically realistic, since each chemica!
bond can be expected to fail at the same strain. This yields an interface strength
and a debonding energy proportional to the number of chemica! bands.

matrix

matrix

I~
(a)
Figure 3.1

fibre

fibre

(b)

(c)

Finite element mesh of !he micromechanical model (a) and schematic
representations of !he interface with springs transferring only normal stresses (b)
and bath normal and shear stresses (c).

The fibre and matrix surface are connected with 33 pairs of truss elements that are
equidistant, see Figure 3.1 a. By connecting each node of fibre and matrix with one
truss element only normal stresses can be transferred across the interface
(Figure 3.1 b) 1331 . Therefore, two elements are used to transfer both normal and
shear stresses on each set of nodes as shown schematically in Figure 3.1 c. All
elements have the same cross-sectional area, however, because of symmetry the
cross-sectien of the two truss elements at the two boundaries (where cp equals to
zero and ninety degrees) is only half of that of the ether elements. The total of the
cross-sectional areas is equal to the average of the surfaces of fibre and matrix.
The analysis is performed for unidirectional IM (lntermediate Modulus) carbon-fibrereinforced epoxy with a fibre diameter of 6 ~tm and a fibre volume fraction of 50%.
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Mechanica! properties of matrix and the fibres.

Material

Young's modulus

[GPa]

Epoxy

IM-carbon

HS-carbon

matrix

fibre

fibre

3.2

-

-

0.37

235

Poisson's ratio

Em
V

Yield stress

Oy

[MPa]

94.2

-

Long. modulus

EL

[GPa]

-

305

Transv. modulus

Er
Vn_

[GPa]

-

12

20

Long. Poisson's ratio

0.009

0.013

Transv. Poisson's ratio

Yrr

-

0.30

0.25

-

14

18

Shear modulus

Gn_

[-]

[-]
[-]
[GPa]

-

The mechanica! properties of fibre and matrix are listed in Table 3.1. The IM
carbon fibres are considered to be transversely isotropic. For mathematica!
convenianee it is assumed that the interface tensile modulus equals the interface
shear modulus, which is allowed since the shear modulus has no significant effect
on the composita transverse modulus and the stress concentrations 1181. In a
previous study where all interface springs are perpendicular to the fibre and matrix
surface, and consequently transfer only normal stresses, similar results were
obtained as presented in this chapter 1331 . Different levels of adhesion are modelled
by varying the interface modulus trom 1 Pa to 1012 Pa. Because also the size of
the interface might affect the transverse properties, the influence of this parameter
is studied by varying the interface modulus with an interface 'thickness' of 0.3 nm
and 3 nm, respectively. Transverse loading is realized by applying a transverse
tensile strain of 0.1% in the y-direction. In this analysis thermal residual stresses
have not been incorporated and were ignored. Transverse tensile moduli are
determined by dividing the average transverse stress by the applied strain. Stress
concentrations are determined by dividing the calculated local stresses by the
average transverse stress.
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3.2.2 Simuiatien of interface failure
To incorporate failure of the interface in the analyses, an interface failure strain
criterion is derived trom the interface stress criterion obtained by the interface
modelling as described in the appendix (see Equation 3.14), which is given as
(3.2)
where a and • are the normal stress and shear stress, respectively, and ä 5 is the
interface failure criterion equal to the maximum interface normal stress. Assuming
that the interface tensile modulus equals the interface shear modulus, a failure
strain criterion can be formulated as
(3.3)

with eR, eT and i 5 being the interface normal strain, the interface shear strain and
the interface failure strain criterion, respectively. Because the mechanica! behaviour
of the interface is related to the number of identical chemica! bands, all interfaces
in the model are considered to possess the same strain to failure. This implies that
both the interface modulus and the interface failure stress are proportional to the
number of bands. From the interface modelling as outlined in the appendix, an
interface failure strain can be calculated trom the ratio between the interface
strength and interface modulus, and is found to be 8.9% (see Figure 3.22b). By
assuming linear elastic behaviour up to failure at a critica! strain é5 , fibre surface
treatments will lead to variations of the interface behaviour as illustrated in
Figure 3.2a. Due to the extra contribution of the Van der Waals interactions that
were not accounted tor in the model, less pronounced variations of the initia!
modulus will result in reality. The interface strength, however, is determined by the
much strenger covalent bands and is likely to vary as proposed. Debonding can be
studied using the full stress-strain curves, but instead and tor mathematica!
convenience only, in this study, dabonding is obtained by removing interface
elements via a lowering of their stiffness to nearly zero once the critica! strain has
been reached. Dabonding propagation will depend on the stress or strain situation
at the 'crack-tip' as a tunetion of the crack-length, see Figure 3.2b.

Fibre-matrix adhesion

5.0 GPa

UI
UI

~

Interface
elements
removed

43

ttttttt!t
matrix

;;;
CD

()

al

't:

I

ë

1

CD

1.0 GPa
it:é===:::::::::!~o~.s G Pa
Interface strain

(a)
Figure 3.2

111 111 11 1
(b)

Stress-strain curves of the interfaces being studied (a) and modelling of debonding
propagation (b) .

3.2.3 The influence of the fibre volume fraction
The influence of the fibre volume fraction has been studied , using perfect fibrematrix bonding only, via a change of the radius of the fibre. For the fibres, a linear
elastic transversely isotropie behaviour is assumed. The input parameters used are
shown in Table 3.1. To predict the transverse strength, both the interface stresses
and the matrix stresses have been determined. For the specific epoxy matrix being
used, failure can be well predicted using a Von Mises stress criterion as was
shown in the previous chapter 1241 . Therefore, the maximum V on Mises stress
concentratien in the matrix was calculated to predict the transverse strength in the
case of matrix dominated failure. Reaching the critica! interface stress or matrix
stress will result in abrupt composite fracture. After determining the stress
concentrations as a tunetion of fibre volume fraction the transverse strength is
predicted as a tunetion of fibre volume fraction by dividing the critica! interface or
matrix stress by the stress magnification factors.

3.3

Experimental

3.3.1 Neat materials
Unsized intermediate modulus (IM) carbon fibres were used of Courtaulds PLC
(Apollo IM 43-750) subjected to different levels of wet oxidative surface treatment,
and wel! 0%, 10%, 50% and 100% times the standard treatment time112·14·18·191.
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Using these fibres, by lvens et al. significant effects were found of the fibre surface
treatment on the mechanica! properties of structural cross-plie laminates 142441 . By
using unsized fibres, the formation of an interphase between the fibre and matrix is
expected to be less pronounced or even absent 17 ·151 • To expand the level of
adhesion to a wider range, additional experiments were performed on composites
with more extreme interface conditions, e.g. silicon oil treated fibres (impregnating
0% treated IM-fibres in a salution of 2.5% Rhodorsil 47V1000 silicon oil in
n-hexane) and high strength carbon fibres (XA-S Courtaulds PLC), which are
supposed to exhibit perfect adhesion with epoxy matrices. The Courtaulds fibres
have been characterized with X-ray Photo-electron Spectroscopy (XPS), also
known as Electron Spectroscopy for Chemica! Analyses (ESCA). Analyses were
performed on a PHI (Physical Electronics) Model 550, ESCNSAM system with a
PHI Model 04-153 MgKa X-ray souree of 400 W (10 kV, 40 mA) . Survey scans of
the four different Apollo (IM) fibres and the XA-S fibres (after remaval of the epoxy
sizing with acetone) showed three peaks, viz. the 01 s peak (532 eV), the N1 s
peak (400 eV) and the C1 s peak (284.5 eV) . The surface oxygen concentrations
have been determined using detail scans (multiplex) of oxygen, nitrogen and
carbon, respectively, and were subsequently quantified with the multiplex sets using
the peak area sensitivity technique.
A standard Araldite epoxy system of Ciba Geigy was used as thermoset matrix
material, based on diglycidyl ether of bisphenoi-A (LY556) with
tetrahydromethylphtalic anhydride (HY917} as curing agent and 1-methylimidazole
accelerator (DY070), in a weight to weight ratio of 100:90:1. The mechanica!
properties of the carbon fibres and the epoxy matrix are listed in Table 3.1 . lt has
been shown in the previous chapter that failure for this specific epoxy matrix can
be predicted using a Von Mises criterion 1241 .

3.3.2 Composite manufacturing and testing
Composite specimens were manufactured using the filament winding technique
(see Chapter 2 for more details). To avoid darnaging of the unsized fibre strands,
Teflon guiders were placed on the winding device. Composites were made with
various fibre volume fractions, varying from 40% to 67%. The manufactured
laminates were cut with a diamond cutting wheel into rectangular specimens with a
width of 20 mm. In order to avoid a catastrophic influence of surface flaws, the
specimen edges were carefully polished using a sequence of 300, 1200 and 4000
SiC sandpaper 1451 .
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The transverse properties of the composites were determined by three-point
bending on a Frank type 81565 tensile machine according to the ASTM 0790-81
standard, at a strain-rate of 1o-3 s· 1 _ The specimen thicknesses varied from 1.3 to
2.3 mm. Span-to-depth ratios of 40 were used. Roller radii of the supports and
loading nose were 1.5 mm and 2.0 mm, respectively. As was shown in the
previous chapter, three-point bending is an excellent test to determine the 'intrinsic'
transverse strength of unidirectional composites, since it is less controlled by flaws.
To monitor the damage development during transverse loading, an Acoustic
Emission system (PAC 8900 Locan AT of Physical Acoustics Corp.), including a
PAC Locan AT 140 recorder, a PAC 1220 A pre-amplifier and a PAC R15 sensor,
was used. Gain and threshold were 40 dB and 25 dB respectively. To reduce noise
caused by friction trom the test set-up, the supports and loading nose were
covered with a thin Teflon foiL
The fracture surfaces of the breken composites were studied using Scanning
Electron Microscopy (SEM; Cambridge Stereo Scan 200).

3.4

Results and discussion

3.4.1 lnfluence of the interface on the transverse modulus
The calculated transverse moduli rasuiting trom different interface moduli are
shown in Figure 3.3. lf the interface modulus is low (<105 Pa), practically no
stresses are transferred trom the matrix to the fibre and only the matrix carries the
applied load (compare also Figure 3.7a). The result is a low transverse modulus. lf
the interface modulus is reasonably stift, a higher transverse modulus is found,
which is equal to the transverse modulus calculated with the conventional model
with perfect adhesion. When the interface modulus is close to that of the matrix
(E"J , the transverse composita modulus is neither influenced by the interface
modulus nor by its size. This was experimentally verified and indeed no influence of
the fibre surface treatment on the transverse modulus was obseNed (see
Table 3.2). This is in agreement with previous results on similar systems, where
also no significant effects were found on the transverse modulus 113' 16' 181 •
The size of the interface elements has, as expected, no effect on the results of the
analyses, since the relatively small change in size does not disturb the stress
situation in the composita. Because deformation of the very small truss elements
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lnfluence of the interface modulus and thickness on the transverse modulus.

only results in small displacements of the truss ends, the absolute values of the
displacements are irrelevant to the matrix and ftbre deformation. In the following
analyses an interface thickness of 30 A will be used, yielding an equal debonding
energy when using more realistic Morse interactions with an interface thickness of
i .5x1 o· 10 m, instead of linear elastic interface behaviour (see appendix).

3.4.2 Interface stresses
When the interface modulus is close to that of the matrix, also the interface
stresses are not affected by the interface modulus or thickness. This can be
deduced from Figure 3.4 which shows the normalized radial-, shear- and criticalstresses at the interface for various interface moduli as a function of the position
along the fibre-matrix interface. For completeness, bath the interface failure
criterion determined in this chapter and the criterion from the literature 130 •31 '41 1 are
presented. Variatiens in the interface stiffness proved to have na influence on the
normalized stresses, because the stress situation and deformation in the composite
is hardly influenced by the interface properties. Using this figure, the onset of
debonding can be determined, since it will initiate between the fibres at q, = 0,
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where the critica! interface stress is maximum as a result of the high normal
stresses.

0

60

30
0

Figure 3.4

90

[degrees]

Interface radial stress a, interface shear stress 't, interface stress criterion ó 5 and
interface failure criterion ac from literature 130·3' ·" 1 along the fibre-matrix interface in
undamaged composites, at various interface moduli: 0 .5 GPa [•J. 1 GPa [e],
3 GPa ['Y) and 5 GPa [+].

3.4.3 Analyses with a debonding interface
By lowering the moduli of the two truss elements at Ij> = 0 to zero, a crack is
initiated. lnitially, the formation of a crack leads to an increase of the stresses in
the neighbouring elements at the crack-tip. By determining the crack-tip stresses as
a tunetion of the crack-length, as shown in Figure 3.5, crack propagation can be
described. Since crack initiatien results in increased crack-tip stresses, crack
propagation is unstable and will continue until the crack-tip stresses finally
decrease below a critica! value. In contrast to the situation with an intact interface
(Figure 3.4), Figure 3.5 shows that in the case of crack propagation, the stress
situation at the interface is slightly affected by the modulus of the interface. Higher
interface moduli yield higher crack-tip stresses and thus a more brittie crack
propagation.
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By determining at which macroscopie stress and strain the interface failure criterion
is reached at the crack-tip, crack propagation can be studied. This leads to the
generaled stress-strain curves of the repeating unit as shown in Figure 3.6. All
calculated stress-strain curves show linear elastic behaviour up to the initiatien of
debonding. Moreover, all composites display the same initia! modulus, whereas the
required stress and strain for initiatien of debonding increases linearly with the
interface modulus and/or strength. When debonding has initiated, an unstable
crack-growth starts (accompanied with the macroscopically found snap-back in the
curves), because the debonding can propagate at a lower stress than the stress
applied.

The stress required to initiate debonding is found to be proportional with the
interface strength. After fibre-matrix debonding high stress concentrations are found
in the matrix, see Figure 3.7a. In the case of a streng interface, debonding will
initiate at a high transverse stress, leading to instantaneous composite failure
because the residual strength of the matrix is not high enough to sustain the
applied load. Therefore, with streng interfaces debonding is always catastrophic.
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This also has been observed experimentally with the aid of Acoustic Emission,
showing that even in the case of untreated fibres damage occurred only directly
during total failure of the composites. Befare fracture, only some irrelevant low
amplitude emission was registered, which can be considered as noise, whereas
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fracture was characterised by a single 95-98 dB event foliowed by about 30 events
with lower amplitudes, see Figure 3.8.
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Tabel 3.2.

Results of XPS and three-point bending on Courtaulds fibres and !heir composites.

Carbon
fibre type

Oxygen

Ni trog en

Strength

Failure

Modulus

conc. [%]

conc. [%]

[MPa]

strain [%]

[GPa]
5.8

Silicon oil sized

-

-

38

0.64

IM, 0% treated

5.8

0.8

39

0.67

5.8

IM, 10% treated

6.8

2.0

73

1.18

6.2

IM, 50% treated

10.3

4.6

83

1.27

6.5

IM, 100% treated

10.5

7.1

93

1.52

6.1

HS-XAS

17.7

5.5

111

1.61

6.9

As a result of this typical failure mode, the transverse strength is proportional with
the interface strength, in the case of interface dominated failure, and is determined
by the radial interface stress concentratien of 1.36. Consequently, both the
interface strength and the transverse strength are expected to be proportional to
the number of chemica! bands at the interface, which are determined by the
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surface oxygen concentration. For validatien of this relation, surface analyses
experiments on intermediate modulus carbon fibres have been performed. The
chemica! analyses of the carbon fibre surfaces revealed that surface treatment
yields an increase of the surface oxygen combined with a significant increase in the
transverse strength, see Table 3.2. In Figure 3.9 a linear relation is found between
the interface and transverse strength and the surface oxygen concentration, which
confirms the assumption of the interface strength being controlled by the number of
reactive sites. The interface strength, as calculated by dividing the transverse
flexural strength by the interface stress concentration, increases with 11.7 MPa per
percentage oxygen concentration.
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Transverse flexural strength [e) and interface strength [0] as a lunetion of the libre
surface oxygen concentration.

3.4.4 Matrix dominated fracture (no adhesion and perfect adhesion)
lf debonding initiates at lower stresses, it is predicted that dabonding is not
catastrophic and takes place throughout the whole composite, yielding a more
tough behaviour. After (multiple) debonding the transverse stress can be increased
until a critica! residual composite strength is reached , leading to matrix fracture.
Using Figure 3.7a with a Von Mises criterion for the matrix of 94 MPa, this strength
is found to be 18 MPa. By using this value, which represents the residual strength
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of a matrix with all fibres debonded, stress-strain cuNes of the composites are
obtained, as shown in the bottorn curve of Figure 3. î 0. The composite with the
weakest interface (20 MPa) reveals an exceptional 'ductile' stress-strain behaviour
with a high failure strain of î .6%. These results indicate that in theory the absence
of any adhesion between fibre and matrix might result in surprisingly high values of
the ultimate transverse failure strain. An increase in bond strength always results in
linear stress-strain cuNes and brittie behaviour. However, a further increase (up to
eventually unrealistic high values) yields an increase in composite transverse stress
and strain to failure, finally seemingly exceeding the strain of the completely
debonded case.
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Predieled macroscopie behaviour of the composites in transverse tensile loading, at
various interface strengths.

However, this increase in transverse strength is eventually limited due to a change
in failure mode trom debonding to matrix fracture as soon as the interface becomes
streng enough. With perfectly bonded fibres the Von Mises stress concentratien
between the fibres results in transverse fai lure, see Figure 3.7b. Although the
maximum principal stress concentratien is quite high (î .5) , the triaxial stress
situation results in considerable tensile stresses perpendicular to the applied
load 1241, which finally results in a maximum Von Mises stress that approximately
equals the applied transverse stress (0.97). As a result of this change in failure
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mode, the transverse strength can not exceed the ultimata (matrix) determined
strengthof 97 MPa.

3.4.5 lnfluence of the interface on the transverse strength
lf we combine the calculated ultimate strength values for matrix dominated fracture
with the linear relation between interface strength and transverse strength in the
case of interface dominated fracture, a numerical relation is found between the
transverse strength (and failure-strain) and the interface strength . This relation is
plotted in Figure 3.11. The interface strengths are considerably higher than the
matrix yield stress and the strength values usually found by experimental
techniques to determine the fibre-matrix bond strength. Nevertheless, considering
the high transverse strengths experimentally obtained, these values have to be
realistic. Assuming that the number of chemica! bands (and subsequently the
interface strength) is proportional with the surface oxygen concentration, the
measured transverse strengths of the IM carbon/epoxy composites have been fitted
to the numerical prediction, using a proportionality ratio between the interface
strength and the oxygen concentratien of 11.7 MPa per percentage. Figure 3.11
shows that a reasanabie good agreement is found between the numerical relation
and the experimental results. However, since for all four types of intermediate
modulus fibres the fracture surfaces showed that composita failure was caused by
debonding, the numerically predicted ultimata strengths were not reached . The
commercial 100% standard treated Courtaulds fibres exhibit almast the required
minimum interface strength to reach the maximum transverse strength, but even
with these fibres matrix dominated failure was still not obtained, as can be seen in
the micrograph of Figure 3.12.
Because the ultimata predicted transverse strength values were not reached with
the IM-fibres, additional experiments were performed on composites with silicon oil
treated fibres and with high strength fibres . The transverse modulus and strength of
the composites with silicon oil treated fibres are remarkably high (see also
Table 3.2). In contrast with expectations, no non-linear behaviour due to multiple
dabonding was observed during three-point bending, since the macroscopie
behaviour is nat affected by the local dabonding under the loading nose. However,
in the case of uniaxial tension, where a significantly larger volume is highly
deformed, a non-linear behaviour was observed, as shown in Figure 3.13. Although
a high initial modulus was found, additionally a distinct kink in the stress-strain
curves appears, which has been reported befare for composites with non-bonded
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Figure 3.12

Micrograph of !he fracture suriace of a composite with 100% treated IM-fibres.

fibres 1231 and is explained to be the result of a transition trom compression at the
interface to separation between fibre and matrix. lnitially, the fibre-matrix interface
is in compression as a result of residual thermal stresses 122 ' 24 '411 • This was
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confirmed by tests at a higher temperature where this kink appeared at a lower
stressl221, see dotted line in Figure 3.13.
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Stress-strain curves of composites with silicon oi! treated fibres at 25°C and 70°C in
uniaxia! tension.

Since high-strength carbon fibres generally show a better adhesion compared to
IM-fibres, the ultimate transverse strength can be obtained with these fibres. The
fracture surfaces of the composites with these fibres clearly show that fracture
occurs in the matrix and failure is matrix dominated, see Figure 3.14. This confirms
that the high-strength fibres are perfectly bonded to the epoxy matrix. As can be
seen in Figure 3.11, a reasanabie agreement is found between the experimental
results and the numerically predicted ultimate strength level.
lt is unlikely that the high interface tensile strengths in Figure 3.9 and 3.11 can be
obtained by physical interactions, such as matrix interlocking by increased fibre
roughness and/or fibre surface energy. In the literature it is suggested that such
high strengths cannot be obtained by chemica! fibre-matrix bonding, because only
4 to 5% of the carbon fibre surface is chemica! reactive 1461 . However, considering
the large number of carbon atoms at the fibre surface (1.2x1022 atoms.kg·1 fibre 1471) ,
even such a small fraction of the fibre surface gives a quite high number of reactive
sites (0.4 meq.kg- 1 ... 2x1020 kg-1 111 ' 471). Taking a surface area of approximately
300 m 2 .kg·1 17 ' 111 and the strength of one bond to be 6x1 o-9 N 1481 , this could
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Figure 3.14

Micrograph of the fracture surface of a composita with high-strength XA-S fibres.

theoretically result in an interfacial tensile strength in the order of 4 GPa
(2x1 0 20 kg- 1 1 300 m2 kg- 1 x 6x1 o-9 N). Because reactive sites are not all effective
and not perfectly distributed 1471, the interface strength is considerably lower. Finally,
the fibre surface reactivity might induce a molecular orientation of the matrix
perpendicular to the fibre-matrix interface 1251, resulting in interface tensile strengths
higher than the matrix strength itself.

3.4.6 lnfluence of fibre volume fraction
The maximum critica! interface stress occurs at q, = 0, as illustrated in Figure 3.4,
for all fibre volume fractions studied. At this position, the normal stress is maximum
and the shear stress is zero, thus the maximum critica! interface stress is equal to
the maximum radial stress (see also Figure 3.4) . For each fibre volume fraction, the
maximum in critica! interface stress and Von Mises matrix stress has been
determined. Figure 3.15 shows the local maxima normalized to the average applied
stress. The radial interface stress slightly increases with increasing fibre volume
fraction. In the matrix the stresses are close to triaxial, which results in Von Mises
stresses that are considerably lower than the maximum interface stress and almast
equal to the average stress applied. Although in general the matrix stresses
increase with increasing fibre volume fraction , the Von Mises stress decreases
because the matrix stresses are closer to triaxial with increasing fibre volume
fraction 1241 •
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Maximum critica! interface stress [ - ) and maximum van Mises stress [-- -) as a
tunetion of the fibre volume fraction.

Whether transverse composita fracture will occur by interface failure or matrix
failure, is dependent on the critica! stress which is reached first. Since the matrix
properties are constant, the transverse failure mode depends on both the interface
strength and the fibre volume fraction. Since in the case of perfect fibre-matrix
bonding the transverse strength increases with increasing fibre volume fraction 1241 ,
a higher interface strength is required to achieve perfect bonding , i.e. matrix
dominated failure. This would imply that the maximum strength level in Figure 3.11
shifts to higher values. From the calculated stress concentrations a relation
between the transverse strength and the fibre volume fraction is obtained tor
different levels of adhesion, see Figure 3.16a. lt has been shown previously that an
interface strength of approximately 150 MPa is required to achieve perfect
adhesion at a fibre volume fraction of 50% (see Figure 3.11 ). However, at higher
fibre volume fractions a higher interface strength is required . In the case of perfect
adhesion an increasing fibre volume fraction results in an increase in the
transverse strength, whereas in the case of insufficient adhesion a change in failure
mode will occur trom matrix dominated failure to interface dominated failure. This
results in a bi-linear relation between the transverse strength and the fibre volume
fraction.
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Transverse strenglh as a tunetion of libre volume fraction lor fibres with different
levels of adhesion: (a) numerical predictions and (b) experiments.
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For verification of this predicted bi-linear relation, the transverse flexural strength
has been determined as a tunetion of the fibre volume fraction, Figure 3.16b, using
the commercial high strength (HS) fibres of Courtaulds PLC (XA-S) and three types
of unsized HS carbon fibre of Akzo (Tenax 5131 HTA). These Akzo fibres were
subjected to different levels of surface treatment and are simply denoted as #1, #2
and #3, respectively. Although no quantitative data of the fibre surface atomconcentrations are available, the experimental results can qualitatively be compared
with the numerical results of Figure 3.16a, since the fibre-matrix adhesion is
constant and unlikely to be affected by the fibre volume fraction .
As predicted, most fibres show an optimum in transverse flexural strength. At low
fibre volume fractions (< 46%) all composites reveal the same transverse strength,
while at higher fibre volume fractions a large ditterenee in strength is found. lnitially,
with increasing fibre volume fraction all composites show an increase in transverse
strength, which can reasonably be described by one single line. However, at higher
fibre volume fractions the transverse strength drops significantly. For each fibre
type a similar decrease in strength is found , whereas the fibre volume fraction at
which this discontinuity appears depends on the fibre type. SEM showed tor all the
composites being studied that the failure mode changed with increasing fibre
volume fraction from matrix dominated failure to an intermediate failure mode with
combined matrix fracture and debonding and finally primarily interface failure. This
transition in failure mode is illustrated for a HTA type #3 carbon fibre composite in
Figure 3.17, with matrix dominated failure at 41 vol.% and debonding at 65 vol%.
Although the experimentally observed influence of the fibre volume fraction is more
pronounced than predicted, a good qualitative agreement is found between the
numerical results and the experimental results.
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Figure 3.17

Micrographs of the fracture surfaces of composites with high-strength HTA fibres
(AKZO #3), with 41 vol.% (a) and 65 vol.% (b) of fibres, respectively.
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Conclusion

By introducing elastic interface springs to simulate the fibre-to-matrix stress
transfer, an interface failure criterion is obtained. By incorporating the interfacial
model in a numerical micromechanical model, the influence of the interface on the
transverse tensile properties can be studied, yielding a relation between the
transverse properties and the fibre-matrix adhesion.
Both numerical and experimental results show that the interface does notaffect the
transverse tensile modulus. However, the transverse strength and failure-strain is
significantly affected by the fibre-matrix bonding. The transverse strength appears
to increase proportional with the interfacial bond strength in the case of interface
dominated failure. However, this relation is limited , since a minimum and maximum
transverse strength are found tor composites with matrix dominated failure modes
in the case of net bonded and perfectly bonded fibres.
The numerical analyses reveal the level of adhesion (or interface strength) that is
required to obtain a maximum level of transverse strength, i.e. matrix dominated
failure, by combining the interface failure criterion with the matrix Von Mises
criterion . However, this value is net an universa! criterion, since parameters such
as the fibre volume fraction influence the required interface strength to obtain
perfect adhesion . At higher fibre volume fractions higher transverse strengths can
be obtained, demanding higher levels of adhesion.
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3.A Appendix
3.A.1 Develoment of an interface model
As stated above, the fibre-matrix stress transfer is modelled by introducing a
number of elastic springs at the interface 130-331 , see Figure 3.18a. With a regular or
completely random spring distribution a repeating unit can be isolated, like one
point at the matrix surface with all its possible connecting springs. Four kinds of
geometries of such repeating interface units are studied. The most simple one
consists of one single spring perpendicular to the interface (type A), see
Figure 3.19a. The secend consists of such a spring combined with two diagonal
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(a)
Figure 3.18

(b)

lllustration of (a) the libre-matrix interface with an isolated repeating unit (thick lines)
and (b) a three-dimensional interface repeating unit.
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Repeating units consisting of (a) one single spring, (b) three springs and (c) twodimensional continuously distributed springs.

springs to transfer shear stresses (type B), see Figure 3.19b. The other two
interface types have the springs distributed continuously, as illustrated in
Figure 3.19c and 3.18b. The first is a two-dimensional model (type C) with the
distribution tunetion W given as

W(x)

(3.4)

where x is the position of the spring where it is attached to the fibre (basis), and s
is the standard deviation. The other is a three-dimensional model (type D) with the
distri bution function W given as
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W(x,y) =

e

_21(x
'•y')
---sr
2ns

(3.5)

2

where x,y is the position of the spring, where it is attached to the fibre (basis) . The
latter has an axi-symmetric distribution, which is believed to be a realistic
distribution for interfaces, since it results in transversely isotropie behaviour. A
Gaussian distribution is chosen without any physical background, but likely to be
realistic toa.
The elastic springs in all four interface geometries represent the covalent bands
between fibre and matrix. These covalent bands can be well described by the nonlinear Morse interaction, with their characteristic potential given by 1481
-2a(L-4)
2 -a(L-4)]
8 F2 [ ~(L-4)
~(L- 4)]
u = u0 [ e
- e
= ~ e
- 2e

(3.6)

where F is the maximum force, K is the initia! spring stiffness and L0 is the length
of the springs at minimum energy. From literature these parameters are found to
be approximately 6x1 o-9 N, 5x1 0 2 Nm-1 and 1.5x1 o- 10 m, respectively 1481. The
length L is determined by the position (x,y,z=O) where the springs are attached to
the fibre (basis), and the position (X, Y,Z) , where they are attached to the matrix
(end), and is consequently given by
L = V(X->è/ + (Y-}f + (Z-z) 2

(3.7)

The total energy of the interface unit U(X, Y,Z) is determined by the distribution
tunetion W(x,y,z=O) as well as the characteristic spring potential u and is given by
00

U(X, Y,2) =

00

J JW(x,y) u(x,y,X, Y,2) dx dy

(3.8)

- 00-00

The farces Fx an Fz in the x and z direction can accordingly be derived from the
total energy by
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dx dy
(3.9)

00

J I W(x,y)

-oo -oo

a~~L) :~

dx dy
(3.1O)

where Fx is the shear force and Fz is the normal force. The derivatives in the
integrals at the right side of Equations 3.9 and 3.10 can be determined without
difficulty using Equations 3.6 and 3.7, respectively. The integration tor the
two-dimensional interface unit of type C is performed numerically ignoring the ycomponent and using substitutions as
(3.11)
and integrating by a from -1 to 1 using thè trapezium method, with s equal to LJ4.
The integration tor the three-dimensional interface unit of type D is performed
numerically by using subsequent substitutions as
(3.12)
and integrating by a and
integration.

~

trom -1 to 1 using the trapezium methad tor double

3.A.2 Stress-strain behaviour and failure criteria
The influence of the design (construction) of the repeating interface unit has been
studied by camparing the force-displacement behaviour of the various interface
types in normal and shear loading, respectively. The normal stress Fz has been
determined as a tunetion of Z, with X = 0 and subsequently Fx = 0. The shear
stress Fx has been determined as a tunetion of X, with Z determined iteratively
using Newton-Raphson to obtain Fz = 0. In Figure 3.20 the calculated stress-strain
curves are shown for all four interfaces in normal and shear loading, respectively.
The most simple model with only one interface spring (A) exhibits perfect Morse
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Calculated normal-force (a) and shear-force (b) as a tunetion of displacement in zand x-direction, respectively. The curves are shown of the interfaces with a single
spring (A), with three springs (B), with two-dimensional continuously distributed
springs (C) and with three-dimensional continuously distributed springs (D).
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behaviour in normal loading, as could be expected (Figure 3.20a). However, in
shear loading, initially no shear-force Fx is required, since a displacement in
x-direction simply results in rotatien of the interface spring . After rotatien of ninety
degrees, further displacement results in elangation of the spring with a subsequent
shear-force equivalent to the normal-force in pure normal loading (Figure 3.20b,
curve A). By applying diagonal springs at the interface, a shear-force is directly
generated, when a shear deformation is applied (Figure 3.20b, curve B,C and D).
The discontinuous distributed springs (type B) result in a jumpy stress-strain
behaviour, which is avoided with a continuous distribution (type C and D). Using a
three-dimensional model (type D) instead of a two-dimensional model (type C)
does not lead to significant differences. For both continuous interfaces the applied
shear-force results in an orientation of the springs in the load direction, foliowed by
a breakage of the bands (springs passing their maximum force) at the peak in the
force-displacement curves of Fx versus X (Figure 3.20b).
When not all springs are oriented normal to the interface, a lower interface stiffness
and strength is obtained in normal loading (compare curves B, C and D with
curve A in Figure 3.20a). Therefore, the force-displacement curve depends on how
the diagonal springs are distributed. Also in shear loading significant differences are
found between the maximum farces. An increased amount of diagonal springs
results in a higher shear stiffness, but also a lower shear strength.
The ultimate torces that can be carried by the interface units are constructed by
calculating the stress-strain (force-displacement) curves at different FX/Fz ratios
and determining the maximum value3. Because it is unlikely that the interface fails
as a result of compressive loading, only tensile normal loading has been
considered. Failure envelopes have been generated by platting the maximum
values of Fz versus the maximum values of Fx. Since the single spring of interface
unit type A only can transfer axial farces, any deviation of pure normal loading will
result in rotatien of the spring. After this rotatien a maximum force can be carried
that is equal in all loading conditions, rasuiting in a circular failure envelope
(Figure 3.21). Wh en diagonal springs are present in the interface unit (type B, C
and D), the failure envelope transfarms to an elliptical shape. The maximum
normal-force Fz is significantly higher than the maximum shear-force Fr The failure
envelopes of type C and D can reasonably be described by

F/

+- =
- 2

Fx

1

(3.13)
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Failure envelopes of !he interfaces with a single spring (A), with three springs (8),
with two-dimensional continuously distributed springs (C) and with three-dimensional
continuously distributed springs (D) .

which is an interface failure criterion often used in literature 130·31 ·41 1. With F/
approximately equal to 3F/ (see Figure 3.20 and 3.21) and N interface springs (or
units) per interface area, this equation can be transferred to an interfacial failure
stress criterion, given by

N 2 F/

+

3N 2 F/

N2F2
z

(3.14)

where a and " are the normal stress and shear stress, respectively, and á 5 is the
interface failure criterion equal to the maximum interface normal stress. This
interface failure criterion will be further used in the numerical analyses below.

3.A.3 lnfluence of the interface thickness
To study the influence of the interface thickness (or repeating unit size) on
macroscopie properties we considered an interface in series with a linear elastic
block of matrix, yielding a total length of 1o-1 m (which is camparabie with standard
experimental gauge lengths). To describe an interface with regular properties it has
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Stress-strain curves of a chain of an interface in series with a block of matrix with
the interface thickness varied. Calculated with interface springs with (a) non-linear
Morse interaction and (b) linear elastic behaviour.
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been characterized by 10 16 units/m 2 , resulting in an ultimate normal stress of
approximately 56 MPa, which is a regular strength value for interfaces. Stressstrain curves of this chain have been calculated with the interface thickness varied
from 1o·9 m to 10·1 m (1 nm to 10 cm). The influence of the constitutive behaviour
(brittle versus tough) has been studied by camparing the interface type D (with
non-linear Morse interaction) with a linear elastic interface with the same stittness
and strength.
By placing the interface unit in series with a block of matrix stress-strain curves are
obtained as shown in Figure 3.22. Naturally, when the interface accupies the whole
chain (10 cm), the curve is totally characterized by the interface itself and a
substantial ditterenee is found between the two interfaces (compare the curves of
thickness 1 cm ar 10 cm in Figure 3.22a with those in 3.22b). However, when the
interface unit is thin enough and of about three orders of magnitude smaller than
the total chain length ( < 1o·4 m ar 0.1 mm), na ditterenee is found between the
curves of Figure 3.22a and 3.22b at equal interface thickness. Bath are
characterized by the modulus of the matrix combined with the strength of the
interface. The only ditterenee is the total area under the curves at equal interface
thickness, being the fracture energy. For the interface with Morse interaction this
fracture energy is substantially higher than for the linear elastic interface, to be
precise: sixteen times. Considering the thicknesses of the interfaces that will be
used in the numerical analyses, it is allowed to simplify them to a linear elastic
analyses with linear elastic springs, since the shape of the interaction curves will be
irrelevant for the numerical results. Moreover, for experimental verification the
quantification of parameters such as the interface strength ar fracture energy is
possible, whereas the interface interaction curve itself will remain unknown, since it
cannot be determined by macroscopie ar even microscopie experiments.
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Chapter 4*
The efficiency of matrices with high failure strains

4.1

Introduetion

Recent studies on the interlaminar delamination energy of fibre-reinforced
composites indicated that the relation between the toughness of the matrix and the
matrix ductility and the composite's fracture toughness under mode I (Gd and
mode 11 (G 11c) conditions is quite complex 1131 . Unfortunately, the fracture toughness
of the composita increases less than proportional with the matrix G1c 11 •21. This is
generally explained by (i) constrained matrix deformation around the crack-tip due
to the presence of rigid fibres or (ii) premature failure due to poor fibre-matrix
adhesion 11 •31. Considering the influence of the matrix ductility on the delamination
energy, it might be expected that also in transverse tension the composite's strain
capacity will be reduced by the presence of the fibres. Previous studies showed
already the inefficiency of the application of matrix systems with high strain
capacity to yield high transverse failure strains in composita materials 14·71 . In these
studies uniaxial matrix failure strains were reported up to 70% , whereas the
transverse failure strain in uniaxial tension of the corresponding composita was
only 0.9%.
When, on the other hand, polymer materials are tilled with a soft rubbery
component rather than with stift fillers like fibres, the disperse phase seems to
induce plastic deformation and yields to tough behaviour 18 .131. This toughening
effect is often contributed to the appearance of stress concentrations, as a result of
the lower stiffness of the disperse phase, yielding multiple local energy absorbing
failure mechanisms -like shear bands or crazes- that are initiated below the

·Reproduced in part from: (i) de Kok, J.M.M., Meijer, H.E.H. and Peijs, A.A.J.M. in: Proceedings of
the Ninth International Conference on Composite Materials (ed. A. Miravete, Woodhead Publ. Ltd.,
1993) 242 and (ii) de Kok, J.M.M. Composites 1995, in preparatien
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breaking stress of the matrix. This explanation is, however, obscured by the fact
that rigid particles or fibres also yield stress concentrations without resulting in the
toughening effect. Since the stiffness of the dispersed phase has a considerable
effect on the stress situation in the matrix, the stress situation itself probably plays
a decisive role concerning the final toughness. Therefore, recent studies focused
on epoxy fracture in loading conditions that are similar to the stress situations
inside the matrix of transversely loaded composite materials, revealing the
deformation mechanisms in such polymer applications 114· 151
In previous investigations it has been shown that a thin rubbery layer on a glassy
polymer sphere can be quite effective in changing the stress situation to that of a
rubber toughened material 116' 171 . This effect on the stress situation can probably
also be expected when a thin rubber coating is applied on rigid fibres 118' 191 . Since
epoxies can be effectively toughened by rubber additives 18 · 11 1, a rubber coating on a
carbon fibre might be helptul to obtain carbon-fibre-reinforced composites with
increased toughness '20 ' 231 •
In this chapter, the influence of the matrix failure strain and that of an extra ductile
interphase between matrix and fibre on the transverse tensile failure strain of fibrereinforced composites is determined. Carbon-fibre-reinforced composites, with
epoxy matrices varying in failure strain trom 6% to 62%, are tested in transverse
tension and three-point bending. To explain the experimental results,
micromechanical analyses are used to study the matrix deformation in transversely
loaded carbon-fibre-reinforced composites. To obtain more fundamental insight in
the toughening effect of the dispersed phase, the rasuiting matrix deformation is
compared with that of a matrix containing glass, rubber and rubber coated fibres
and -the most extreme case- of a matrix tilled with (cylindrical) holes. Especially the
analyses on the rubber coated fibre-reinforced composita are of interest tor the
effective incorporation of ductile matrices for the enhancement of the transverse
tensile strain-to-failure.

4.2

Experimental

4.2.1 Neat materials
The influence of the matrix failure strain on the transverse failure strain of
unidirectional composites is examined using carbon-fibre-reinforced epoxies with
good fibre-matrix bonding. In order to exclude the influence of fibre-matrix
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adhesion, surface treated high-strength carbon fibres (AKZO Tenax HTA 5131)
have been used, which exhibit perfect ad hesion with epoxy matrices 124·251. The
failure strain of epoxies can be controlled by changing its cross-link density 19 -11 •261.
In this study, the cross-link density of the epoxy matrix is systematically varied by
using a combination of a 2-functional curing agent (2,6-diethylaniline, DEA,
Persterp Analytica!) and a 4-functional curing agent (diethyltoluene diamine,
DETDA, Lonza Ltd.) with a standard 2-functional epoxy resin (diglycidyl ether of
bisphenol A, DGEBA, Shell Epikote 827). Rubber additives, normally utilized for
toughening of epoxy resins, are net used to exclude the influence of different matrix
morphologies on the transverse properties.
Table 4.1

Mechanica! properties of the epoxy matrices.

DETDNDEA

Modulus

Yield Stress

Ultimate

Tg

weight ratio

[GPa)

[MP a)

Strain [%)

rCJ

Me
[kg/mol)

2.5

76

6.0

203

0.33

1/1

2.6

73

8.8

148

0.66

1/2

2.6

71

14

131

1.0

2.8

70

28

112

2.2

1/0

1/4

c

c

c

f

1/5.5

c

2.6

68

38

114

1/8

c

2.5

65

47

111

3.3

1/16

c

2.6

65

62

107

6.8

1/64

2.7

65

66

105

55

1/256

2.6

62

68

-

-

s

1/512

2.7

64

68

-

s

0/1

2.7

66

62

-

-

s

systems used as composite matrix
failure stress, yield stress is expected to be approximately 90 MPa

s

soluble matrix with no clear rubber plateau modulus in DMTA

Curing of DGEBA with the 4-functional curing agent DETDA yields an common
epoxy matrix with a high cross-link density. Curing of DGEBA with the 2-functional
curing agent DEA yields a thermoplastic epoxy matrix of linear macromolecules. By
using various ratios of 4-functional and 2-functional curing agent with a
stoichiometrie amount of epoxy resin, the cross-link density can be controlled. The
thermal machanical properties of the various epoxies have been determined using
dynamica! machanical thermal analyses (DMTA) at 1 Hz. The glass transition
temperature (Tg) of the epoxies has been determined from the peak in loss angle:
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tan ö. The molecular weight between cross-links, Me, has been determined trom
the rubber plateau modulus E, using the theory of rubber elasticity which gives the
relation between Me and the rubber modulus as
(3.2)

where p is the matrix density, R is the gas constant and T is the absolute
temperature. The resulting tensile properties of the epoxy matrices have been
determined using tensile tests at room temperature at a strain ra te of 1o·3 s·1 . An
extensometer was used to determine the Young's modulus and failure strain. When
necking occurred, the ultimate failure strain has been estimated from the
contraction of the yielded sample. By varying the weight ratio DETDNDEA trom 1/0
to 1/4, 1/5.5, 1/8 and 1/16, respectively, the cross-link density has been
significantly reduced. However a subsequent expected but undesired decrease of
the Tg occurred, see Table 4.1 . The elangation to break of the epoxies can be
varied from 6% to 68% without affecting the Young's modulus, see again Table 4.1.
However, concentrations lower than 1/16 of the 4-functional curing agent DETDA
have not been used in composites, since this resulted in relatively poor composita
quality as a result of the too low resin viscosity and the long gelation times.

4.2.2 Composite manufacturing and testing
Unidirectional carbon-fibre-reinforced composites were manufactured by filament
winding 1271 • All resins containing DEA, diethyl aniline, were precured at 120 oe for 2
hours to increase the viscosity. Befare winding, the fibres were desized in an
ultrasonic bath with acetone, since any disturbance of the sizing on the matrix
stoichiometry, which strongly affects the matrix properties, was considered as
unwanted. Darnaging of the desized fibre strands has been avoided by using Teflon
guiders on the winding device. The composites were cured in a press at 120°C for
10 hours and subsequently postcured at 180°C for 10 hours. Unidirectional
composites were manufactured with a fibre volume fraction of approximately 50%.
The laminates were cut with a band saw into rectangular specimens with a length
of 120 mm, a width of 20 mm and a thickness of 1.5 mm. To avoid gripping effects,
tensile specimens with a typical durnbbelf shape were machined using a special
grinding device. In order to avoid a catastrophic influence of surface flaws the
specimen edges were carefully polishad r26r.
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Transverse properties were determined by tensile and three-point bending tests.
Tensile tests were performed on a Frank type 81565 testing machine at a strainrate of 10·3 s· 1 . The Young's modulus and failure strain were measured with an
extensometer. Gardboard and grinding paper were used between specimen and
grips to prevent slip and premature failure in the grips. Three-point bending tests
were performed according to the ASTM 0790-81 standard at a strain-rate of
1o·3 s·1 . Span-to-depth ratios of 40 were used. Roller radii of the supports and
loading nose were 1.5 mm and 2.0 mm, respectively.
After testing, the fracture surfaces of the breken composites were studied using
Scanning Electron Microscopy (SEM; Cambridge Stereo Scan 200) on samples
covered with a thin gold-palladium coating.

4.3

Modelling

The numerical analyses are based on a two-dimensional generalized plane-strain
model of a cross-sectien of a unidirectional composita. By assuming a regular
packing array, the model geometries can be reduced to a repeating unit of a
quarter fibre in a bleek of matrix (Figure 4.1) 1271 • The mechanica! properties of the
transversely isotropie carbon fibres are listed in Table 4.2 tagether with the elastic
properties of the ether materials. Matrix ductility is incorporated by using non-linear
yield-behaviour for the matrix, with a strain rate dependent yield stress. Creep
analyses were performed, using the modified Eyring equation [29·301 for the
description of the matrix visco-elastic behaviour. The equivalent strain rate eeq
depends on the equivalent stress aeq (Von Mises) as
va

sinh~

.

.

l

RTRT

eeq = eo .

( va

(3.3)

Slnh _ _Y_

RTRT
where ar is the yield stress measured at a strain rate i 0 and C is a constant
affecting the stress dependency of the strain rate. A yield stress av of 68 MPa at a
strain rate of 1o·3 s· 1 is used, which is the average yield stress of all the epoxies
that were used as composite matrices, see Table 4.1. The constant C is taken
2 MPa. This results in an increase in yield stress of 4.6 MPa fora 10 fold increase
in strain rate.
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x
Figure 4.1

Meshes used for fibre-reinforced composite, with (a) square fibre array and (b)
hexagonal fibre array and (c) for rubber coated carbon-fibre-reinforced composite
with a hexagonal fibre array.

Table 4.2

Mechanica! properties of the materials used for the numerical analyses.

Material

Carbon

Glass

Epoxy

fibre

fibre

matrix

Rubber

-

-

-

20 GPa

-

-

-

0.013

-

-

-

Vrr

0.25

-

-

-

-

-

-

Young's modulus

GLT
E

18 GPa
-

70 GPa

2.6 GPa

3.0 MPa

Poisson's ratio

V

-

0.22

0.39

0.4998

EL

235 GPa

Transv. modulus

ET

Long. Poisson's ratio

VTL

Transv. Poisson's ratio

Long. modulus

Shear modulus

Linear elements were used for the matrix, with constant dilatation (volume
deformation) to avoid 'locking' 1311 • In order to attain better compatibility, linear
elements were used also for the fibre. Considering the high strains that were
expected to appear in the matrix, the finite element analyses were performed
geometrically non-linear using the high strain creep options within the finite element
program MARC 131 1. Leads have been applied with incremental strain steps.
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4.3.1 Matrix failure
To predict the transverse tensile strength, the matrix deformation has been studied
in detail, by monitoring the maximum local equivalent plastic strain (creep strain) as
a tunetion of the applied macroscopie transverse strain. The predicted transverse
stress-strain behaviour is obtained by platting the calculated transverse stress
versus the applied transverse strain. Composita fracture is assumed at matrix
failure initiation, when the ultimata plastic strain of the matrix is reached. The
transverse strength and failure strain are determined by the stress and strain at
which this critica! plastic strain is observed.

4.3.2 Composita morphology
Rather than using the cubic fibre array (see Figure 4.1a) tor the analyses of the
glass and rubber fibre-'reinforced'-composites, a mesh with a hexagonal fibre
packing was used (see Figure 4.1 b). since better agreements could be obtained
with the experimental results of the carbon fibre composites. For the rubber coated
carbon fibre composita, with an interphase thickness of 2.0% of the fibre diameter,
an alternative mesh was used, as shown in Figure 4.1 c. Especially tor the coating it
was proved to be necessary to use linear elements with constant dilatation in order
to avoid locking. The matrix 'filled' with cylindrical holes was analyzed using the
mesh of Figure 4.1 b, with the fibre elements removed.

4.4

Results and discussion

4.4.1 Matrix deformation
Transverse loading of carbon-fibre-reinforced epoxy results in the matrix
deformation illustrated in Figure 4.2. lnitially, the deformation in the matrix appears
to be qualitatively quite similar tor bath the square and hexagonal array model. The
rigid carbon fibres yield in stress concentrations between the fibres in the vicinity of
the 'poles' 125' 271. At this position the Van Mises stress is maximum and plastic
deformation initiates. Using a small tensile laad, the area which is plastically
deformed is mainly located at the poles, while an initia! second area arises at the
fibre-matrix interface (Figures 4.2a and 4.2e). An increase in macroscopie strain
causes an expansion of the local plastically deformed area, with high shear
deformation particularly at the fibre-matrix interface (Figure 4.2b and 4.2f). At
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higher loads (or more precise: macroscopie strains), the plastically deformed area
extends and a noticeable ditterenee becomes evident between the two packing
models applied. The increase in macroscopie strain is mainly the result of a shear
deformation within a thin band through the composite structure, whereas the main
part of the matrix material is restrained from plastic deformation caused by the
presence of the rigid fibre. Especially with the square fibre packing, strains are
extremely localised and the plastically deformed area does nat expand (compare
Figure 4.2d and 4.2h). A localized (shear) deformation inside a local yielded band
results. This band is located at the fibre-matrix interface. As a result of ditterences
in the packing geometry between the square and hexagonal packing, the angle
between the plastically deformed shear band and the loading direction varies. In
both cases a band is formed from 'pole to pole'. However, an angle of 45 and
60 degrees results, respectively. This (smal!) ditterences in angle is, nevertheless,
reflected in the resulting macroscopie stress-strain behaviour, see Figure 4.4.
Logarithmic
plastic strain [%]
>10

10

.8

a
6
4

0.1

<0.1

Figure 4.2

Plastically deformed areas in the carbon fibre reinforeed composites as determined
with the square fibre array at (a) 1.1 %, (b) 1.3%, (c) 1.8% and (d) 2.3% transverse
strain, and with the hexagonal fibre array at (e) 1. 1%, (f) 1.3%, (g) 2.1% and
(h) 2.9% transverse strain.

Since the plastically deformed area remains relatively smal!, even at low
macroscopie strains, the local plastic strains inside the composite are rather high.
This is demonstraled once more in Figure 4.3, showing the observed maximum in
local plastic strains versus the applied macroscopie transverse strain. As a result of
the ditterences in packing geometry, a significant ditterenee in the final microscopie
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plastic strains is observed, yielding considerable lower strains for the more dense
hexagonal packing array.
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The observed maximum in local equivalent plastic strain as a tunetion of the
] and
macroscopie transverse strain applied, as calculated with the square [hexagonal fibre packing model [- - - ].

4.4.2 Transverse stress-strain behaviour
In Figure 4.4a some typical stress-strain curves are shown of the various
composites in transverse tension. Since the modulus of the matrix is not
significantly changed by the curing agent ratio, no significant influence of the matrix
on the transverse modulus of the composites is observed. The composite with the
most brittie epoxy matrix exhibits a linear behaviour, whereas with increasing matrix
ductility this curve is continued and failure is postponed, rasuiting in a non-linear
behaviour. Finally, even yielding is obtained with the toughest epoxy matrices. All
stress-strain curves of the composites seem to fit on one unique curve. The
matrices with enhanced ductility do nat change the shape of the stress-strain curve,
but only postpene the transverse fracture of the composita. These results confirm
the validity of the use of a constant yield stress in the numerical analyses.
The calculated stress-strain curves are shown tagether with the experimental failure
stresses and strains in Figure 4.4b. A considerable ditterenee is found between the
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Stress-strain curves of carbon fibre reinforeed epoxies as (a) measured in
transverse lension and (b) predieled with the square [ - ) and hexagonal fibre
packing model [-- -] tagether with the experimental tensile data [+).

curve obtained with the square packing array and the hexagonal packing array. As
expected, the square model does nat only lead to a higher predicted transverse
modulus 127•32', but also to a higher yield stress. When the plastic deformation
initiates, the transverse response initially remains linear because plastic
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deformation is localized at a few sites (see Figures 4.2a, 4.2b, 4.2e and 4.2f).
When the plastically deformed area substantially expands, an additional increase of
the laad yields non-linear behaviour. Finally, when yielding occurs across the whole
cross-sectional area of the composita, a transverse yield stress is reached. Using
the hexagonal packing a slight decrease in the macroscopie transverse stress is
observed as a result of the contraction of the composita. To campare the numerical
results with the experimental data, in Figure 4.4b all measured tensile failure
stresses are additionally plotted versus their corresponding transverse failure
strains. Although only a simple constitutive behaviour has been used to describe
the deformation of the epoxy matrix and the effects of parameters like hydrastatic
pressure on the yield stress have nat been incorporated, a remarkable good
agreement is obtained between the theoretica! curve using the hexagonal array and
the experimental data. Since this agreement is less convincing for the square array
model, it can be concluded that the hexagonal array is a physically more realistic
model for highly tilled fibre-reinforced composita materials.

4.4.3 lnfluence of the matrix on the transverse strength
Figure 4.5 shows the transverse strength of the composites as a tunetion of the
matrix failure strain as measured in a tensile and a three point bending test. The
strength in three point bending appears to be significantly higher than the strength
determined by tensile testing. This is expected and usually described to the flaw
sensitivity of the tested specimens 1331 • The strass-strain curves obtained from the
tensile tests show however that the yield stress of the composites indeed can be
fully reached and that the real intrinsic strength is measured. Therefore, the
ditterences between the results of the bending and tensile tests are not expected to
be a result of the presence of defects only, but that they are probably a result of
the non-linear behaviour of the composites. As a result of yielding, the linear
bending theory (ASTM D790-8i) eventually overestimates the ultimata stress of the
composites to up to a factor of i .5 times the yield stress. By assuming a constant
yield stress through the specimen under the loading nose, the flexural yield stress
of ductile materials can be estimated using
(3.4)

where oy is the maximum stress under the loading nose, F is the maximum laad, L
is the span, and w and t are the specimen width and thickness, respectively. Using
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this aquatien instead of the conventional equation for linear-elastic materials, still
higher stresses are found than those that fellow trom the tensile tests, probably as
a result of the transverse yield stress under compression, which is higher than the
yield stress in tension.
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Transverse strength as a tunetion of the matrix failure strain, as measured in
lension [0) and three point bending [e). Unes give the numerical predictions using
the square [ - ] and hexagonal fibre packing model [- - - ) and the hexagonal fibre
packing model with adjusted matrix yield stress [- -J.

Bath the transverse tensile strength and flexural strength increase with increasing
matrix failure strain. For all tested composites, scanning electron microscopy
indicated perfect adhesion between fibre and matrix, see e.g. Figure 4.6. On bath
micrographs matrix dominated failure modes are clearly visible, with a brittie
fracture surface for the composite based on highly crosslinked epoxy, Figure 4.6a,
and substantial yielding for the composita with ductile epoxy, see Figure 4.6b.
Since an increase in the matrix failure strain did not result in a change in failure
mode, all changes in the transverse composite properties can be attributed to the
ditterences in matrix properties.
In Figure 4.5, a good agreement is found between the strengths predicted with the
hexagonal array model and the experimental data trom the tensile tests. In the
model a constant yield stress of 68 MPa is used tor all matrices, which is the
average of the epoxy matrices being investigated. However, in reality the obtained
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Fracture suriaces of composites with (a) a brittie matrix (DETDNDEA ratio is 1/0)
and (b) a ductile matrix (DETDNDEA ratio is 1/8).

increase in matrix failure strain was combined with a decrease in the yield stress
(see Table 4.1 ). Consequently, the average yield stress value is too low for the
most brittie epoxy matrices. By adjusting the yield stress for each epoxy system, a
decrease in transverse strength is found with increasing matrix ductility as a result
of the significant drop in yield stress. For the composites with the brittie epoxy
(ay = 90 MPa) the predicted transverse strength is approximately equal to the
strength determined by three point bending. Thus, only for the most brittie (and
frequently used) matrix system the intrinsic transverse strength can be determined
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via three-point bending, while for the more ductile composites tensile tests should
be used.

4.4.4 lnfluence of the matrix on the transverse failure strain
Figure 4.7 shows the transverse failure strain data of the different composites as a
function of their matrix failure strain. The failure strain in three-point bending
appears to be significantly higher than the strain determined by tensile testing. This
mismatch between the experimental results can indeed be described to either flaw
sensitivity ar to the non-linear tensile behaviour of the composites, which is not
incorporated in the bending theory. As a result of the complicated (plastic)
deformation behaviour in bending, it is not that obvious whether the conventional
bending theory over- or underestimates the true failure strain. In both tests the
transverse failure strain showed a significant increase with increasing matrix failure
strain up to values that are even higher than that of the carbon fibres (1.4%), which
implies that in cross-ply laminates fibre fracture will occur befare transverse failure.
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Transverse failure strain as a lunetion of the matrix failure strain, as measured in
lension [0] and three point bending [e) and predieled with the square [ - ) and
hexagonal libre paeking model [- - - ).

Also in the case of strain the best agreement is found between the predictions of
the hexagonal array model and the experimental data trom the tensile tests. With
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the square array model, the strain localization is overestimated and hardly any
increase in transverse failure strain is found. In the elastic region the ditterences
between the square and hexagonal array model are of course less significant.
However, when plastic deformation plays a role, only the hexagonal packing seems
to be able to predict the transverse stress-strain behaviour, the local microscopie
deformation and, finally, also the transverse failure properties.

4.4.5 lnfluence of the dispersed phase on the transverse failure strain
Since the hexagonal packing appears to be physically more realistic, only this fibre
array has been used to investigate the influence of the dispersed phase on the
transverse failure strain. Transverse tensile loading in the extreme case of rubberfibre-toughened epoxy results in matrix deformation as illustrated in Figure 4.8. As
expected, plastic deformation initiates at the 'equator' of the rubber fibre
(Figure 4.8a) and starts at low stress levels due to high stress concentrations. Also
tor this composite system the tensile behaviour remains initially quite linear due to
localization of the plastic deformation. Moreover, also in this type of composite an
increase in applied strain causes an expansion of the plastically deformed area to a
kind of shear-band across the material (Figure 4.8b) . However, in contrast to the
case of stift fibres (compare Figure 4.2) upon further loading this area will extend
(Figure 4.8c) and eventually nearly the whole matrix will show considerable plastic
deformation (Figure 4.8d).
Since a rubber fibre does nat prevGnt the expansion of the plastically deformed
area, the local plastic matrix strains observed are significantly lower than in the
case of carbon fibres (Figure 4.10) . Since matrix failure initiates at higher
macroscopie strain levels, an increase in matrix ductility can directly be translated
into an increase in composite failure strain.
In the less extreme and more realistic case of a rubber coated carbon fibre, stress
concentrations occur at the 'pole' as well as at the 'equator', see Figure 4.9. The
position where plastic deformation initiates depends on the thickness and the
mechanica! properties of the coating. lf we campare these results with these of the
pure carbon fibres without rubber coating, yielding takes place over a relatively
large area when compared with that of a carbon-fibre-reinforced composite
(compare Figure 4.2 and 4.9) .
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Figure 4.8

Plastically delormed areas in the rubber libre composites as determined with the
hexagonal libre array at (a) 2.0%, (b) 4.0%, (c) 8.0% and (d) 12.0% transverse
strain.
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Figure 4.9

Plastically delormed areas in the rubber coated carbon-libre-reinforeed composites
as determined with the hexagonal libre array at (a) 1.1%, (b) 2.0%, (c) 3.0% and
(d) 5.0% transverse strain.

Figure 4.10 illustrates how the maximum in local plastic strain increases with the
applied macroscopie transverse strain. The isotropie glass fibre appears to have an
even more negative effect on matrix deformation than the carbon fibre. Both require
very high local strains in order to obtain an increase in the macroscopie overall
transverse strain. When the transverse stiffness of the 'reinforcing' fibre is reduced,
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the local plastic strain increases less extreme, resulting in higher values of the
macroscopie strain (compare glass fibre with carbon and rubber fibre). Flexible
rubbery dispersed phases with a high elangation to break are not strictly necessary
to obtain an increased composite toughness, since the introduetion of holes yields
a similar deformation behaviour and the expected increase in toughness as well,
see Figure 4.10 and reference 1131 . Application of a rubbery coating on stift carbon
fibres shows that an intermediate efficiency of matrix ductility is obtained. Since the
local plastic strains are not as high as in the pure carbon-fibre-reinforced
composites, a pronounced increase in the macroscopie composite failure strain is
to be expected when ductile matrices are applied.
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Maximum local plastic strains in fibre composites as a tunetion of the applied
transverse strain.

The calculated stress-strain curves of the composites with different 'reinforcing'
fibres are summarized in Figure 4.11. As expected, the glass-fibre-reinforced
composite exhibits a somewhat higher transverse modulus compared to the
carbon-fibre-reinforced composite. The yield stresses are nearly identical and
substantially higher than that of the pure matrix material. This is partly a result of
the strain localization in the matrix, which results in higher local strain rates
compared to the macroscopie strain rate applied. The macroscopie yield stress is,
however, particularly increased by the considerable hydrastatic stresses in the
matrix, induced by the presence of the rigid fibres. When added to the deviatoric
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Figure 4.11

Calculated stress-strain curves of transversely loaded fibre 'reinforced' composites.

stress component (Von Mises stress), these stresses result in macroscopie yield
stresses. As can be expected for rubber tilled materials, also the rubber fibre
composite exhibits a rather low yield stress, since only a relatively small part of the
matrix is loaded, campare Figures 4.2 and 4.8. A material 'filled' with cylindrical
holes will exhibit an even lower yield stress than the rubber fibre composite. The
reasen for this is that, as a result of the nearly incompressible behaviour of the
rubber, in these composites substantial hydrastatic stresses are generated in the
rubber and in the matrix 1131 . In cylindrical holes hydrastatic stresses are absent and,
consequently, macroscopie stresses are lower. For the rubber coated carbon fibre
composites, an intermediate macroscopie yield stress is predicted. Due to the
presence of the rubber coating , plastic deformation is less constrained and the
hydrastatic stresses are low, resulting in a lower transverse yield stress than these
calculated for the glass and carbon-fibre-reinforced composite. As a result of stress
concentrations, the macroscopie yield stress is even somewhat lower than the
matrix yield stress. Consequently, for this composite system an enhanced
transverse failure strain can be combined with a reasonably high transverse
strength.
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Conclusion

By decreasing the crosslink density of the epoxy matrix of carbon-fibre-reinforced
composites, an increase in macroscopie transverse failure strain can be obtained.
This increase in transverse failure strain is, however, rather low when compared
with the increase in failure strain of the matrix.
Micromechanical analyses on carbon-fibre-reinforced composites showed that
plastic deformation in the matrix is highly localized. Due to this localisation, an
increase in the macroscopically applied strain leads to very high local plastic strains
in the matrix material, meaning that the matrix failure strain will be reached
instantly. Consequently, a streng increase in matrix failure strain will only result in a
small increase in transverse composite failure strain. At rather low macroscopie
strain levels matrix failure will be initiated.
Numerical analyses showed that an increase in matrix ductility yields a
considerable increase in the macroscopie failure strain, if the second constituent
does not obstruct the expansion of the plastic deformation zone through the bulk of
the matrix, as is the case of rubber fibre composites or materials 'filled' with holes.
In the case of stift fibre-reinforced composites an increase in matrix ductility
becomes, however, more effective if a thin rubber coating is applied on the fibres.
Consequently, the combination of rubber coated carbon or glass fibres with ductile
matrices might be interesting tor the development of unidirectional composites with
high transverse tensile failure strains.
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s*

The incorporation of fibre-matrix interlayers as third
constituent

5.1

Introduetion

Fibre surface treatments are aften applied to imprave the adhesion between fibres
and matrix in composites 11 -51 . These treatments do, however, nat only affect the
chemica! bonding to the fibre. Previous investigations showed that during
composite processing the matrix material near the fibre/matrix interface can be
significantly attected, yielding mechanica! properties ditterent than that of the
bulk 13 ·6 - 121 . Theretore, this region is aften referred to as interphase, which is a
physically more correct description and should be considered as three-dimensional
with a finite thickness. Although the word interphase is trequently used, it's exact
definition remains unclear. Therefore, it should be noted that the interphases as
reported in literature are nat the same tor all composite systems. An acceptable
definition that describes most cases could be: a zone at the fibre surface where
mechanica! (and ether) properties of the matrix vary as a tunetion of the (radial)
distance trom the fibre 1131 . Such a zone can be generated by local variations of the
thermoset reactivity, induced by the presence of the fibre surface, ar by the
variation of resin stoichiometry caused by the generally applied sizing 13·71 . The
presence of fibres may also result in morphology variations at the fibre surface in
two phase matrix systems 18 ·9 1. Fibre induced crystallization aftects the direction of
crystal growth (transcrystallization), which subsequently results in crystal orientation
and influences the related mechanica! properties 110•121 • Finally, a third phase

"Reproduced in part from: (i) de Kok, J.M.M., van den Heuvel, P.W.J . and Meijer, H.E.H. in:

Deve/opments in the Science and Techno/ogy of Composite Materials (ed. A.R. Bunsell, A. Kelly
and A. Massiah, European Association for Composite Materials, Bordeaux, 1993) 159 and (ii) de
Kok, J.M.M. and Venderbosch, A.W. Composites 1995, in preparatien
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between fibre and matrix might also be applied as coating on the fibres befare
impregnation 114-181 •
Reliable experimental techniques to quantify the mechanica! properties of
interphases are nat available 1131 . Therefore, in order to experimentally investigate
their influence, it is preterred to use those (model) composite systems that allow for
well defined interlayers and where their mechanica! properties can be controlled in
a quantitative sense. This can either be obtained by applying fibre coatings, ar by
using matrix systems that show phase separation at the fibre surface 19 -191_
Besides being important tor the stress transfer between fibre and matrix, the
interphase can also be effective in changing the stress state inside the matrix 114•20 •21 1
and to reduce the matrix-constraints 1221_ In Chapter 4 1231 it was found that flexible
rubber coatings on fibres result in an enhanced efficiency of matrices with high
strain capacities. In order to investigate this in greater detail, in this chapter the
influence of rubbery interlayers is investigated using carbon-fibre-reinforced
composites based on two extreme matrices: namely a highly cross-linked epoxy
with a low elangation to break (6%, thus brittle) and a ductile thermoplastic
poly(2,6-dimethyl-1 ,4-phenylene ether) (PPE) with a high elangation to break (89%,
thus tough). In the epoxy matrix based composites, the interphase properties are
controlled by applying coatings on the fibres. The influence of the coating is studied
by varying its thickness. In the PPE-matrix based composites the interlayers are
generated by using epoxy resins as reactive solvents that preferentially accumulate
at the fibre surface during phase-separation at cure 191 . To influence the mechanica!
properties of the fibre-matrix interlayer, the epoxy that farms the interlayer is varied
from glassy to completely rubbery 1241 . Ta increase our understanding of these rather
complicated three phase composite systems, bath systems were also studied using
micromechanical analyses. The interlayer incorporated was considered to be a
separate third constituent between the fibre and matrix. Using these models, the
influence of the presence and properties of the interlayer on the stress
concentrations and the plastic deformation was evaluated.
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Experimental

5.2.1 Neat materials
The influence of the fibre-matrix interlayer on the transverse properties of
unidirectional composites is examined on carbon-fibre-reinforced composites. In
order to exclude the extra influence of fibre-matrix adhesion, surface treated high
strength carbon fibres were used 1251 . The fibres (Courtaulds Grafil XA-S, 12K) were
coated, using a salution technique, with thermoset elastomers based on diglycidyl
ether of bisphenoi-A (OGEBA, LY556 of Ciba Geigy) and two different
polypropylene oxide diamine curing agents, Jeffamines 02000 and 04000 (Texaco,
Belgium), possessing different molecular weights (2000 and 4000 gr.mol- 1 ,
respectively) yielding different crosslink densities. The epoxy resin LY556 was
cured by using stoichiometrie amounts of curing agent, which were either 256 parts
per hundred partsof resin by weight (phr) of Jeffamine 02000 or 475 phr of 04000.
These stoichiometrie ratios were derived trom swelling experiments in toluene.
Homogeneaus rubber materials were obtained with moduli ranging trom 0.8 MPa to
4 MPa (see Table 5.1 ). Befare coating, the sizing on the fibres was removed with
acetone in an ultrasonic bath. After drying, the desized fibres were guided through
a bath containing a salution of thermoset in acetone and wound on a glass
cylinder. The coating thickness was controlled by changing the salution
concentration. The fibre strand leaving the coating bath was guided through a hot
air stream to evaparate the major part of the acetone. Finally, the rest of the
acetone was removed by drying the fibres in an oven at 80°C for 30 minutes, while
rotating the drum. The coatings were cured at 130°C for 10 hours in nitrogen
atmosphere to avoid oxidation. After curing, the coating thickness was determined
trom the weight increase of the coated fibres. A maximum thickness of
approximately 0.06 1-lm (2% of the fibre radius) could be obtained. Thicker coatings
resulted in coalescence of the filaments, which prevented good impregnation.
For the composites based on those coated fibres a standard Araldite epoxy system
trom Ciba Geigy was used as matrix material, based on diglycidyl ether of
bisphenoi-A (LY556) with a 5-methylnorbornene-2,3-dicarboxylic anhydride {HY906)
curing agent and 1-methylimidazole accelerator (DY070), in a weight ratio of
100:95:1. Ta obtain the input parameters necessary for the numerical analyses,
bath the rubbers and the epoxy matrix were characterized using tensile tests at
room temperature and a strain rate of 10-3 s·1. The Poisson's ratio of the epoxy was
determined using bath a longitudinal extensometer and a transverse extensometer.
The Poisson's ratio's of the rubbers could not be determined accurately enough but
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Tabel 5.1

Mechanica! properties of the materials.

Material

Long. modulus
Transv. modulus
Long. Poisson's ratio

EL
Er
VTL

Transv. Poisson's ratio

VTT

Shear modulus
Young's modulus

GLT
E

Poisson's ratio

V

Yield stress
Failure strain

Oy

Carbon
fibre

Epoxy

Rubber

Rubber

matrix

D2000

D4000

235 GPa
20 GPa

-

-

-

0.013
0.25
18 GPa

-

-

-

-

-

-

-

2.7 GPa

-

0.41

4.0 MPa
(32MPa)
0.4998

0.8 MPa
(2.5GPa)
0.49996

-

s

tBR

94 MPa
6%

(0.4984)
45%

s
s

(0.41)
-

s
s

100%

after curing of the rubber, saturated with a stoichiometrie amount of epoxy resin and
curing agent

were chosen such that their bulk modulus approaches that of the epoxy matrix. The
data obtained are listed in Table 1. The rubber materials revealed significant
absorption of the uncured epoxy matrix. When saturated with a stoichiometrie
amount of resin and curing agent, the weight increase of the 02000 and 04000
rubber was 100% and 307%, respectively. Although it took a considerable amount
of time (.,.50 hours) to obtain saturation of the rubber specimens (25 x 35 x 4 mm),
it is expected that, during the much shorter time of impregnation and cure required
for composite manufacturing (=1 hour), the thin coatings (< 0.06 11m) absorb similar
amounts of resin and the increase of the coating thickness will be equivalent.
Curing of the swollen 02000 rubber resulted in a semi-interpenetrated network with
a modulus 8 times higher than the original rubber (see Table 5.1). The dramatic
absorption of the 04000 rubber even resulted in a glassy material with a modulus
of approximately 2.5 GPa, which makes this material unsuitable to study the
influence of flexible interlayers.
A commercial grade of PPE (Mw = 32 kg.mol-\ Mw/MN= 2.3) was supplied by
General Electric Plastics (Bergen op Zoom, the Netherlands). As reactive solvents,
mixtures of an aromatic and an aliphatic epoxy resin were used 191: diglycidyl ether
of bisphenoi-A (OGEBA, Epikote 828EL, Shell Amsterdam) and diglycidyl ether of
polypropylene oxide (OGEPPO, Epikote 877, Chemische Fabriek Zaltbommel),

Table 5.2

Mechanica! properties of the epoxy interphases and the

Young's

Epoxy tormulation
Material

Epoxy

DGEBNDGEPPO

Curing

ratio

agent

PPE matrix.

Poisson's

c

Ultimate

Yield

Modulus

ratio

Stress

strain

[MP a]

[-]

[MPa]

(%]

*

Tg

[MP a]

[OC]

100/0

M-CDEA

2390

0.40

95

5

2

203

80/20

M-CDEA

2560

0.40

68

6

2

142

60/40

M-CDEA

2412

0.40

54.3

18

2

88

a

c

40/60

M-DEA

445

0.48

0.6

68

3.2

-

20/80

M-DEA

4.1

0.4998

29

-

14

0/100

M-DEA

2.2

0.4999

-

24

-

-12

2403

0.4

70

89

2

223

PPE

b

a

estimated from an uniaxial compression test by using a pressure dependant Von Mises yield criterion

b

yield stress at strain rate of 0.2 s·' is 13.7 MPa

c

estimated trom neck geometry, assuming incompressible flow

*

material constant, which is dependent on the shear activatien volume V, defined as RTRJV in Equation 5.2

<0
<0

100
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respectively. As curing agents were used: 4,4'-methylene-bis(3-chloro2,6-diethylaniline) (M-CDEA. Lonza Ltd.) and 4,4'-methylene-bis(2,6-diethylaniline)
(M-DEA, Lonza Ltd.). The curing agent M-CDEA was used to attain a reduced
reactivity when combined with the standard epoxy resin DG EBA 1261. The DGEPPO
resin was used to increase the flexibility of the epoxy system 1241 . The DG EBA resin
was cured by using either 51 parts per hundred parts of resin by weight (phr) of
M-CDEA or 42 phr of M-DEA, while the DGEPPO resin was cured with either
31 phr M-CDEA or 27 phr M-DEA.
Composites were prepared using epoxy
systems with various DGEBNDGEPPO weight ratios (see Table 5.2). Because the
chemica! reactivity of the aliphatic epoxy resin DGEPPO is considerably less than
that of the resin DGEBA, systems containing more than 50 wt% DGEPPO were
cured with the taster curing agent M-DEA 1241.
The thermal mechanica! properties of the various epoxies were determined using
dynamica! mechanica! thermal analyses (DMTA) at 1 Hz and heat rate 2°C.min·1.
The glass transition temperature (Tg) was determined trom the peak in loss angle:
tan ö. The tensile properties of the epoxy interlayers were determined using tensile
tests at room temperature and a strain rate of 1o·3 s·,. An extensometer was used
to measure the strain. In the case of necking. the ultimate failure strain was
estimated trom the contraction of the yielded sample. By increasing the DGEPPO
content the glass transition temperature, Tg, reduced gradually trom 203°C to
finally -12°C (see Table 5.2). Additionally, the Young's modulus and the yield stress
of the epoxies decreased considerably. This implies that the epoxy systems could
be modified trom a completely rigid, high Tg glass into a flexible rubber with high
elongation. A large variatien is obtained in mechanica! properties of the interlayers.
The epoxy with a DGEBNDGEPPO ratio of 40/60 has its Tg close to room
temperature and, consequently, will show mechanica! properties that are strongly
strain rate dependent To determine its strain rate dependenee of the yield stress
quantitatively, tensile tests were performed at rates varying trom 1o·4 s· 1 to
2x1o·, s· 1 •

5.2.2 Composite manufacturing
Composites based on epoxy matrices were manufactured using a filament winding
technique. see Chapter 2 for more details. After impregnating the coated fibres, the
composites were cured in an open ended mould for 1 hour at 1oooc and 0.4 MPa
pressure. Postcuring was performed at 150°C tor 3 hours and 180°C tor 10 hours.
In this way unidirectional composites were made with a fibre volume fraction of
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50% and a thickness of approximately 1.5 mm. The laminates were cut with a
diamond cutting wheel into rectangular specimens with a width of 20 mm. In order
to reduce the effects of surface flaws, their edges were carefully polished.
Composites based on PPE-matrices were prepared from prepregs which were also
made by filament winding of carbon fibres (3k Tenax 5131 HTA, AKZO NOBEL),
using trichloroethylene as a co-solvent, in order to circumvent any influence of the
composition of the matrix (as a result of the varying DGEBNDGEPPO ratio) on
composite quality or fibre volume fraction. The concentratien in the salution was
20 wt% and the PPE/epoxy ratio 60/40, since using 40 wt% of epoxy resin resulted
in the desired continuous epoxy interlayers 1191. After drying the prepregs at ambient
conditions over 1 night, the rest of the trichloroethylene was removed under
vacuum conditions tor 2 hours at room temperature, 3 hours at 60°C and 1 hour at
120 oe. Subsequently, the prepregs were stacked into an open-ended mould and
cured in a hot-press. Depending on the DGEBNDGEPPO ratio, a maximum curing
pressure varying trom 1 MPa to 15 MPa was applied. The maximum curing
pressure was either determined by the maximum pressure of the press (15 MPa) or
by the pressure at which the fibres were squeezed out of the mould. All composites
were cured for 2 hours at 225°C and 4 hours at 200°C, yielding an unidirectional
composite laminate (2 x 120 x 200 mm) with a fibre volume fraction of 50%. From
these laminates, specimens were cut by using a diamond cutting wheel.

5.2.3 Testing
Transverse properties were determined by tensile tests and three point bending.
Only on PPE-based composites, tensile tests were performed on a Frank type
81565 tensile machine at a strain rate of 10'3 s-1 . The strain was measured by
using an extensometer (1 0 = 46 mm). Durnbbeli shaped specimens were used with
a geometry of 2 x 18 x 120 mm and a narrow test-seetion with a length and width
of 60 mm and 10 mm, respectively. Gardboard and grinding paper was used
between specimens and specimen grips to prevent slip and premature failure in the
grips. Three-point bending tests were performed on all composite systems
according to the ASTM 0790-81 standard at a strain-rate of 1o-3 s· 1 . For the
composites based on epoxy matrix, a span-to-depth ratio of 40 was used, with a
rectangular specimen geometry of 1.5 x 18 x 70 mm, while for the PPE-based
composites a span-to-depth ratio of 20 was used with a geometry of
2 x 18 x 50 mm 3 • Roller radii of the supports and loading nose were 1.5 mm and
2.0 mm, respectively.
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The fracture surfaces obtained from the transverse flexural tests have studied using
Scanning Electron Microscopy (SEM; Cambridge Stereo Scan 200) on samples
covered with a thin gold-palladium coating.
Since the possible obtained advantages for various interlayers on the transverse
properties might be at the expense of the longitudinal composite performance, the
longitudinal properties of the PPE-based laminates were studied additionally using
bending tests and tensile tests at a strain rate of 1o-3 s- 1 . Three-point bending tests
were conducted with a span-to-depth ratio of 20 on specimens with a geometry of
2 x 10 x 50 mm. Tensile tests were performed, using an extensometer
(1 0 = 50 mm), on rectangular specimens with a geometry of 2 x 10 x 120 mm.

5.3

Modelling

Numerical analyses were based on a two-dimensional generalized plane-strain
model of a cross-section of an unidirectional composite with the fibres positioned in
a hexagonal packing . By assuming a regular packing array, the model geometry
can be reduced to a repeating unit of a quarter fibre in a block of matrix
(Figure 5.1) fsJ.

5.3.1 Composites with a brittie matrix

Given the smal! strains expected for brittie matrices, geometrically linear analyses
were performed with linear elastic material behaviour. The influence of thermal
residual stresses is ignored. The coating is modelled using a fibre-matrix interlayer
model, by introducing a third constituent in the finite element analyses. The coating
thicknesses are varied in order to study their influence on the composite properties.
In Figure 5.1 some typical meshes are shown . For convenience, only two coating
materials were studied, namely the neat 02000 rubber and the swollen 02000
rubber.
Transverse loading is realized by applying an average transverse strain of
1a~ (0.01 %) in the 'vertical' direction. Transverse tensile moduli are calculated by
dividing the average transverse stress by the strain applied. Ta predict the
transverse strength, both the coating stresses and the matrix stresses are . studied
in detail. For the epoxy matrix, failure can be predicted using a Von Mises stress
criterion as was shown in Chapter 2 1271. The maximum Von Mises stress
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concentratien in the matrix was calculated by dividing the maximum local stress by
the average stress. Accordingly, by dividing the yield stress of the matrix by the
stress magnification factor, the transverse strength can be predicted in the case of
matrix dominated failure.

x
Figure 5.1

Meshes of composites with un coated fibre (a) and coated fibres with a thickness of
2.0% (b). 7.2% (c) and 16.5% (d) of the libre radius, respectively.

An appropriate failure criterion, necessary to predict a fracture initiated inside the
coating, is unknown. Therefore two criteria are considered. The first criterion is the
total equivalent strain, which is based on the assumption that failure occurs when
the rubber network has reached its ultimate strain 1261 . The secend is the hydrastatic
(mean) stress based on the expected cavitation of rubbers in high triaxial
loadings 129'301 .
For bath rubber systems the influence of the coating thickness on the strain
magnification and the mean stress concentratien is examined. lt is assumed that
reaching critica! values tor the stress and/or strain criterion in the coating, ar the
Van Mises stress in the matrix results in abrupt composite fracture. The transverse
strength as a tunetion of the coating thickness is predieled by dividing the critica!
coating- ar matrix stress (ar strain) by the stress (strain) magnification factors. The
transverse failure strain is calculated by dividing the predicted strength by the
calculated transverse modulus.

5.3.2 Composites with a ductile matrix
Matrix ductility is incorporated by using (non-linear) yield behaviour tor the matrix.
Therefore, creep analyses were performed describing the visco-elastic behaviour of
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the matrix by a modified Eyring equation with the equivalent strain rate éeq
depending on the equivalent (Von Mises) stress aeq given by

é eq =

[a

e0 exp( -llU)
AT sinh

V+ÖQ
eq RT

l

(5.1)

Here é 0 is a pre-exponential factor, llU is the activatien energy for the flow process,
R is the gas constant, T is the absolute temperature, V is the so-called shear
activatien volume, ä is the hydrastatic component of stress (mean stress) and Q is
the so-called pressure activatien volume. By eliminating the pressure and
temperature dependency, this equation has been simplified to describe the viscoelastic behaviour at room temperature TRr:

Va

sinh~

.

.

l

RTRT

eeq = er sinh[ Vay

,with

c=

RTRT

(5.2)

V

RTRT

where ar is the yield stress measured at a strain rate ér and C is a constant
depending on the shear activatien volume. The yield stress ar of the various epoxy
matrices and of PPE, determined at a strain rate of 10·3 s·1, are given in Table 5 .2
tagether with the values of C.
In the analyses, a fibre volume fraction of 50% is used. The matrix is based on
40 wt% epoxy resin and 60 wt% PPE, which results in volume fractions of the
matrix of 35.7% and 64.3%, respectively. This results in relatively thick interlayers
which accommodate 17.9% of the composita volume and possess a thickness
which is 16.5% of the fibre radius, see Figure 5.1 d. Linear elements were used for
the PPE-matrix and the epoxy interlayer with constant dilatation (volume
deformation) to avoid locking 1311 . In order to attain better compatibility, linear
elements were also used for the fibre. Considering the high strains that might
appear in the matrix, finite element analyses are performed in their geometrically
non-linear form using the high strain creep options available within the finite
element program MARC 1311. Loads have been applied with incremental strain steps.
To predict the transverse tensile strength, the matrix and interlayer deformation are
studied in detail by monitoring the maximum local equivalent creep strain and the
total equivalent strain as a tunetion of the applied macroscopie transverse strain.
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The predicted transverse stress-strain behaviour is obtained by platting the
calculated stress versus the applied strain. Composite fracture is assumed at the
initiatien of matrix or interlayer failure, when the ultimate strain of one of these
components is reached. The transverse strength and failure strain are determined
by the stress and strain at which this critica! local strain is observed.

5.4

Results and discussion

5.4.1

lnfluence of the interlayer on the transverse modulus

Figure 5.2 illustrates the influence of the interlayer thickness on the transverse
modulus. The results are combined for both the epoxy- and PPE-matrix based
composites with an epoxy interlayer with 80 wt.% OGEPPO (E = 4.1 MPa). The
experimental results of the measured transverse moduli can be directly compared,
since they are not affected by the possible viseaus behaviour of the various
matrices and since the moduli of epoxy and PPE are nearly identical. The data of
the composites with swollen 02000 rubber and 04000 rubber are incorporated in
Figure 5.2 by assuming a 100% and 307% increase in coating thickness,
respectively, as a result of swelling. As expected, the transverse modulus
decreasas with increasing interlayer thickness. Naturally, this effect is strenger
when the interlayer modulus is lower. Unexpected is, however, that the moduli of
the composites with 04000 rubber coating are somewhat higher than those with
the 02000 rubber coating. This is caused by the strenger absorption of the 04000
rubber. resulting in a higher modulus than that of the (swollen) 02000 rubber. With
thin coatings no significant decrease in modulus is found experimentally and,
moreover, a rather thick interlayer is required to obtain a relevant reduction in
flexural transverse modulus. In all cases, modelling results in a too low predicted
modulus and the effects of the interlayer are clearly overestimated.
With the rather thick interlayers ("'17%) in the PPE-based composites, an increase
in the transverse modulus is found with increasing interlayer modulus (Figure 5.3).
In the case of glassy interlayer, with a modulus in the order of a few GPa. the
composita modulus is hardly affected. Only if the interlayer modulus is significantly
reduced with some orders of magnitude (up to a few MPa) the transverse
composite modulus drops. As a result of shear deformation in bending tests lower
moduli are found than in tension. Again the models predict moduli that are
somewhat too low. This can be expected trom modelling based on hexagonal
packing arrays 1321 •
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The influence of the relative coating thickness on the transverse modulus, as
measured in three point bending for coatings based on 04000 [e) (-2.5 GPa) ,
02000 [0) (...:32 MPa) and on 80% OGEPPO [+) (4.1 MPa). Lines are predictions for
coatings with a modulus of 32 MPa [-

] and 4.0 MPa [---]. respectively.

5.4.2 Matrix deformation
In Figure 5.4 an illustration is given of how a reduced shear stiffness in the vicinity
of the fibre surface affects matrix deformation. The (nearly) plane strain situation (in
x and z-direction) usually occurring in standard composites results in tensile
stresses perpendicular to the load applied, see Figure 5.4a and also Chapter 21271 •
Reducing the shear stiffness at the fibre surface diminishes the constraints put on
the matrix deformation by the stiff fibres. Consequently, the stress situation inside
the matrix transfarms into an (almost) uniaxial plane stress situation with less
pronounced tensile stresses perpendicular to the load applied (Figure 5.4b) and
consequently, a lower hydrastatic (mean) stress results (Figure 5.5) . Finally, with
thicker coatings the stresses perpendicular to the lead applied are even
transformed into compressive stresses, as a result of the strongly constrained
contraction of the rubbery interlayers (Figure 5.4c).
Applying even rather thin coatings affects the stress situation already significantly,
see Figure 5.5. The reduced constraints put on the matrix stiffness reduces its
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Jllustration of the matrix deformation in composites with uncoated fibres (a) and with
coated fibres with a thin (b) and a thick coating (c), respectively.

stiffness and results, initially, in an increase of the maximum principal stress (avv)·
Further increasing in the coating thickness decreases the maximum principal stress
at the 'poles' of the fibres, which is in agreement with earlier calculations on
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transversely loaded composite with coated fibres 1211 . At the 'equator', on the other
hand, the principal stress increases with increasing coating thickness. That leads, if
a low modulus coating (4 MPa) is applied, to an optimum coating thickness. A
minimum in the stress concentrations is found when the stresses at both positions
(pole and equator) are equal 1211 . However, at that specific 'optimal' coating
thickness the Von Mises stress magnification is significantly higher compared to the
situation that no coating is applied. Thus a significantly reduced transverse stress
to initiate yielding results and this implies that in case of brittie matrices na
optimum thickness exists tor attaining maximum strength, since the strength always
decreases with increasing coating thickness.
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lnfluence of the coating thickness on the hydrastatic stress and Van Mises stress
concentrations in the matrix, as predieled for coatings with a modulus of 32 MPa
[ - ] and 4.0 MPa [- - - ], respectively.

5.4.3 lnterlayer deformation
The deformation of interlayers is illustrated in Figure 5.6. Since thin coatings can
be considered as thin films between two (relatively) rigid materials (fibres and
matrix), an extreme constrained deformation of these coatings results. Given their
nearly incompressible behaviour, elangation in the loading direction is hardly
possible and, consequently, in this direction also the rubbery coatings seem quite
stiff. Additionally, shear deformation of the matrix with respect to the fibre is hardly
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Figure 5.6

1 09

Deformation in composites with a thin (a) and a thick layer (b) illustrated by
originally radial straight lines in the interlayer.
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Strain magnifications in the coatings as a tunetion of their relative thickness, as
predieled tor coatings with a modulus of 32 MPa [ - ] and 4.0 MPa [-- - ].
respectively.

resisted, as a result of the low shear stiffness of the coatings. With thicker coatings
the contraction required for straining perpendicular to the coatings can be obtained
more easily. This results in considerable shear deformations inside the coatings,
both along the fibre-interlayer interface and the interlayer-matrix interface.
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The low stiffness of the rubbery interlayers results in considerable strain
magnifications, as can be seen in Figure 5.7. A lower modulus of the coating
results in higher strains. Especially in the very thin coatings the strain localizations
are extreme (> 100). With increasing thickness, the local strains reduce but remain
still quite large as a result of the shear deformation along the interfaces (compare
with Figure 5.6b). Considering the values calculated for the strain of the coating, it
quite likely that failure will be initiated inside the coatings. This even despite the
usually high elangation to break of rubbers.
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infiuence of the coating thickness on the hydrastatic stress and Von Mises stress
concentrations inside the coating, as predieled lor coatings with a modulus of
32 MPa [] and 4.0 MPa [-- -], respectively.

The constrained deformation of the coating results in high hydrastatic stresses, as
shown in Figure 5.8. A resulting mean stress of two times the transverse stress
applied, implies six times higher values than obtained in uniaxial tensile loading.
The physical cause of this typical triaxial loading situation is basically the result of
the low resistance of the rubbers to shear deformation. This results in low Van
Mises stresses. The tensile stress in the laad direction (ayy) . which is transferred
through the matrix to the fibres, is also present in the (rubber) coatings. In the
absence of significant deviatoric stresses, the loading situation must be triaxial with
tensile stresses in all directions, resulting in a mean stress almast equal to the
principal stress in the laad direction and, subsequently, the principal stress in the
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matrix. Considering the relatively high values of the hydrastatic stress, it can be
expected that transverse loading will result in cavitation of the rubber coatings.

5.4.4 lnfluence of the interlayer on the transverse strength of composites
with a brittie matrix
A rubbery coating on carbon fibres significantly reduces the transverse strength of
the composites, see Figure 5.9. With 04000 the strength abruptly drops once a
coating is applied. With 02000, on the other hand, the strength decreases
gradually, as was also found in previous investigations on similar composite
systems by McGarry et al. 1161. Although it is aften quoted that rubbery coatings
would result in an increase of the transverse strength (since coatings are expected
to reduce bath thermal stresses 114·331 and stress concentrations 1211) this is not in
agreement with the experimental findings. In the (academie) case of a single fibre
embedded in a polymer matrix, thermal stresses might lead to a reduction in the
strength 1141 , but in practical composites with their high tibre content, thermal
shrinkage of the matrix results in compressive stresses between the fibres and,
consequently, in a slightly increased strength 127 ·341 . In other words, in so far effects
of thermal stresses are concerned, flexible coatings also result in lower strengths.
The ditterences found between the two types of coating can be explained by the
different levels of adhesion. Studying the fracture surfaces of the braken samples,
revealed that in the composites with 04000 coatings revealed an interface
dominated failure mode was found , see Figure 5.1Oa. Si nee the stress
concentrations at the fibre-coating interface and coating-matrix interface are nearly
independent of the coating thickness (see also Figures 5.6 and 5.9), all composites
with 04000 coating revealed practically the same strength .
The composites with 02000 coatings showed a matrix dominated fracture, with the
fracture surface through the matrix, see Figure 5.1 Ob. In the previous chapters it
was found that, in the case of perfectly bonded fibres with matrix dominated failure,
the strength can be well predicted using a Von Mises criterion. Using this criterion
with a coating modulus of 32 MPa, the strength is reasonably predicted, see
Figure 5.9. Use of the modulus of the unswollen coating (4 MPa), clearly
overestimates the influence of the coating. Other failure criteria tor the matrix, such
as the hydrastatic stress or the principal stress criteria, do not result in good
predictions of the transverse strength in this case. The first yields an increase in
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strength with increasing coating thickness, whereas the second results in much too
low predicted values, see Figure 5.5.
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lnfluence of the coating thickness on the transverse strength, as measured in threepoint bending for coatings based on 04000 [e) (..2.5 GPa) and 02000 [0)
(-=32 MPa) and as predieled using a Von Mises stress criterion for the matrix for
coatings with a modulus of 32 MPa [ - ) and 4.0 MPa [-- -). respectively.

Evaluating the coating deformation, no suitable stress or strain criterion could be
found for satisfactory predictions for the experimentally obtained results for the
02000 rubber coated fibres, despite the fact that the soft coatings are expected to
be the weakest link of the chain of the three constituents: fibre, coating and matrix
that are placed in series in transverse loading. The equivalent strain criterion (which
is also a Von Mises criterion) yields an predicted strength that increases with the
interlayer thickness (see Figure 5.8), whereas, the hydrastatic stress criterion yields
predicted strength values that do not decrease strong enough (similar to the
principal stress criterion for the matrix, see Figure 5.9). Since failure cannot be
described by a failure criterion of the coating, is it expected that failure is initiated
inside the matrix at the coating-matrix interface. This hypothesis is supported by
the micrograph of Figure 5.1Ob.
In the case of brittie matrices with low failure strains (or plastic strains) a streng
decrease in strength is combined with a similar decrease in failure strain as shown
in Figure 5.11, since the transverse modulus is not significantly affected by the

Fibre-matrix interlayer

Figure 5.10

113

Micrographs of the fracture surfaces of composites with carbon fibres, coated with
D4000 rubber (a) and D2000 rubber (b), respectively.

coating ·(see Figure 5.2) . lntuitively, one could suggest that the application of a
rubber interlayer as a coating on carbon fibres would result in an enhanced
transverse failure strain, since the macroscopie transverse strain applied can be
absorbed via high strains in the thin, but flexible rubber, rasuiting in lower strains
inside .the brittie epoxy matrix. However, because the coatings applied have a
dramatic effect on the stress situation in the matrix, also the failure strain is
significantly reduced. Experimentally, even strenger reductions of the failure strain

114

Chapter 5

are found than expected based on calculations, because the
overestimates the effects of the coatings on the transverse modulus.

modelling
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lnfluence of lhe coating lhickness on lhe transverse failure strain, as in Figure 5.9.

5.4.5 lnfluence of the interlayer on the transverse strength of composites
with a ductile matrix
Plastic deformation of the matrix and interlayer
Transverse loading of the intrinsically tough PPE-based composites results in a
complete different matrix and interlayer deformation, as illustrated in Figure 5.12. In
the case of a highly cross-linked epoxy interlayer, with a yield stress significantly
higher than that of PPE, yielding initiatas in the PPE-matrix between the 'poles' of
the fibres (Figure 5.12b). An further increase in macroscopie transverse strain
causes a growth of this local plastically deformed area. Contraction of the yielded
PPE-matrix results in an increase of the Von Mises stress in the interlayer, which
eventually results in additional yielding of this interlayer even though the epoxy has
a higher yield stress (Figure 5.12c and 5.12d). Finally, in both the epoxy- and the
PPE-phases the plastically deformed areas expand, resulting in a localized (shear)
deformation inside two bands at the fibre-epoxy interface and the epoxy-PPE
interface, respectively. The increase in macroscopie strain is mainly the result of
the shear deformation within these bands, whereas the main part of the matrix and
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Plastic deformation in the PPE based composites, as determined with various epoxy
interphases, with 0 wt.% (a-d), 20% wt.% (e-h), 40 wt.% (i-1), 60 wt.% (m-p),
80 wt.% (q-u) and 100 wt.% (v-z) of DGEPPO, at transverse strains of 1.0%
(a,e,i,m,q,v) , 1.2% (b,f,j,n,r,w) , 1.6% (c,g,k,o,s,x) , 2.0% (d,h,l,p,t,y) and 2.4% (u,z).
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interlayer is restrained trom plastic deformation as a results of the presence of the
rigid fibres.
When the yield stress of the epoxy is reduced (by adding DGEPPO), yielding
initiates inside the interlayer at the fibre-epoxy interface (Figure 5.12e-f and 5.12i).
since the transverse stress required to initiate yielding in the interlayer is reduced .
This accordingly results also in lower stresses required to initiate yielding in the
PPE-matrix. Figure 5.12 illustrates that the transverse strain necessary to initiate
yielding is reduced as well (compare Figure 5.12a-b with Figures 5.12e-f, 5.12i and
5.12m). lncreasing the macroscopically applied transverse strain, yields a growth of
the plastically deformed area especially within the epoxy interlayer and less
deformation is found in the PPE-matrix (compare Figure 5.12d with Figures 5.12h,
5.121 and 5.12p). At the highest strain applied. a complete deformation band is
generated in the epoxy interlayers in which most of the plastic deformation takes
place. lt continues into and through the PPE-matrix. see Figures 5.12h and 5.121.
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Maximum equivalent strain in the PPE-matrix as a tunetion of the macroscopie
transverse strain applied. Parameter is the DGEPPO resin content in the interlayer.

When the epoxy interlayer becomes 'viscous', i.e. with its Tg close to room (= test)
temperature (with 60 wt.% DGEPPO), the deformation takes place through the
(whole) interlayer only. Since the (thick) interlayer forms 36 vol.% of the total matrix
volume, the amount of material that plastically deforms is quite high. As a result of
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the low interlayer modulus, stress concentrations occur in the PPE-matrix in the
vicinity of the 'equator' of the fibre, and also here plastic deformation starts to take
place (Figure 5.12p).
With the real rubbery interlayers (DGEPPO resin content 80 wt.% or 100 wt%)
deformation within the interlayers is only elastic. With the low moduli, plastic
deformation in the PPE-matrix occurs bath at the 'pole' as well as at the 'equator'.
Vielding initiates at low macroscopie stresses, due to the high stress
concentrations, but at relatively high transverse strains (see Figures 5.12u
and 5.12z).
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Maximum equivalent strain in the interlayer as a tunetion of the macroscopie
transverse strain applied. Parameter is the DGEPPO resin content in the interlayers.

Since the plastically deformed areas remain relatively small in all cases, even low
values of the macroscopie strain already yield local strains inside the composites
that are rather high. This is demonstrated in Figures 5.13 and 5.14, showing the
maxima observed in local strains inside the PPE-matrix and the epoxy interlayer,
respectively, as a tunetion of the macroscopie transverse strain applied. As was
shown in Chapter 4, changing the interlayers trom glassy to rubbery should
increase the efficiency of the matrix ductility. The flexibilized interlayers indeed
result in lower strain magnifications inside the matrix, see Figure 5.13. lt is
important to notice that even with the most rigid interlayer studied, the strain
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magnifications inside the matrix are lower than in the case when no interlayers
were applied, since the area where otherwise high plastic strains occur (at the
fibre-matrix interface) is replaced.
When the yield stress and modulus of the interlayer is reduced, the strain
magnifications inside the interlayer dramatically increase, as is shown in
Figure 5.14. Thus by applying flexible interlayers, the strain localizations inside the
composita are shifted from the matrix towards the interlayer.

Macroscopie stress-strain behaviour
The deformations just described result in the experimental and theoretica!
macroscopie stress-strain behaviour as shown in Figure 5.15. The combination of a
ductile matrix and a tlexibilized interlayer results in an increased failure strain and
macroscopie yielding. A reduction of the interlayer stiffness gives higher stress
concentrations in the matrix, which results, combined with a decrease in the
interlayer yield stress, into a streng reduction of the macroscopie transverse yield
stress. Consequently, the increase in failure strain obtained is combined with a
decrease in strength, see also Figure 5.16. A reasanabie good agreement is found
between the experiments and predictions. The effects of the rubber interlayers on
the transverse behaviour are only somewhat overestimated, resulting in predicted
stress-strain curves with a too low macroscopie yield stress.
lnfluence on the transverse strength
Figure 5.16 reveals that in the case of glassy interlayers (DGEPPO content
< 50 wt.%) the transverse strength remains nearly constant, since the yield stress
only decreasas gradually. However, when the Tg of the epoxy interlayer
approaches room temperature (DGEPPO content 2: 60 wt. %), the strength drops. A
relatively large ditterenee is found between the experimentally determined strengths
by using transverse tension and three-point bending tests, respectively. Usually a
three-point bending test results in higher strength values, since with these tests the
results are less affected by the presence of flaws and surface scratches. In this
case, however, the ditterenee is caused by the non-linear behaviour of the
composites, which results in an overestimation of the transverse strength by using
the linear-elastic beam theory, see also Chapter 4 1231.
For the predietien of the resulting strength and failure strain of the final composita,
the deformations of both the interlayer and matrix need to be considered. Whether
failure will initiate inside the interlayer or the PPE-matrix, depends on which
constituent will reach it's ultimata strain first. In all cases, this appeared to be in the
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Stress-strain curves of the composites, as determined experimentally by transverse
tension (a) and as predieled (b) . Parameter is the DGEPPO/DGEBA weight ratio of
the epoxy interlayer.
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lnfluence of the interlayer composition on the transverse strength, as measured in
transverse lension [0] and three point bending [e] and predieled using a maximum
equivalent strain criterion for the interlayer [ - ].

interlayer as a result of the high strain localizations at the fibre-interlayer interface
and the rather high failure strain of the PPE-matrix (When the interlayer reaches
the ultimata strain, the maximum strain in the PPE-matrix is still far below its critica!
value.). Consequently, in this case the transverse strength and failure strain are
directly governed by the properties of the interlayer. The predicted failure mode is
in agreement with the micrographs, as shown in Figure 5.17. The fracture surface
not only penetrates through the PPE-matrix (as is the case in matrix dominated
failure) but also through the epoxy interlayers. Modelling gives good predictions of
the transverse strength of composites with glassy interlayers. For the more flexible
interlayers the predicted strength values are toa low, see Figure 5.16.
lnfluence on the transverse faiture strain
Figure 5.18 shows how the transverse failure strain changes with flexibilization of
the interlayer. Bath tests, three point bending and transverse tension, revealed an
increase in failure strain, foliowed by a final drop tor the 100 wt.% DGEPPO
interlayer. This is probably not caused by fracture of one of the constituents,
reaching its failure criterion at a low macroscopie transverse strain, but by the
appearance of poor adhesion of the epoxy interlayer to the fibres as a result of the
low chemica! reactivity of the DGEPPO-resin, which changes the failure mode. This
is illustrated in Figure 5.19. The interlayer with a small content of the more reactive
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Micrographs of the fracture surfaces of composites with a PPE-matrix and epoxy
interlayer, with a DGEPPO resin content of 0 wt.% (a) and of 60 wt.% (b),
respectively.

resin DG EBA (20 wt. %) reveals goed ad hesion with matrix bonded to the fibre,
whereas the composites, which do not contain DGEBA, have interface dominated
failure with no epoxy or PPE adhering to the fibres.
Again a ditterenee is found between the results obtained trom three-point bending
and transverse tension. The strains that are measured with three point bending are
probably also overestimated because of the use of the linear elastic beam theory
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while streng non-linear behaviour is observed for the investigated composites (see
a lso Figure 5.15a) . For composites with glassy interlayers, a reasonable
quantitative agreement is found between the strains measured (by transverse
tension) and those predicted. For the more rubbery epoxies, a drop in failure strain
is predicted, as a result of the high strain magnifications in the interlayers combined
with their relatively low failure strain. Tests revealed an optimum in failure strain of
the interlayers for the 'viscous' epoxy system (with its Tg close to room
temperature) containing 60 wt.% DGEPPO. Probably the intrinsic elangation to
break (which is usually increasing with decreasing rubber modulus 1281) tor this
epoxy system constantly increases with higher DGEPPO contents, and those of the
rubbery epoxies are expected to be even higher than that of the epoxy with
60 wt.% DGEPPO. This results in the experimentally determined optimum of the
transverse failure strain with the epoxy interlayer containing 80 wt% DGEPPO. As
a result of the high sensitivity of the rubbers to flaws and surface scratches due to
their brittie nature, their expected failure strain was not measured by the tensile
tests. Using these low elongations to break, the transverse failure strain is
underestimated and an optimum is found at lower DGEPPO contents than was
experimentally found. lf the intrinsic failure strains were determined, a better
agreement can be expected.
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Micrographs of the fracture surfaces of composites with a PPE-matrix and rubbery
epoxy interlayers, with a DGEPPO resin content of 80 wt.% (a) and of 100 wt.% (b),
respectively.

Compared to the significant increase in failure strain of the interlayer (from 5% to
68%) the increase in transverse failure strain obtained is disappointingly small. By
flexibilizing the epoxy resin, the modulus and yield stress are lowered, which results
in a dramatic increase of the strain magnifications inside the interlayer. In other
words, the expected advantages of an increased interlayer ductility are reduced by
the counteracting decrease of the other machanical properties like the yield stress,
which results eventually into only a small increase in the macroscopie transverse
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failure strain. When the interlayer reaches its ultimata strain, the strain level in the
PPE-matrix is far from critica!. This implies that by increasing the failure strain of
the interlayer a significant increase in the transverse failure strain could be
possible. To realize this, special attention should be focused on optimizing the
properties of the interlayer in this respect that the increase of the failure strain
should be realized, while maintaining its modulus and yield stress in order to
reduce the counteracting streng strain localizations. This could be obtained by
reducing the cross-link density of the epoxy interlayers with a two-functional curing
agent, instead of using a flexibilizer, see Chapter 4.

5.4.6 lnfluence of the interlayer on the longitudinal properties
The interlayer nat only affects the stresses due to transverse loading conditions,
but also the matrix stresses at the ends of braken fibres in longitudinal loading 1161 .
With rubbery interlayers the stress transfer trom matrix to fibres is less effective,
which results in higher ineffective lengths (1 6 .351 . This results in a reduction of the
longitudinal tensile strength, as shown in Figure 5.20.
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bending [e].
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In bending the deformation is not only governed by the longitudinal stiffness of the
fibres, but also affected by the shear deformation within the interlayers and the
matrix. The reduction of the shear modulus and yield stress of the interlayer results
in less support of the fibres to prevent buckling in compressive loading. This
subsequently results in a reduction of the longitudinal compressive strength of the
composites. With flexible interlayers eventually a transition in failure mode occurs
from tensile failure (fibre fracture at the tensile side of the specimen) to
compressive failure (fibre buckling at the compressive side). Consequently, the
longitudinal flexural strength is even more reduced than the longitudinal tensile
strength by using flexible interlayers. Notably, to maintain the longitudinal strength
(and stiffness) it is preterred to utilize glassy interlayers with an acceptably high
modulus and yield stress.

5.5

Conclusion

The introduetion of a rubbery fibre coating in carbon-fibre-reinforced epoxy yields a
considerable reduction in transverse stress to failure. Due to the presence of the
coatings, the matrix deformation is less constraint. This results in considerably
lower hydrastatic stresses, but additionally also a significant increase of the Von
Mises stresses. Even in the optimum case, with no dabonding or coating failure,
the transverse strength is reduced with approximately 50% of the value without
interlayer, since the Von Mises stress concentrations inside the matrix are almast
doubled. This effect on the strength is already obtained with rather thin coatings of
less than 0.06 11m. Since these thin coatings do not significantly affect the flexural
transverse modulus, a similar reduction in the transverse failure strain results tor
composites based on brittie highly cross-linked epoxy matrices with low plastic
strains.
The reduced matrix eenstrains as caused by the flexible interlayer improves, on the
other hand, the efficiency of the matrices with high failure strains. The strain
magnifications inside the matrix are reduced during plastic deformation. This is,
however, combined with higher strain magnifications inside the much softer
interlayer itself, which can result in a change in failure mode from matrix fracture to
interlayer fracture. The increase of the failure strain obtained by flexibilizing the
interlayer, is combined with a strongly counteracting reduction of the modulus and
yield stress of the interlayer. Therefore, an increase of interlayer ductility, with both
the modulus and yield stress maintained, is preferred. This can be realized by
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reducing the cross-link density of the epoxy interlayers with for instanee a twofunctional curing agent, see Chapter 4.
By optimizing bath the interlayer and the matrix properties, a maximum transverse
strain can be obtained, if failure initiatien occurs in both constituents at the same
macroscopically applied strain. With the micromechanical modelling, as proposed in
this chapter, the transverse properties can be predicted for a wide variety of
composites with polymer interlayers. All combinations of interlayers and matrices
can be studied. This can lead to a specific selection of the various available
polymers to obtain an optimum transverse failure strain. A rather complicated
extensive experimental study, which is usually required tor such an optimization, is
no longer necessary. Using a appropriate glassy interlayer, the resulting increased
transverse failure strain can be combined with no additional drawbacks with respect
to the longitudinal properties.
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Epilogue and recommendations

6.1

Epilogue

Composite quality
When we started the experimental research, one of the most important parameters
affecting the transverse strength was found to be the composita quality. Since the
strength was significantly affected by the presence of voids, defects and surface
scratches or flaws, strength values in transverse tension or bending were only 30%
and 50% of the intrinsic strength, respectively. Therefore a procedure was adapted
to optimise composita manufacturing by filament winding, using glass-fibrereinforced epoxies first. They clearly revealed the presence of voids, by visual
inspection. Only after polishing the edges of the transparent composites the highest
transverse strength values were obtained . The effects of an inferior quality of the
sample manufacturing and preparatien technique are often underestimated and it is
quite relevant to control continuously the quality of the composite, because
otherwise the effects of the parameters studied are strongly obscured by artifacts.
Even with all precautions taken, tor epoxy matrices with low failure strains (<6%),
the transverse strength measured in tension usually remained 50 to 60% of the
'intrinsic' strength, as determined by three point bending. For epoxy matrices with a
high failure strain (>40%) , in transverse tension the composita yield stress could be
reached. However, only if dumbbell shaped specimens were used. When standard
rectangular specimens were used, premature failure occurred at the grips.
Adhesion
From the first modelling efforts (Chapters 2 and 3) it could be concluded that the
transverse deformation can broadly be divided into two distinct regions: (i) an
elastic region and (ii) a plastic region with viseaus deformation. For highly crosslinked epoxies with a low failure strain, which hardly show any plastic deformation,
the elastic region is the most important. In this elastic region the transverse
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strength and failure strain are mainly affected by two parameters only, the fibrematrix adhesion and the matrix yield stress. The influence of the fibre-matrix
adhesion could additionally be divided into three distinct cases: (i) na adhesion
leading to matrix dominated failure, (ii) intermediate adhesion with interface
dominated failure and (iii) good adhesion where again matrix dominated failure
occurs, but now with a completely different stress situation compared to case (i).
The transverse tensile modulus was experimentally found to be hardly affected by
the level of adhesion in all three cases. In case (i) the composite can be
considered as a matrix with holes and the transverse strength is proportional with
the matrix yield stress (and probably also strongly affected by the presence of
thermal residual stresses) . In case (ii) the deformation up to failure is equivalent
with case (iii) and the transverse strength and strain are proportional to the
interface strength. In case (iii) the interface strength is sufficiently high to reach
matrix fracture and the transverse strength and strain are again proportional to the
matrix yield stress. This proportional relationship will probably be limited. When the
yield stress is too high, the transverse strength will be determined by the rules of
fracture mechanics and fracture will initiate when sufficient elastic energy is present
to obtain crack propagation of the flaws and defects, which are likely to be present
in all composites.
Since the transverse strength and failure strain increase proportionally with the
interface strength and/or yield stress of the matrix, these parameters are most
relevant. However, when highly cross-linked epoxy matrices are used, in the
optima! case the transverse strength proved to be limited to approximately 60 MPa
or 120 MPa, tor transverse tension and three-point bending, respectively, while the
transverse strain was limited to 0.8% and 1.6%. Ta obtain a further increase in
transverse properties and especially failure strain, other (secondary) parameters
start to become important. Parameters that significantly affect the transverse
strength and failure strain are the fibre volume fraction, the matrix ductility and the
presence of an interlayer.

Fibre content
The fibre volume fraction has a significant effect on the transverse strength and
failure strain. In the case of matrix dominated fracture, the transverse strength
increases with increasing fibre fraction, whereas the failure strain decreases. The
fibre volume fraction is not an appropriate parameter to control the transverse
properties, since it also strongly affects the longitudinal properties. To achieve a
good stiffness and strength of composita structures in relation to their weight, a
minimum fibre volume fraction of approximately 50% is required. Both the
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experiments and the rnadelling reveal that in the case of matrix dominated fracture
the influence of volume fraction and stiffness of the fibre on the intrinsic
macroscopie composite strength is universa!. An increasing amount of stift
dispersed phase results in an increased strength, whereas an increased amount of
soft dispersed phase results in a decreased strength. By increasing the overall
stiffness of the dispersed phase (fibre tagether with interlayer) the strength is
increased. From the influence of the fibre stiffness on the overall failure strain such
a conclusion can not be drawn, since this depends on how much the strength is
changed in relation to the modulus and if the matrix ductility plays a role on the
final failure strain.

Ductile matrices
To obtain a further increase in transverse failure strain, the matric plastic strain
(ductility) becomes important. The failure strain of the matrix can either be
increased by reducing the cross-link density of the epoxies (Chapter 4) or by using
ductile thermoplastic polymers (Chapter 5). Using epoxy matrices with a good
adhesion and high failure strain (>40%) the composites exhibited a distinct yield
stress in transverse tension and finally failure strains of 2.8% could be reached.
However, as a result of extreme strain localizations occurring inside the composite
materials the macroscopie failure strain remained quite low when compared with
the failure strain of the pure matrix (ratio 1:24). Especially at the fibre-matrix
interface high strain magnifications are found in the case of rigid fibres, whereas
with a soft dispersed phase or rubber coated fibre a higher efficiency of the matrix
ductility is expected.
lnterlayer
By using a flexible rubber coating or interphase to increase the transverse failure
strain, it was shown that a reasonably high matrix ductility is required . As a result
of the soft coating, the transverse stress and strain necessary to initiate yielding is
.;-.
dramatically reduced, which results in brittie failure when highly cross-linked epoxy
matrices with a low failure strain are used. When, on the other hand, a matrix is
used with a rather high failure strain, fracture is nat matrix dominated, but
interphase dominated. By using a reactive epoxy flexibilizer the interphase is
changed from a rigid amorphous glass into a flexible rubber and the failure strain is
significantly increased. This results on one hand in lower transverse strengths,
since yielding takes place at lower macroscopie stresses, but on the other hand in
higher transverse failure strain.s The increase of the interphase failure strain is
combined with a strong reduction of the interphase modulus and yield stress, which
results in a significant increase of the strain magnifications in the interphase itself.
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These counteracting strain localizations result in only a minor increase in the
macroscopie transverse failure strain.
Overall it can be concluded that the dramatic localizations of the strain inside the
transversely loaded composites result into unwanted low macroscopie strains to
failure. Ta increase the transverse failure strain, one should focus on strategies that
lower the strain localizations and strain magnifications and combine these
strategies with materials that exhibit high elongations.

6.2

Recommendations

Adhesion
lt is experimentally found that the transverse strength increases proportional with
the fibre surface oxygen concentration . Consequently, the interface tensile strength
increases proportional with the fibre surface oxygen concentratien as well. lt is still
unknown how the atom concentrations affect the adhesion quantitatively and
therefore the assumed proportional relation was fitted to the experimental results. lf
this relation is universa!, then the adhesion would only depend on the fibre
characteristics, and the interface strength in composites based on other epoxy
systems can be predicted. However, it is unlikely that the relation between the
oxygen concentratien and the interface strength is independent of the methad of
fibre surface treatment and the relation between fibre surface chemistry and the

fibre-matrix adhesion needs to be investigated more extensively. For further studies
on the effects of surface treatment it is recommended to use transverse bending
tests for quantifying the interface strength, since these tests have found to give
better indications of the adhesion than many other test methods 11J.
The rnadelling indicated that reasonably tough composites can be manufactured
with fibres that show na adhesion. In structural applications usually some adhesion
is desired to obtain high longitudinal strengths and good fatigue resistance. Only if
adhesion is absolutely irrelevant it might be interesting to explore the above
findings by even further reducing the adhesion. To obtain na adhesion at all is,
however, nat always that simple, since fibre treatments with vacuum grease or
silicon oil proved to be nat effective enough. Complicated chemica! fibre surface
treatments are required that remave the active sites and make the fibres
completely inert. Especially from these inert fibres it is expected that increased
transverse failure strain and composite toughness results l2.3l.
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Ductile matrices
Transverse failure strains increased significantly with increasing matrix failure
strain. These high matrix failure strains can be obtained by using thermosetting
polymers with a low cross-link density or preferabie thermoplastic polymers of
which the failure strain can be even much higher 141 • By using thermosets, a low
processing viscosity can be maintained. Since a reduction of the cross-link density
results in sametimes undesired lower glass transition temperatures, Tg, it is
important to pay attention to the 'backbone' of the polymer netwerk. When the
netwerk is based on chains of bisphenoi-A epoxies the Tg will reduce to 105°C.
When using another backbone, such as for example based on poly(2,6-dimethylphenylene ether) (PPE), a high failure strain can be combined with a high Tg.
Ductile interphases
In this thesis the influence of the interphase was studied by reducing its Tg . This
eventually resulted in flexible rubber interphases. With rubber coatings or
interphases the efficiency of matrices with high failure strains was improved, but
strain localizations were shifted towards the coating ar interlayer. Therefore, an
increase of the failure strain of the interphase results in only a minor increase in
the transverse failure strain . By reducing the modulus and yield stress of the
interphase the strain magnifications in the interphase wiJl even further increase.
However, if the interphase ductility is increased without reducing the modulus ar
yield stress, the transverse failure strain is more directly increased. Therefore it
preterred to reduce the interphase cross-link density to obtain higher failure strains,
instead of reducing the Tg of the interphase by using flexibilizers . The optimal
interphase should passes a fairly high strain to break combined with a yield stress
higher than that of the matrix. Plastic deformation in bath matrix and interphase wiJl
result and thus relatively large amounts of energy dissipation and less severe
Jocalisations of the strain are activated.
Matrix and interphase dominated transverse properties
By increasing the matrix ar interphase ductility the transverse static properties can
significantly be improved. However, since most polymers are sensitive to long
loading conditions, it is important to investigate if such improvements are also
translated into its long term static (creep) and dynamic (fatigue) properties.
By using a Van Mises yield criterion, the transverse strength of composites based
on glassy amorphous polymers showing shear yielding can be predicted. Since this
yielding can be described by a modified Eyring equation, also the influence of the
strain rate, temperature and pressure on the transverse properties can be predicted
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[sJ. Since the creep properties of polymers are related to their visco-elastic
behaviour, also the predictions of transverse creep is possible !SJ.

In composite systems based on more than one polymer, it is quite difficult to
determine in which matrix material failure initiatien takes place by using Scanning
Electron Microscopy (SEM). Consequently, SEM cannot be used to verify the
failure mode as predicted by the modelling applied in this thesis. As an alternative
experimental method the determination of the strain-rate dependenee of the
transverse strength could be used to determine the composites activatien energy
and to compare this with those of its individual components.
lncreased toughness
In the modelling of visco-elastic matrices and interphases, not always a direct
relation was found between the maximum of the total equivalent strain and the
maximum of the total equivalent plastic (or creep) strain (integrated equivalent
plastic strain rate). Additionally, the maximum of both strains does not always
appear at the same position. To give more reliable predictions of the macroscopie
composite properties it is useful to determine experimentally which strain should be
used as a failure initiatien criterion. lf the total equivalent strain is an appropriate
criterion, it is interesting to focus on new material designs that combine high total
equivalent plastic (or creep) strains (energy dissipation) with low total equivalent
strains (failure). Th is wil i be an additional guideline next to that to obtain a large
volume with plastic deformation (less strain localizations and strain magnifications).
This can for example be obtained inside materials with a redistribution of the strain
during constant macroscopie deformation, which requires energy but does not have
to result in failure initiation. For more accurate developments towards increased
toughness of composite materials, it is necessary to develop (numerical)
procedures that can determine the total plastic deformation and energy dissipation
inside the models.
Overall composite properties
Composites based on stacked plies with low transverse failure strains shows first
ply failure in the Jayers that are transversely loaded 16 ·7 ·8 J. The cracks initiated can
have dramatic effects on the long term fatigue properties, resulting in shorter life
times. In this thesis several composite systems were studied with transverse failure
strains that were higher than the strain to break of the fibres. Using these systems
in cross-ply laminates results in a delay of the usually occurring transverse first ply
failure. In order to investigate whether this subsequently wiJl result in an overall
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delay of damage initiation and langer life times in fatigue loading, more experiments
are necessary.
The improved transverse failure strain is combined with a substantial increase in
plastic deformation, which additionally might results in improved overall composite
properties, such impact resistance and increased delamination energies. Since the
-usually poor- impact properties of composites materials significantly reduce their
applications 19·101 , it is important to investigate whether the impact resistance and
delamination energies increase similarly with increasing transverse failure strain or
toughness. lf a correlation is found, new strategies can be developed, based on
micromechanical modelling, in order to design guidelines tor further material
development.
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Samenvatting
De heterogeniteit in unidirectionele, vezelversterkte kunststoffen leidt tot lage
sterkten en rek-bij-breuk in transversale belastingsituaties, voornamelijk door de
spannings- en/of rek-concentraties in vezel, matrix en/of op het grensvlak tussen
vezel en matrix. De transversale eigenschappen worden bovendien beïnvloed (op
een niet-triviale manier) door factoren zoals de vezel-volumefractie, de
omgevingstemperatuur (via de thermische spanningen), de hechting, de
matrixeigenschappen en die van een mogelijk aanwezige tussenlaag tussen vezel
en matrix. Toepassingen van composieten worden voornamelijk beperkt door de
lage rek-bij-breuk. Teneinde de transversale rek te vergroten is met experimentele
en numerieke technieken systematisch onderzocht wat de afzonderlijke invloed van
bovenstaande factoren is. Om het inzicht in de experimentele resultaten te
vergroten, zijn systemen gekozen waarin de parameters afzonderlijk konden
worden gevarieerd en is de invloed op de micro-deformatie geanalyseerd via
micromechanische modellen (gebaseerd op de eindige elementen methoden).
Vezel-volumefractie
Gestart werd met experimenten aan een eenvoudig glasvezelversterkt epoxy
systeem. Een model van een hexagonale vezelstapeling gecombineerd met een
Von Mises bezwijkcriterium voor de matrix, resulteert in goede kwantitatieve
voorspellingen van de transversale sterkte. Experimenten op goed hechtende
glasvezel/epoxy composieten toonden aan dat met een toenemende vezelvolumefractie de transversale breukspanning (breuksterkte) toeneemt. De rek-bijbreuk neemt daarbij af. Uit de numerieke modellering blijkt dat met een
toenemende vezelfractie de spanningsconcentraties in de matrix aanzienlijk
toenemen, terwijl de Von Mises spanning daarentegen afneemt. Dit verklaart de
experimenteel gevonden resultaten.
Test-temperatuur
In bovenstaande experimenten werd tevens een toename in breukspanning en
breukrek gevonden bij afnemende temperatuur. Dit wordt voornamel ijk veroorzaakt
door de temperatuurafhankelijkheid van de vloeispanning van de matrix (die lineair
toeneemt bij afnemende temperatuur). Uit micromechanische analyses blijkt dat de
thermische krimp van de matrix leidt tot drukspanningen tussen de vezels,
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resulterend in een verhoging van de transversale treksterkte. Dit effect is echter
klein en vervaagt door het tegenwerkende effect van de temperatuurafhankelijkheid
van de plasticiteit van de matrix.
Hechting
De invloed van hechting tussen vezel en matrix is bestudeerd aan
koolstofvezelversterkte epoxy-composieten op basis van vezels die verschillende
niveaus van oppervlaktebehandeling hebben ondergaan. In de numerieke
modellering werd een interface element geïntroduceerd, zodat de bindingssterkte
tussen vezel en matrix gevarieerd kon worden. Uit zowel experimenten als
modellering blijkt dat hechting geen invloed heeft op de transversale modulus. Met
betrekking tot de invloed op de sterkte, zijn drie gebieden te onderscheiden. Bij
afwezigheid van hechting wordt een minimum sterkte voorspeld, gecombineerd met
een typisch breukgedrag van meervoudige "debonding". Door hoge
spanningsconcentraties is in dit geval de sterkte slechts een fractie van de
vloeispanning van de matrix (= 20%). Bij een matige hechting is breuk
gedomineerd door het grensvlak. De transversale breukspanning en rek-bij-breuk
nemen proportioneel toe met de bindingssterkte tussen vezel en matrix.
Uiteindelijk, met goede (of perfecte) hechting wordt matrix-breuk verkregen en is
een maximum in de transversale breuksterkte en rek-bij-breuk bereikt. Immers dan
wordt de sterkte bepaald door de vloeispanning van de matrix in plaats van de
bindingssterkte tussen vezel en matrix. Bij perfect hechtende vezels neemt de
transversale sterkte toe met toenemende vezelvolumefractie. In dat geval zijn dus
hogere hechtingsniveaus vereist om de maximum sterkte te bereiken. Is de
bindingssterkte onvoldoende, dan resulteert een toename in de vezelfractie in een
verandering van het breukproces van matrix- tot grensvlak- gedomineerd breuk.
Matrixducti/iteit
De invloed van de ductiliteit van de matrix (gekarakteriseerd door zijn rek-bij-breuk)
is onderzocht aan koolstof/epoxy composieten met epoxies met verschillende
netwerkdichtheden en dus verschillende rek-bij-breuk. Een epoxy met een breukrek
van 62% (in plaats van de standaard epoxy met 6% rek) leidt tot een verhoging
van de transversale rek-tot-breuk (zoals gemeten in uniaxiale trek en in drie-puntsbuiging) van 0.8% en 1.6% tot 2.8% en 4.5%, respectievelijk. Om deze relatief
kleine toename te verklaren werden numerieke simulaties uitgevoerd. Glas-,
rubbergecoate en rubbervezelversterkte composieten zijn geanalyseerd en
vergeleken met het meest extreme geval van een matrix voorzien van cylindrische
gaten. Uit deze analyses blijkt dat stijve vezels resulteren in extreme lokalisaties
van de rek. Dit reduceert de efficiëntie van de toepassing van duetiele matrices ter
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verkrijging van een verhoogde macroscopische transversale breukrek. Met
rubbervezel composieten of -meer extreem- geperforeerde matrices zijn de
lokalisaties in de rek minder ernstig , wat resulteert in hogere macroscopische
transversale rekken tot breuk.
In het geval van rubbergecoate
koolstofvezelversterkte composieten is de matrixdeformatie verwant aan die in
rubbervezel composieten. Hierbij werd een hogere efficiëntie van de matrixductiliteit
voorspeld dan bij koolstof- of glasvezelversterkte composieten.

Tussenlagen in brosse matrices
Het intrigerende geval van de aanwezigheid van een tussenfase (een niet te
verwaarlozen laag tussen vezel en matrix} op de transversale eigenschappen is
allereerst onderzocht aan een composietsysteem gebaseerd op een (standaard)
hoog geerosslinkte epoxy-matrix met een lage breukrek (6%}. Intuïtief zou men
kunnen verwachten dat het aanbrengen van een rubbercoating op de
koolstofvezels hier zou resulteren in een verhoogde rek-bij-breuk. Immers de
macroscopische rek kan worden opgenomen door de flexibele coating, daarbij de
matrix ontlastend. Uit de modellering blijkt echter dat de aanwezigheid van zo'n
coating een dramatisch effect heeft op de spanningssituatie in de matrix, waardoor
zowel de transversale sterkte als de rek-bij-breuk aanzienlijk afnemen. De
rubbercoatings leiden tot lagere hydrostatische spanningen, waarbij vervolgens de
Von Mises spanningsconcentraties sterk toenemen. Dit resulteert uiteindelijk in
lagere transversale spanningen die om vloei te initiëren, wat bij brosse (epoxy)
matrices direct leidt tot macroscopische breuk van het composiet.
Tussenlagen in duetiele matrices
Deze toch wat onverwachte resultaten hebben geleid tot uitbreiding van het
onderzoek naar de invloed van flexibele matrices, bijvoorbeeld gebaseerd op de
thermoplast poly(2,6-dimethyl-1 ,4-fBnyl ether) (PPE) met een hoge breukrek (89%),
gecombineerd met taaie (epoxy-rubber) tussenlagen. De tussenlagen werden
aangebracht via een reactie-geïnduceerde fasenscheiding van een reactief epoxyoplosmiddel op het (polaire) vezeloppervlak. Door de chemische samenstelling van
de epoxy te wijzigen kunnen de eigenschappen gevarieerd worden van een
compleet, stijf, amorf glas tot een flexibele rubber met een lage
glasovergangstemperatuur, modulus en vloeispanning maar met een hoge rek-bijbreuk. In composieten gebaseerd op matrices met zo'n hoge breukrek, wordt breuk
geïnitieerd in de tussenlaag. Daardoor zijn de macroscopische transversale sterkte
en rek-tot-breuk direct bepaald door de eigenschappen van deze tussenfase. Door
het flexibel maken daarvan wordt de breukrek aanzienlijk verhoogd en is een
toename van de transversale rek-tot-breuk verwacht. De sterke reductie van zowel

140

Samenvatting

de modulus als de vloeispanning van de tussenfase leidt echter tot aanzienlijke
lokalisaties van de rek in de tussenfase zelf. Deze tegenwerkende reklokalisaties
resulteren in slechts een kleine toename van de transversale breukrek. Daarom
kan worden geconcludeerd dat, om een relevante toename in de transversale rektot-breuk te verkrijgen, speciale aandacht besteed moet worden aan de
ontwikkeling van tussenlagen die een toename in breukrek combineren met een
behoud van modulus en vloeispanning. Dit kan bereikt worden door het
optimaliseren van de chemie van het reactieve oplosmiddel.

Longitudinale eigenschappen
Ook ten aanzien van de effecten van een grensvlak of tussenfase op de
longitudinale eigenschappen - zoals treksterkte, vermoeiingslevensduur en
compressiesterkte - verdient het de voorkeur vezels te gebruiken met goede
hechting aan de matrix via een tussenlaag met een hoge modulus (> 2 GPa) en
vloeispanning (> 50 MPa) . Als deze eigenschappen van de tussenlaag niet bereikt
worden zal de toename van de transversale breukrek te veel ten koste gaan van
de belangrijke longitudinale eigenschappen. Het is daarom beter de crosslinkdichtheid te verlagen dan de Tg te verlagen met flexibilizers. Immers dit leidt tot
een minder dramatische reductie van de modulus en vloeispanning. De toepassing
van taaie matrices of taaie tussenfasen met een redelijk hoge Tg lijkt daarom een
de meest belovende methode om composieten te ontwikkelen met algemeen
verbeterde mechanische eigenschappen.
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Stellingen
behorende bij het proefschrift

Deformation, Yield and Fracture of Unidirectional Composites
in Transverse Loading
door John de Kok

De combinatie van een Von Mises spanningscriterium voor vloei-initiatie en een
rekcriterium voor initiatie van breuk leidt in de micromechanische (eindige
elementen) modellering van composieten tot goede voorspellingen van de
transversale eigenschappen bij matrixgedomineerd bezwijken.
• Dit proefschrift, Hoofdstukken 2, 3, 4 en 5

2 Matrixmaterialen met een lage cross-linkdichtheid, en dus hoge breukrek, leiden
tot composieten

met duidelijk niet-lineair vloeigedrag onder transversale

trekbelasting. Dit resulteert ondanks de sterke neiging tot reklokalisaties ook
voor composieten uiteindelijk in een aanzienlijk verhoogde macroscopische
breukrek.
• Dit proefschrift, Hoofdstukken 4 en 5

3 De introductie van een derde structurele, flexibele component met lage sterkte,
zoals een rubbercoating op vezels, impliceert niet dat schade zal initiëren in
deze relatief zwakke component Het leidt wel tot een lagere sterkte van het
composiet.
• Dit proefschrift, Hoofdstuk 5

4 De fragmentatietest is een alternatieve methode voor het bepalen van de
vloeispanning van een matrix onder afschuiving.
* Rao, V. and LT. Drzal Polymer Composites 12 No 1 (1991) pp 48-56
* Andrews, M.C., Young, R.J. and Day, R.J. in: Developments in the Science and
Technology of Composite Materials, European Association lor Composite Materials,
Bordeaux, {1993) pp 133· 138

5 Door Bradley et al. werd geen relatie gevonden tussen de mode-l delaminatieenergie en de transversale eigenschappen van composieten, doordat zij geen
relevante variatie bereikten in die transversale eigenschappen.
• Jordan, W.M., Bradley, W.L. and Moulton R.J. Joumal of Composite Materials 23
(1 989) pp 923-943

• Venderbosch, R.W., de Kok, J.M.M., Meijer, H.E.H. and Lemstra, P.J. Polymer (1995),
in preparatien

6 Er bestaat geen directere meetmethode voor hechting dan de transversale
buigproef.
• Dit proefschrift, Hoofdstuk 2

7 Bij hoog-vernette polymeren schaalt de maximale versterkbaarheid U'"max) niet
met de wortel van het molecuulgewicht tussen cross-links (v'M 0 ), zoals bij
thermoplasten met lage entanglementdichtheid, maar wel met Me zelf.
* van der Sanden, M.C.M. Proefschrift Technische Universiteit Eindhoven, 1994
• Glad, M.D. and Kramer, E.J. Joumal of Materials Science 26 (1 991) pp 2273-2286

8 "Twist" (torsie) bij een surfvin leidt tot een gewenste reductie van het schijnbare
vinoppervlak bij hoge snelheden, terwijl "Fiex" (buiging) juist leidt tot een
ongewenste reductie bij hoge vinbelastingen.
9 Snelheidsbegrenzers beperken niet alleen de snelheid van vrachtverkeer.
10 Vervanging van (inerte) kunststoffen door biologisch afbreekbare polymeren kan
uiteindelijk leiden tot milieuproblemen analoog aan die van het Brabantse
mestoverschot.
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