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Chapter 1

Introduction

Despite many studies of local static and dynamic properties of polymers near or at solid sur-
faces the understanding of their properties in strongly confined thin films is an extensively
debated subject nowadays. It is established that the presence of supporting surfaces and/or
free interfaces may drastically change both the static and dynamic behavior of polymer chains
in polymer films. With development of powerful computers, a realistic computer simulation
approach that sheds light into the physico-chemical properties of polymers on the nanoscale is
certainly scientifically valuable, in particular if it is combined with experiments. The aim of the
present PhD research is to perform atomistic molecular-dynamics (MD) simulations of confined
atactic polystyrene (aPS, which is a classical example of a mechanically brittle polymer) films
on the nanoscale, in order to understand possible thickness dependence of the glass-transition
temperature, changes in macromechanical properties under shear deformation, and changes in
local structure and segmental dynamics under shear deformation.



2 Introduction

1.1 Polymers and their technological value

Polymer materials are indispensably and commonly used in different aspects of technological
applications.1,2 Can you imagine, for example, our daily life without using computers, phones,
cars, DVD-discs or even without a simple toothbrush, comb and cloth? Nowadays, polymers
are widely used in the manufacture of clothing,3 construction,4,5 automotive,6 paper-making,7

medicine,8–10 etc, and it is only small list of all their applications. So, what is a polymer and
what is so special about polymers that makes them very popular nowadays.

Usually a polymer is defined as a large organic macromolecule that consists of many re-
peating units – monomers, which are connected by covalent bonds and form a polymer chain.
These covalent bonds, most commonly, are formed between the carbon atoms. Because of the
presence of four available valency electrons in the carbon atom, it is possible to form a variety
of polymer chains of different structure and with different physical and chemical properties.
The latter can be also easily tuned by changing temperature, pressure, concentration, tacticity,
number of monomers etc.

By origin polymers are divided into natural polymers (e.g. rubber, proteins, DNA, RNA,
leather, cellulose, fur, silk) and synthetic polymers (e.g. polyethylene, polypropylene, polycar-
bonate, polystyrene). It is assumed that ancient Maya were the first who started to use the
natural polymers in very simple way – by playing a game with a ball made from rubber trees,
while the first polymers were synthesized only in the 19th century.

Polymers can be found both in a crystalline and an amorphous states. The main condition
for the crystallization of the polymer sample is the periodic structure of polymer segments in
sufficiently long chains. As the temperature increases the crystalline polymer undergoes an
abrupt volume change and the polymer sample transforms to the melt (liquid) state. The
temperature at which the sample experiences this transition is called melting temperature, Tm.
According to the thermodynamics, this effect is referred to as a first-order phase transition. The
change of the volume of the crystalline polymer is schematically illustrated in Figure 1.1. When
the temperature increases the volume of the crystalline polymer slightly increases, AB-line.
The slope of this line corresponds to the thermal expansion coefficient. At the melting point
the sharp increase of the volume occurs, BC-line. In the melt state, CD-line, the expansion
coefficient is larger as compared to the crystalline state.

In the real life the solid state polymers are never totally crystalline, but are either partly
amorphous (i.e. semi-crystalline) or totally amorphous. When an amorphous polymer is cooled
down, the volume changes in the same manner as for the crystalline polymer in the melt state,
DC-line, Figure 1.1. The amorphous polymers do not have melting point, and therefore there is
no jump of the volume at point C. Instead, there is a smooth transition from the melt state to
the rubbery state, where the volume slowly decreases with approximately the same expansion
coefficient as for the liquid phase, DE-line. Next a solid glassy state is entered, in which the
expansion coefficient, GF- or HE-lines (which differ because of different cooling rates, see later),
is almost the same as for the crystalline state. Since the glass-rubber transition is smooth, it is
important to define a temperature at which the amorphous system solidifies. This temperature
is called the glass-transition temperature, Tg , and is defined as point of the intersection of two
straight lines, points E and F in Figure 1.1. It is important to note that the glass-transition
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Figure 1.1: Schematic illustration of the formation of a glass via standard pressure-volume-
temperature measurements.11

temperature depends on the cooling rate. As the cooling rate increases, the value of the glass-
transition temperature shifts to higher values. In Figure 1.1 point E corresponds to the Tg

of the system cooled at higher rate as compared to the Tg value at point F. Because of the
irregular structure, the amorphous polymers cannot pack themselves into a regular structure
and “pockets” with free volume are created. Accordingly, the glassy state has a larger volume,
points G and H, as compared to the crystalline state, point A. Moreover, increase of the cooling
rate causes a shift of the volume of the glassy state to higher values, meaning that the size of
the free volume becomes larger.

The above approach, Figure 1.1, allows to define the Tg value and different phases by
means of volume measurements.11 Most commonly, the definition of these phases is given by
measuring the stiffness of the material, i.e. Young’s modulus E , or shear modulus G ,∗ which
drops down with the increase of the temperature above Tg , see Figure 1.2.12,13

In the glassy state the shear modulus is quite large, G ∼ 109 Pa. As the amorphous system
undergoes the glass-to-rubber transition, the value of the shear modulus rapidly decreases by
a factor of 104, and reaches the rubbery plateau, G ∼ 105 Pa (bold solid line, Figure 1.2).
The crystalline polymer does not have the glass-transition temperature and does not exhibit a
rubbery plateau; at the melting temperature the shear modulus rapidly decreases (bold dotted
line, Figure 1.2). Since the semi-crystalline polymers manifest both crystalline and amorphous
properties, their shear moduli will lay somewhere in between of these two behaviors (bold dashed
line, Figure 1.2).

Below the glass-transition temperature, in the glassy state, the polymer is hard, and as
the temperature increases above the Tg value, the system behaves as rubber-like. Therefore,
for the technological applications it is important to know the Tg value for different polymers.

∗The shear modulus is related to the Young’s modulus as G = E/2(1 + ν), where ν is the Poisson ratio.
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Figure 1.2: Schematic illustration of the shear modulus G as a function of temperature T .

Depending on the location of the glass-transition temperature as compared to the room tem-
perature, the amorphous polymers are divided into elastomers (e.g. rubber) and plastics (e.g.
polystyrene). Elastomers have the glass-transition temperature below the room temperature
(thin solid line, Figure 1.2), while plastics have the Tg above the room temperature (bold solid
line, Figure 1.2).

1.2 Glass transition and polymer relaxation processes

To a large extent, the polymer glass can be considered as an amorphous solid due to its
local ordering, disordered structure on the long scales and high shear modulus G ∼ 109 Pa.
Additionally we may say that the polymer glass is a liquid where the diffusive motion of the
polymer segments is slowed down, and it does not allow the polymer system to flow on the
experimental timescales. As the time increases, the polymer glass being in a non-equilibrium
state goes towards the equilibrium state through many relaxation processes.

Usually, two main relaxation processes are considered: α- and β-processes. In the polymer
glass the monomers are temporally trapped in local cages made by surrounding particles. The
motion of monomers within these cages is related to the β-process. After some time the
monomers start to escape from these cages and diffuse. Such process is ascribed to the α-
relaxation.

These two relaxation processes strongly depend on the temperature, Figure 1.3a. At high
temperature, the α- and β-processes are indistinguishable. In the liquid state the diffusion of
the polymer segments is high, and the β-process negligibly contributes to the relaxation of the
whole system. In the melt state the temperature dependence of the relaxation time can be



1.2 Glass transition and polymer relaxation processes 5

(a) (b)

Figure 1.3: (a) Schematic representation of the relaxation time as a function of the inverse tem-
perature. (b) P2(t) orientational correlation function (upper) and the mean squared
displacement (lower) of polymer segments at relatively low (solid line) and high (dashed
line) temperatures.

described by the Arrhenius law. In terms of the energy landscape, the polymer segments, in
order to change a position in space, have to overcome an energy barrier ∆E . The time needed
to do so is related to this energy as

τ = τ0 exp

(
∆E

kBT

)
; (1.1)

here τ−10 corresponds to the frequency of the motion in the vicinity of the equilibrium. Although
the Arrhenius law describes the relaxation processes at high temperature well, it does not work
when a polymer approaches the glassy state. As the temperature decreases, the energy barriers
become more pronounced, the motion of large polymer segments is slowed down and jumps
from one energy minimum to another become not very frequent, while small chain parts are
still able to move freely. Thus, the α- and β-processes start to diverge, and the temperature at
which it happens is called the dynamic glass transition, denoted as Td in Figure 1.3a. Below
this temperature, relaxation of the α-process manifests rather weak non-Arrhenius behavior,
and can be described by the mode-coupling theory as a critical power law14

τ = τ0
A

(T − Tc)γ
(1.2)

where τ0, A, Tc and γ are constants. This behavior can be also well described by the Vogel-
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Fulcher-Tammann law

τ = τ0 exp

(
B

kB(T − T0)

)
(1.3)

with τ0, B and T0 again constants. As the temperature approaches the Tg value from above,
the system becomes deeply supercooled, and the temperature dependence of the relaxation
time in this regime can be well described by the Ferry-Bässler phenomenological law

τ = τ0 exp

(
C

(kBT )2

)
(1.4)

In this regime the energy minima become deeper, which leads to the freezing of the α-process
at relatively short experimental time scales. The β-process, which involves the vibrational and
rotational motions of monomers on the local scales, is only partly frozen. Thus, the separation
between these two relaxation processes becomes further enhanced.

In experiments, the polymer relaxation can be studied with the help of different techniques
such as NMR,15 dynamic light scattering16 or dielectric spectroscopy.17 For example, in the
NMR technique, the relaxation is measured in terms of the orientational dynamics, i.e. by
monitoring the relaxation time T1 of the reorientation of the spin-vectors under the influence
of an external magnetic field. By measuring the relaxation time T1 one is able to calculate the
spectral density function J(ω) ∼ 1/T1, which is the Fourier transform of the function P2(t)18,19

J(ω) =
1

2

∫ +∞

−∞
P2(t)e−iωtdt (1.5)

Here the second-order Legendre polynomial P2(t) defines the decorrelation of the orientation
of the chosen vectors and can be calculated as

P2(t) =

〈
3

2

(
~b(t0) · ~b(t + t0)

)2
− 1

2

〉
(1.6)

where ~b is the vector that represents a chosen bond in a polymer monomer, and the angular
brackets 〈...〉 denote both time averaging over t0 and the averaging over all equivalent vectors
in the simulated system. At low temperatures, T < Td , the correlation function manifests the
two-step relaxation process, see Figure 1.3b (upper part), where the first rather fast decay to
the plateau corresponds to the β-relaxation, and the second decay towards full decorrelation
(observed on a long timescales) is ascribed to the α-process. As was mentioned above, separa-
tion between these two processes increases when the temperature decreases, which can be also
seen as a shift of the α-process to the longer times. Not only the temperature influences such
shift of the α-process. It also strongly depends on the time elapsed from the initial preparation
of the system to the beginning of the measurements, i.e. the relaxation processes depend on
the age of the system.

In terms of the orientational dynamics, the relaxation time is defined as a time after which
the chosen vector loses its original orientation. Due to the chain connectivity and heterogeneous
dynamics in glassy polymers (i.e. below Tg ), the relaxation of the P2(t) function cannot be
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fitted with a simple exponential function. Therefore, the Kohlraush-Williams-Watts (KWW)
stretched-exponential function

PKWW (t) = A exp

(
−
( t

τ

)β)
(1.7)

may be used to extract the relaxation times, where A is a pre-factor, τ is the characteristic
relaxation time, β is the stretching exponent that depends on the temperature, and decreases
with cooling.20

In computer simulations the dynamics can be also probed by tracking the particle trajectories,
which allows to calculate the mean squared displacement (MSD) defined as〈

~r 2(t)
〉

=
〈

[~r(t0 + t)−~r(t0)]2
〉

(1.8)

and schematically illustrated in Figure 1.3b (lower part). The brackets 〈...〉 denote the time
averaging over t0.

What can be typically observed from the mean squared displacement? Initially, at short
time-scales particles move ballistically (i.e. they do not collide with any other particles) with
the average velocity v =

√
3kBT/m. The traveled distance between collisions is proportional

to the time interval, 〈r 2(t)〉 = v 2t2, which leads to quadratic (slope=2) increase in the MSD,
see Figure 1.3b (lower part).

By colliding, particles change the direction of motion and will move until next collision. In
this sense the particles are trapped in local cages, which are made by surrounding particles.
The average traveled distance can serve as a pointer for the estimation of the average size of a
cage. Since the motion of particles is restricted by a cage, the average travelled distance should
remain almost constant for a while, which is manifested as a plateau in the MSD, see Figure
1.3b (lower part). After some time particles start to escape from the cage, i.e. the translational
diffusion of particles takes place. This regime is referred to the sub-diffusive regime (i.e. Rouse
diffusion), where the MSD is growing with time as 〈r 2(t)〉 ∼ t0.5. The sub-diffusive behavior
(slope 0.5 rather than 1) is due to the chain connectivity.

The relaxation of polymer segments within the cage is ascribed to the β-process, while the
out-of-cage escape is usually referred to the α-process. As was shown above, these two processes
strongly depend on the temperature. At temperatures close to Tg or lower, the plateau can be
clearly observed, meaning that particles are frozen-in. As the temperature increases the plateau
level increases and its width becomes smaller, meaning that the particles are more mobile and
go to the diffusive regime much faster, see Figure 1.3b (lower part).

1.3 Glass transition in thin polymer films

In the previous section it was shown that in the glassy polymer the local motion of monomers
can be characterized by motion within the cage (β-process) and diffusive motion out of the
cage (α-process). As the temperature decreases towards the glass transition the difference
between these two processes becomes enhanced. Since nowadays polymers are widely used in
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thin films in different technological applications as coatings, lubricants, optical devices etc., it
proves important to explore the influence of confinement on the these two processes, and on
the glass-transition temperature Tg .

It has become clear that the presence of supporting surfaces and/or free interfaces may
drastically change both the static and dynamic behavior of polymer chains in polymer films.
Additionally, it was also shown that the structural and dynamical properties in thin films differ
from the ones for the bulk. Therefore, there are still many and highly debated questions
regarding the glass transition in thin polymer films.

The first investigation of the glass transition in thin polymer films was done by Keddie
et al.21 who used ellipsometric measurements of Tg in polystyrene (PS) films supported by
a substrate. They found that the value of Tg deviates from that in bulk PS, and decreases
with decreasing the film thickness. Later, they showed22 that depending on polymer-substrate
interactions, the Tg value might decreases or increase with decreasing the film thickness.

Since that time, many other studies have been used to explore the influence of confinement
on the glass-transition temperature, and showed either decrease or increase of Tg with decreas-
ing the film thickness. Some of them also showed no Tg dependence on film thickness. Due to
the large number of these studies, and sometimes controversial results, the question whether
or not Tg depends on film thickness still remains open. In Chapter 3 we give an overview of
most important findings of these investigations.

1.4 Mechanical properties of glassy polymers

The use of polymers in different technological applications such as microelectronics,23 microsen-
sors,24 optics,25 or as coatings and lubricants26,27 demands the knowledge of their mechani-
cal properties. Most commonly, the mechanical properties are measured by monitoring the
stress-strain response of a glassy polymer during elongation, compression or shear deformation,
although torsion and bending deformations can be also used.

1.4.1 Stress-strain behavior

In Figure 1.4a a typical stress-strain behavior of a glassy polymer during constant-strain-rate
uniaxial tension is shown. During this experiment the stress-strain response of a glassy polymer
exhibits four distinct deformation regimes. The first regime is referred to as the linear viscoelastic
regime, during which the polymer film is subjected to a low strain, usually up to 2-3 %. In this
regime the material strongly resists deformation and the stress needed to deform the sample
increases linearly with the strain. After the linear elastic regime the non-linear deformation of
a sample takes place. In this case the stress does not change linearly with the strain, and the
polymer sample starts to deform plastically. Subsequently yielding takes place at yield stress,
σY . Sometimes it is difficult to define the exact stress at which plastic deformation begins,
and therefore, the yield stress is often taken as a stress needed to induce a specified amount
of permanent strain, typically 2 %. The construction used to find the yield stress is shown in
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(a)

(b)

Figure 1.4: (a) Schematic illustration of a typical stress-strain response of a glassy polymer deformed
in uniaxial tension. Here the shear modulus G is defined as a slope in a linear elastic
regime. (b) Complex shear modulus G ∗(ω) = G ′(ω) + iG ′′(ω) as a function of frequency
ω.
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Figure 1.4a, in which a line of slope G is drawn from the strain axis at 2 %. Then, the point of
intersection of this line with the stress-strain curve is the yield stress.

As the deformation strain increases by a few percent beyond the yield peak, the stress
subsequently drops. Such drop of the stress is referred to as strain softening. If the deformation
is continued polymer flow is observed, which smoothly transits to the last regime, which is
ascribed to the strain hardening. During this regime the polymer sample is deformed by more
than 20 % of strain, where the polymer chains become oriented which leads to the increase of
the stress. In this thesis we study the shear deformation where the strain hardening regime
is absent for all simulated shear rates. Therefore, in this work we mainly focus on the linear
viscoelastic and yield regimes.

The first mechanical property that can be extracted from the stress-strain behavior is Young’s
modulus, or in the case of the shear deformation – shear modulus G , which is usually measured
as a slope of the linear elastic region

G =
Stress

Strain
(1.9)

If the slope is steep, the shear modulus is high, which means that the sample highly resists
deformation. If the slope is gentle, then the sample can be easily deformed.

The shear modulus G can only serve as an indication of the structural changes in the
linear-elastic regime. However, it cannot adequately indicate the changes in the mechanical
response of a sample during the entire deformation. More information can be obtained from
the oscillatory-shear rheology technique, which is widely used to quantify both the elastic-like
and the viscous-like properties of a material at different time scales.

In a typical rheological experiment, the sample is placed between two plates. While a bottom
plate is fixed, the imposed a time-dependent shear strain γ(t) = γ0 sinωt is applied to a top
plate. Simultaneously, the time-dependent stress σ(t) = σ0 sin(ωt + δ) is measured. The time
of a one cycle, i.e. a frequency of oscillation ω, defines the time-scale of the experiment.

For an elastic solid, the strain and the stress are in phase, while for a viscous fluid, there is
a π/2 phase lag of strain with respect to stress. The polymer glass in its nature is amorphous,
meaning that it has both solid and fluid properties and therefore some phase lag, 0 < δ < π/2
still will occur, and the shear stress is σ(t) = σ0 sin(ωt + δ). At low strain amplitude the stress
response of a viscoelastic material can be rewritten as

σ(t) = γ0G ′(ω) sin(ωt) + γ0G ′′(ω) cos(ωt) (1.10)

where G ′(ω) is the storage and G ′′(ω) is the loss components of complex shear modulus, G ∗(ω),
which is equal to G ∗(ω) = G ′(ω) + iG ′′(ω), Figure 1.4b.28,29 The physical meaning of these
moduli is simple: G ′ defines the energy which is stored in the system upon applied deformation,
and G ′′ defines the energy which is dissipated during deformation.

1.4.2 Yield stress and Eyring theory

As was mentioned above, irreversible deformations of the polymer sample occur at the yield
point, Figure 1.4a. Experimentally13,30–35 and by means of the computer simulations36–38 it
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(a) (b)

Figure 1.5: (a) Schematic representation of a bias υσ of a potential energy with respect to the
energy barrier ∆H, where υ is an activation volume, σ is the applied stress, upon plastic
deformation in the Eyring flow theory.29 (b) Ratio of the yield stress to the temperature
σY /T as a function of the strain rate γ̇.

was found that the value of the yield point strongly depends on the temperature, hydrostatic
pressure, strain rate and aging time.

Many studies have been performed to understand the underlying mechanisms of plastic
deformation at the yield peak. The well-known and still widely used Eyring theory is usually
applied to describe the temperature and pressure dependencies of the yield stress on strain
rate.39 According to this theory, stress, having a similar effect as temperature, causes an increase
of mobility in the direction of the applied load. The main cause of a simple deformation is a
shift (υσ) of the potential energy barrier (∆H) upon applied stress, as schematically illustrated
in Figure 1.5a. Here υ is the activation volume and σ is the applied stress. This theory describes
the plastic deformations as jumps between these minima, and the rate of such jumps can be
written as

γ̇ = γ̇0 exp

(
−∆H

RT

)
sinh

( υσ
RT

)
(1.11)

where ∆H is the activation energy or energy barrier which has to be overpassed in order to ini-
tialize plastic deformations, υ is the activation volume, which is required for the rearrangements,
R = 8.314 J/(mol·K) is the universal gas constant, and γ̇0 is some pre-exponential factor in
the Eyring model.29,39 At high yield stresses sinh(x) ≈ exp(x)/2, and the above equation can
be simplified as

σY =
∆H

υ
+

RT

υ
ln

2γ̇

γ̇0
(1.12)

Although the Eyring model describes the decrease of the yield stress rather well for higher
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temperatures and for lower strain rates,40 Figure 1.5b, it does not take into account the effect
of the physical aging,41 which has also significant influence on the yield stress.35,37,42

1.4.3 Physical aging and mechanical rejuvenation of glassy polymer

In §1.1 it was mentioned that because of the irregular structure and fast cooling, the amorphous
polymers cannot pack themselves into a regular structure, and “pockets” with free volume are
created. As a result, the polymer glass is in a nonequilibrium state. Over time, the polymer glass
slowly drifts towards an equilibrium, causing physical aging, an effect that was first discussed
by Struik.41,43 Physical aging is not the same as chemical aging, where chemical modification
of valence bonds take place. During physical aging there is no chemical modification of bonds
and structure, and only reversible changes in physical properties take place.

It was shown that the mechanical response in polymer glasses is in a very close connection
with the segmental motion of polymer chains.44–46 Polymer glasses have a broad spectrum of
relaxation times,47 which is usually connected with polymer segmental mobility. The aging
effect strongly influences the segmental relaxation, by shifting the relaxation times to larger
values. In particular, it was shown that the relaxation times τ increase as the aging time t
increases as a power law τ ∼ tµ, with the aging exponent close to 0.88.48

The effect of the physical aging can be erased by heating the polymer glass above the glass-
transition temperature with the subsequent cooling down below Tg . In this case the polymer
glass is thermally rejuvenated. Struik suggested that mechanical deformation can also erase
the physical ageing.41 As a result of deformation, an additional free volume is created, that
causes the increase of the mobility of polymer segments. The increase of the mobility leads to
a corresponding shift of the relaxation times to the lower values. In this sense, the application
of the plastic deformation leads to the erasure of the aging history and is usually considered as
the mechanical rejuvenation effect. It should be noted that the rejuvenation effect is temporal,
and it disappears after some time due to aging.49 Moreover, experimentally it was shown that
dynamics can be accelerated by deforming a polymer glass at high deformation rates, whereas
moderate deformation rates “overage” the system, i.e. accelerate the aging of the system.50

1.5 Aim and outline of the thesis

This thesis presents the results of a molecular-dynamics study that is aimed to understand the
structural and dynamical properties of confined atactic polystyrene thin films on the nanoscale.
This investigation has been done in few ways. The thesis starts with the description of the
basic principles of the molecular-dynamics simulation and the polymer model used in simula-
tion, Chapter 2. In the same chapter, we give a detailed description of the preparation and
deformation of all simulated films.

It was shown that the presence of a supporting surface and a free interface may drastically
change both the static and dynamic behavior of polymer chains in polymer films. In particular,
it proves important to explore the influence of the confinement on the polymer glass-transition
temperature when the size of a polymer film decreases. Therefore, in Chapter 3, we perform
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molecular-dynamics simulations to understand the possible variation with the film thickness
of the average glass-transition temperature, as well as the variation of the glass-transition
temperature in different layers of simulated films.

The main goal of Chapter 4 is to perform constant-shear deformation of simulated atactic
polystyrene films. The idea of these simulations is to identify different deformation regimes,
such as: elastic regime, yielding, softening etc., and to study the effect of shear rate, pressure
and temperature on the stress-strain behavior of these films. During deformation, the work done
on the polymer films is somehow converted into a heat and into a change of the total internal
energy. How this energy is converted and where it is stored will be also shown in this chapter.
Additional to this, to gain insights into the local dynamics of polymer films upon constant-shear
deformation the non-affine displacement of polymer chains and the local segmental translational
dynamics is studied.

Experimentally it was shown that a polymer sample becomes rejuvenated after application
of cyclic shear deformations in the yield regime. Therefore, the main goal of Chapter 5 is
to apply cyclic shear deformations to simulated films and to make a qualitative comparison of
macroscopic mechanical properties between simulations and experiments. We show that despite
the difference in polymers and in the time-scales covered by the simulations and experiments,
to some extent, the simulated results are in a qualitative agreement with experiments.

The aim of Chapter 6 is to study the influence of the cyclic shear deformation on the local
film structure and local segmental dynamics in the simulated films. In this chapter the effect
of the mechanical rejuvenation and aging is also investigated in terms of the local segmental
dynamics.

The main results and conclusions that have been made from the research and an outlook are
given in Chapter 7. At the end of this thesis a summary, list of publications, acknowledgments
and curriculum vitae of the author are given.
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Chapter 2

Simulation methods, algorithms, and
polymer-film models

In this chapter we describe the basic principles of the molecular-dynamics simulation method.
This includes the polymer model and the force field that are chosen for the simulation of atactic
polystyrene. Both the equilibration of supported films and the preparation of capped films are
explained. Deformation procedure is discussed at the end of this chapter.
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2.1 Molecular-dynamics simulations: algorithms and ba-
sic principles

The time evolution of an atomistic or molecular system of many interacting particles can
be studied by means of molecular-dynamics (MD) computer simulations. The first computer
simulations were carried out for hard interacting spheres by Alder and Wainwright1,2 in the
1950’s. The first MD simulations of realistic systems, argon and water, were performed in
1964 and 1974 by Rahman3 and Stillinger,4 correspondingly. From that time this method has
successfully proved its effectiveness. Nowadays MD simulations are widely used to study liquids,
amorphous/metalic glasses, solids, and bio-materials.5–7 An excellent description of the main
principles of the MD simulations is found in the book of Allen and Tildesley.8

With the help of this method we are able to collect such information as coordinates and
velocities of particles and forces that act between them. Having this information it is possible
to calculate the internal energy of a system, the pressure, self-diffusion coefficient, viscosity and
other characteristics.8 In general, in order to set up any MD simulation three important steps
have to be made: to specify number of particles and prescribe initial positions and velocities
to them; to define potentials and forces (i.e. the force-field) that will act on each particle; to
solve, step-by-step, the classical equations of motion for all particles in the system. Sometimes
the choice of interaction potentials is not trivial and might vary depending on simulated system.
However, in most common simulations on polymers the total interaction potential Utot is written
in terms of bonded and non-bonded interactions between interacting particles:

Utot(~r1, ~r2, ..., ~rN) =
∑

Ustretching(~ra, ~rb) +
∑

Ubending(~ra, ~rb, ~rc)

+
∑

Utorsion(~ra, ~rb, ~rc , ~rd) +
∑

Uelectrostatic(~ra, ~rb)

+
∑

Uvdw(~ra, ~rb, ~rc , ~rd) (2.1)

where Ustretching (bond stretching), Ubending (bending between two bonds) and Utorsion (dihedral-
angle torsion) belong to the bonded interactions, while Uelectrostatic (electrostatic energy) and
Uvdw (van der Waals energy) belong to the non-bonded interactions. In each term the summa-
tion is made over all particles with corresponding coordinates (~ra, ~rb, ~rc , ~rd) involved in a given
interaction.

The classical Newtonian equations of motion can be written as

~Fi(t) = mi
d2~ri
dt2

= −mi
dUtot(~r)

d~ri
(2.2)

where ~Fi(t) is the force that is acting on the i th particle at time t; mi and ~ri are the mass and

position of a specific particle. In equation (2.2) it is also shown that the acting force ~Fi(t) can
be written in terms of the potential gradient dUtot(~r)/d~ri .

Due to a huge number of particles in a typical molecular system it is impossible to solve
analytically the equations of motion (2.2). However, this problem can be partly avoided by
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using different numerical methods, such as the Verlet algorithm, or its modification.8 In this
thesis we use the leap-frog algorithm which is a modification of the Verlet algorithm. In this
algorithm the positions of particles, ~ri , are calculated at time t + ∆t,

~ri(t + ∆t) = ~ri(t) + ~vi(t +
1

2
∆t)∆t (2.3)

using velocities, ~vi , which are calculated at time t + 1
2
∆t,

~vi(t +
1

2
∆t) = ~vi(t − 1

2
∆t) +

d2~ri
dt2

∆t. (2.4)

In this sense the velocities leap over the positions, then the positions leap over the velocities.
In the thesis the integration time step ∆t = 4 fs has been used. During this time step the
instantaneous velocities are calculated as

~vi(t) =
1

2

(
~vi(t +

1

2
∆t) + ~vi(t − 1

2
∆t)

)
. (2.5)

The knowledge of the positions and velocities at every time step is important because it allows
to calculate different physical quantities at the same time, such as the energy.

Strictly speaking, all physical properties which can be calculated using MD simulations are
derived by means of the statistical mechanics. That is why it is important to ensure that a
given simulation will be performed in a specific ensemble, either isothermal-isobaric (NPT ),
canonical (NVT ), microcanonical (NVE ), or grand canonical (µVT ).∗ In MD simulations
constant temperature and pressure can be controlled by introducing thermostats and barostats.
Among most commonly used thermostats there are the Berendsen,9 collisional10 and Nosé-
Hoover thermostats11 and among barostats are the Andersen,12 and Berendsen-barostat.9

The simulations have been performed in NVT and NPT ensembles. The maximal number
of particles (so-called united atoms) in a simulated system is N = 20512, which are arranged
into polymer chains, see §2.2. The temperature and pressure in simulated systems is controlled
with the help of the collisional thermostat10 and Berendsen barostat,9 correspondingly.

In the collisional thermostat10 a simulated system is placed inside a thermal bath that is
full of virtual particles of a mass m0 and has a fixed reference temperature T0. The velocities
of the virtual particles are randomly taken from the Maxwell-Boltzmann distribution with the
prescribed temperature. Every time step, which is randomly calculated from the Poisson distri-
bution, particles collide with the virtual-bath particles with collision frequency λcoll. The mass
of the virtual particles and the collision frequency usually are taken small enough, in order not
to change the trajectory of a particle too much, typically m0 = 0.1 Da and λcoll = 1 ps−1.

In the Berendsen barostat9 the simulated system is coupled to a pressure bath with fixed
reference pressure P0. The pressure change in the system is given as

dP

dt
=

P − P0

τP
(2.6)

∗Here N, V , T , P, E and µ are the number of particles, volume, temperature, pressure, energy and chemical
potential, correspondingly.
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Figure 2.1: Monomer units of the polystyrene model in the fully-atomistic representation (a) and
in the united-atom representation (b) with the naming convention of the atoms. Here
o=ortho, m=meta, p=para.

here τP is the time constant for the coupling. If the pressure is larger or smaller than P0,
all coordinates (~r) and the system size (L) are correspondingly rescaled, i.e. ~r(x , y , z) →
µ~r(x , y , z) and L(x , y , z)→ µL(x , y , z), with the scaling factor µ equal to

µ = 1− β∆t

τP
(P0 − P) (2.7)

where ∆t is the integration time step and β is the isothermal compressibility. For polystyrene,
which is studied in this thesis, the value of the compressibility at the glass-transition temperature
is β = 4.9× 10−5 bar−1.13 A typical value for the ratio τP/β is τP/β = 0.011 Pa s, which gives
the value of τP = 5.4 ps.

2.2 Models of atactic-polystyrene films

We have performed simulations for supported, free-standing, and capped atactic polystyrene
(aPS) thin films of different thickness. The atactic polystyrene polymer chain used in all these
films is modeled with the help of a united-atom representation.14 In this representation all
hydrogen atoms are not presented explicitly, but, instead, they are collapsed onto the carbon
atoms and the combined atoms are treated as effective particles, i.e. united atoms. The
motivation of using this model for aPS is that computations are much faster for the united-
atom model than for the all-atom model.15 In Figure 2.1 both all-atom and united-atom models
are presented. The monomer unit consists of two backbone (-CH-CH2-) atoms and the phenyl
ring (the aromatic side group attached to the backbone). Each simulated atactic polystyrene
chain consists of 80 monomers, and the stereochemic configurations of the aromatic groups
were generated at random so that the ratio of the number of meso to the number of racemic
dyads was near unity. Additionally, each aPS chain has been prepared with different tacticity.

To study a possible variation with film thickness of the average glass-transition temperature,
Chapter 3, we prepared supported aPS films of different thickness, Figure 2.2. Each simulated
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Figure 2.2: Typical snapshots of the supported thin atactic-polystyrene films of increasing thickness
(from 4 chains (left) to 32 chains (right), thickness about 1.5 nm, 2.5 nm, 5 nm, and
10 nm, respectively) at 540 K.

supported film consists of 4, 8, 16, 32 chains, with 80 (641 united atoms) monomers per chain
(molecular weight Mw = 8.6×103, below the entanglement molecular weight Me = 1.3×104),
and 2564, 5128, 10256, 20512 united atoms, respectively. The average gyration radius of these
chains is found to be about 2 nm.

The glass-transition temperature is also studied for free-standing aPS films. The simulation
of free-standing films has been made by Baljon et al.14 for films containing 8 and 32 chains (80
monomers) with the same molecular weight (Mw = 8.6× 103) as for the supported films.

To study the mechanical behavior of aPS films under shear deformation, Chapter 4, 5 and 6,
we have also prepared films capped by two identical substrates. The simulation of the capped
films have been done only for the film that contains 16 aPS chains. The model of the supporting
substrate will be discussed later in §2.3.2.

2.3 Force field for the simulated systems

2.3.1 Polymer-polymer interactions

In this paragraph we give a list with all interaction potentials which contribute to the total force
field Utot, see equation (2.1).

Most commonly, the interactions between a pair of neighboring neutral atoms that sit on
different chains or are separated by more than three covalent bonds, are described by the
Lennard-Jones (LJ) potential

ULJ,ij = εij

[(
σij
rij

)12

− 2

(
σij
rij

)6
]

(2.8)
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Table 2.1: The united-atom force field used for atactic
polystyrene.

Non-bonded interactions, equation (2.8)

ε, [kJ mol−1] σ, [Å] type of united-atoms

0.377 4.153 CH
0.502 4.321 CH2

0.502 4.153 C and x-CH

Bond stretching, equation (2.9)

kl , [kJ mol−1 Å−2] l0, [Å] type of bonds

669 1.53 CH2–CH
669 1.51 CH–C
669 1.40 C–x-CH
669 1.40 x-CH–x-CH

Bond angle, equation (2.10)

kθ, [kJ mol−1 rad−2] θ0, [◦] type of bonds

251 109.5 X–CH–X
264 109.5 X–CH2–X
293 120.0 X–C–X and X–x-CH–X

Proper torsion, equation (2.11)

kφ, [kJ mol−1] n type of bonds

-2.93 3 X–CH-CH2–X
-2.09 2 X–CH–C–X
27.2 2 X–C–x-CH–X
54.4 2 X–x-CH–x-CH–X

Improper torsion, equation (2.11)

kφ, [kJ mol−1] n type of bonds

20.9 2 X–C–X–X
′

20.9 3 X–CH–X–X
′
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where εij =
√
εiεj is the depth of the potential well and σij = (σi + σj)/2 gives an effective

diameter of particles i and j . At distance rij = σij the LJ potential has a minimum. The value
of the potential energy at this minimum is equal to −εij .

The stretching potential describes the interaction between two atoms i and j that have
shared valence electrons

Ustretching,ij = kl(rij − l0)2 (2.9)

here kl is the spring constant of a specific bond rij , and l0 is its equilibrium length.

The bending potential for all bond angles, including those in the phenyl rings is

Ubending,ijk = kθ(θijk − θ0)2 (2.10)

where θ0 is the equilibrium valence angle.

Finally, proper-torsion and improper-torsion potentials are used as

Utorsion,ijkl = kφ cos(nφijkl)
2 (2.11)

All parameters in equations (2.8-2.11) used in the present simulations are given in the Table
2.1. In this aPS model the Coulomb interactions that occur between electrical charges are not
taken into account.

2.3.2 Polymer-substrate interactions

In order to simulate supported aPS films, a completely smooth, structureless substrate is in-
troduced at z = 0 in the XY -plane of the simulation box. In simulating the structureless
substrates the interactions between substrate and polymer chains are described by the van der
Waals interactions between implicit atoms of the substrate and polymer segments, and have
the form of a truncated and shifted 9-3 Lennard-Jones potential

U1(z) =
1

2
ε

[(zmin

z

)9
− 3

(zmin

z

)3]
− U1(zcut) (2.12)

Here z denotes the distance from the monomer to the substrate and ε is the strength of the
attraction to the substrate. zmin = 0.3 nm is the distance at the minimum of the potential and
zcut = 0.9 nm is the cut-off distance. This potential is similar to that used by Müller et al.16

in simulations for a bead-spring model film, except that in their case the potential was not
truncated or shifted. For a bead-spring model the wetting transition occurs at ε = 0.4 kcal/mol
at 300 K,16 while in the present MD simulations the potential strength ε varies from 0.1 kcal/mol
(non wetting) to 3.0 kcal/mol (complete wetting of polymer segments). This potential mimics
the van der Waals interactions between the atoms of the substrate and polymer segments, and
can be obtained by integrating the 12-6 LJ potential over a half space.17

The simulation of aPS films capped by two identical substrates has been performed with the
help of the previously mentioned potential, equation (2.12), and with the help of an additional
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second potential U2 that reconstructs the structure of substrate and also mimics a crystalline
lattice of substrate atoms. The form of the second potential was originally introduced in18

U2 = Ae−αz
[

B cos2
(π

A
x
)

+ C cos2
(π

A
y
)

+ D cos2
(π

A
(x + y)

)]
(2.13)

In this equation α = 5 nm−1, A = 0.3 kcal/mol, B = C = 50, and C = 1; z denotes the
distance from the monomer to the substrate and x , y correspond to the lateral directions,
where periodicity is built in. This potential was truncated at zcut = 0.4 nm. The parameter
A = 0.5 nm corresponds to the lattice parameter and is comparable to the size of the single
phenyl ring. This choice of the lattice parameter allows us to have good physical junctions
between polymer monomers and the substrate, and to prevent a sliding of monomers under
applied shear deformation, which will be discussed in Chapters 4–6. If the lattice parameter is
smaller than 0.5 nm the polymer monomers move freely, and for example, can slide with respect
to the substrate when shear is applied along the X -axis.

2.4 Equilibration and preparation of polystyrene films

2.4.1 Supported films

At the beginning of the simulations all (i.e. 4, 8, 16, and 32) aPS chains for each film were
stretched along the Z -axis and were located inside a large simulation box (polymer “gas phase”)
of typically (20-40)3 nm3, to avoid possible close contacts of nonbonded atoms. The polymer
chains within the box were allowed to relax for a sufficiently long time (10-20 ns, depending
on the size of the modeled film), under a fixed external pressure (1-700 MPa). During this
relaxation the polymer chains have been compressed in the X and Y directions until the lateral
dimensions of the film were equal to 7 × 7 nm, and these dimensions have been fixed for all
films simulated in this thesis. Periodic boundary conditions are implemented only in the X and
Y directions.

Each film was equilibrated at an initial high temperature of 540 K in a high-mobility melt
state. The first half of the equilibration process has been performed with a purely repulsive
substrate, in order to avoid immediate adsorption of the chain ends to the substrate. In a later
stage the full 9-3 LJ potential, equation (2.12), has been used. For each film the last 5 ns
of the trajectory have been used to calculate the density profile and the film thickness at the
fixed initial temperature (540 K). The quality of the equilibration was controlled by measuring
various statistical properties, such as the individual-chain radius of gyration, the chain end-
to-end distance, and the characteristic ratio for different intermediate distances within each
aPS chain. In order to increase statistics the simulations have been done for four independent
samples for each film of the specific composition and specific strength of attraction to the
substrate.

The equilibration has also been checked by performing additional simulations for 16 inde-
pendent samples of the 8-chains aPS film with ε = 1.0 kcal/mol, equilibrated initially at 540 K.
These samples were further heated up to 600 K and an additional equilibration was performed



2.4 Equilibration and preparation of polystyrene films 25

for 10 ns at this temperature. For these samples we calculated the same statistical properties
that are listed above and found no difference in their conformational properties at two different
temperatures. For all supported films, depending on their size, the external pressure at 540 K
was adjusted in order to reach a density in the middle of the film as close as possible to the
experimental bulk density of ρ = 0.914 g/cm3.19 Finding the correct pressure for each separate
case proved computationally demanding. As a result the densities in the middle of the sim-
ulated films at 540 K approach the experimental bulk value with a deviation of at most 2 %.
The pressure correction was kept constant for each film at all simulated temperatures, implying
that any density deviation would probably be nearly constant across the temperature range;
however, the pressure correction was different for films of different thicknesses and different
strengths of adsorption.

After the equilibration was finished continuous cooling was performed with a constant
cooling velocity of υ = 0.01 K/ps down to room temperature, 300 K. Simulations of atactic
polystyrene made by Lyulin20 showed that such a cooling rate corresponds to computationally
well-aged united-atom polymer samples. During the cooling process the trajectories have been
saved every ∆T = 20 K for a further analysis. Moreover, for each intermediate temperature
1 ns MD production runs in the NPT ensemble have been performed as well.

2.4.2 Free-standing films

Free-standing films which contain 8 and 32 aPS chains have been prepared at an initial tem-
perature 540 K, in a similar way as was done for the supported films. The thickness of these
films is 3.5 nm and 11.2 nm, for 8- and 32-chain films, correspondingly. The free-standing films
have been cooled down to the temperature 210 K.

2.4.3 Capped films

In the previous paragraph the simulation procedure for the supported films (with one free
interface and one supporting interface) has been explained. In this section we provide details
about preparation of capped films (confined by two identical substrates), which will be used for
studying the mechanical response of the films under shear.

As the initial point of the simulation of the capped film we took the last configuration
(i.e. coordinates and velocities of all united-atoms) of a previously simulated, supported 16-
chain aPS film at low temperature, 300 K. The number of monomers per chain was the same
as before, and is equal to 80. This film was placed inside the simulation box, with the lateral
dimensions, (7×7) nm in the X and Y direction, as was used previously for the supported films.
In the Z direction two confining planes, at z = 0 nm (bottom substrate) and z = 7 nm (top
substrate), have been additionally placed inside the simulation box. Initially the top substrate
was placed far from the free surface of the polymer film in order to avoid immediate adsorption
between substrate and polymer chains.

After a short (about 500 ps) pre-equilibration the top substrate was moved down from
z = 7 nm to z = 5 nm with compressing velocity 1 × 10−4 nm/ps. During compression of the
aPS film we monitored the normal pressure. At the end of this compression, two films, at
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Figure 2.3: Typical snapshots of the supported (left), capped (center) and sheared (right) 16-chains
atactic-polystyrene films at temperature 300 K, and external normal pressure 52 MPa (for
the capped and sheared films). Substrates, schematically denoted by horizontal stripes,
are modeled with the help of two potentials, equations (2.12) and (2.13).

normal pressures 32 MPa and 52 MPa and temperature 300 K have been chosen, with total film
thickness of 5.4 nm and 5 nm, correspondingly. Additionally, the capped film at 52 MPa has
been heated up to 370 K with heating velocity 0.01 K/ps. Due to the confinement the pressure
inside the film increased drastically. In order to decrease the internal pressure back to 52 MPa
at 370 K the film thickness was increased by about 1 %. Finally we obtained three capped films:
two films at two normal pressures (32 MPa and 52 MPa) and one temperature (300 K); and
another film at pressure 52 MPa and temperature 370 K.

In Chapters 4, 5, and 6 we present simulation results on constant and cyclic shear defor-
mation of the capped aPS films. During simulations the stress tensor was calculated with the
help of the symmetric stress tensor ταβ using the virial expression

ταβ =

〈
− 1

V

N∑
i=1

(
pαi pβi

mi
+ rαi F β

i

)〉
(2.14)

here, α, β = x , y , z ; angular brackets 〈...〉 correspond to the ensemble averaging over all N
particles, with momentum pαi , mass mi , position rαi and total force F β

i acting on the particle i .
From this expression the external normal pressure was calculated as Pz = −τ zz . Constant and
cyclic shear deformation were applied horizontally in the X -direction to the upper substrate of
the capped film, in a plane perpendicular to Z -direction, and the shear stress was calculated as
τ xz = σxz = σ (henceforth we will drop the superscript xz). The shear deformation has been
done at different shear velocities, v = (0.05÷ 10)× 10−2 nm/ps and for different shear strains.
In this thesis the shear strain γ and shear rate γ̇ are defined as

γ =
∆x

H
(2.15)

γ̇ =
v

H
(2.16)

where ∆x is the displacement of the top substrate, H ' 5 nm is the film thickness, and v is
the shear velocity. For films of this thickness the shear rate is changed by more than two orders
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Figure 2.4: Schematic illustration of different stages of the deformation protocol.

of magnitude from γ̇ = 1× 108 s−1 to γ̇ = 200× 108 s−1.

2.5 Deformation protocols

In Figure 2.4 we schematically illustrate different stages of simulation of the capped atactic
polystyrene films. Initially, each film has been simulated for 100 ns in the absence of the shear
deformation, Stage 1. After that, 10 complete shear cycles have been performed in the linear
regime (up to γ = 2 % shear strain) at computationally low (γ̇ = 1 × 108 s−1) shear rate,
Stage 2. From this moment two independent deformation protocols have been implemented:
constant-strain rate and cyclic-shear deformations, Stage 3. After cyclic-shear deformation each
film again has been cyclicly sheared in the linear regime, Stage 4. Finally, the film has been
allowed to relax for 100 ns in the absence of the shear deformation, Stage 5, Figure 2.4

During constant-strain rate shear deformation each film has been sheared only in one direc-
tion with maximal value of the shear strain of γ = 50 %, at eight different shear strain rates,
γ̇ = (1, 2, 4, 10, 20, 40, 100, 200)× 108 s−1, in order to probe different characteristic regimes in
the stress-strain curves, i.e. the elastic regime, yield regime, softening etc.

During cyclic-shear deformation each film has been sheared in the non-linear regime (γ =
13 %), which is above of the yield peak, and at two shear rates, γ̇ = 1 × 108 s−1 and γ̇ =
200 × 108 s−1. For each film 10 complete shear cycles have been done. The total time of 10
shear cycles in the linear regime was equal to 8 ns. Shear deformation of films in the non-linear
regime at the computationally lowest shear rate, γ̇ = 1× 108 s−1, took 52 ns.

In Chapter 4 we will discuss mechanical properties of the capped aPS films upon constant-
strain rate shear deformation. Mechanical properties of the cyclicly sheared aPS films, i.e.
Stage 2, 3 and 4 simulations, will be discussed in Chapter 5. Finally, the local film structure
and local segmental dynamics in these films without load, i.e. Stage 1 and 5 simulations, will
be presented in Chapter 6.
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Chapter 3

Glass transition in atactic-polystyrene
supported and free-standing films

Molecular-dynamics simulations have been performed to explore the influence of confinement
on the glass-transition temperature (Tg ) for supported and free-standing atactic polystyrene
(aPS) thin films of different thickness (1-10 nm) and different strengths of attraction to the
substrate (0.1-3.0 kcal/mol). Based on the density measurements we define three different
(substrate, middle and surface) layers for each film. We found that the monomers close to the
surface and in the substrate layer are partially oriented, which leads to more effective monomer
packing. The measurement of the average density-based Tg for the supported films of different
thicknesses showed that for the whole film the Tg value remains almost constant for films
down to 2 nm thickness, where middle layer vanishes. In contrast to this the simulation of the
free-standing films showed that the Tg of a 3 nm thin film is about 60 K lower as compared to
the bulk. Calculation of the Tg in three different layers of the supported films demonstrate that
for the middle layer Tg does not depend on the total film thickness, while an increase up to
70 K is measured for the substrate layer depending on the strength of attraction to the actual
substrate. The surface layer remains liquid-like in the whole temperature range (300-540 K).
We claim that the redistribution of mass in the three film layers may explain the change with
film thickness of the average Tg , if the latter is determined from linear fits of the average glass
and melt densities.∗

∗The contents of this chapter are partly published in Macromolecules, 2011, 44, 2299-2310, c© 2011 by
American Chemical Society, and in Journal of Polymer Science: Part B: Polymer Physics, 2010, 48, 1160-1167,
c© 2010 Wiley Periodicals, Inc.
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3.1 Introduction

With development of new experimental methods and powerful computers, huge attention is
given to the physico-chemical properties of polymers on the nanoscale and under strong con-
finement, as in thin films. With decreasing sizes of polymer films, it proves important to explore
the influence of the confinement on the polymer glass-transition temperature Tg . In the lite-
rature it is shown that the presence of a supporting surface and a free interface may drastically
change both the static and dynamic behavior of polymer chains in these films. Over past decades
many experimental techniques, such as ellipsometry,1–9 Brillouin light scattering,6,7,10,11 X-ray
reflectivity,12–16 positron annihilation lifetime spectroscopy,17 neutron reflectivity,18,19 dielectric
spectroscopy20–25 and calorimetry,26,27 have been used to explore the influence of confinement
on the glass-transition temperature; however, the question whether or not Tg depends on film
thickness still remains open.

Using ellipsometry Keddie et al.8 have measured the temperature-dependent thickness of
a polystyrene (PS) film supported by a hydrogen-passivated silicon surface up to ∼ 10 nm.
They found that the value of Tg deviates from that in bulk PS, and decreases maximally
ca. 25 K. This effect does not strongly depend on the PS molecular weight (PS Mw values
were ranging in their study from 1.2 × 105 to 2.9 × 106, meaning that the PS samples are
well entangled), but rather on the thickness of a film: the thinner the film, the larger the
observed reduction of Tg . Lately Keddie reported9 that the reduction of Tg was also observed
for poly(methyl methacrylate) (PMMA) films supported by different substrates, with different
strengths of the polymer attraction to the substrate. As substrates either native oxide of silicon
(strong attraction) or Au (weak attraction) were used. It was found that for weak attraction to
the substrate the value of Tg for PMMA decreases by 10 K with the decrease of film thickness
from ∼ 400 nm down to ∼ 40 nm, while for strong attraction the Tg value slightly increases.
A similar conclusion has been made by Fryer28 using thermal analysis and ellipsometry for
PS and PMMA supported by polar (SiOx , strong attraction for PMMA) and nonpolar (SiOx -
hexamethyldisilizane (HMDS), weak attraction for PMMA) substrates. Note that for PS the
attraction to these two substrates is the same, and that no dependence of Tg on the nature of
the substrate has been found. For PS the Tg decreases by ∼ 25 K for both substrates but for
PMMA the Tg decreases by ∼ 10 K for the nonpolar substrate and increases by ∼ 7 K for the
polar substrate.

The reduction of Tg for ultrathin (6-489 nm) aPS films supported by an Al-deposited slide
glass was also observed by Fukao et al.,20 using dielectric measurements, with four different aPS
molecular weights, ranging from Mw = 3.6× 103 to Mw = 1.8× 106 (i.e. below and above the
entanglement molecular weight for aPS, Me = 1.3 × 104). These results are comparable with
the recent observations of Lupaşcu et al.,25 who studied PS with capacitive dilatometry (CD).
However, it is interesting to note that in the early publication of Lupaşcu24 the Tg value mea-
sured using the same method slightly increases with decreasing film thickness. This completely
different film-thickness behavior of Tg may be explained by some differences in experimental
conditions. For example, the differences in the annealing protocol, 12 h in both cases but at
different temperatures, 373 K and 393 K,24,25 can be important. However, no thickness depen-
dence of Tg was observed by Lupaşcu and others when ac-calorimetry (AC) was used instead.24
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No changes in the position of Tg have been detected either by Efremov et al.,26,27 or by Serghei
et al.,23 for supported PS and PMMA films down to ∼ 3 nm and ∼ 8 nm, using ultrasensi-
tive differential scanning calorimetry and dielectric spectroscopy together with ac-calorimetry,
respectively. More recently Tress et al.29 used different experimental techniques (broadband
dielectric spectroscopy, spectroscopic vis-ellipsometry, X-ray reflectometry, alternating current
calorimetry, and differential scanning calorimetry) to study the glass transition in nanometric
thin (≥ 5 nm) layers of polystyrene. They found no thickness dependence of the Tg for films
down to 20 nm thickness.

In addition to the extensive studies of supported films many experiments with free-standing
films of the same or comparable thickness have been made, which show an even larger reduction
of Tg . The first measurements of Tg values in free-standing PS films have been done by
Forrest et al. using Brillouin light scattering for films of 29-70 nm.10 It was found that the
glass-transition temperature decreases linearly with film thickness, maximally ca. 70 K for the
thinnest films as compared to the bulk.

We have already mentioned the possible effects of annealing on Tg reduction in thin
films.24,25 Kanaya et al.19 have performed neutron-reflectivity measurements on thin PS films
supported by a silicon substrate, to see the effect of annealing on the thickness and Tg of the
films. They considered two films that were annealed in vacuum both above and below Tg ,
with the same annealing time for both samples. The films were named strongly and weakly
annealed, respectively. It was shown that Tg decreases with decreasing film thickness and that
the value of Tg is almost independent of thermal history, i.e. whether it is strongly or weakly
annealed. Experiments about the influence of annealing time on Tg have also been performed
by Efremov for films from 400 nm down to 3 nm.27 The measurements of Tg were made for
series of samples with different thermal history, and no appreciable dependence of Tg on film
thickness was found.

So the available experimental data still can not produce a clear picture of the variation of Tg

in thin polymer films, neither can they suggest a physical mechanism for such a phenomenon.
The effects of the substrate, free interface and specific polymer-substrate interactions are very
difficult to separate in experimental practice and therefore their individual influences can not
be fully recognized either. Such a separation can, in principle, be carried out in a dynamic
computer simulation. The existing computer simulations for model polymers report significant
deviations of Tg from the bulk values if the macromolecules are spatially confined.30–35 However,
it should be noticed that the most common experimental techniques to measure the Tg of thin
polymer films are those that probe the thermal expansion of the sample (ellipsometry) or
those that study the slowing down of polymer segmental dynamics (dielectric spectroscopy, for
example) that is connected to the significant increase of the viscosity of the system. Both the
temperature dependence of the film thickness and the temperature dependence of the segmental
dynamics strongly depend on the cooling rate, which in experiment is orders of magnitude slower
than in any molecular-dynamics simulation. As a consequence, Tg is also strongly cooling-rate
dependent, and is in computer simulations always shifted to larger values. Baschnagel et al. have
used two temperatures to characterize the glass transition: the Vogel-Fulcher-Tammann (VFT)
temperature, T0, and the critical temperature Tc of the mode-coupling theory (MCT).32,36 The
simulated Tg is not equal to either of them but lays somewhere in between, T0 < Tg < Tc . A
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decrease of T0 and Tc for smaller film thicknesses has been observed in these simulations and
it has been suggested that hence the Tg value should decrease for stronger confinements.

Computer simulations of freely standing atactic-polypropylene films at a fixed temperature
well below their experimental Tg have been performed by Mansfield and Theodorou.37 Their
results suggest that the role of a free interface is to increase the segmental mobility there, and,
as a consequence, to reduce the average Tg value for the whole film. The free interface behaves
as a melt (i.e. it has a lower Tg ) in contrast to the frozen glassy middle (bulk-like) layer of the
film.

As mentioned before, the value of Tg also depends on the type of polymer-substrate interac-
tion. Due to the presence of specific interactions between a substrate and a polymer chain some
ordering of chain segments or monomers is induced near the substrate. An attempt to measure
this ordering has been made in experimental studies as well as computer simulations.37–42 Using
an oblique-polarized-ray method Grishchenko et al.41 have recently found that the segmental
orientational order parameter decreases with increasing distance from the polymer-air interface.
The observed ordering effects have not been connected to deviations of the film Tg value from
that of the bulk.

In the studies discussed above the glass-transition temperature of the polymer film has been
measured as an average property, meaning that the very different (both from the point of view
of monomer packing and dynamics) internal film regions, with different densities and segmental
mobilities (and, probably, different values of the corresponding local Tg ) are taken into account
in an average way. The explanation of the Tg deviation from the bulk value could be contained
in a two- or three-layer model,17,20 where the presence of two (in free-standing films) or three
(in supported films) kinds of internal layers are considered. According to this model a thin
polymer film on a substrate consists of a dead layer,17 which is in a contact with the substrate
(and which is of course absent in a free-standing film) and has almost no segmental mobility, a
bulklike layer which has the same mobility as a bulk polymer, and a surface layer, which has a
higher mobility. This difference in the mobility may lead to different values of Tg : the Tg for a
substrate layer, with almost immobile polymer segments, can be higher than the Tg value for
a bulklike middle layer while for a surface layer, with enhanced mobility, it can be lower.

The first experimental measurements of Tg in different layers of PS films were made by
Bliznyuk et al.43 (supported films) and Ellison and Torkelson44 (both free-standing and sup-
ported films), using scanning force microscopy and a fluorescence/multilayer method, respec-
tively. Bliznyuk et al. showed that for films down to∼ 25 nm and PS chains of Mn = 116 kg/mol
the glass-transition temperature in the surface region decreases by ∼ 33 K with decreasing film
thickness.43 Ellison and Torkelson have found that when the thicknesses of all three layers are
comparable (∼ 12 nm), Tg decreases by 14 K, 5 K and 4 K for surface, middle and substrate
layers respectively.44 These observations (a decrease of Tg values in all separate film layers)
obviously can not be used to explain a possible increase of the average value of Tg as, for
example, suggested by the three-layer model. Recently, Mukhopadnayay et al.45 reported that
structural changes in PS (e.g. density variations) occur for film thicknesses H ' 4Rg , with Rg

the radius of gyration. An increase in excluded volume that is connected with these changes
has been used to explain the reduction of Tg in PS films thinner than 4Rg .

Dynamic heterogeneity of supported thin polymer films was shown by Baljon et al.46 by
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means of molecular-dynamics simulations of bead-spring chains. It was observed that on average
immobile clusters more frequently occur near a strongly attracting surface. At temperatures
around the glass-transition temperature the clusters of immobile beads start to percolate in the
direction perpendicular to the substrate. However no quantitative study was made yet of the
average density or the precise value of Tg .

The main goal of the present chapter is to study the possible variation with film thickness
of the average Tg , as well as the variation of Tg in three different layers-substrate, middle and
surface. Also, additional effort has been made to investigate competition between these three
layers, mainly in terms of the redistribution of mass between substrate, surface and the middle
of films. As we show, such a mass redistribution influences the average Tg dependence on the
film thickness but in very subtle way.

3.2 Equilibration of atactic polystyrene films

In order to verify the quality of the equilibration of the simulated supported films (the details
of the simulated model are explained earlier in Chapter 2), the characteristic ratio:

CN =
〈R2(N)〉

Nl2b
(3.1)

has been calculated, where R2(N) is the squared distance between two segments separated by
N backbone bonds, and lb is the equilibrium length of the chemical bond in the aPS backbone,
lb = 0.153 nm.47

The simulation results for the characteristic ratio at room temperature in thin supported
films and in a bulk sample are shown in Figure 3.1. The results for the bulk simulations are
taken from the studies of Vorselaars.48

The values of C∞ have been calculated by fitting CN vs 1/N as suggested in49,50

CN = C∞

(
1− α√

N

)
(3.2)

Note that the long-chain limit (C∞) proves independent of the strength of attraction to the
substrate: C∞ = 8.2 ± 0.1 for a weak (ε = 0.1 kcal/mol), and C∞ = 8.1 ± 0.3 for a strong
(ε = 3.0 kcal/mol) attraction. These results are hardly influenced by the confinement effects:
for bulk aPS at 300 K Mulder et al. earlier produced the value of C∞ = 8.3± 0.1.51

For both weak and strong attractions the fitting parameter α in equation (3.2) is very close
to 1.5. Comparing with the parameter α obtained analytically in equation (16) of50 we note that
in50 the number of Kuhn segments was used instead of number of chemical bonds in equation
(3.2). To match the simulations with the notation of50 we recalculate the value of α in equation
(3.2) using Kuhn segments and introducing new prefactor α∗. The detailed derivation of the
new prefactor α∗ is given in Appendix A. We found that the analytically calculated value of α∗

is 0.48, while in the present simulations we have α∗ = 0.43. The small difference is probably
connected to the rather moderate chain length in the present simulations.
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(a) (b)

Figure 3.1: Characteristic ratio CN at 300 K as a function of the inverse of the number of backbone
bonds for aPS in (a) thin supported film with eight chains and different strengths of
attraction to the substrate, and (b) in a bulk polymer.48 The open symbols (squares
and circles) connected by lines correspond to the MD simulations results, and connected
crosses are fits with equation (3.2).

To check the equilibration we have also performed additional simulations of the 8-chains
aPS film for the wetting case (ε = 1.0 kcal/mol), equilibrated subsequently at two different
temperatures, 540 K and 600 K, as explained in §2.4. We found, as for the values of C∞, that
within statistical error the temperature dependencies of the melt density (not shown here) are
the same for both films; in the glassy region some deviation occurs.

3.3 Local ordering and monomer orientation

To measure the possible local ordering of monomers in the supported polymer films the seg-
mental orientation of chains has been calculated. To do so, we defined two vectors, ~uph, which
connects two united atoms, o-CH–CH-o, inside the phenyl side group, and ~ubb, directed along
the backbone (H2C–CH2), for all monomers in a film, as shown in Figure 3.2.

The order in the orientations of different segments is then expressed for each vector in terms
of the second-rank tensor:

〈Sα,β〉 =

〈
3

2
[Uα × Uβ]− 1

2
δα,β

〉
(3.3)

where α, β = x , y , z and Uα = {Ux , Uy , Uz} are the Cartesian coordinates of a unit vector
defined as
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Figure 3.2: The aPS monomer with the naming convention of the united atoms, shown together
with three vectors ~uph for the phenyl ring, ~ubb for the backbone orientation, and ~usd
for the side vectors that are chosen to measure the order parameter P2. Here o=ortho,
m=meta, p=para.

Uα =
~uα
|~uα|

∣∣∣∣
ph,bb,sd

(3.4)

In equation (3.3) the summation is made over all monomers and δα,β is the Kronecker delta.
Angular brackets 〈...〉 denote an average over all segments as well as a time average. Sα,β is a
real symmetric matrix and can be diagonalized to find the eigenvalues and eigenvectors.

The order parameter P2 was defined as the ensemble average of the largest eigenvalue
of the diagonalized order tensor S̃α,β. The average direction of alignment is defined by its
corresponding eigenvector. In Figure 3.3 the order parameter P2 for the backbone vector ~ubb(a)
and for the phenyl-ring vector ~uph (b) is calculated inside subsequent layers of 0.35 nm thickness.

We found that the order parameter of both the backbone and the phenyl vector is rather small,
P2 ∼ 0.1, except for thin regions close to the substrate and free interface.

Close to the substrate and free interface the order parameter of the backbone vectors, Figure
3.3a, is in the range of P2 ∼ 0.21−0.24 for both the non-wetting and strong-wetting substrates.
For the phenyl vectors close to the free interface we observe slight increase of P2 both for non-
wetting and strong-wetting substrates while close to the substrate highly oriented phenyl vectors
for the strong-wetting substrate are observed, Figure 3.3b. This region of enhanced ordering
spans about ∼ 1 nm. Analyzing the eigenvectors we found that at both sides the backbone
vectors (H2C–CH2, see Figure 3.2) are oriented in a plane parallel to the interface while the
phenyl-ring vectors (o-CH–CH-o, see Figure 3.2) are preferably oriented along the normal both
to the plane of the free surface and plane of the substrate. These results at least qualitatively
support the experimental findings of Grishchenko et al.,41 who found that the order parameter
decreases exponentially with the distance from the interface boundary. They also found that
the PS chain segments are oriented mainly parallel to the surface of a film, in agreement with
the present simulations.
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(a) (b)

Figure 3.3: Order parameter P2 for the aPS backbone vector ~ubb (a), and for the phenyl-ring vector
~uph (b), for a 16-chains film at 540 K and for different strengths of the attraction to the
substrate.

3.4 Density profiles

The density profiles at 540 K of the supported thin aPS films with different thicknesses and
different strengths of the attraction to the substrate are shown in Figure 3.4. The overall shape
of the density profile for supported films is qualitatively different from that for free-standing
films, see inset in Figure 3.4a, and quite similar to that observed in previous simulations for
model supported polymer films.31,52,53 For a free-standing film the density profile has an almost
symmetric shape, since the film has two identical free surfaces. For a supported film the density
profile has a non-symmetric shape, since one side of the film is confined by a substrate.

By considering the density profile for supported films, we are able to recognize three stratified
regions (see Figure 3.4b) with different density behavior. These layered regions are the region
near the polymer/substrate interface (substrate layer) with sharp density variations, the plateau
(middle layer) with almost constant density, and the polymer/vacuum interface (surface layer)
with a monotonically decreasing density.

The density profile for a 4-chains film is not depicted in Figure 3.4b and is the exception,
since this film is so thin that the middle layer does not exist. At rather high temperatures the
density in the middle of a film is almost constant (at 540 K its value has been fitted to the bulk
value) and does not depend on the strength of attraction to the substrate. As can be also seen
from the figure the substrate only weakly influences the thickness of a film. The difference in
film thickness for a weak (ε = 0.1 kcal/mol) and a strong (ε = 1.0, 3.0 kcal/mol) attraction to
the substrate is for all simulated films about 0.3 nm.

The density profile near the polymer/substrate interface is enlarged in the inset of Figure
3.4b. With increasing strength of attraction the density near the substrate increases and starts
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(a)

(b)

Figure 3.4: (a) Density profiles for the film of 16 chains with strong attraction to the substrate
at three different temperatures. The arrow indicates the direction of the temperature
decrease. Inset: density of a free-standing thin film with 32 polymers at different tem-
peratures as a function of the direction perpendicular to the film. (b) Density profiles
at 540 K for supported thin aPS films of 8, 16, and 32 chains with different strengths of
attraction to the substrate. The solid line corresponds to weak (ε = 0.1 kcal/mol) attrac-
tion while the dashed lines correspond to strong (ε = 1.0 kcal/mol and ε = 3.0 kcal/mol)
attraction to the substrate. Inset: zoomed (up to 1.2 nm) part of the density profiles,
given to clearly show the influence of the substrate on the density.



38 Glass transition in atactic-polystyrene supported and free-standing films

to fluctuate. For a strong attraction the shape of the density profile is almost identical for
all simulated films. We also checked the influence of the cut-off radius zcut of the attractive
substrate, by decreasing it to 0.45 nm and by increasing it to 1.8 nm. These changes do not no-
ticeably influence the density profile, meaning that the stratified pattern in a first approximation
does not depend on this cut-off distance zcut.

In Figure 3.4a it is also shown how the density profile (16-chains film, ε = 1.0 kcal/mol)
changes with decreasing temperature, from 540 K to 300 K. We observe that the thickness
of the film decreases, leading to a density increase both in the middle of the film and in the
substrate layer. In the middle of the film the density increases uniformly while close to the
substrate the density fluctuations are strongly enhanced. These fluctuations probably reflect
the ordering of the monomers and their more close packing near the wetted substrate.

3.5 Measurements of the glass-transition temperature

3.5.1 Definition of sublayers and Tg for supported films

To calculate the glass-transition temperatures in different film regions, we must define the three
different film layers quantitatively, see Figure 3.5. To start with we define in the density profile
two peaks in the middle layer (two vertical arrows in Figure 3.5). One peak is chosen as the
first maximum that appears after the monotonic increase of the density from the free interface
towards the middle of the film. The other peak is chosen as the first one that appears after
the cutting distance zcut from the substrate. In practice, there is only one maximum after that
distance, so it is the only reasonable choice. Then the average density (horizontal dashed line
in Figure 3.5) between these two peaks has been calculated. As mentioned before, the external
pressure was at 540 K adjusted to obtain this average density in the middle layer as close to the
PS bulk density as possible.

Points of intersection of the horizontal dashed line with the density profile near the peak
positions, zsb and zmd , are used to define the middle layer; the thickness of the polymer/substrate
interphase and the thickness of the middle layer follow as Hsb = zsb and Hmd = zmd − zsb,
respectively. To define the thickness Hsf of the free surface and the thickness of the whole
film (Hf = Hsb + Hmd + Hsf ) as well, we construct the Gibbs dividing surface (GDS) which
is depicted at zG = zsf , Figure 3.5 by a vertical dashed line; it has been defined such that
the areas of the colored regions in Figure 3.5 taken with different signs sum to zero. Then
Hsf = zsf − zmd . We also define Hmax as the maximal value of the z coordinate for the PS
united atoms in a film.

To derive Tg two numerical methods have been followed. First the thickness Hf of the
whole film has been measured during the cooling process, Figure 3.6a. Second, the temperature
variation of the average film density has been measured; the latter has been calculated in two
different ways, Figure 3.6b.

The first way is to calculate the average density (red line, Figure 3.6a) as the total mass
divided by the film volume V = LxLyLz with Lx = Ly = 7 nm, and Lz = Hmax . This quantity
is directly computed during the cooling process. The second way (squares, Figure 3.6b) is
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Figure 3.5: Density profile for a supported aPS film with 16 chains at 540 K and the definition of
three layers with different density behavior: substrate (sb), middle (md), and surface
(sf ).

similar except that the film thickness is taken using the GDS, so Lz = Hf . In both cases
the glass-transition temperature is measured by selecting two linear regions of the density
data corresponding to high and low temperatures, fitting them by straight lines and finding
the intersection point, Figure 3.6 (note that this eliminates any constant density deviation as
discussed above). We should also note here that the determination of Tg from the double-
tangent construction is subject to statistical errors, and the value of Tg could depend on the
length of the chosen interval. Nevertheless, our calculations show that the average values of the
glass-transition temperature calculated using data intervals of different length coincide within
error bars.

The average-density method with the thickness of a film calculated as the distance from the
substrate to the maximal value Hmax of the z coordinates, is not used for further analysis; in this
case we have not found any thickness dependence of Tg because of rather large fluctuations of
the results. The accuracy is decreased here in particular because much fluctuating empty space
is taken into account when calculating a film volume. The method based on the film density
defined with the help of the GDS gives essentially the same results as that based directly on
the film thickness Hf .

3.5.2 Calculation of Tg in free-standing films

For the free-standing films of two different thicknesses, 3.5 nm (8 chains) and 11.2 nm (32
chains), the glass-transition temperature for the middle part of a film has been calculated using
three approaches.

The first approach is the same as for the supported films: to calculate the average density
in the middle part of a film (i.e. between two peak values in the plateau regime) and to plot
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(a) (b)

Figure 3.6: Film thickness (a) and average film density (b) as a function of temperature for aPS film
with 16 chains in the case of the weak attraction (ε = 0.1 kcal/mol) to the substrate.
The circles represent the thickness Hf of the whole film using the GDS. The squares
represent the average density over the whole film, where the thickness of the film is
measured as the distance from the substrate to the GDS. The solid line represents the
average density over the whole film, where the thickness of a film is calculated as the
distance from the substrate to the maximal value Hmax of all z coordinates.

as a function of the temperature, see Figure 3.7a.

The second and third ways are based on the measurements of local orientational and trans-
lational dynamics. The local dynamics of united atoms in supported aPS films will be discussed
in more detail later in Chapter 6. Here we only present the main principles of calculation of the
glass-transition temperature.

The orientational mobility of the phenyl-bond vectors, Figure 3.2, is calculated with the
help of the second order Legendre polynomial P2(t) and calculated as

P2(t) =

〈
3

2
(~u(t0) · ~u(t + t0))2 − 1

2

〉
(3.5)

where ~u is the vector that represents a chosen bond in a polystyrene monomer. The relax-
ation time τ can be calculated by fitting P2(t) with a stretched-exponential function P2(t) =
Ae−(t/τ)

β
. Figure 3.7b presents the inverse relaxation time as a function of the inverse tem-

perature. At low temperature the data are fitted with the simple activated dependence of the
relaxation time,

τ = τ∞ exp

(
Uact

kBT

)
(3.6)
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(a) (b) (c)

Figure 3.7: (a) Density in the middle of the free-standing films of two different thicknesses as a
function of temperature. The point of intersection of two straight lines corresponds to
the glass transition temperature. (b) Orientational relaxation time of the phenyl bonds of
aPS as a function of inverse temperature. The Tg value is calculated as the point at which
the fits to the data cross at high and low temperatures. At low temperature data are
fitted with the simple activated dependence of the relaxation time, τ = τ∞eUact/kBT , and
at high temperature data are fitted with the Vogel-Fulcher law, τ = τ∞eUact/kB(T−T0).
(c) Mean squared displacement calculated in the subdiffusive regime plotted as a function
of temperature.

At high temperature data are fitted with the Vogel-Fulcher-Tammann law,

τ = τ∞ exp

(
Uact

kB(T − T0)

)
, (3.7)

and the glass-transition temperature is defined as a point at which two fits intersect.

The local translational dynamics is studied by calculating the mean squared displacement
of a particle 〈~r 2(t)〉, calculated as〈

~r 2(t)
〉

=
〈

[~r(t0 + t)−~r(t0)]2
〉

, (3.8)

where ~r(t0) is the radius vector of a chosen united atom in a polystyrene monomer at time
t0. Morita et al.54 have shown that the Tg value can be measured from the mean squared
displacement calculated over a short time interval, which is fixed for different temperatures, in
the subdiffusive regime, Figure 3.7c. From this figure, the Tg value can be calculated as the
point of intersection of fits at high and low temperatures.

3.6 Thermal expansion coefficients

Based on the simulated film density we have calculated the non-normalized slopes − (∂ρ/∂T )
(Table 3.1) and the thermal expansion coefficients
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Table 3.1: The slopes −(dρ/dT )melt,glass for simulated thin aPS films, and for their
middle and substrate layers. a

nonwetting wetting

×10−4[g cm−3 K−1] (dρ/dT )melt (dρ/dT )glass (dρ/dT )melt (dρ/dT )glass

whole film 4.7± 0.2 2.3± 0.2 4.5± 0.3 2.1± 0.2
middle 4.8± 0.3 2.5± 0.4 4.8± 0.6 2.4± 0.4
substrate 5.4± 0.8 1.9± 0.5 4.3± 0.7 1.7± 0.2
a

Data are averaged over films with 8, 16, 32 chains; in the wetting case data are also
averaged over substrate attraction strengths ε = 1 and 3 kcal/mol.

α = −1

ρ

(
∂ρ

∂T

)
(3.9)

(Table 3.2) for supported films of different thicknesses and for different layers within the film;
here ρ is the density of a whole film or corresponding layer. Note that the thermal expansion
coefficients depend on the chosen temperature or density while the slopes are assumed piecewise
constant for glass and melt. Obviously, the simulated slopes are higher for the melt states as
compared to the glassy states, Table 3.1.

Table 3.2: The expansion coefficients α and glass-transition points (Tg ,ρg )
for simulated aPS films and for bulk aPS. a

whole film bulk

nonwetting wetting expb simulc

αmelt
d 10−4 [K−1] 5.3± 0.3 4.8± 0.4 6.8± 0.1 5.7± 0.1

αglass
d 10−4 [K−1] 2.4± 0.2 3.0± 0.2 2.2± 0.2 2.3± 0.1

Tg [K] 393± 30 384± 22 363± 2 380± 10
ρg [g cm−3] 0.95 1.00 1.02 1.00

a

Data are averaged over films with 8, 16, 32 chains; in the wetting case data
are also averaged over substrate attraction strengths ε = 1 and 3 kcal/mol.

b Data are calculated from.55
c Data are calculated from.56
d The thermal expansion coefficients in the melt and glassy states are calculated

at 540 K and 300 K respectively.

We found that for all simulated films the thermal expansion coefficients in the melt and in
the glassy state practically do not show a trend with film thickness. Therefore, in Table 3.2,
we present the values for the expansion coefficients averaged over all film thicknesses.
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The bulk thermal expansion coefficients in Table 3.2 are taken from the PVT measurements
for atactic PS with Mw = 9 × 103 at atmospheric pressure,55 and from earlier simulations by
Lyulin et al.56

We can compare our results on α with some literature data. Based on the data from14

Forrest et al.11 observed that the thermal expansivity of PS in the glassy state is indeed the
same for all film thicknesses while for the liquid (melt) state the thermal expansivity decreases
with decreasing film thickness. Our simulated average value of the thermal expansivity for a
PS film in the melt is smaller than the corresponding bulk value from experiment and is within
error bars comparable with the bulk value from simulations (see Table 3.2). The expansion
coefficients for the simulated films are also comparable with the experimental values for PS
films of ∼ 9 nm, αmelt = 5.1× 10−4 K−1,14 and of ∼ 300 nm, αmelt = 5.9× 10−4 K−1.56

3.7 Thickness dependence of the glass-transition tempe-
rature

3.7.1 Supported films

Figure 3.8a depicts the thickness dependence of the glass-transition temperature for the middle
layer for different strengths of attraction to the substrate, as derived from the simulated average
density.

The glass-transition temperature in this layer practically does not depend on the thickness
of the total film. It also depends only weakly on the strength of attraction. Its average value
(for different films, and different degrees of attraction), Tmd

g = 407 ± 8 K, is shown in Figure
3.8a by the dashed line. This temperature can serve as an indication of the glass-transition
temperature in bulk aPS. Figure 3.8b shows the thickness dependence of Tg for the whole film
using the simulated average density. In this case, some decrease of Tg with decreasing film
thickness is observed, but only for very thin films, Hf ≤ 2 nm. We note that this is in the
range of the average radius of gyration (Rg ∼ 2.0 nm), at least qualitatively in line with the
observation in45 that Tg should change at a film thickness of the order 4Rg .

We fitted the simulation data in Figure 3.8b by the empirical formula:9

Tg (Hf ) = T bulk
g

[
1−

(
A

Hf

)δ]
(3.10)

where T bulk
g is taken equal to Tg in the middle layer and Hf is the film thickness. For all data

points the fit result A = 0.26 nm for the characteristic length is quite different from the value
obtained by Keddie8 from ellipsometry experiments (A = 3.2± 0.6 nm), but is rather close to
that from dielectric studies by Fukao20 (A = 0.39 ± 0.10 nm); the fitted exponent δ = 1.5
is in between compared to those studies (δ = 1.8 ± 0.2 and δ = 0.96 ± 0.08, respectively).
Lattice MC simulation results for a model PS give A = 6.2 nm and δ = 1.71.49 The fit results
A = 0.06 nm and δ = 0.9 ± 0.3 for the wetting (ε = 3.0 kcal/mol) substrate will be used in
section 3.8 for the further analysis.
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(a) (b)

Figure 3.8: Thickness dependence of the glass-transition temperature (Tg ) of the middle layer (a)
and of the whole film (b) for the case of weak (ε = 0.1 kcal/mol) and strong (ε =
1.0, 3.0 kcal/mol) attraction to the substrate. The dashed lines represent the average Tg

value for the middle layer. The solid and dotted lines denote the best fit of all data points
and of the data for strong (ε = 3.0 kcal/mol) attraction to the substrate respectively,
using equation (3.10).

While the glass-transition temperature of the middle layer only weakly depends on the
strength of attraction to the substrate, Tg for the whole film fluctuates considerably with ε;
however, no regular trend with the strength of attraction is observed.

Obviously, the overall decrease of the glass-transition temperature with the film thickness
for the whole film can not be explained by the thickness dependence of the Tg values of the
middle layer. Therefore, we have tried to study the thickness dependencies of the Tg values in
the substrate and surface layers.

For the majority of the simulated films the Tg values of the substrate layer increase above
the bulk value (by ∼ 20 − 50 K, depending on the strength of attraction to the substrate),
Figure 3.9. For the thicker (Hf ∼ 10 nm) simulated film with a strong (ε = 1 − 3 kcal/mol)
adsorption to the substrate the largest increase is observed, about 50 K.

Some saturation of this increase can be anticipated for thicker films, and the saturated
value for Tg of the substrate layer is much larger than the value for Tg in bulk. The increase in
substrate Tg is much smaller for thinner films. For a very thin film of ∼ 1.5 nm the substrate
Tg even decreases by about 35 K compared to the bulk value.

In Figure 3.10 the results for the temperature dependence of the surface-layer density, Figure
3.10a, and thickness, Figure 3.10b, are shown, for 16-chain films with different strengths of
attraction to the substrate. Both the density and the thickness remain almost constant with
decreasing temperature; therefore we were not able to identify a glass transition in this layer.
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Figure 3.9: Thickness dependence of the Tg values for the substrate layer in aPS films with different
strengths of attraction to the substrate. The dashed lines represent the average Tg value
for the middle layer, see Figure 3.8a.

We can only speculate that either the surface Tg is below the simulated temperature window, or
the fluctuations in the results are so big that the surface Tg can not be defined with reasonable
precision.

3.7.2 Free-standing films

The simulations of the free-standing films have been performed together with simulation of
aPS in a bulk sample. To prepare the bulk aPS, eight polymer chains (80 monomers per chain)
have been placed in a cubic box with periodic boundaries in all three dimensions. Bulk aPS has
been cooled down with the same cooling rate as the free-standing films.

The simulation results for the density and dynamical measurements of the glass-transition
temperature for the free-standing films of two thicknesses and the bulk are presented in Figures
3.7, and all obtained Tg values are listed in Table 3.3.57 Dynamical measurements of Tg for the
free-standing films have been performed for the phenyl bonds at both ends of all chains, and for
the 68 phenyl bonds in the middle of each chain. From this table it is clearly seen that density
and dynamical measurements give qualitatively the same result: the significant reduction of the
Tg value with decrease of the film thickness and as compared to the bulk values. Moreover, the
Tg values obtained from the dynamics of the chain ends are lower than the Tg values obtained
for the middle part of chains. This reduction can be explained by much faster mobility of the
chain ends compared to the slow middle part.

The mean squared displacement has been also calculated in different layers of the 32-chains
film to measure the diffusion of the chain ends in the polymer chains. It was found that in
the middle part the diffusion is slower as compared to both free surfaces. The glass-transition
temperature has been calculated for different layers of the film; in the case at hand, the Tg
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(a) (b)

Figure 3.10: The temperature dependence of the density (a) and thickness (b) of the surface layer
for the 16-chain films with different strengths of attraction to the substrate.

value for the middle layer is equal to 432 K, and for the free-surface layers is 389 K.

3.8 Relation between the glass-transition temperatures
for a bulk polymer and a thin polymer film

In many experiments and in the present simulations the glass transition both for a bulk polymer
and for a film is determined from the density by fitting two linear regions of data, at high and
low temperatures, by straight lines:

ρ = ρ0 +

(
dρ

dT

)
T (3.11)

and finding their intersection point. In this equation ρ0 is the extrapolated density at T = 0.
Solving the equations for the melt and glass regions, we produce the following expression for
the glass-transition temperature:

Tg = −
ρ0g − ρ0m(

dρ

dT

)
g

−
(

dρ

dT

)
m

(3.12)
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Table 3.3: Glass-transition temperatures calculated by density
and dynamics measurements for the 8 and 32 chains
free-standing aPS films, and a bulk sample. a

8 chains 32 chains Bulk

Density 362 392 447
P2-end 357 396 402
P2-middle 385 412 449
MSD-end 363 403 420
MSD-middle 400 423 463

a

More detailed description of the glass-transition temperature
measurements can be found in.57

here we have m-melt and g -glass. The same expression can be obtained both for the bulk
(notation Tg , ρ) and for a film (notation T̄g , ρ̄). Combining these two expressions we get an
exact relation between the glass-transition temperature Tg for the bulk and T̄g for a (density-
averaged) thin film:

T̄g

Tg
=

1 +
δρ0g − δρ0m
ρ0g − ρ0m

1 +

d

dT
δρg −

d

dT
δρm

dρg
dT
− dρm

dT

(3.13)

here δρ ≡ ρ̄−ρ is the change in average density due to the confinement. From equation (3.13)
it is clear that the confinement may have an effect on Tg , in particular through the effect on
density via the presence of a free or attracting surface. That the confinement and attracting
surface have an effect on density is evident from Figure 3.11: with decreasing film thickness
the average density decreases or increases for weak or strong substrate attraction, respectively,
as might be expected.

However, the resulting effect on Tg is much more subtle for two reasons. First, there are
effects both in the numerator and denominator of equation (3.13) which may compete. Second,
due to the influence of the substrate, the density itself changes through the film in such a way
that the film becomes stratified, with different densities and glass transitions in different layers.

To incorporate the effect of stratification into equation (3.13) the total film, with thickness
H (we henceforth drop the subscript f ), and density ρ̄ can be split up in layers with thicknesses
hsb (substrate), hmd (middle), hsf (surface) and corresponding densities:

ρ̄ =
1

H

∑
i=sb,md ,sf

hiρi (3.14)

If we assume that ρmd is equal to the bulk density, as discussed before, the excess density is:
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Figure 3.11: The average total-film density versus total-film thickness at 540 K for weak (ε =
0.1 kcal/mol, squares) and strong (ε = 3.0 kcal/mol, triangles) attraction to the
substrate. The lines are fits to equation (3.15), with ρ fixed to the experimental
value of 0.914 g/cm3 in the middle of the film and δm as a free fitting parameter
(δm = −0.9 × 10−8 g/cm2 for ε = 0.1 kcal/mol and δm = 1.2 × 10−8 g/cm2 for
ε = 3.0 kcal/mol).

δρ̄ ≡ ρ̄− ρ =
hsbδρsb + hsbδρsb

H
≡ δm

H
(3.15)

By writing the excess density as in the equation (3.15) the dominant dependence on thickness
H is factored out, and the excess mass per unit area δm has a clear physical meaning: it is
the amount of mass per unit area that redistributes itself (compared to the bulk) under the
influence of the wetting/non-wetting substrate and the free surface (see Figure 3.5). In general
δm will depend on temperature and film thickness. If δm is independent of T we can further
simplify equation (3.13) via

δρ0g − δρ0m = δm

[(
1

H

)0

g

−
(

1

H

)0

m

]
(3.16)

d

dT
δρg −

d

dT
δρm = δm

[
− 1

H2
g

dHg

dT
+

1

H2
m

dHm

dT

]
(3.17)

Note that in equation (3.16) we use that 1/H and not H is fitted linear in T . In equation
(3.17), the left-hand has been fitted as a constant, so we can evaluate right-hand side at T̄g :

d

dT
δρg −

d

dT
δρm = − δm

H(T̄g )

[
ᾱg (T̄g )− ᾱm(T̄g )

]
(3.18)

When we substitute equations 3.16 and 3.18 into equation 3.13, we get as a result:
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Figure 3.12: The excess mass δm as a function of temperature for films of 32 chains (strong wetting,
ε = 3.0 kcal/mol), simulated at different external pressures.

T̄g

Tg
=

1 + C1δm/H(T̄g )

1 + C2δm/H(T̄g )
(3.19)

with

C1 =

[
(1/H)0g − (1/H)0g

]
H(T̄g )

ρ0g − ρ0m
(3.20)

C2 =
1

ρ(Tg )

[
ᾱg (T̄g )− ᾱm(T̄g )

αg (Tg )− αm(Tg )

]
(3.21)

While δm may still depend on film thickness, the coefficients C1 and C2 are true constants
in the sense that they do not scale with H . Inserting order-of-magnitude estimates for all
quantities at the right-hand sides of equation (3.20) and equation (3.20) we see that both C1

and C2 will be of the order of 1 cm3/g. So, whether Tg will actually increase or decrease with
decreasing thickness H not only depends on the sign of δm (positive for a wetting surface,
negative for a non-wetting surface, see Figure 3.11 and equation (3.15), but also on the sign of
∆C = C1 − C2, i.e., on a subtle balance between the numerator and denominator of equation
(3.19). The typical length scale over which Tg then varies with H , is of the order Ciδm.

We still have to check whether the above analysis, with δm independent of T , applies to
our simulated data. To that end we performed more detailed simulations of 32-chains films
(N = 20256 particles) for a strongly-wetting substrate (ε = 3.0 kcal/mol), at four fixed different
external pressures, 36 MPa, 37 MPa, 38 MPa and 39 MPa. In this pressure range the density in
the middle of the films and at 540 K centers around the experimental value (ρ = 0.914 g/cm3),
with a maximum deviation of 1 %. For these films the excess mass δm is presented in Figure
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3.12 as a function of temperature. We observe that δm, first of all, is positive (in line with
Figure 3.11 and equation 3.14) and secondly, independent on T . By averaging δm over these
four pressures and temperatures we find δm = (1.20± 0.02)× 10−8 g/cm2.

That, in turn, gives δN ∼ 300 particles that redistribute themselves between substrate and
surface layers compared to a homogeneous film. Based on this, we calculate a characteristic
length scale of the order of 0.1 nm, consistent with the fit value of A = 0.06 nm in Figure 3.8b
and equation (3.10). Calculating C1 and C2 for these 32-chain strongly-adsorbed films, we find
that within relevant digits the coefficients are equal: C1 = C2 = 1.1 ± 0.2 cm3/g. Hence any
difference in C1 and C2, which will determine deviation of T̄g from Tg , is in this case within
the numerical error. So, given the subtle balance between the numerator and denominator in
equation (3.19), our numerical data are too inaccurate to predict that Tg actually decreases for
film thicknesses below 2 nm, as suggested by Figure 3.8b. We note that our observations are
nicely in line with a very recent experimental study by Tress et al.29 on nanometric PS films,
which shows by a range of techniques that Tg for films above 5 nm remains within a margin of
±3 K around the bulk value.

3.9 Conclusions

In the present study we have performed molecular-dynamics simulations in order to investigate
the possible influence of confinement on the glass-transition temperature Tg for supported and
free-standing atactic polystyrene films of different thickness Hf , from extremely thin (Hf =
1 nm) up to a thickness (10 nm) in the range where confinement effects have been reported
experimentally.

We found some small orientation of both main-chain monomers and phenyl groups at the
film surface and close to the substrate. This orientation disappears towards the middle of the
film. Density profiles show that apart from this anisotropy the films are also heterogeneous in
density, with a clearly stratified structure. Based on the analysis of the density profiles we have
defined three different layers (substrate, middle and surface) for each film. The Tg value for
the whole film as well as separate Tg values for the different layers have been extracted from
the temperature dependence of the density or corresponding thickness. For the whole film the
Tg value shows almost no thickness dependence for films down to 2 nm thickness, where the
middle layer is completely absent; this is in line with very recent experimental data.29 Some
decrease of the Tg values is observed for thinner films, but statistical errors of these results are
rather high. The Tg for the middle layer does not depend on the total film thickness either, and
its density is close to the bulk density. For the substrate layer an increase in Tg up to 50 K is
measured depending on the strength of attraction to the substrate. The surface layer remains
liquid-like in the whole temperature range (300-540 K).

We show that the density in simulated films is stratified, with different glass-transition tem-
peratures in different film layers. It should be also noticed that for the supported films the
segmental dynamics in these layers is not calculated. Instead, only the statistical equilibrium
properties of thin supported aPS films have been investigated. From the viewpoint of polymer
segmental dynamics these layers are different, and the free interface and the substrate layer
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definitely might compete when calculating the average glass transition temperature. An effort
has been made to investigate competition between these three layers in terms of the redistri-
bution of mass between substrate, surface and the middle of films. Such a mass redistribution
influences the average Tg dependence on the film thickness but in very subtle way.

In view of the reported stratification of the internal film structure, a glass-transition tem-
perature Tg that is based on the temperature dependence of the average density has actually
limited physical meaning for what happens near the substrate, a fact often ignored in exper-
iment. Through a more detailed analysis of the effect of stratification we have been able to
express the change in this effective Tg in terms of the film thickness and average density, and
in the extent of mass redistribution w.r.t the homogeneous bulk polymer. The expression shows
that an increase or decrease of the density-based effective Tg with decreasing film thickness
depends on a subtle balance of detailed effects and has no straightforward relation with aver-
age density or with strength of substrate attraction. Our numerical data are consistent with
the derived expression, but too inaccurate to make predictions on the change of the effective
glass-transition temperature.

The calculation of the glass-transition temperature in the free-standing films revealed that
the Tg value significantly decreases with decrease of the film thickness. The Tg value also
changes when different measuring methods of Tg are employed. The measurements of the
segmental dynamics in different layers of the free-standing film showed that the polymer chain
ends in the middle layer diffuse slowly as compared to the free-surface layers. The calculation
of the Tg in different layers of the free-standing film showed that middle part has a higher Tg

value as compared to the free surfaces.

Appendix A: Comparison of the characteristic ratio for the
simulated atactic-polystyrene chain and a freely-joint chain

To start with, we consider equation (16) of50 , for a freely-joint chain model:

1− 〈(rN − r1)2〉
b2
eN

=
Ce√

N
I (3.22)

here 〈(rN− r1)2〉 is the mean-squared chain end-to-end distance, be is the effective bond length,
Ce is the “swelling coefficient”, and I is a constant, which is equal to I = 1.59 in the case of
infinitely long chains. For a freely-joint chain, we assume that N corresponds to the number of
monomers in a chain (or to the number of Kuhn segments). It means that, from now, in order
to compare theoretical results with results in the present simulations of aPS chains we have
to recalculate the value of CN with respect to the number of Kuhn segments, Z . Following
Wittmer et al.50 the equation (3.22) can be further rewritten as:

CN = C∞

(
1− αB√

Z

)
(3.23)

where CN = 〈(rN − r1)2〉/(b2
eZ ) is the characteristic ratio, and the prefactor αB is equal to
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Figure 3.13: Schematic illustration of the backbone of the atactic polystyrene chains.

αB = ICe (3.24)

where Ce =
√

24/π3/(ρb3
e) is the coefficient that is predicted analytically; here be is the

effective bond length, which is equal to the Kuhn length, AK . In this case ρ = ρK is the density
of Kuhn segments. The equation (3.24) can be rewritten as

αB =
I

ρKA3
K

√
24

π3
(3.25)

It is well known that for a completely stretched freely-joint chain we have

Rstr = Z AK (3.26)

and for a coil 〈
R2
〉

= Ncc l2ccCN (3.27)

here Z is number of Kuhn segments, Ncc is number of bonds in a chain and lcc is the bond
length. The mapping on the simulated polystyrene model in the present simulations, Figure
3.13 will give

Rstr = Z AK = Ncc lcc sin
θ

2
(3.28)

where θ = 109′28” is the valence angle in a polystyrene monomer, see Table 2.1. The Kuhn
length can be calculated by combining equations (3.27) and (3.28)

AK =
〈R2〉
Rstr

=
lccCN

sin
θ

2

(3.29)

and number of Kuhn segments is

Z =
Rstr

AK
=

Ncc

CN
sin2 θ

2
(3.30)

The coefficient αB is then equal to
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αB =
I

√
24

π3

ρKA3
K

=
I

√
24

π3

ZNch

V

l3ccC 3
N

sin3 θ

2

(3.31)

where Ncc = 160, lcc = 0.15 nm and Nch = 8 is the total number of chains in the simulated
film; V = LxLyHf = 7 × 7 × 2.5 nm is the total volume of a system. Instead of CN we take
C∞ = 8.2 from the fitting, as it was presented in §3.2. Finally, we get

αB =
I

√
24

π3
V sin

θ

2
NchNcc l3ccC 2

∞
= 0.48 (3.32)

and equation (3.23) has the following form

CN = C∞

(
1− 0.48√

Z

)
(3.33)

In the present study we use the equation

CN = C∞

(
1− αs√

Ncc

)
(3.34)

where Ncc is the number of bonds in the main chain. To compare simulated parameters with
parameters in equation (3.33) the equation (3.34) should be rewritten with the help of the
equation (3.30)

CN = C∞

(
1− α∗√

Z

)
(3.35)

where α∗ is equal

α∗ =
αs sin

θ

2√
C∞

= 0.43. (3.36)
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Chapter 4

Mechanical properties and local mobility
of atactic-polystyrene films under
constant-shear deformation

In this chapter the effects have been studied of shear rate, pressure and temperature on the
stress-strain behavior, the relevant energetic contributions and non-affine displacements of poly-
mer chains during constant-shear deformation of atactic polystyrene thin films. Under this
deformation sliding motion is observed at high shear rates between the top substrate and top
polymer layer, which disappears when the shear rate decreases. At low shear rates stick-slip
motion of the whole film with respect to the bottom substrate takes place. We found that at
low shear rates the yield stress logarithmically depends on the shear rate; this behavior can be
explained in terms of the Eyring model. It was also observed that an increase in the normal pres-
sure leads to an increase in the yield stress in agreement with experiments. The contributions
to the total shear stress and energy are mainly given by the excluded-volume interactions. It
corresponds to a local translational dynamics under constant shear in which particles are forced
to leave their original cages much earlier as compared to the case of the isotropic, non-sheared
film. Moreover, it was observed that under constant-shear deformation the polymer glass is
deformed non-affinely. As a result, the middle part of the film is much more deformed than the
layers close to the supporting substrates, meaning that the well-known effect of shear-banding
occurs.
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4.1 Introduction

Thin polymer films are commonly used as lubricants in different technological applications to
decrease the friction between solid surfaces.1,2 The frictional and rheological properties on the
nanoscale can be probed in experiments by using a surface forces apparatus or atomic force
microscope,3–7 and also by means of the MD simulations.8–12

The polymer glass in its nature is amorphous, meaning that it has both solid and fluid
properties. As a solid material it behaves rigid and resists plastic deformation up to a certain
limit. If the deformation goes beyond this limit the polymer glass starts to flow and deforms
plastically. It is important to note that there is a transition from the plastic deformations to the
sliding motion. It was shown that in polymers, stick-slip motion occurs only when the frequency
of the applied shear is above a critical value and the sample is deformed faster than the intrinsic
relaxation time.13

The effect of the hydrostatic pressure, temperature, strain rate and also aging time on the
mechanical properties of glassy polymers is well known. It was found that the shear and Young’s
moduli noticeably increase with increase of the pressure for various polymers.14–18 However, for
polystyrene, a rather slight increase of Young’s modulus with pressure has been found.19 The
temperature and strain-rate dependencies of the stress-strain curve have been investigated by Li
et al.20 They performed atomistic Monte Carlo simulations of uniaxial tension of an amorphous
linear polyethylene-like glassy polymer. They found that with increasing strain in the elastic
region mechanical work is stored as non-bonded internal energy, and that in the yield regime
the intra-chain contributions start to play a role.

The aim of this chapter is to study the effect of shear rate, pressure and temperature on
the stress-strain behavior during constant-shear deformations. Additionally an attempt is made
to extract the shear modulus and the yield stress at two temperatures and two external normal
pressures, and at different shear rates. The relevant contributions to the total shear stress and
total internal energy are monitored. To gain insights into the local dynamics of the polymer
film upon constant shear deformation the non-affine displacement of polymer chains and the
local segmental translational dynamics are also studied.

4.2 Stress-strain dependencies: shear modulus and yield
peak

In this section we will investigate the development of the stress in atactic-polystyrene capped
films during constant-shear deformation. The preparation of the capped aPS films have been
explained in more detail in §2.4. Here we briefly recall that 16-chains aPS capped film have
been compressed by a top substrate to produce capped films at normal pressure (32 MPa and
52 MPa), and at two temperatures (300 K and 370 K). In total, three systems have been prepared
and used for the constant-shear deformation. The deformation protocols of these films have
been explained in §2.5. The shear stress σ is calculated with the help of the stress tensor,
equation (2.14).
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(a) (b)

Figure 4.1: The stress-strain curves for the 16-chains aPS capped film at normal pressure 32 MPa
(circles) and 52 MPa (squares) at temperature 300 K (a) and at pressure 52 MPa and at
two temperatures 300 K (filled squares) and 370 K (open squares) (b). In both figures
the measured shear stress is taken at the highest simulated shear rate γ̇ = 200×108 s−1.

The three aPS capped films have been constantly sheared in the X -direction, with a maximal
shear strain of γ = 50 %, and at eight different strain rates, γ̇ = (1, 2, 4, 10, 20, 40, 100, 200)×
108 s−1, in order to probe different characteristic regimes on the stress-strain curves, i.e. the
elastic regime, yield regime, softening etc, see Figure 1.4a. During deformation the shear stress
is averaged over a certain period of time, which is different for different shear rates, and is also
averaged over 5 independent runs.

The measured shear stress σ as a function of the applied constant shear strain γ is presented
in Figure 4.1a for the highest shear rate, γ̇ = 200 × 108 s−1, for two normal pressures and at
fixed temperature 300 K. Figure 4.1b presents the shear stress measured at two temperatures
300 K and 370 K and at one external normal pressure 52 MPa, at the same value of the shear
rate. Initially, all dependencies show an elastic region (at γ = 2 %) followed by the yield
peak (at γ ∼ 5 %). In both figures, Figures 4.1, the stress regularly rises and drops by
∆σ ∼ 20 ÷ 25 MPa every ∆γ = 10 % which corresponds to the period (A = 0.5 nm) of the
simulated crystalline structure of the substrate, equation (2.13). It means that initially polymer
segments are completely moved by the top substrate. As soon as the top substrate is moved by
approximately ∆x = 0.5 nm the polymer segments jump back to their initial positions, which
results in decreased shear stress, and sliding takes place. The main cause of this is that the
rate of deformation is much faster than the internal relaxation rate of the polymer segments
at the top layer. It was shown13 that stick-slip motion occurs only when the applied shear rate
is above a critical value, i.e. γ̇ � γ̇cr. This can be understood in the sense that the sample
is deformed much faster than the intrinsic relaxation time, i.e. 1/γ̇ � τrelax. In Chapter 6
we will calculate the relaxation time of the film from the stress-stress autocorrelation function,
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(a) (b)

Figure 4.2: The stress-strain curves for the 16 aPS capped film at normal pressure 32 MPa (circles)
and 52 MPa (squares) at temperature 300 K (a) and pressure 52 MPa at two temperatures
300 K (filled squares) and 370 K (open squares) (b). In both figures the shear stress is
taken at the lowest simulated shear rate γ̇ = 1× 108 s−1.

here we only mention that the relaxation time of the whole atactic-polystyrene capped film
at temperature 300 K and pressure 52 MPa, is more than 100 ns, even under deformation, and
additionally, due to the aging effect (see Chapter 6), this time is shifted to larger values with
increase of the simulation time. At the lowest shear rate where the sliding motion is still
observed (γ̇sl = 40 × 108 s−1), 1/γ̇sl = 250 ps, which is still much smaller than the relaxation
time. It means that the deformation is still so fast that the polymers do not have enough time
to react on the perturbation. To further increase the deformation time requires more CPU time.
The lowest shear rate that we are able to cover in this thesis (γ̇ = 1× 108 s−1) is still too fast:
1/γ̇ = 10 ns; however, this is much closer to the time when the α-relaxation process starts. As
was shown in §1.2, the α-process is related to the translational motion of polymer segments
out of their cages.

To some extent, the stick-slip and sliding motions might be treated as one phenomenon. On
the macroscale the sliding motion can be observed, while on the nanoscale there is always local
stick-slip motion between polymer segments and moving substrate due to cohesive interactions
or local asperities on the substrate. Later we will distinguish the sliding motion, which is
observed at the highest shear rates, and the stick-slip motion, which is observed at the lowest
shear rates, see §4.4. In Figures 4.3 and 4.4 we draw a vertical dashed line which denotes a
rough transition from the sliding regime to the stick-slip regime. For the future analysis we will
only use data at low shear rates, i.e. in the stick-slip regime.

At high shear rate the influence of pressure on the shear stress, Figure 4.1a, is reflected by
a small shift of the overall stress-strain curve (after the yield peak) to larger shear strains, while
the influence of temperature is rather weak, Figure 4.1b. Larger pressure also produces a larger
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value of the yield stress.

At low shear rate the stress-strain curves exhibit pronounced linear elastic regimes, Figures
4.2, which span larger regions of γ (up to γ ∼ 5 ÷ 7 %) than at high shear rate. However,
for consistency with the high-shear-rate results we will in further analysis consider only part
of this regime, up to γ ≤ 2 %. At low shear rate the yield tooth is also clearly visible. As
shown in Figure 1.4a the yield point is usually followed by the softening when stress drops with
γ. At high shear rates, Figure 4.1, softening might be read off from the regular drops in the
shear stress, while for the lowest shear rates, Figure 4.2, the softening is clearly observable only
for the high normal pressure of 52 MPa, and is almost absent for the low normal pressure of
32 MPa. The last regime shown in Figure 1.4a is usually related to the strain-hardening. In our
shear deformation the strain-hardening is absent for all simulated shear rates. Instead of this,
the last regime, which starts roughly at γ ∼ 12 ÷ 15 %, is always a combination of stick and
slip motions, as can be seen by rises and drops of the shear stress.

Despite huge fluctuations the difference between the stress-strain curves at two different
normal pressures, Figure 4.1a, and different temperatures, Figure 4.1b, is clearly visible, but is
rather small. As soon as the shear rate decreases the difference between the curves increases: the
yield tooth is always larger for the higher pressure, Figures 4.2a, and for the lower temperature,
Figure 4.2b. Physically it means that at high normal pressure polymer segments have to
overcome a high energy barrier in order to flow. Later we will estimate the value for the energy
barrier and the size of the volume at which the plastic flow occurs. It is known that the energy
barrier linearly increases with pressure.21 Therefore we can say that the simulated stress-strain
curves have qualitatively the correct trend. As the temperature increases towards the glass
transition, the distance between the particles also increases, causing an increase of volume and
hence of monomer mobility. This results in a lower value of the yield peak, meaning that at
higher temperature a lower yield stress is observed, Figure 4.2b.

From the stress-strain curves we evaluate the shear modulus G by measuring a slope of the
linear elastic region (up to γ = 2 %), Figure 1.4a

σ = Gγ (4.1)

The simulation results give the value of the shear modulus G ∼ 0.5 GPa, which is more than
twice smaller than the experimental value (1.2 GPa) for bulk aPS at 300 K.22,23 First of all, we
note that the value of G depends on the strain interval which is taken for these calculations
and varies from G = 0.45 GPa to G = 0.52 GPa at γ̇ = 1× 108 s−1. Additionally, we simulated
a thick capped film that contains 32 chains of aPS with 80 monomers per chain and performed
shear deformations with constant shear by 50 %. The stress-strain curves are not presented
here. The simulations of the thicker aPS films showed that the shear modulus is higher for
thicker film, G ' 0.7 GPa at γ̇ = 1 × 108 s−1. These results are in a qualitative agreement
with experimental findings of Christopher et al.24 who found a strong dependence of the elastic
modulus on film thickness. They found that below 40 nm the apparent modulus of PS films
decreases drastically, with an order of magnitude compared to a bulk value. Qualitatively the
same effect was observed by Böhme et al.25 using molecular-dynamics simulations of a model
polymer, and in more recent work of Li26 who also used the same technique to simulate free-
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(a) (b)

Figure 4.3: Shear modulus as a function of the shear rate at two normal pressures and fixed temper-
ature 300 K (a) and two temperatures at fixed normal pressure 52 MPa (b). The dashed
lines in both figures denote the rough transition from the sliding regime to the stick-slip
regime.

standing nanofilms composed of a thermoset polymer, diglycidyl ether of Bisphenol A with
3,30-diaminodiphenyl sulfone.

Figures 4.3a and 4.3b show that in the stick-slip regime the simulated shear modulus slightly
increases with increasing shear rate, which is in agreement with the viscoelasticity theory, in
which the shear modulus (i.e. the storage modulus, see Chapter 5) weakly increases at higher
frequencies. Despite rather weak dependencies, Figure 4.3, it is clearly seen that the pressure
and temperature dependencies of the shear modulus have the qualitatively correct trend: the
shear modulus is always higher for the higher pressure and for the lower temperature at all shear
rates. As it is known the shear modulus is a function of temperature14,27 and pressure.15,16

Following Sauer,16 the linear change with pressure can be written as

G = G0 + nP (4.2)

where the pre-factor n = 3(3− 4ν)/2(1 + ν) is a function of the Poisson ration ν. Noticeably,
by fitting the pressure dependence of the shear modulus, at the fixed shear rate γ̇ = 1×108 s−1,
we found that the value of ν is 0.33, which is very close to the experimental value 0.34 in.28

From the stress-strain curves the yield peak can be defined as well. There are few approaches
that can be usually used to identify it.21 However, the measured stress-strain curves have
different overall shapes; sometimes a true peak in the stress is absent, so we should choose
one approach which is applicable for all simulated results. One way to define the yield point
is to calculate the initial linear slope in the elastic regime and then to make an offset by 2 %,
as suggested in21 and schematically illustrated in Figure 1.4a. This method has been used to
define the yield stress for all simulated shear rates, temperatures and pressures. We found that
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(a) (b)

Figure 4.4: Yield stress as a function of the shear rate at two temperatures (a) and two normal
pressures (b). Insets: the yield stress as a function of temperature (a) and normal
pressure (b). The vertical arrows in the insets denote the increase of the shear rate from
γ̇ = 1× 108 s−1 to γ̇ = 20× 108 s−1.

the measured yield stress logarithmically depends on the shear rate, Figure 4.4. This behavior
can be explained in terms of the Eyring model,21 which suggests that the yield stress is an
activated rate process. The equation (1.11) can be adapted and used to write the yield stress
in terms of the shear rate, as

σY = σ∗0,Y + s ln γ̇ (4.3)

where σ∗0,Y = ∆H/υ − s ln(γ̇0/2) and s = RT/υ. Here ∆H is the energy barrier which has to
be overpassed in order to start plastic deformation, and υ is the shear activation volume that is
required for the shear rearrangements. The shear activation volume can be calculated by fitting
data in Figures 4.4 and by measuring the slope s at fixed temperature T in the stick-slip regime.
The value for the activation energy can be extracted by fitting the temperature dependence of
the yield stress, inset in Figure 4.4a, to equation (4.3) and calculating the extrapolated yield
stress at zero temperature.

The fitting value of the activation volume is υ ∼ 1.4 nm3 and the activation energy is
∆H ∼ 75 kJ/mol. The characteristic size of the element with such volume which starts to flow
is about ∼ 1.1 nm, which is roughly comparable with the size of a single aPS monomer. The
value of υ is larger than the 0.36 nm3 obtained from the simulations of uniaxial-deformed aPS in
bulk.29 The experiments on miscible polystyrene-poly(2,6-dimethyl-1,4-phenylene oxide) blends
performed by Govaert et al.30 showed that the shear activation volume for bulk polystyrene is
about ∼ 1.5 nm3, which is slightly higher than the simulated value for the films.

The pressure dependence of the yield stress in the stick-slip regime, Figure 4.4b, can be
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also explained in terms of the Eyring model. However, in order to do so, the component with
the stress P should be added to the Eyring equation (4.4) as ∆H + PΩ,21

σY =
∆H + PΩ

υ
+

RT

υ
ln

(
2γ̇

γ̇0

)
(4.4)

where Ω is the pressure activated volume. This equation can be rewritten in terms of the
pressure as

σY = σc + βP (4.5)

where σc = ∆H/υ + RT ln (2γ̇/γ̇0) /υ is the yield stress at zero applied normal pressure and
β = Ω/υ, which shows how fast the yield stress changes with pressure. By fitting the pressure
dependencies of the yield stress, see inset in the Figure 4.4b, using equation (4.5) we found that
the yield stress at zero applied normal pressure changes from σc = 2.1 MPa at γ̇ = 2× 108 s−1

to σc = 15.7 MPa at γ̇ = 20×108 s−1 and the average value for β is β = 0.73±0.06. We should
note that the fitting parameters σc and β depend on the considered system under shear. It was
found, for example, that for polymer-metal interfaces σc = 31.5 MPa and β = 0.07, while for
polymer-polymer interfaces these parameters are smaller: σc = 1.4 MPa and β = 9 × 10−4.31

It could mean that the value of β might depend on the method which is used to measure the
yield stress.32

The above calculations work only when the film is plastically deformed. In the sliding regime
(at high γ̇, γ̇ ≥ 3×109 s−1, see Figure 4.4) there is no real plastic deformation of the simulated
films. Therefore the qualitative trends of the shear moduli, Figure 4.3, and the yield peaks,
Figure 4.4 in this regime, are different from those in the stick-slip regime, and the films actually
never enter a flow regime.

4.3 Energy and stress partitioning

In this paragraph we calculate the work which is applied to deform the aPS films and show
different contributions to the total internal energy and to the total shear stress during shear
deformation.

The work W is calculated as product of the total force Fxz applied to the top substrate and
the displacement of this substrate dLx in the X -direction

dW = FxzdLx = Vσxzdγx (4.6)

where V = LxLyHf is the volume of the film, σxz = Fxz/(LxLy ) is the shear stress, and
γx = dx/Hf is the shear strain.

Figures 4.5a and 4.5b present the applied work W on the aPS thin film, the change in the
internal energy ∆U and the heat Q supplied to the system during constant-shear deformation
at high γ̇ = 200×108 s−1, and low γ̇ = 1×108 s−1 shear rates, correspondingly. The simulation
results show that the calculated work in Figures 4.5, is of the same order of magnitude as in
experiments on deformation of polystyrene in bulk.33
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(a) (b)

Figure 4.5: Applied work W , internal energy U and the heat Q supplied to the system at high
γ̇ = 200× 108 s−1 (a) and low γ̇ = 1× 108 s−1 (b) shear rates, temperature 300 K and
pressure 52 MPa.

At high shear rate, Figure 4.5a, the internal energy of the film does not change significantly
upon shear deformation and the work done on the sample is totaly dissipated, causing the
heating of the system. The oscillations in the applied work are connected with the oscillations
in the shear stress, Figure 4.1a, which are related with the sliding motions of the polymer
segments, as was explained in the previous section.

At low shear rate, Figure 4.5b, the work done on the film is partly converted into internal
energy and the rest is dissipated in a form of heat. Up to about γ = 20 % shear strain a fast
increase of the internal energy takes place, which is connected with the local rearrangements of
monomers, and for larger strains saturation of the internal energy is observed. The individual
contributions to the internal energy are considered in more detail later.

Both at high and low shear rates part of the applied work is converted into heat meaning
that deformed systems are heated up, which is in agreement with the experiments. However,
it should be noticed that in the current simulations we use a thermostat, which nullifies the
increase of temperature.

At γ̇ = 1 × 108 s−1 the contributions to the internal energy and to the total stress from
the excluded-volume interactions, stretching of covalent bonds, bending and dihedral-angle
torsions are shown in Figure 4.6. As can be seen in Figure 4.6a, up to about 20 % shear
strain the increase in the internal energy is mainly governed by the fast increase in the non-
bonded, excluded-volume interactions. At the intermediate shear strains, γ = 20 ÷ 30 %, this
contribution reaches a plateau, and after γ = 30 % shear strain it even slightly decreases.
The further increase in the total internal energy at the intermediate and higher shear strains is
mainly given by bending contributions. The energy contributions from the dihedral torsion and
stretching of covalent bonds weakly contribute to the total internal energy.
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(a) (b)

Figure 4.6: Various contributions to the energy (a) and to the shear stress (b) during the constant
shear deformation at low shear rate, γ̇ = 1 × 108 s−1, temperature 300 K and pressure
32 MPa.

In Figure 4.6b the different contributions to the total shear stress at low shear rate, γ̇ =
1 × 108 s−1, are shown. As can be seen from this figure the main contribution to the total
shear stress is given by large positive contribution from the excluded-volume interactions only
at low shear strains (up to the yield peak). Below the yield peak there is no large stretching
of covalent bonds, as is indicated by the plateau in Figure 4.6b for the stretching contribution
(blue curve). After the yield peak, at high (more than 10 %) shear strain, a large negative
contribution is coming from the stretching of the covalent bonds. Starting from about 15 %
the non-bonded part and stretching part almost compensate each other. Starting from about
20 % the contribution from the bending of covalent angles reaches a plateau which is slightly
lower than the plateau from the total shear stress.

4.4 Local translational mobility during shear deformation

In order to see how the polymer chains are deformed locally upon constant-shear deformation
we monitored the time dependence of the average coordinate 〈X 〉 over all monomers in different
layers. The simulated film was divided into ten equal layers, with h ' 0.5 nm thickness for each
layer. In Figure 4.7a the change of the average coordinate 〈X 〉 with shear strain γ is presented
only for the top layer at 8 different shear rates. Initially, when the shear strain is γ = 0 the
average coordinate in each layer is equal to 〈X 〉 ∼ 3.3÷ 3.4 nm, which is just very close to half
of the lateral size of the simulated box, Lx = 7 nm.

At high shear rate γ̇ = 200 × 108 s−1 the average coordinate fluctuates with a very small
drift (the lowest curve in Figure 4.7a), which can be explained by the small rearrangements
of monomers close to the moving substrate. For the shear rates γ̇ = 100 × 108 s−1 and
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(a) (b)

Figure 4.7: (a) Change of the average X coordinate for the top layer upon shear deformation with
different shear rates. (b) Change of the average X coordinate for different layers in a
capped film upon shear deformation at low, γ̇ = 4× 108 s−1, shear rate. In both figures
the calculations were made at 300 K and 52 MPa.

γ̇ = 40× 108 s−1 the top polymer layer is initially moving with the substrate, however at shear
strain γ > 0.1 it goes back. In this case the polymer film is just slightly deformed, but at these
three values of shear rates slippage is observed. At lower shear rates, γ̇ = 20 × 108 s−1 and
γ̇ = 4 × 108 s−1, the polymer chains start to deform plastically. Two jumps in the average
coordinate (at γ ∼ 20 % and γ ∼ 40 %) correspond to the moment of time when the polymer
chains are not able any more to follow the substrate and simply go back. For the lowest shear
rates the shear deformation is so slow that polymer segments just follow the top substrate and
at some moment of time chains cannot deform anymore and the film as a whole is moving
forward by 0.5 nm, as is clearly seen from the displacement of the layer close to the bottom
substrate, Figure 4.7b.

By calculating the slopes of the curves in Figure 4.7b we measure the layer-averaged (aver-
aged over all layer particles) velocity upon deformation. Such calculations are made for different
shear rates and the velocity profiles at temperature 300 K, pressure 52 MPa and two high and
two low shear rates, are shown in Figure 4.8a.

From this Figure it is clearly visible that at low shear rates (below γ̇ = 4 × 108 s−1) the
velocities in three top layers are very close to the speed of deformation, meaning that these
layers move together with the top substrate. Bottom layers are rather weakly affected during
deformation at the same shear rates. Such strong difference between shear velocities of top and
bottom parts causes high deformations in the middle layers. This effect is usually ascribed to
the shear banding and is observable over different length and time scales.34 We should mention
that due to the shear banding, the middle part of the film is highly deformed as compared to
the top and bottom parts, meaning that most plastic deformations occur in the middle part.
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(a) (b)

Figure 4.8: (a) Ratio of the averaged velocity of the polymer segments in different layers of simulated
film to the actual velocity of the top substrate at normal pressure 52 MPa, temperature
300 K and for two high and two low shear rates. The dashed line denotes the velocity
profile in the case of the ideal affine shear deformation. (b) X -component of the mean
squared displacements of all particles in the top layer during shear deformation at high
and low shear rates and also for non-sheared film (diamonds).

The shear-banding effect also appears at the highest shear rates, as can be seen from the Figure
4.8a. In this case, the shear banding occurs between the shear-affected 3rd top layer and the
unsheared 4th layer.

The effect of the shear deformation on the local translational mobility has been studied by
measuring the X -component of the mean squared displacement (MSD) 〈~X 2(t)〉 of all united-
atoms in the top layer of the non-deformed capped film (diamonds), and for the highly (squares)
and slowly (cycles) deformed capped films, Figure 4.8b. As was shown in §1.2, usually two main
processes can be observed in the MSD: the in-cage β relaxation process, which is connected
to the motion of the united atoms within a cage made by the surrounding particles, and the
α-process, which is ascribed to the out-of-cage escape, i.e. to the diffusive motion of particles.

At high shear rate the MSD has a non-trivial shape: initially, the curve has a slope close to
2 that corresponds to the ballistic motion. Then, a fast increase in the MSD up to the yield
point (time at which the yield peak occurs is denoted by a vertical arrow) is observed. After
that several maxima and minima in the MSD are visible, which correspond to the stick-slip
motion.

At low shear rates the polymer film is plastically deformed, and convective translational mo-
tion of each layer together with stochastic Brownian motion contribute to the total translational
mobility. We have used the following procedure to separate these two contributions. First, the
average coordinate 〈X 〉 is calculated every time step for each united-atom in the simulated film,
as shown in Figure 4.7b. Then, by calculating the slopes of curves in Figure 4.7b we measure
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the average velocity vl of the corresponding layer upon deformation. After that, all coordinates
of all united-atoms in layers are modified every time step as X̃i ,l(t) = Xi ,l(t)− vlt. Finally, the
modified coordinates X̃i ,l(t) that corresponds to the stochastic Brownian motion are used to
calculate the MSD 〈X̃ 2

l (t)〉 = 〈[X̃i ,l(t + t0)− X̃i ,l(t)]2〉.
The calculated MSD during the deformation at low shear rate (circles, γ̇ = 1 × 108 s−1)

exhibits a plateau (β-process) and the out-of-cage escape (α-process), which occurs at t '
200 ps (indicated by the vertical arrow as the end of the elastic regime); this is significantly
earlier as compared to the isotropic non-sheared film (diamonds), meaning that particles are
forced to leave their original cages.

4.5 Conclusions

Molecular-dynamics simulations have been used to study the deformation mechanisms that
appear during constant-shear deformation of atactic-polystyrene capped films. The constant-
shear deformation has been performed at different shear rates, temperatures, and pressures to
investigate the influence of these external parameters on mechanical properties of the films.
We found that mechanical properties of aPS films can be simulated by MD in qualitative and,
to some extent, in quantitative agreement with other simulations and experiments.

At low shear rates the simulated stress-strain behavior shows qualitatively the same trend
as that obtained in simulations of model glasses, and in experiments on amorphous polymers,
i.e., the elastic regime followed by the yield peak and softening. After the softening regime, at
low shear rates, the polymer film starts to flow, while at high shear rates the stick-slip motion
is observed. At high shear rates, Figures 4.1, pressure and temperature rather weakly influence
the stress-strain behavior, while at low shear rates, Figure 4.2, they have a strong effect on
the stress-strain behavior. The simulated shear modulus for aPS is almost twice smaller as
compared to the experimental value in bulk and increases with shear rate, Figures 4.3. The
calculated yield tooth increases with increasing shear rate, Figure 4.4, increasing pressure, and
decreasing temperature, insets in Figures 4.4.

The work which is applied to deform the aPS film is converted largely into the heat. At
low shear rates, this work is also partly converted into an increase of the total internal energy,
which is mainly governed by the increase of the non-bonded interactions, Figure 4.6a.

The calculation of the average displacement of different film layers showed that upon
constant-shear deformation at high shear rates the top layers are weakly deformed while the
middle and bottom layers are at rest, causing the well-known shear-banding effect. The shear-
banding effect is also observed at low shear rates. Due to the fast motion of the top layers and
almost immobile bottom layers, the middle part is then highly deformed plastically; this may
rejuvenate the polymer in these layers, as will be shown in Chapter 6.
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Chapter 5

Stress response of atactic-polystyrene
films subjected to oscillatory shear

In this chapter we present the simulation results on the cyclic shear deformation of the atactic
polystyrene capped films. During this deformation the stress-strain behavior of the films has
been measured. The shear modulus in the linear elastic regimes is calculated and is plotted as
a function of the number of cycles. Also, the storage (G ′) and loss (G ′′) components of the
complex shear modulus both in the linear and non-linear regimes are measured during oscillatory
shear and are also plotted as a function of number of cycles. These results are compared
with some experiments. Despite the difference in polymers and the time-scales covered by
the simulations and experiments we found that to some extent the mechanical properties of
simulated films are in a qualitative agreement with some experiments. It was found that
upon cyclic yield the stress-strain behavior of the polymer glasses, used both in simulations
and experiments, slowly evolves toward a steady state which is characterized by a decrease
of the maximum stress and by an enhanced dissipative process. Immediately after plastic
deformation, both experiment and simulation show that the storage modulus is decreased and
the loss modulus is increased as compared to its initial values. Such changes in the viscoelastic
moduli upon plastic deformation might be attributed to the mechanical rejuvenation. After the
cyclic yield, recovery of the shear modulus takes place, which might be considered as an evidence
of the enhanced physical-aging rate of the mechanically rejuvenated glass. Additionally, we also
monitor the evolution of the total internal energy during the cyclic yield. It was found that after
the plastic deformation the total internal energy of the film is higher as compared to the initial
value before deformation; this serves as an indication of the mechanical rejuvenation, and is in
agreement with previous simulations.
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5.1 Introduction

It is well known that polymer glasses have a broad spectrum of relaxation times that are
connected with the structural relaxations of polymer chains and segments.1 Additionally, there
is an effect of the physical aging, firstly introduced by Struik,2 and which strongly influences
the segmental relaxation. Due to the aging effect the relaxation times of polymer glasses are
shifted to larger values.3

Struik suggested that mechanical deformation can disturb the physical-ageing process,
mainly by creating additional free volume in the perturbed glassy polymer.2 Due to the pres-
ence of the additional free volume, the mobility of polymer segments becomes enhanced, which
causes the shift of the relaxation times to the lower values. In this sense, the application of
the plastic deformation causes the erasure of the aging history and is usually described as a
rejuvenation effect. Some experimental results also show that dynamics can be accelerated
by shearing a system at high deformation rates, whereas deformation at moderate shear rate
accelerates the aging of the system and is referred to the “overaging”.4

In most experimental studies, the dynamics of a polymer glass is probed during or after the
application of deformation. The dynamics of a mechanically deformed acrylate film was analyzed
by Chateauminois and Janiaud5 in terms of small-strain linear-viscoelastic measurements of
the shear modulus. It was found that immediately after the interruption of the plastic shear
deformation, the linear viscoelastic shear modulus is drastically changed. Such change was
ascribed to the rejuvenation. Then, after deformation in the yield regime, the viscoelastic
shear modulus recovers back its initial value, i.e. the value before the cyclic yield. This
recovery process has been considered as an evidence of an enhanced rate of physical aging in
the mechanically rejuvenated glass.

The rejuvenation and aging effects have also been studied in computer simulations of non-
crystallizing binary Lennard-Jones mixtures.6,7 In terms of the energy landscape it was shown
that large strain deformation can rejuvenate a glass by bringing the system to shallower energy
minima, whereas small-strain deformation overages the system by driving it into the deeper
energy minima.7 In particular, Utz et al.6 have shown that after slow annealing a polymer glass
occupies lower potential-energy sites, which reflects the aging process. This aging effect can be
erased by applying plastic deformation in the yield regime, during which the system is brought
into a higher-energy state. The MD simulation of polystyrene and polycarbonate performed
by Lyulin and Michels8 also derives a similar conclusion, where the influence of thermal and
mechanical histories on the internal energy of these glasses have been studied. It was found that
the internal energy after an extension/recompression deformation cycle is significantly higher
than that of the non-deformed glasses. Moreover, they also showed that the partitioning of
the internal energy is different for the mechanically and thermally rejuvenated polymers: the
thermal rejuvenation is for more than 80 % due to weaker van der Waals interactions, while the
difference after the mechanical rejuvenation is for about 40 % due to increased torsion of the
polycarbonate chains; this means that mechanical rejuvenation is different from the thermal
rejuvenation.

The main goal of the present chapter is to study the mechanical properties of atactic
polystyrene films upon cyclic shear deformation. In analogy with the experiments of5,9 the
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Figure 5.1: Schematic illustration of different stages of simulation of the atactic-polystyrene thin
film.

mechanical properties have been analyzed in terms of small shear-strain linear-viscoelastic mea-
surements of the shear modulus, and large shear-strain non-linear plastic measurements of the
apparent shear modulus. The shear modulus has been calculated in two ways: by measuring
the slope in the linear-elastic regime, and by calculating the storage (G ′) and loss (G ′′) com-
ponents of the complex shear modulus G ∗ during cyclic shear deformations. The main idea of
these simulations is to calculate these moduli and to make a qualitative comparison between
simulations and experiments.

5.2 Stress-strain behavior: shear modulus

In the previous chapter the atactic-polystyrene film, prepared at two temperatures and at two
normal pressures, has been deformed by constant shear. In the present chapter we discuss the
simulation results of the film prepared at temperature 300 K and contact pressure 52 MPa, and
subjected to oscillatory shear. The chosen simulation protocol is similar to the procedure used
by Chateauminois and Janiaud in experiments.5 For the consistency with these experiments,
we will also use the same terminology in the current study.
Initially, the film has been simulated for 100 ns in the absence of the shear deformation (Non-
deformed state, Figure 5.1). After that, 10 complete shear cycles have been performed in the
linear regime up to γ = 2 % of the shear strain (Reference state). Then, 10 shear cycles have
been done at γ = 13 % shear strain, which is above the yield peak (Cyclic yield state). Finally,
each film again has been cyclicly sheared in the linear regime. Despite the small deformation
the film relaxes and therefore this regime is referred to as the Recovery state. After that, each
film has been allowed to relax for 100 ns in the absence of the deformation. This regime is
called the Sheared state. Cyclic shear deformations in the Reference, Cyclic yield and Recovery
states, have been performed at computationally low (γ̇ = 1× 108 Hz) shear rate, which is still
significantly larger than the frequencies (0.05–25 Hz) normally used in experiments.5

Local film structure and local segmental dynamics in non-deformed and cyclicly sheared
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(a) (b)

Figure 5.2: (a) Stress-strain behavior in the Cyclic yield (γ = 13 %) regime of the 16-chains atactic-
polystyrene film during 1st (black line), 5th (red line) and 10th (blue line) cyclic shear
deformation, performed at computationally low, γ̇ = 1×108 Hz, shear rate, temperature
300 K and pressure 52 MPa. Upper inset: Shear-stress response as a function of time
during 10 cycles in the Cyclic yield regime. Lower inset: Experimental results:5 the
stress-strain behavior in the cyclic yield regime (γ = 6.4 %) of an acrylate film during
cyclic plastic deformation at shear rate γ̇ = 1 Hz. Bold line: 2nd cycle; thin line: 60th

cycle. (b) Shear modulus G , measured as the slope in the linear-elastic regime (γ = 2 %),
as a function of the total number of cycles at temperature 300 K and contact pressure
52 MPa.

films will be discussed in the next chapter. In this section we mainly focus on the mechanical
properties of films upon cyclic shear deformation. The main purpose is to calculate the shear
modulus G , by measuring the slope in the linear-elastic regime (γ = 2 %), and to calculate the
storage (G ′) and loss (G ′′) components of the complex shear modulus G ∗ during the Reference,
Cyclic yield and Recovery regimes. It is important to note that in experiments5 the storage
and loss moduli that are measured in the Reference and Recovery states, constitute the linear
viscoelastic shear modulus, while in the Cyclic yield state both moduli correspond to the strain-
and time-dependent apparent shear modulus; they can be calculated from the in-phase and
out-of-phase components of the lateral contact stiffness at the excitation frequency.

In Figure 5.2a we show the typical stress-strain behavior, in a Lissajous representation,
of the 16-chains atactic-polystyrene film in the Cyclic yield state. In this representation the
stress-strain relationship has a hysteretic loop and is qualitatively similar to the experimental
results,5,10 see lower inset in Figure 5.2a. During the plastic deformation both in simulations and
in experiments the stress-strain behavior rapidly evolves from a nearly elliptic cycle (simulations:
black line, Figure 5.2a; experiments: bold line, lower inset in Figure 5.2a) toward a slowly
evolving state, which is characterized by a decrease of the maximum stress and an enhanced
dissipative process. The latter is indicated by an increasing area of the hysteresis loop.



5.2 Stress-strain behavior: shear modulus 77

(a) (b)

Figure 5.3: (a) Storage G ′ (filled symbols) and loss G ′′ (open symbols) components of the complex
shear modulus as a function of the total number of cycles, simulated at temperature
300 K, contact pressure 52 MPa, and γ̇ = 1×108 Hz shear rate. The average values of the
storage and loss moduli in the Reference state are G ′ = 500±11 MPa, G ′′ = 28±12 MPa,
as denoted by the dashed lines. (b) Experimental results for acrylate: Storage G ′ (filled
symbols) and loss G ′′ (opened symbols) components of the complex shear modulus as a
function of total time of the experiment at γ̇ = 1 Hz shear rate. Dashed lines denote the
initial values of the storage and loss components of the viscoelastic shear modulus before
the Cyclic yield regime, and correspond to G ′ = 1066± 9 MPa and G ′′ = 67± 3 MPa.

In Figure 5.2b the simulated shear modulus G (measured as a slope in the linear-elastic
regime) is shown as a function of the total number of cycles, at contact pressure 52 MPa. In
the Reference regime the shear modulus fluctuates, and the average value is equal to G =
585 ± 43 MPa. In the Cyclic yield regime the shear modulus initially is high and after the
first complete cycle drops down, meaning that most plastic structural deformations already
happened during the first cycle. Starting already from the second cycle the shear modulus
changes only rather weakly, which might reflect the steady state. Despite the large fluctuations
in the Recovery regime, the shear modulus has a clear tendency to recover back to the initial
value (i.e. to the state before application of the plastic deformation).

The shear modulus G can only serve as an indication of the structural changes in the linear-
elastic regime. However, it cannot adequately indicate the changes in the mechanical response
of the film during one complete cycle. More information can be obtained by calculating the
storage G ′ and loss G ′′ components of the strain- and time-dependent complex shear modulus,
G ∗, which is equal to G ∗ = G ′ + iG ′′.11 The physical meaning of these moduli is simple: G ′

defines the energy which is stored in the system upon applied deformation, and G ′′ defines the
energy which is dissipated during deformation.

In order to calculate these moduli, firstly, the time-dependent shear strain γ(t) = γ0 sinωt
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is imposed to a top substrate; here γ0 = γ is the strain amplitude (we henceforth drop the
subscript 0). Simultaneously, we measure the time-dependent shear-stress response σ(t) during
the cyclic-shear deformation, and plot it as a function of elapsed time, see upper inset in Figure
5.2a. This shear-stress signal can be fitted by the equation σ(t) = γG ′ sin(ωt)+γG ′′ cos(ωt);11

here ω = 2π/T , where T is the period of one complete cycle, and G ′ and G ′′ are fit coefficients.
We should note here that this fit will adequately work when the film is sheared in the linear
regime, i.e. at low shear-strain amplitudes.

When the glassy polymer is subjected to the large strain amplitudes (i.e. Cyclic yield), the
overall shape of the shear-stress signal is periodic. However, at a closer look, see upper inset
in Figure 5.2a, the value of the stress signal at maximum of deformation is not constant and
drifts. Additionally, there is no symmetry before and after the peak of deformation. Therefore,
we may say that the stress signal can consist of many frequencies, or harmonics, and the former
can be analyzed in terms of the Fourier series, which is not a subject of this thesis.

The drift of the value of the stress signal at the maximum of deformation might be due to
some kind of a Boltzmann ’memory’ effect, i.e. the Boltzmann superposition principle, which
expresses the dependence of the mechanical response of linear viscoelastic material to the
loading history. We also observed that this drift occurs when the strain amplitude is decreased
from 13 % to 2 % after the Cyclic yield regime. In order to take into account this effect, the
stress signal σ(t) has been fitted by the empirical expression

σ(t) = A + γG ′ sin(ωt) + γG ′′ cos(ωt) + bt (5.1)

where coefficient A defines the stress amplitude at t = 0 and b is the drift parameter: after
the second and the third stage the system is not fully relaxed back, and by the end of the third
(Cyclic yield) stage this adds up to the stress A. The relaxation back to the original state takes
place during the recovery stage, and accounts for the term bt.

In Figure 5.3a, the simulated storage G ′ and dissipative G ′′ components of the complex shear
modulus are presented as a function of the total number of shear cycles at contact pressure
52 MPa. In the Reference state the storage and loss moduli are almost constant and do not
change with number of cycles. The average values are G ′ = 500± 11 MPa (upper dashed line,
Figure 5.3a) and G ′′ = 28 ± 12 MPa (lower dashed line, Figure 5.3a). The average values of
the storage and loss moduli in the Reference state are taken as the reference points, i.e. as the
initial values of the moduli before the Cyclic yield regime.

In the Cyclic yield regime a strong drop in G ′ and a corresponding increase in G ′′ are
observed which reflect changes in the segmental glassy dynamics. Simulation results show that
most of these changes occur within about 3 cycles, Figure 5.3a. Then, as the number of cycles
in the yield regime increases, a rather small drift of G ′ and G ′′ toward a steady state takes
place.

In the Recovery regime, immediately after interruption of the plastic deformation, the sim-
ulated storage modulus initially is decreased and the loss modulus is increased with respect to
the Reference state, Figure 5.3a. Then, a recovery of the storage modulus back to the reference
value is observed. No clearly visible recovery process is observed for the loss modulus. Despite
fluctuations the value of loss modulus rather weakly changes with the number of cycles, and the
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average value is G ′′ = 62± 10 MPa, which is about two times larger than the reference value,
meaning that in the plastically sheared film the energy-dissipation mechanisms are enhanced.

The simulation results are in qualitative agreement with the experimental results performed
by Chateauminois and Janiaud,5 which are also presented in Figure 5.3b. In the Reference
state the experimental storage and loss components of the viscoelastic modulus are G ′ =
1066± 9 MPa and G ′′ = 67± 3 MPa. They are marked by the dashed lines in Figure 5.3b. The
large value of the storage modulus (G ′ = 1066 ± 9 MPa) as compared to the simulated value
(G ′ = 500± 11 MPa) might be explained, first of all, by the difference in the polymer samples
(polystyrene and acrylate), and secondly, by the difference in the film thickness (50 nm and
50µm) and applied frequencies (108 Hz and 1 Hz). As was mentioned in the previous chapter,
Christopher et al.12 experimentally found that the elastic modulus decreases drastically as
compared to the bulk value when the film thickness decreases. The large value of the loss
modulus (G ′′ = 67± 3 MPa) as compared to the simulated value (G ′′ = 28± 12 MPa) can be
additionally explained in terms of the shear rates used in simulation and experiment: from the
viscoelasticity theory it is seen that the loss modulus at higher frequency is smaller as compared
to lower-frequency values.

As was mentioned above, in the Cyclic yield regime the storage and dissipative moduli can
be expressed as the components of the apparent shear modulus. A strong drop in the apparent
storage modulus and a corresponding increase in the apparent loss modulus is observed in
experiments,5 which is similar to the simulation results. Most changes in the glassy dynamics
happen within about 50 cycles (= 50 s), Figure 5.3b, and the slow drift of both moduli toward
a steady state takes place.

In the experimental Recovery regime, immediately after cyclic yield, the storage modulus
is decreased by about 15 % and the loss modulus is increased by about 80 % as compared to
the initial (i.e. before yield) viscoelastic modulus, Figure 5.3b. Then, a progressive recovery of
these linear viscoelastic properties is observed as a function of time. We should note here that
the recovery process of the loss modulus is quite fast, while the storage modulus is not recovered
neither after 240 s nor after additional 2000 s of experiment. However, in experiment the initial
viscoelastic properties were fully recovered when the film was heated above Tg and cooled down
again. In the simulations we have a somewhat opposite effect: the storage modulus almost
recovers back, while the mean value of the loss modulus is twice larger than the reference value.
The possible reason for this discrepancy could be first of all the computationally high shear rate
(γ̇ = 1 × 108 Hz) as compared to the low experimental value (γ̇ = 1 Hz). Also, from the
point of view of simulations, the 50µm-thin film used in experiment is considered as a bulk as
compared to the thin films on the nanoscale. Additional to this, we can say that the segmental
motions are in the experiments probed on a far larger scales than in the simulations.

The large changes in the viscoelastic moduli upon application of the plastic deformation
might be attributed to the mechanical rejuvenation, in sense that it reflects the enhanced
mobility of plastically deformed polymer glass. A recovery process might be considered as an
evidence of enhanced physical-aging rate of the mechanically rejuvenated glass.
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Figure 5.4: Various contributions to the total internal energy (squares) during the 1st and the 10th cy-
cle of the deformation in the yield regime, at low simulated shear rate γ̇ = 1×108 Hz, tem-
perature 300 K and contact pressure 52 MPa. The contributions are given by excluded-
volume (circles), stretching (crosses), bending (triangles), and torsion (diamonds) inter-
actions. The thin black line corresponds to the stress-strain signal during the Cyclic yield
regime.

5.3 Energy partitioning in the cyclic-yield regime

Figure 5.4 shows the evolution of the total internal energy (squares) during the 1st and the
10th cycle in the yield regime, at low simulated shear rate γ̇ = 1× 108 Hz, temperature 300 K
and contact pressure 52 MPa. As can be seen from this figure, upon the oscillatory shear
deformation in the yield regime, the total internal energy regularly oscillates. These oscillations
are connected to the corresponding oscillations of the shear-stress signal, which is marked by
the thin line in Figure 5.4.

The maximal change of the internal energy is observed at the maximal or minimal value of
the shear-stress signal. Minima in the internal energy correspond to the moments when the
shear strain is zero, but the film is at finite stress. It is clearly seen that after each subsequent
half of the cycle, the film is brought to a higher-energy state as compared to the previous cycle.
These results are in agreement with the simulation results of binary Lennard-Jones mixtures6,7

and with simulations of glassy polystyrene and polycarbonate.8 In these studies it was shown
that due to the application of the plastic deformation the samples were brought into a new
energy state with a higher energy as compared to the initial, non-deformed sample.

Time evolution of different contributions to the total internal energy (excluded-volume
interactions, stretching of covalent bonds, bending and dihedral angle torsions) during the
cyclic yield is also shown in Figure 5.4. The obtained picture is qualitatively similar to the
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simulation results discussed in the previous chapter, where the constant shear deformations
have been studied. The overall change in the internal energy is mainly governed by the change
in the non-bonded, excluded-volume interactions. Such interactions as stretching, bending and
torsion contribute rather weakly to the total internal energy.

5.4 Conclusions

Molecular-dynamics simulations have been used to study the influence of cyclic shear deforma-
tion on the mechanical properties of an atactic-polystyrene capped film both in the viscoelastic
linear- and cyclic-yield regimes. The simulated results have been also compared with the results
obtained experimentally by A. Chateauminois and E. Janiaud at ESPCI, Paris. In the experi-
ments the investigations have been focused on the nonlinear shear properties of glassy acrylate
systems up to the yield point. Despite the difference in polymers and the time-scales covered
by the simulations and experiments we found that to some extent the mechanical properties of
simulated thin films change in qualitative agreement with experiments.

The experimental results show that upon cyclic shear deformation in the yield regime, the
shear behavior of the acrylate glass evolves slowly towards a steady state, which is characterized
by a decrease of the maximum stress and an enhanced dissipative process. In experiments this
steady state is reached within 50 cycles, where the storage and loss components of the strain-
and time-dependent apparent shear modulus rapidly decreases and rises, respectively. Similar
results have been obtained from the simulations. A strong drop of storage modulus and corre-
sponding increase of the loss modulus is observed which reflect changes in the segmental glassy
dynamics within about 3 cycles. Immediately after application of the shear deformation in the
yield regime, both experiment and simulation show that the storage modulus is decreased and
the loss modulus is increased as compared to its initial value. Such changes in the viscoelastic
moduli upon application of the plastic deformation might be attributed to mechanical rejuvena-
tion, in sense that it reflects the enhanced mobility of plastically deformed polymer glass. After
the cyclic yield regime the recovery regime starts. This recovery process might be considered
as an evidence of enhanced physical-aging rate of the mechanically rejuvenated glass.

The evidence of the mechanical rejuvenation can be also observed by calculating the internal
energy during the cyclic-shear simulation. Some simulations of the glasses show that the plastic
deformation brings a system to a higher-energy state.6–8 A similar effect has been also found
in our simulations: upon cyclic-shear deformation the total internal energy regularly rises and
drops, and after each subsequent shear cycle, when the deformation is zero, the film is brought
to a new state with a higher energy as compared to the previous cycle.
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Chapter 6

Structure and segmental dynamics of
capped atactic polystyrene film before
and after cyclic deformation

In this chapter the influence is discussed of the cyclic shear deformation on the local film struc-
ture and local segmental dynamics in the capped atactic polystyrene films. Local film structure
is studied with the help of density measurements and by calculating the local orientation of
monomers in different layers of each simulated film. We found that by introducing the con-
fining structured substrate the polymer films become heterogeneous in density, with a clearly
stratified structure. The confinement causes a slight increase in the orientation of the phenyl
groups close to the supporting substrates, which disappears towards the middle of the film. The
main effort has been made to calculate the segmental orientational and translational dynamics
averaged over the film as well as in different layers. We found that segmental mobility of poly-
mer monomers is different from layer to layer, with fast dynamics in the middle layers, and slow
dynamics close to both confining substrates. The application of the cyclic shear deformation
causes a rejuvenation effect, which is highly manifested in the middle layers, although it is
only temporal. In contrast to this, the two interface layers at both confining substrates are
not rejuvenated; they become well aged. We also show results on the relaxation times for the
stress-stress autocorrelation function and time-dependent shear modulus.
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6.1 Introduction

The understanding of the polymer segmental dynamics across thin films is important for different
technological applications. Many techniques have been employed to study segmental dynamics
of polymer chains with the goal to understand the general behavior of polymers.1–10

Experiments and simulations have shown that segmental dynamics in glassy polymer films is
different from that in bulk.5,11 NMR experiments5 on confined 2 nm polystyrene films revealed
that the dynamically slowest styrene fragments are found in the vicinity of the confining surface,
while faster relaxation appears toward the center of the film, with lower local density. Serghei et
al.12 have suggested that the main reason for observation of the altered dynamics in thin polymer
films might be the application of different annealing conditions and experimental techniques.

Molecular-dynamics simulation studies have also shown that both the chain mobility13 and
the chain relaxation times14 can be slowed down by few orders of magnitude in the vicinity of
the surfaces in capped films. MD simulations of a free-standing film have shown an opposite
effect: polymer segments near free surfaces are much faster as compared to the middle part.15

Recently it was shown that macroscopic mechanical response in polymer glasses is closely
connected with the segmental motion of polymer chains.16–18 Polymer glasses have a broad
spectrum of relaxation times.19 This spectrum is usually connected with polymer segmental
mobility that, in turn, gives the structural relaxations. The latter is usually referred to as
physical aging.20 The influence of confinement effects on physical aging in thin glassy polymers
is still much studied and poorly understood.21–27

The polymer glasses are usually prepared after fast cooling, and as a result, they are in a
nonequilibrium state. Due to this nonequilibrium nature, the polymer glass slowly drifts over
time towards an equilibrium causing aging of the glass.26 The physical aging is not the same as
chemical aging, where irreversible chemical modification of valence bonds takes place. During
physical aging there is only reversible change in physical properties. The effect of physical aging
can be removed by heating a system above the glass transition, which is usually referred to as
thermal rejuvenation. It has been experimentally found28 that a polymer sample can also be
rejuvenated by application of deformation. The aging kinetics of polymer glasses, for example,
has been studied by Govaert et al.29 by measuring the time evolution of the yield stress for both
quenched and mechanically deformed polymer samples in the postyield range. First of all, a
significant decrease in yield stress for the mechanically deformed polystyrene and polycarbonate
glasses has been found. Additional to this, Govaert et al.29 found that mechanically deformed
glass has the same rate of physical aging as thermally quenched glass. Due to this effect they
concluded that the polymer glass can also be rejuvenated as a result of mechanical deformation.
A similar conclusion has been made from recent MD simulations,30–32 where it was shown that
polymer glass can be aged and subsequently mechanically rejuvenated.

The aim of this chapter is to show the influence of cyclic shear deformation on the local film
structure and local segmental dynamics in a capped aPS film, simulated at two temperatures and
at two external normal pressures. The local film structure is studied with the help of density
measurements and by calculating the local orientation of monomers close to the supporting
substrates and in the middle part of each simulated film. The main effort has been made to
calculate the segmental orientational and translational dynamics of all simulated capped films.
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Figure 6.1: Schematic illustration of different stages of simulation of the atactic-polystyrene thin
films.

An additional attempt has been made to study the segmental dynamics in different layers of
each film. Preliminary results are reported on the relaxation times for the stress-autocorrelation
function and time-dependent shear modulus.

6.2 Density profiles and local ordering of monomers

As was mentioned in §2.4 the capped films have been prepared at two normal pressures (32 MPa
and 52 MPa) and two temperatures (300 K and 370 K). To have better insight in the simulation
protocols, different stages of simulation of aPS capped films are schematically illustrated in
Figure 6.1.

Initially all samples have been simulated for 100 ns in the absence of shear deformation
(Stage 1, A-B), Figure 6.1. After that the polymer film has been cyclicly sheared at high
(γ̇ = 200 × 108 s−1) and low (γ̇ = 1 × 108 s−1) shear rates (Stage 2–4, B-C and B-D). After
10 cycles of shear deformation each film has been allowed to relax again for 100 ns (Stage
5, C-E and D-F). In this section we first compare structural properties, such as density and
local ordering of monomers, of the 16-chains supported film with corresponding properties of
the capped film in the absence of shear deformation (Stage 1). After that the same static
properties for the non-sheared (Stage 1) and cyclicly sheared (Stage 5) capped films will be
compared.

6.2.1 Supported and capped films

Figure 6.2a presents the density profiles of the 16-chains aPS supported and capped films
simulated at temperature 300 K and normal pressure 52 MPa. It is clearly seen that the density



86
Structure and segmental dynamics of capped atactic polystyrene film before and

after cyclic deformation

(a) (b)

Figure 6.2: (a) Density profiles of 16-chains film supported by one substrate (dashed line) and con-
fined by two substrates (solid line). Two arrows indicate the shift in the density profile
as explained in the text. (b) The order parameter P2 of the aPS side vector in different
layers of supported (filled squares) and capped (open squares) films. For the capped film
both density and order parameter have been calculated at normal pressure 52 MPa and
at temperature 300 K.

profiles have qualitatively different shapes: a non-symmetric shape for the supported film (with
one substrate and one free interface) and an almost symmetric shape for the capped film.
Both for the supported and capped films we observe a large increase of the density close
to the substrate(s) due to the strong adsorption (complete wetting) of polymer segments.33

Additionally, for the capped film an almost symmetrical profile is due to the similarity of both
substrates. Moreover, in the capped film, due to the presence of the “structured” substrate
(mimicked by the equation (2.13)), a very small shift of the density profile is observed towards
the substrate. This shift becomes more pronounced with increasing distance from the bottom
substrate, as is denoted by vertical arrows in Figure 6.2a. Due to the presence of the supporting
substrate and the applied external pressure the united atoms are highly compressed and trapped;
this causes small shift in the density profile. Larger shift at ∼ 0.5 ÷ 1 nm is due to local
rearrangements of monomers and decreasing of the free volume under influence of the applied
pressure. The average density in the middle of the films at 300 K and 52 MPa is ρ = 1.02 ±
0.02 g/cm3 and ρ = 0.98± 0.02 g/cm3 for the supported and capped films, respectively.

The influence of the substrate on polymer local structure is also checked by measuring the
local ordering of monomers in different layers of the supported and capped films. The procedure
for the calculation of the order parameter is the same as in §3.3. Figure 6.2b shows the order
parameter which is calculated inside subsequent layers of 0.35 nm thickness for the supported
(filled squares) film and 0.42 nm-layers for the capped (open squares) film. The order parameter
is calculated for the side vector ~usd that connects two united atoms, -CH–C-, as it is shown in
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Figure 3.2.

For both films the order parameter of the side vectors in the middle of the film is rather
small, P2 ∼ 0.1, and is the same within error margins. At the lower substrate (z = 0) the order
parameter for the supported film is higher, P2 ∼ 0.45, as compared to the value, P2 ∼ 0.27, for
the capped film. The possible reason for this might be the usage of the additional potential,
equation (2.13), which makes the simulated substrate structured, due to which polystyrene
monomers have less opportunity to perfectly arrange themselves in the vicinity of this substrate.
The order parameter of side vectors close to the upper substrate is about P2 ∼ 0.28 while in
the case of the polymer-vacuum interface the order parameter is much smaller, P2 ∼ 0.14. This
also shows some additional ordering influenced by the second substrate.

Analyzing the eigenvectors for the largest eigenvalue (i.e. P2) of the diagonalized order
tensor Sα,β, see §3.3, we found that there is no preferable orientation for the phenyl-ring
vectors. Close to both substrates the phenyl rings are either normal or parallel to the plane of
the substrate, schematically shown in the inset, Figure 6.2b.

From the order parameter of the side vectors it follows that these vectors are preferably
oriented parallel to the plane of the substrate. For the capped film simulated at 300 K and
pressure 52 MPa the side vectors are aligned along the direction of symmetry (either X or Y )
of the structured substrate. The main cause of this might be the presence of the “structured”
(in X and Y directions) substrate, as it was already mentioned above.

6.2.2 Capped films before and after application of cyclic shear defor-
mation

It is known that during structural relaxation the free volume of a polymer film decreases causing
an increase of the density. In this section we do not discuss the change in free-volume of a
sample, instead, we monitor the density and the local ordering of monomers at different stages
of the simulation (see Figure 6.1) of the capped film. To calculate density profiles and order
parameters, trajectories of 1 ns have been used.

In Figure 6.3a the density profiles and in Figure 6.3b the order parameters have been
compared for the capped film at the beginning (point A, Figure 6.1) and at the end (point B,
Figure 6.1) of the relaxation without shear. Both the density and order parameter show no
significant changes after relaxation of the film for 100 ns, meaning that in simulated films the
aging is very slow and exceeds the simulated time interval.

The influence of cyclic shear on the same structural properties was studied next. We
compare the density and the order parameter of the side vectors in different layers of the
capped film after relaxation for 100 ns (point B, Figure 6.1) with corresponding quantities of
highly (γ̇ = 200 × 108 s−1, point C, Figure 6.1) and slowly (γ̇ = 1 × 108 s−1, point D, Figure
6.1) sheared films, Figure 6.3c, 6.3d. In all cases the density and order parameter close to
both substrates as well as in the middle of the film are not affected by either high or low shear
deformation. The absence of changes in the density profiles and in the order parameter after
application of cyclic shear might be caused by rather small shear deformation, γ = 0.1÷ 0.13.
Nevertheless, this value of the shear deformation is well above the yield peak, and deformation
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(a) (b)

(c) (d)

(e) (f)

Figure 6.3: Density profiles (a,c,e) and order parameter P2 (b,d,f) for the 16-chains capped film at
different moments of simulation. The characters from A to F correspond to different
protocols of simulation, for more details see Figure 6.1. (c,d) Points B and C statistically
coincide.
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is in the non-linear regime already.
The same physical picture, Figures 6.3e and 6.3f, is observed when density and local ordering

are calculated at the beginning (points C, D, Figure 6.1) and at the end (points E, F, Figure
6.1) of relaxation for 100 ns of both highly and slowly sheared films.

Finally we may conclude that the structural properties of the simulated capped films have
not been changed during relaxation for the quite long time and have not been affected by
the cyclic shear deformations. Now we would like to see the possible effect of shear on the
segmental dynamics.

6.3 Layer-resolved segmental dynamics

In the previous section it was shown that the structural properties, such as density and local
ordering, in different layers of the capped film are not changed during relaxation in the absence
of the shear and are not affected by high/low cyclic shear deformation in the non-linear regime.
Here we report dynamical properties for the non-deformed isotropic films (Stage 1, Figure 6.1)
and compare them with corresponding properties for the cyclicly sheared (Stage 5, Figure 6.1)
films.

The investigation of the dynamical properties in physics is usually connected with the calcula-
tion of time correlation functions.34 In computer simulations such calculations can be performed
relatively easily by saving corresponding coordinates of particles at every time step, although
it requires significant use of the CPU time and memory of the computers. For this reason, in
order to decrease the memory consumption, all previously mentioned films have been simulated
for different time intervals, and with different time resolutions, depending on the length of
each run. Further, we will call these time intervals waiting times, although they are actually
the observation times; the observables change during observation and the change is averaged
over the interval. The segmental translational and orientational mobility will be measured over
different time intervals. Therefore, the simulated results at fixed temperature, pressure, and for
a chosen film or layer in Figures 6.4–6.7 and 6.9 will consist of corresponding different curves.

6.3.1 Segmental translational dynamics

The most common approach to measure local segmental dynamics in any simulated system is
to calculate the mean squared displacement (MSD) of chosen particles. The mean squared
displacement is usually defined as〈

~r 2(t)
〉

=
〈

[~r(t0 + t)−~r(t0)]2
〉

(6.1)

here ~r(t0) is the radius vector of a given particle at time t0, and ~r(t0 + t)−~r(t0) is the distance
traveled by a particle over the time interval t. Brackets 〈...〉 denote an average over particles
and over time t0.

First we analyze the MSD for the non-deformed aPS capped film, Figure 6.4, in different
layers and at two temperatures. Initially, the film was divided into five equal layers, with
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Figure 6.4: Mean squared displacement in three layers (bottom (black lines), middle (blue lines), and
top (red lines)) of the capped film for the non-deformed film at 300 K (solid lines) and
370 K (dotted lines) at normal pressure 52 MPa, Stage 1, Figure 6.1. The two horizontal
dashed lines denote the squared half-width of the layer thickness (h/2)2, and the squared
radius (σCH/2)2 of the united atom chosen to calculate the MSD.

thickness h ' 1 nm for each layer. For simplicity we consider only the two layers that are in
direct contact with the supporting substrates, and one layer in the middle part of the film.
From now on, these layers will be called top, bottom and middle layers, respectively. The two
intermediate layers, between top and middle layer, and between middle and bottom layer, will
not be shown.

Figures 6.4a-c present the MSD calculated at two temperatures (300 K and 370 K) in the
top, middle and bottom layers for the capped film, respectively. Initially, particles move bal-
listically, meaning that they do not collide with any other particles, and the traveled distance
is proportional to the time interval, giving a quadratic (slope=2) increase in the MSD. In the
ballistic regime 〈r 2(t)〉 = v 2t2, where v =

√
3kBT/m is the average thermal velocity of parti-

cles; v ∼ 650 m/s at 300 K and v ∼ 840 m/s at 370 K. An increase in the temperature leads to
an increase in the mobility of monomers, marked by an increase in the MSD at shorter times,
Figure 6.4. When the temperature is below the glass transition, particles are temporally frozen
and trapped in local cages made by surrounding united-atoms. Motion in a cage is exhibited by
the plateau of the MSD, and is called β-relaxation. As can be seen from Figure 6.4, the cage
size in different layers of film is different. The size of the cage (or actually the displacement
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Figure 6.5: MSD in the top (a) middle (b) and bottom (c) layers for the non-deformed, Stage 1
(solid lines), and for the cyclicly sheared, Stage 5 (dotted lines), capped films. In all
figures black and red lines correspond to simulated systems at two temperatures, 300 K
and 370 K, respectively.
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within the cage) in the top/bottom and middle layers can be estimated from the level of the
plateau; 〈r 2(t)〉1/2 ∼ 0.06 nm, and 〈r 2(t)〉1/2 ∼ 0.09 nm, for the top/bottom and middle layers,
correspondingly. Knowing these values we can estimate the characteristic time for the ballistic
motion from tblst = 〈r 2(t)〉1/2/v , which gives tblst = 0.09 ps and tblst = 0.14 ps inside the
top/bottom layer, and middle layer, respectively. The increase of the temperature causes an
increase of the plateau value, meaning that the average size of the cage also increases, as shown
in Figure 6.4. After some time particles start to escape from the cage, which is manifested by
a further increase in the MSD. The out-of-cage escape is usually referred to as the α-relaxation
process.

During simulation particles can exchange between layers. Because of this the calculation of
dynamical properties in layers is not so trivial. One way to solve this issue is just not to take into
account particles which move outside the layer. However, in this study we accept the way which
was also used by Baschnagel,35 where the total number of particles inside a layer is defined at
the initial time t0, and is kept during the calculation of dynamical properties. Obviously, with
increasing time t the fraction of particles that leave the original layer increases. In this case
the calculation of local segmental mobility is made over particles which are still present in the
original layer and particles that have already left it. Therefore, for a long simulation time the
local dynamics in a chosen layer will be a mixture of local motions inside this layer plus local
motions from the neighboring layers. So, in terms of the MSD we should define a limit after
which the averaging over particles in a chosen layer has no meaning anymore. This limit might
be estimated as the time which is needed for a particle to travel from the center of a layer to
the neighboring layer in the direction perpendicular to the wall, i.e. to travel a distance of h/2
(dashed line in Figure 6.4). From this figure it is seen that for a sufficiently long time (more
than 100 ns) the MSD does not reach 〈r 2(t)〉 ∼ (h/2)2 = 0.25 nm2 meaning that the simulated
particles are highly immobile. Another estimation can be produced from the displacement of
the –CH– backbone united-atom (σCH = 4.153 Å) on a half of diameter σCH/2 (also shown in
Figure 6.4 by dashed line).

In analogy with the calculation of the structural properties we compare local dynamics in
different layers for the non-deformed and cyclicly sheared capped films. In Figure 6.5 the MSD
is shown for the non-deformed, Stage 1 (solid lines) and cyclicly sheared, Stage 5 (dotted lines)
capped films in the top (a) middle (b) and bottom (c) layers. In all figures, black and red lines
correspond to films simulated at two temperatures, 300 K and 370 K, respectively.

First let us discuss the MSD for the top layer, Figure 6.5a. As can be seen from this figure
the initial ballistic motion of particles inside both the undeformed and cyclicly deformed film
is the same. Then, starting at t ∼ 1 ps the “cage effect” appears. It is clearly seen that the
MSD for the cyclicly deformed film is shifted to lower values. Physically it means that motion
of particles becomes more restricted after deformation. The average size of the cage is lower as
compared to the undeformed sample. The main cause of this is rearrangement of atoms under
influence of repeated shear that leads to better monomer packing. Due to this the out-of-cage
escape for the cyclicly deformed film happens at a later time.

The shift in the MSD to lower values for the deformed film can be explained assuming
that polymer material in the top layer has become more aged and apparently the monomers
continue to stay in their original cages. For the top layer it is indeed so. The MSD, Figure
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6.5a, is calculated for the top layer of 1 nm thickness. From the velocity profiles, Figure 4.8a,
it is clearly seen that monomers in the top three layers (up to about ∼ 1.2 nm, Figure 4.8a)
follow the displacement of the substrate upon shear deformation, meaning that monomers are
rather weakly displaced with respect to each other.

From the average displacements, Figure 4.7b, it is clearly seen that the bottom layer up
to about γ ∼ 15 % of the shear strain is weakly deformed. Cyclic-shear deformation has been
performed in the yield regime up to about γ = 13 % shear strain, meaning that the bottom
layer is still weakly affected by cyclic shear deformation. Due to this one might expect that the
polymer material in the bottom layer is even stronger aged than the top layer. From Figure
6.5c it is clearly seen that the MSD is shifted to lower values for the deformed films at two
temperatures. Due to aging the average cage size became smaller and out-of-cage escape starts
later.

In Chapter 4, it was pointed out that due to the presence of the shear banding the middle
part is highly deformed and most plastic deformations occur in this region. Due to this we
may expect that upon cyclic shear the material in the middle layer may become younger or
rejuvenated. The rejuvenation will lead to increase in the mobility of monomers, and this will
lead to an early out-of-cage escape. The simulation results revealed that after application of
the cyclic-shear deformation the mobility of monomers in the middle layer is indeed increased,
as is demonstrated in Figure 6.5b. From this figure it is seen that for the sheared middle layer
the out-of-cage escape happens roughly at t ∼ 30 ps, much earlier than t ∼ 300 ps for the non-
deformed middle layer. Based on this we may conclude that middle layers are rejuvenated after
shear deformation. From Figure 6.5b it is also visible that the rejuvenation effect is temporal,
depends on the simulation time and disappears after 1000 ps of relaxation.

After 1000 ps simulation time the polymers in the middle layer also becomes aged, which
causes a shift in the MSD to longer times. At long enough simulation times the translational
mobility of monomers in the sheared sample approaches to the MSD values for the non-deformed
sample, meaning that already after 1000 ps the effect of rejuvenation is already erased, and the
sample reached the same aged state as the non-sheared film.

6.3.2 Segmental orientational dynamics

In experiments polymer segmental relaxation can be studied with the help of different techniques
such as NMR,36 dynamic light scattering,37 dielectric spectroscopy.38 In the MD simulations the
most common approach to study the polymer segmental relaxations can be done by following
the time-evolution of a specific vector ~u that represents a chemical bond. For the polystyrene
monomer various different vectors might be defined, see Figure 3.2. For the calculation of
the segmental orientational dynamics we chose the side vector ~usd , that connects two united
atoms, -CH–C-. The orientation of this vector can be measured by calculating the second-order
Legendre polynomial function P2(t)

P2(t) =

〈
3

2
(~usd(t0) · ~usd(t + t0))2 − 1

2

〉
(6.2)
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Figure 6.6: The orientational correlation function P2(t) of the side vectors in three layers (bottom
(black lines), middle (blue lines), and top (red lines)) of the capped film for the non-
deformed capped film at 300 K (solid lines) and 370 K (dotted lines) and at normal
pressure 52 MPa.

where the position of the unit bond ~usd vector is measured at time t0 and at time t + t0. The
brackets 〈...〉 denote both a time averaging and the averaging over all vectors in the simulated
system.

Again, each capped film has been divided into five equal (h ' 1 nm) layers and for each
layer the orientation autocorrelation function P2(t) of the side vector has been calculated. As
was already emphasized in the previous section, during simulation the particles move between
neighboring layers. Obviously, it also causes the motion of the side-bond vectors to other layers.
The problem with migration of these vectors has been solved almost in the same way as was
done for the calculation of the MSD: vectors are inside a chosen layer, if the center of the
side-bond vector belongs to this layer.

Figure 6.6 presents the orientational autocorrelation function P2(t) of the side vector in the
top (red lines), middle (blue lines), and bottom (black lines) layers for the non-deformed capped
film at 300 K (solid lines) and 370 K (dotted lines) and at normal pressure 52 MPa. As can
be seen from Figure 6.6 at short times (up to 0.2–0.3 ps) the P2(t) exhibit fast decay that is
connected with the ballistic motion of side vectors. Then for longer times (up to about 300 ps),
the cage effect occurs (see the MSD in Figure 6.4), which is exhibited in the slow decay (β-
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relaxation) of the P2(t) correlation function. Due to the presence of two supporting substrates
the relaxation at two interfaces is very slow as compared to the middle layer. An opposite effect
was observed in simulations made by Mansfield et al.39 of bulk atactic polypropylene with a free,
not-supporting surface: the bulk polymer exhibits slow relaxation while the free surface shows
much faster relaxation. Their results suggest that the role of a free interface is to increase
the segmental mobility there, and, as a consequence, to reduce the average Tg value for the
whole sample. The free interface behaves as a melt (i.e. it has a lower Tg ) in contrast to the
frozen glassy middle (bulk-like) layer. The simulation of free-standing films made by Baljon
et al.15 showed that the presence of the free interfaces affects α and β-processes differently;
the β(α)-process is faster (slower) in the center of films and slower (faster) close to the free
surface.

In Figure 6.6 it is shown that the relaxation of the side-bond vectors at high temperature
(370 K, dashed lines) is much faster than at low (370 K, solid lines) temperature. In spite of this
fast relaxation at elevated temperature, the aging effect is also clearly visible: with increasing
simulation time the P2(t) curve is shifted to larger times.

Next we compare local relaxations in layers for the non-deformed and cyclicly sheared film.
Figure 6.7 presents the orientational correlation function P2(t) of the side vectors in three layers
of the capped film for the non-deformed (solid lines) and cyclicly sheared (dotted lines) capped
films at 300 K (black lines) and 370 K (red lines) and at normal pressure 52 MPa.

The observed picture is in qualitative agreement with the MSD measurements. The rela-
xation in the top and bottom layers, Figures 6.7a and 6.7c, of the non-deformed film is slower
than in the middle layer, due to confinement (i.e. strong interaction with substrate) and due
to the aging. A rather weak shift of the P2(t) curve to larger relaxation times with increase of
the simulation time is also observed for these layers.

As was shown previously, the application of cyclic shear did not rejuvenate polymers in these
layers. Instead, because of the rather long simulation time of 100 ns (Stage 1) and additionally
52 ns (Stage 2) the polymers are well aged. For the middle layer, Figure 6.7b, the physical
picture is different as compared to the top and bottom layers, and is also in agreement with the
MSD calculations. Application of the cyclic shear causes rejuvenation of polymers in the middle
layer, although this effect is only temporal. The maximal effect of the rejuvenation is observed
up to about t ∼ 1000 ps, where the difference between the segmental orientational mobility of
sheared and non-sheared middle layers is rather large. For simulations longer than 1000 ps the
effect of rejuvenation is almost erased, and a rather weak difference between rejuvenated and
non-sheared film is observed.

The effect of aging and rejuvenation is also observed at high temperature, 370 K. At this
temperature the decrease in the side-bond-vector orientation is much faster than at the low
temperature, meaning that the united-atoms are more mobile.

The side-bond vector loses its original orientation at about the relaxation time. Since
the motion of the side-bond vector is not homogeneous, the relaxation of P2(t) cannot be
fitted with a simple exponential function. Therefore, the stretched exponential function, the
Kohlraush-Williams-Watts (KWW) equation, is used to extract the relaxation time
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Figure 6.7: The orientational correlation function P2(t) of the side-bond vectors in the top (a) middle
(b) and bottom (c) layers for the isotropic non-deformed (solid lines) and for the cyclicly
sheared (dotted lines) capped films. In all figures black and red lines correspond to
simulated systems at two temperatures, 300 K and 370 K, respectively.
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(a) (b)

Figure 6.8: (a) Relaxation time τ of P2(t) as a function of the total waiting time tw averaged over
the whole capped films that are simulated at two pressures 32 MPa and 52 MPa, and
at two temperatures, 300 K and 370 K. Vertical dashed lines denote the end of stages
according to Figure 6.1. (b) Relaxation time as a function of the waiting time for the
whole film (blue squares), top (diamonds), middle (triangles), and bottom (cycles) layers
at 52 MPa and 300 K. In both figures the filled and opened symbols correspond to the
relaxation times for the non-deformed and sheared films, respectively. The solid lines are
guides to the eyes and denote the power law with the exponent µ = 0.88.40

PKWW (t) = A exp

(
−
( t

τ

)β)
(6.3)

where τ is the characteristic relaxation time, and β is the stretching parameter and may vary
between 0 and 1.

The correlation function P2(t) was calculated for different simulation or observation times
(from now, instead of “simulating time” we will use “waiting time”, tw ). Such a waiting time
was discussed also in;40 however, there it was a true waiting time before the measurements
started. As was shown above with increase of the waiting time the P2(t) curve is shifted to
longer times, meaning that relaxation of side-bond vectors is slowed down due to aging. A similar
observation has been made by Kob and Barrat,40 who performed MD simulations to study aging
effects in the Lennard-Jones binary mixture. They followed the relaxation of the system with
the help of the two-time correlation function Cq(tw , t + tw ) = 〈exp {iq[ri(tw + t)− ri(tw )]}〉,
where tw denotes the waiting time elapsed after the quench. They found that with increase
of the waiting time the relaxation time also rapidly increases, meaning that system loses its
initial configuration slower. Additionally, it was also shown that the relaxation time changes
with waiting time as a power law with an aging exponent µ = 0.88.40

Using expression (6.3), the relaxation time τ is measured for the whole film, top, middle,
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and bottom layers, at two temperatures and pressures and plotted as a function of the waiting
time tw , Figure 6.8. We found that the relaxation times of the whole non-sheared film are
very close to each other at two temperatures and two pressures, and at fixed tw , and follow
a power law with increasing waiting time, with the average exponent µ = 0.53. Immediately
after application of the cyclic-shear deformation the relaxation times are shifted to lower values.
The main cause is the rejuvenation effect, which is temporal, and ends roughly at 1000 ps. The
relaxation of the whole cyclicly sheared film at pressures 32 MPa, 52 MPa and temperature
300 K is very slow, with the aging exponent µ = 1.2. At temperature 370 K the relaxation is
much faster, and the aging exponent is µ = 0.44.

From the segmental translational and orientational mobility, Figures 6.5 and 6.7, it is clearly
visible that segmental relaxation is different in different layers. Calculation of the relaxation
time of layers showed, Figure 6.8b, that relaxation is much faster in the middle layer than in the
top and bottom layers. After cyclic shear the relaxation of the middle layer is slightly shifted
to larger relaxation times, while for the top and bottom layers the relaxation is slowed down,
meaning that the aging effect is very strong at both interfaces.

6.4 Stress-stress relaxation

In Figure 1.4a we have shown that the shear modulus can be calculated as the slope in the
elastic regime upon small (up to 2 %) shear deformation. In this section an attempt has been
made to calculate the time-dependent shear modulus G (t) from the stress-stress autocorrelation
function41

Gαβ(t) =
V

kBT
〈σαβ(t0)σαβ(t + t0)〉 (6.4)

where α, β = x , y , z ; V is the total film volume, and σαβ(t) is the stress tensor, as was explained
in §2.4.3. Knowing the components of the shear-modulus tensor one is able to compute the
total time-dependent shear modulus as17

G (t) =
1

3
(Gxy (t) + Gxz(t) + Gyz(t)) (6.5)

Figure 6.9 shows the relaxation of the total shear modulus G (t), calculated for different waiting
times tw . Although there is no full stress relaxation in the simulated time interval we can
still observe a weak trend. As can be seen from this figure, with increase of the waiting time
the relaxation of the shear modulus for the non-sheared film (half-toned symbols) is shifted to
longer simulation times, meaning that stress relaxation is slowed down due to aging. A similar
behavior has already been observed in the segmental dynamics, as was shown in the previous
sections. The initial values of the shear modulus for the cyclicly sheared film (opened symbols)
are shifted towards higher values of the shear modulus at fixed time, as denoted by the vertical
arrow in Figure 6.9. At waiting time tw = 1 ns the largest shift is observed. The main cause
of this shift might be the following. After the 10th and last cycle of the shear deformation, the
polymer film is still stressed due to the presence of the residual stress, see Figure 5.2a. Due to
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Figure 6.9: (a) Relaxation of the shear modulus G (t), calculated for different waiting times tw , at
temperature 300 K and pressure 52 MPa. The half-toned and open symbols denote the
shear modulus calculated for the non-sheared, Stage 1, and cyclicly sheared, Stage 3,
capped films, correspondingly.

this additional stress the initial point in the shear modulus relaxation should be shifted to higher
values as compared to the initial or even the last point of the shear modulus relaxation for the
non-sheared film. Further, with increase of the waiting time (up to tw = 10 ns or tw = 100 ns)
the overall stress-stress relaxation curve G (t) is shifted towards smaller values, which might be
due to the aging effect. Still the relaxation itself is getting slower with increase of the waiting
time tw , since for a fixed correlation time interval the relaxation slows down with increasing t0.

In analogy with the calculation of the relaxation times from the segmental orientational
and translational dynamics we calculate the relaxation time of the stress-stress relaxation. In a
Maxwell model41 the relaxation of the shear modulus is given as42

G (t) = E exp

(
− t

τr

)
(6.6)

where τr is the relaxation time. We have used this expression to fit the time-dependent shear
modulus, Figure 6.9 (fit is not shown), extract the relaxation time τr for the film simulated at
different waiting times, Figure 6.10, and fit the latter with τr ∼ tµw .40

As was expected, the stress-stress relaxation in the non-sheared film at 370 K is faster,
with the aging exponent µ = 0.76, as compared to the low temperature 300 K, with the aging
exponent µ = 0.88. The application of the cyclic-shear deformation rejuvenates the film, as
was discussed above, and it causes a shift of the relaxation times to lower values (open symbols
in Figure 6.10). The cyclicly sheared film at temperatures 300 K and 370 K exhibit almost the
same relaxation, with the aging exponents µ = 0.83 and µ = 0.99, respectively.
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Figure 6.10: Relaxation time τr of G (t) as a function of the waiting time tw , calculated for the non-
deformed (filled symbols) and cyclicly sheared (open symbols) at two temperatures,
300 K and 370 K, and pressure 52 MPa. The solid black and red lines correspond to
the power-law fits to the simulated data at corresponding temperatures. The thin solid
lines are guides to the eyes and denote the power law with the exponent µ = 0.88.40

We should note here that there is difference between the waiting time that is usually used in
aging experiments and the waiting time defined in this thesis: in experiment it is a time that is
elapsed after preparation of a sample to the beginning of the experiment, while in this simulation
the waiting time is the observation or simulation time. Therefore, strictly speaking, all simulated
values of the aging exponents cannot be directly compared with the aging exponents from other
studies.

We have also tried to fit shear modulus relaxation using the stretched exponential function
G (t) = E exp

(
(−t/τr )

β
)
. Note that for the Maxwell model β = 1. For this case no clear

waiting-time dependence of the relaxation time has been found and results are not shown here.

6.5 Conclusions

In the present study molecular-dynamics simulations have been performed in order to investigate
the influence of the cyclic shear deformation on the local film structure and local segmental
dynamics in the capped aPS films, simulated at two temperatures, and two external normal
pressures.

Local film structure is studied with the help of density measurements and by calculating the
local orientation of monomers in different layers of each simulated film. Due to the presence
of the structured substrate the polymer films become heterogeneous in density, with a clearly
stratified structure at both substrates. It causes a slight increase in the orientation of the phenyl
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groups, which disappears towards the middle of the film. Both density and local orientation of
monomers are not affected by the application of the cyclic shear deformation.

The local dynamics of polymer monomers has been studied by calculating the segmental
translational and orientational dynamics for all simulated films, and also in the top, middle and
bottom layers of these films. We found that the segmental mobility of the monomers is different
in different layers. Due to the strong polymer-substrate interactions α-relaxation at the top
and bottom layers is much slower than in the middle layer. An increase of temperature causes
a slight increase of the cage size, and a significant increase in the rate of α- and β-relaxation in
the middle layers. The application of the cyclic shear deformation causes significant acceleration
of the α- and β-processes only in the middle layers, and can be interpreted as rejuvenation. In
contrast to this, the top and bottom layers are not rejuvenated; instead, they are well aged.
The effect of the rejuvenation in the middle layers is temporal and is erased by aging after a
simulation time of 1000 ps. After this time, the difference between the segmental dynamics of
the sheared and non-sheared middle layers is rather small. We might conclude that the top
and bottom layers compete with the middle parts and in average, the polymer film is aged with
time, as is manifested in the power-law increase of the relaxation time (average over the whole
film) with increase of the waiting time. We should note here that our definition of waiting time
is different from that in experiments, which leads to the difference between aging exponents.

We also show preliminary results on the relaxation times for the stress-stress autocorrelation
function and time-dependent shear modulus. Despite the short (100 ns) time interval that is
simulated we still are able to observe a clear trend in the stress-stress relaxation. With increase
of the waiting time the stress-stress relaxation for the non-deformed film is shifted to longer
simulation times due to aging. The relaxation of the shear modulus for the cyclicly sheared film
is shifted towards higher values of the shear modulus, which could be explained by the presence
of residual internal stress after the application of the cyclic shear deformation. The calculation
of the relaxation time as a function of the waiting time showed that the cyclicly deformed film
is aged with the same rate as the non-deformed film.
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Chapter 7

Conclusions and outlook

It is established that the presence of supporting surfaces and/or free interfaces may drastically
change both the static and dynamic behavior of polymer chains in polymer films. With devel-
opment of powerful computers, a realistic computer simulation approach that sheds light into
the physico-chemical properties of polymers on the nanoscale is certainly scientifically valuable,
in particular if it is combined with experiments. The goal of this thesis was to study and un-
derstand the structural and dynamical properties of the confined atactic polystyrene thin films
on the nanoscale by means of the molecular-dynamics simulations. The focus was on possible
thickness dependence of the glass-transition temperature, changes under shear deformation in
macromechanical properties, local structure and segmental dynamics. In the next sections we
give the most important conclusions that have been made from these simulations.

Chapter 3: Glass transition in atactic-polystyrene supported
and free-standing films

The thickness dependence of the glass-transition temperature in polymer films is a heavily
debated subject and is poorly understood, especially when the size of the considered film
decreases. By means of the MD simulations the possible influence of confinement on the glass-
transition temperature for supported and free-standing atactic polystyrene films of different
thickness has been investigated.

• The MD results showed that simulated films are heterogeneous in density, with a clearly
stratified structure. Apart from this heterogeneity the films are also heterogeneous in
terms of the orientation of the monomers and phenyl groups.

• Based on the analysis of the density profiles we have defined three layers (free surface,
middle, substrate) with different glass-transition temperatures: the free-surface layer is
liquid-like in the whole simulated temperature range, the Tg for the middle layer does not
depend on the total film thickness, and for the substrate layer an increase in Tg up to 50
K is found depending on the strength of attraction to the substrate. The Tg value for
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the whole film shows almost no thickness dependence for films down to 2 nm thickness,
where the middle layer is completely absent. Some decrease of the Tg values is observed
for thinner films, but statistical errors of these results are rather high. We can conclude
that due to the presence of layers of different densities and glass-transition temperatures
these layers might compete when calculating the average glass-transition temperature.

• The competition between the substrate, free-surface and the middle layers of films has
been investigated mainly in terms of the redistribution of mass between these three layers.
Such a mass redistribution influences the average Tg dependence on the film thickness
in very subtle way.

• From the viewpoint of polymer segmental dynamics these three layers are also different,
and might also compete when calculating the average glass-transition temperature. In
particular, the calculation of the glass-transition temperature using the measurements of
the segmental translational and orientational mobility in three layers of the free-standing
films revealed that the middle part has a higher Tg value than the free surfaces.

Chapter 4: Mechanical properties and local mobility of
atactic-polystyrene films under constant-shear deformation

The mechanical behavior of glassy polymers is still poorly understood, especially, in the case
of the polymer films on the nanoscale. With decrease of the film thickness it proves important
to understand the deformation mechanisms that take place at the yield peak. The deformation
mechanisms that appear during constant shear deformation of atactic polystyrene capped film
have been considered in this study.

• During constant shear deformation the effect of shear rate, temperature, and pressure
on the stress-strain behavior has been investigated. At the highest shear rates a sliding
motion of the top substrate with respect to the top polymer layer is observed; pressure
and temperature rather weakly influence the stress-strain behavior. At the lowest shear
rates the simulated films are plastically deformed. The effect of pressure and temperature
at these shear rates has a strong effect on the stress-strain behavior. If deformation strain
goes beyond the yield point, stick-slip motion of the simulated films with respect to the
supporting substrates is observed.

• The value of the simulated shear modulus is almost twice smaller than the experimental
value in a bulk polymer and slightly increases with increase of the shear rates; this is in
agreement with the viscoelasticity theory, where the shear modulus weakly increases at
higher frequencies.

• The yield stress increases with increasing shear rate and pressure and decreasing temper-
ature, and can be well described by the Eyring model.
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• Depending on the shear rate the work applied to deform the films is redistributed differ-
ently between heat dissipation and an internal energy. At high shear rates, i.e. during the
sliding motion, the entire work done on the sample is totaly dissipated, causing heating
of the system. At low shear rates, this work is also partly converted into an increase of
the total internal energy, which is mainly governed by an increase of excluded-volume
interactions.

• A large contribution to the total shear stress is given by the excluded-volume interactions,
meaning that polymer segments are forced to leave their original positions. The latter is
reflected in an increase of the local segmental dynamics and an earlier transition to the
cage-escape regime is observed.

• The calculation of the average displacement of polymers in different film layers showed
that at low shear rates the well-known shear-banding effect in the middle layer takes place.
Due to this effect the middle layer is strongly deformed plastically, which rejuvenates the
polymer in this layer.

Chapter 5: Stress response of atactic-polystyrene films sub-
jected to oscillatory shear

The mechanical properties of polymer films change upon plastic shear deformation. The main
goal of Chapter 5 is to study the mechanical properties of atactic-polystyrene film upon cyclic
shear deformation. In this study we calculate the storage and loss components of the viscoelastic
shear modulus and make a comparison between simulations and experiments. Despite a differ-
ence in polymers and time-scales covered by the simulations and experiments we found that to
some extent the mechanical properties of simulated thin film change in qualitative agreement
with experiments.

• The simulation and experimental results reveal that upon cyclic shear deformation in the
yield regime, the shear stress-strain behavior of the polymer glass evolves slowly toward a
steady state, which is characterized by a decrease of the maximum stress and an enhanced
dissipative process.

• Immediately after application of the shear deformation in the yield regime, both experi-
ments and simulations show that the storage modulus is decreased and the loss modulus
is increased as compared to their initial values. Such changes in the viscoelastic moduli
after application of the plastic deformation may be attributed to mechanical rejuvenation,
in sense that they reflect the enhanced mobility of plastically deformed polymer glass.

• After the cyclic yield regime the recovery regime starts. In experiments there is a clear
recovery process of both moduli, which may be considered as evidence of physical aging at
enhanced rate of the mechanically rejuvenated polymer glass. In simulations the recovery
process is rather weak.
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• Evidence of mechanical rejuvenation is also observed by calculating the internal energy
during the cyclic-shear simulation. We found that the simulated total internal energy
increases regularly; after each subsequent shear cycle, when the deformation is zero,
the film is brought to a new state with a higher energy than in a previous cycle. This
observation is in a qualitative agreement with other simulations of glasses.

Chapter 6: Structure and segmental dynamics of capped
atactic polystyrene film before and after cyclic deformation

In the previous chapter, we calculated the storage and loss components of the complex shear
modulus and showed that these moduli are significantly changed after interruption of the plastic
deformation. Such changes in these properties are referred to as rejuvenation and aging effects,
but their origin in terms of the segmental dynamics on the nanoscale is poorly understood. The
aim of this chapter was to investigate the influence of the cyclic shear deformation on the local
film structure and local segmental dynamics in the simulated atactic polystyrene films, and the
main findings are summarized below:

• Due to the presence of the structured substrate the polymer films become heterogeneous
in density, with a clearly stratified structure at both substrates. It causes a slight increase
in the orientation of the phenyl groups, which disappears towards the middle of the film.
Both density and local orientation of monomers are not affected by the application of the
cyclic shear deformation.

• The local dynamics of polymer monomers has been studied in absence of deformation by
calculating the segmental translational and orientational dynamics for all simulated films,
as well as in the top, middle and bottom layers separately. We found that the segmental
mobility of polymer monomers is different in different layers. Due to the strong polymer-
substrate interactions α-relaxation in the top and bottom layers is slower than in the
middle layer, where relaxation is much faster.

• The application of the cyclic-shear deformation causes a significant acceleration of the
α- and β-processes only in the middle layers, which can be treated as rejuvenation. In
contrast to this, the top and bottom layers are not rejuvenated, instead, they are well
aged.

• The effect of the rejuvenation in the middle layers is temporal and is erased by aging after
the simulation time of 1000 ps. After this time, the difference between the segmental
dynamics of the sheared and non-sheared middle layers is rather small.

• In the end not only the top and bottom layers but also the middle parts are slowing down
in dynamics and in average, the polymer film is aged with time, as is manifested in the
increase of the relaxation time (averaged over the whole film) with the waiting time; this
increase follows a power law with aging exponent in the range from 0.53 to 1.2, which
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is somewhat different from the value 0.88 that is quite typical for aging phenomena.
However we should note here that our definition of waiting time is also different.

Outlook

In this thesis we present the results of a molecular-dynamics simulation of atactic polystyrene
thin supported, free-standing, and capped films. In this section we want to draw the attention
to some aspects of the simulation methods as well as obtained simulated results, and want to
propose research directions for the future studies.

In Chapter 2 we give a description of the simulation methods, algorithms, and polymer-film
models that have been used in this study. It is very important to highlight that the polymer
chains of the atactic polystyrene have been modeled in the united-atom representation. The
computer simulations of polymer films in such representation demand a lot of CPU time and
powerful computers. With this level of detail we were not able to cover large time- and length-
scales in a reasonable computational time-window. Typically we are limited to physical times
up to 100 ns and physical dimensions up to 10 nm. For simulations at larger scales the other
possibility is to use the coarse-grained models.

In this study the supporting substrates are modeled with the help of the additional potentials,
which reconstruct the periodic lattice structure. Although such an approach simplifies the
simulation procedure, it does not fully describe interactions between polymer monomers and
atoms of supporting substrates. Therefore, for the future studies, it would be interesting to
model supporting substrates as atomically structured lattices.

In this thesis we have applied shear deformations of a single atactic polystyrene film that
is capped by two identical substrates. This approach is relevant for technological applications
where friction and wear are the subjects to study. Additional to this, it would also be useful
to perform simulations of two polymer films in contact. In this case there is an opportunity to
study both friction and adhesion between these two films.

In Chapter 5 we compare simulational and experimental results on cyclic-shear deformation
of two different polymers: atactic polystyrene (simulations) and acrylate (experiments). Despite
the difference in polymers and the time-scales covered by the simulations and experiments, to
some extent, we were able to make qualitative comparisons between obtained results. On the
one hand, in order to strengthen the link with simulations, it would be interesting to perform
experiments using polystyrene films. First attempts at such experiments were unsuccessful due
to the intrinsic brittleness of this polymer, i.e. at a certain contact pressure many cracks in the
polystyrene were been observed. On the other hand, some comparison between experiments
and simulations could be achieved using more generic coarse-grained models.





Summary

Despite many studies of local static and dynamic properties of polymers near or at solid surfaces
the understanding of their properties in strongly confined thin films is an extensively debated
subject nowadays. It is established that the presence of supporting surfaces and/or free inter-
faces may drastically change both the static and dynamic behavior of polymer chains in polymer
films. With development of powerful computers, a realistic computer-simulation approach that
sheds light into the physico-chemical properties of polymers on the nanoscale is certainly sci-
entifically valuable, in particular if it is combined with experiments. This thesis presents the
results of a study that is aimed to understand the structural and dynamical properties of the
confined atactic polystyrene thin films on the nanoscale. This investigation has been done in
few stages.

In the first stage the molecular-dynamics simulations have been performed in order to inves-
tigate the possible influence of confinement on the glass-transition temperature for the atactic
polystyrene films with one supported interface and one free interface, and the main findings
are presented in Chapter 3. The simulated films are of different thicknesses, from extremely
thin (1 nm) to rather thick (10 nm), in the range where confinement effects have been reported
experimentally. In Chapter 3 it is shown that the density in such films is stratified. Based
on the density measurements three different layers (substrate, middle and surface) have been
defined for each film. It was found that the monomers close to the surface and in the substrate
layer are partially oriented, which leads to more effective monomer packing. It is also shown
that the glass-transition temperature is different in different film layers both for the supported
and free-standing films. In the thesis the possible explanation of the change with the film
thickness of the average glass-transition temperature is given in terms of the redistribution of
mass between substrate, surface and the middle of films.

In the second stage of the research the simulations for the atactic polystyrene films capped by
two identical substrates have been carried out to study the statistical and mechanical properties
of polymer chains under constant- and cyclic-shear deformations. Initially, each film has been
simulated for 100 ns in the absence of the shear deformation. After this time 10 complete
shear cycles have been performed in the linear regime up to 2 % of the shear strain. From this
moment two independent deformation protocols have been implemented: constant- and cyclic-
shear deformations. Constant-shear deformations have been made with maximal shear strain of
50 %, which corresponds to the deformation of films very well above the yield peak. Cyclic-shear
deformations have been carried out with maximal shear strain of 13 %, which is also above the
yield peak. After that, each film again has been cyclically sheared in the linear regime. Finally,
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each film has been allowed to relax for 100 ns in the absence of shear deformation.
During constant-shear deformation the effect of shear rate, temperature, and pressure on

the stress-strain behavior has been investigated, and the main results are given in Chapter 4. It
was found that when the shear rate is changed from computationally low (1× 108 Hz) to high
(200×108 Hz) values a transition is observed from plastic deformation of polymer film to sliding
motion of the top substrate with respect to the top polymer layer. This transition occurs when
the frequency of the applied shear is above a critical value and the sample is deformed faster
than the intrinsic relaxation time of simulated polymer chains. The shear modulus and the yield
stress are also measured during constant-shear deformation. We found that the simulated value
of the shear modulus is almost twice smaller than the experimental value in a bulk polymer and
slightly increases with increase of the shear rate; this is in agreement with the viscoelasticity
theory, where the shear modulus weakly increases at higher frequencies. The simulated value of
the yield stress also increases with increasing shear rate and pressure, and also with decreasing
temperature, and can be described by the Eyring model. Depending on the shear rate, the
work applied to deform the films is redistributed differently: at high shear rates the entire
work is totally dissipated, causing heating of the films; at low shear rates it is partly converted
into an increase of the total internal energy, which is mainly governed by the increase of the
excluded-volume interactions. By calculating the average displacement of polymers in different
film layers we also showed that at low shear rates the well-known shear-banding effect takes
place in the middle layer. Due to this effect the middle layer is strongly deformed plastically,
which rejuvenates the polymer in this layer.

During cyclic-shear deformation the simulated storage and loss components of the viscoelas-
tic shear modulus are measured and compared with experimental results on acrylates, Chapter
5. Despite the difference in polymers (polystyrene and acrylate) and the time-scales (∼ 108 Hz
and ∼ 101 Hz) covered by the simulations and experiments, we found that to some extent the
mechanical properties of the simulated thin film change in qualitative agreement with exper-
iments. The simulational and experimental results reveal that upon cyclic-shear deformation
in the yield regime, the stress-strain behavior of the polymer glass was found to evolve slowly
toward a steady state, which is characterized by a decrease of the maximum stress and en-
hanced energy dissipation. Immediately after application of the shear deformation in the yield
regime, both experiments and simulations show that the storage modulus is decreased and the
loss modulus is increased as compared to their initial values. Such changes in the viscoelastic
moduli after application of the plastic deformation might be attributed to the mechanical reju-
venation, in the sense that they reflect the enhanced mobility of plastically deformed polymer
glass. The evidence of the mechanical rejuvenation is also observed by calculating the internal
energy during the cyclic-shear simulation. We found that the simulated total internal energy
increases regularly; after each subsequent shear cycle, when the deformation is zero, the film is
brought to a new state with a higher energy than the initial, non-sheared glass. This observation
is in a qualitative agreement with others simulations of glasses.

The evidence of the mechanical rejuvenation can be also observed from a point of view of
local segmental dynamics by measuring the orientational and translational mobility of polymer
monomers. In Chapter 6 we show that polymer segments have different relaxation times in
different layers, with the slowest at the substrates. The application of the cyclic-shear deforma-
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tion causes a significant acceleration of the relaxation processes with corresponding shifting of
the relaxation times to lower values, which is clearly observed only in the middle layer, and can
be considered as mechanical rejuvenation. In contrast to this, the top and bottom layers are
not rejuvenated; instead, they are well aged. The effect of the rejuvenation in the middle layer
is temporal and is erased by aging within a next simulation time of 1 ns. After this time the
entire polymer film is aged, which is manifested by a power-law increase of the relaxation time
with increase of the aging time; the aging exponent 0.88 is quite typical for aging phenomena.

In Chapter 7 we summarize the main findings of the studies described in previous chapters.
At the end of this chapter we draw the attention to the main limitations of this dissertation
and make suggestions for future research.
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