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“Physics is mathematical not because we know so much
about the physical world, but because we know so little:

it is only its mathematical properties that we can discover.”
— Bertrand Russell

An Outline of Philosophy (1927)
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Summary

In flexible electronics, polymeric materials should replace conventional substrate materials as sili-
con, providing flexibility, and potentially enabling roll-to-roll manufacturing. Polymeric films that
are used as a substrate for flexible electronics usually have a strongly oriented semicrystalline mi-
crostructure, which has to satisfy a number of requirements, among which good dimensional sta-
bility, also at elevated temperatures. This dimensional stability is highly dependent on the internal
macromolecular orientation.

This thesis aims at understanding and predicting the effects of the microstructure, as well as
loading conditions (stress, temperature and time-dependence) on the mechanical response of thin
semicrystalline polymer films. For this purpose, a micromechanical thermo-elasto-viscoplastic con-
stitutive model is developed to predict the dimensional stability of films when exposed to various
loads. The considered material consists of an aggregate of differently oriented two-phase layered
domains, where different constitutive laws are used for each of the phases. The crystalline phase is
modelled with crystal viscoplasticity and the amorphous phase is described as an elasto-viscoplastic
glassy polymer, taking into account material ageing.

In the second chapter, the interactions between the constituent phases of isotropic semicrys-
talline polyethylene terephthalate (PET) are analysed. The validity of a hybrid interaction law in
a mean-field micromechanical model based on the mechanical behaviour of layered two-phase do-
mains is assessed. For this purpose, an additional two-scale finite-element model of the spherulitic
microstructure of a semicrystalline polymer is constructed, taking into account various crystal ge-
ometries, including the casewhen the crystalline regions do not form an interconnected network. It
is shown that the predictions of themicroscopic deformationmeasures andmacroscopic properties
obtained with both models are qualitatively and quantitatively matching.

In the third chapter, the micromechanical model is used to describe the mechanical behaviour
of isotropic semicrystalline PET under uniaxial compression up to large strains at different tem-
peratures. Model parameters for the selected constitutive laws of the phases are identified from
experimental data. The tensile creep behaviour of isotropic PET is simulated and compared to
measurements to demonstrate the applicability of the model to describe the long-term response.

In the fourth chapter, the long-term and short-term anisotropicmechanical behaviour of a biax-
ially stretchedPET film ismeasured and simulatedusing themicromechanicalmodel. The represen-
tative film microstructure is obtained through the experimental characterisation of the orientation
of the crystalline domains. The model is extended to include pre-orientation of the non-crystalline
phase. Based on results of the simulations, the deformation mechanisms at the microscopic scale
are analysed. The ability to simulate the large-strain anisotropic behaviour of oriented film in the



x Summary

strain rate controlled regime and the long-term creep regime is demonstrated.
In the fifth chapter, mechanisms of anisotropic reversible and irreversible thermal deformation

of a polymer film produced by biaxial stretching are investigated experimentally and numerically
with the proposed micromechanical model. The investigated thermo-mechanical effects can be
classified as shape memory effects, since the material is partially returning to the initial state be-
fore biaxial drawing. The internal stress state is described by two deformation processes with their
respective internal stress states and thermal activation energies.

In chapter six, the developed micromechanical model is used to predict the behaviour of the
film subjected to conditions representative of the flexibleOLEDmanufacturing conditions. Effects
of creep and thermal shrinkage, which are simultaneously observed experimentally, are modelled.



1 Introduction

Abstract: Ageneral introduction to themicrostructure and the deformationmech-
anisms of polymers that are used in the manufacturing of flexible electronics is pre-
sented, as well as a brief summary of modelling techniques for the mechanical be-
haviour of polymers.

1.1 Polymer films in flexible electronics

Nowadays, devices containing electronic circuits manufactured on flexible substrates become in-
creasingly popular [1]. Probably the most well-known of such gadgets are e-readers, which usually
include so-called “electronic paper”—displays that reflect light like ordinary paper rather than emit
it. Apart from standard e-readers, such as Amazon’s Kindle, there are also fully flexible and thus
more portable examples like theReadius ebook from Polymer Vision, which further exploit the ad-
vantages of this technology. It should be mentioned that at the moment flexible displays are aimed
at a slightly differentmarket than their rigid counterparts because of beingmonochromatic andhav-
ing slow refresh rates (in fractions of a second rather thanmilliseconds). Such screens are unable to
give the fast, colourful video capabilities that are being expected in, for example, laptops, however
there are number of advantages of flexible displays when they are used in portable devices. The
application of flexible electronics is not only limited to portables gadgets, but extends to other ap-
plications, such as bus-stop signs (Fujitsu), signaling OLEDs on racing cars (Holst Centre), flexible
solar panels (PowerFilm), etc. [2].

The increasing sophistication of flexible electronic devices, as seen in figure 1.1, and the growing
e-readers’ market create a high demand for polymer substrate materials, such as polyimide, poly-
ether ether ketone (PEEK), polyethylene terephthalate (PET) or polyethylene naphthalate (PEN),
with properties that can withstand the treatment during themanufacturing process. However, the
lithographic patterning of high-quality transistors on polymer substrates, as found on the back-
plane of a flexible display device, is a major challenge in the manufacturing of flexible electron-
ics [3–5]. In particular, the required overlay and registration accuracy, for which sufficient dimen-
sional stability of the substrate is required, is challenged by the flexible and time-dependent nature
of the polymer substrates.

A plastic film, to be used as a substrate for flexible electronics, needs to satisfy the following
requirements: high clarity, dimensional stability, thermal stability, impenetrability, solvent resis-
tance, and low coefficient of thermal expansion, coupled with a smooth surface [4]. Because of
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Figure 1.1: Semiconductor memory manufactured on a polymer substrate (Holst
Centre).

the continuous miniaturisation of electronic devices, there is a need to understand and to predict
the micro-scale deformation of these materials due to mechanical loading as well as due to thermal
and hygroscopic (in particular interactions with water and acetone) stresses in order to control the
patterning process at micron scale accuracy. So far, two types of polymer film, which have a similar
microstructure and deformation mechanisms, are widely used for this type of applications: PET
and PEN, with the latter having superior properties. These films are semicrystalline, biaxially ori-
ented and thermally stabilised, with a typical thickness of 25–125µm. The following will focus
mostly on PET since this is used as a model material in this thesis.

Electronic circuits can be manufactured on flexible substrates either by using lithography or by
printing, with latter requiring less accurate prediction ofmechanical behaviour (∼1µm compared
to 20–40 nm respectively). At Holst Centre, the roll-to-roll process is used to print electronics on
polymer substrates, in which the film is led through several rolls with controlled tension. Following
this, the film is heated to a certain temperature (usually above glass transition temperature of the
polymer) that is maintained for a relatively long time (∼1 h) and one layer of electronics is printed
with subsequent cooling down. The same procedure is repeated for several layers. During the first
temperature treatment, shrinkage effects are observed. Such film deformation after the printing of
the first layer must be taken into account during the subsequent process, in order to precisely link
the conducting elements. The same holds for another part of the manufacturing process, which
is the lamination, when two layers with printed electronics are attached together. Although the
printing process is constantly enhanced, for example by the introduction of a tool that uses a pho-
tonic process, which heats only the target material rather than the whole substrate, and therefore
decreases characteristic times from hours to minutes, it is still important to understand and predict
the deformation mechanisms of the substrate material.

At Holst Centre, flexible polymer substrates are also used for lithography, where higher accu-
racy of prediction of thermo-mechanical behaviour of the substrate material is required. During
lithography, to print one layer of electronic circuits, layers of conducting material and resist are de-
posited on the substrate, with subsequent annealing in an oven where light falls on the assembly
through the pattern. After that, parts of the resist are washed away with the solvent, regions where
conductingmaterial is open are etched and the rest of the resist is removed. Thewidth of lines of the
conducting material in the layer is about 1µm. Therefore, irreversible deformation of the polymer
substrate should be accurately taken into account during further processing stages.
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Figure 1.2: The spherulitic structureofmelt-crystallisedpolymer, reproduced from
[19] with permission from Springer (a) and the fibrillar structure of oriented poly-
mer fibre reproduced from [17] with permission from JohnWiley and Sons (b).

1.2 Semicrystalline microstructure

Thermoplastics, like PET, consist of longmolecules, branched or linear, and are able to form differ-
entmorphologies. Uponheating, the structure transforms into a tangledmass ofmolecules. During
cooling the polymermay crystallise and this process is carried out partially so that some parts remain
non-crystalline or amorphous [6]. In case the temperature drops below the value called glass tran-
sition temperature, Tg, a glass state (a sort of “frozen liquid”) may be formed for the amorphous
phase. The crystalline phase forms lamellae, which consist of a parallel stacking of long molecules.
These molecular chains can traverse the interface between the crystalline and the amorphous phase
and inmost cases stay tangled in the non-crystalline phase [7]. However, they can re-enter the crys-
tal if its lateral dimensions are sufficiently large. It should be noted that the size and orientation of
the crystalline domains highly depend on the production process: factors like crystallisation tem-
perature or stretching [8]. For most polymers, including high-density polyethylene (HDPE) and
PET, molecular chains are oriented at a certain angle to the lamellar surface [9, 10].

As observed in different studies, themorphology of melt-crystallised bulk semicrystalline poly-
mers is often spherulitic [11]. These spherulites are a set of radial crystalline lamellae separated by
amorphous layers. Lamellae themselves are often twisted along the radial direction of a spherulite
[12–14]. In partially crystallised samples, spherulites are located distantly and have a round shape,
but when boundaries come in contact, separate spherulites acquire a polyhedral shape. In the case
of partial crystallisation the inter-spherulitic space is filled with amorphous material.

Some semicrystalline polymers, including PET and PEN, can be obtained in various states [15].
For example, fully amorphous material can be obtained by instantly quenching the polymer from
the melt state to below Tg. If an amorphous polymer is heated above Tg, the crystallisation pro-
cess starts and a spherulitic morphology may be formed. For drawn polymer films, the lamellar
orientation changes and single crystals incorporated in a matrix of non-crystalline material are ob-
served [16], i.e. a spherulitic microstructure does not exist anymore [17, 18], for comparison see
figure 1.2. In the case of drawn polymer fibres, even more pronounced molecular orientation can
be found with a fibrillar microstructure [15]. In general, in drawn polymers, molecular chains are
usually oriented along the stretch direction. In the case of amorphous polymers, by annealing above
Tg, the oriented microstructure is transformed into the isotropic form.

Sometimes another phase, the “rigid amorphous phase” or “intermediate phase”, is mentioned
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for semicrystalline polymers [20–22]. The orientations of the molecular chains in the non-crys-
talline domains of a semicrystalline material were found to be oriented preferentially. This shows
that the non-crystalline material in semicrystalline polymers may be composed of an unoriented
amorphous phase and an intermediate phase where preferable chain orientation exists without a
proper crystalline symmetry [20]. Therefore, it appears that the intermediate phase has anisotropic
properties in contrast to the amorphous phase. It is difficult to determine quantitative characteris-
tics of the intermediate phase precisely. Some studies report that this third phase should be consid-
ered to interpret the behaviour of PET subjected to deformation [23]. Since molecular chains are
constrained in the intermediate phase, the glass transition temperature is higher for the interme-
diate phase than for fully amorphous material [21]. The amount of this phase correlates with the
drawing process.

The crystal structure of PET has been studied from the 1950s and it has been determined to be
triclinic [24–26]. Many semicrystalline polymers possess different types of crystals and, for example,
for PEN the existence of twodiverse triclinic unit cell formswas confirmed [27]. For thesematerials,
crystalline lamella thickness is reported to be around 10 nm [10, 26]. In oriented PET, the crystal
size depends on the process conditions: samples drawn at equilibrium possess larger crystals than
quenched films [28] and at higher annealing temperature, larger crystals are formed [29]. Also,
the volume fraction of the crystalline phase depends on the processing conditions and molecular
weight. For cold crystallised PET (heated up from the glassy state to above Tg), calorimetric mea-
surements showed 25% crystallinity to be the maximum, with 37% of the intermediate phase. By
melt-crystallisation, a crystallinity of 35%with 14% of the intermediate phase can be obtained [21].
For oriented PET films and fibres, crystallinity may reach 50%, depending on processing condi-
tions.

Two rotational isomers of the structural unit of the PETmolecule exist: trans and gauche. Crys-
talline phase of PET consists solely of trans isomers and non-crystalline predominantly of gauche
[22,30]. Without direct evidence, the intermediate phase has been considered to consist of the trans
isomer [30]. During stretching of the molecules not only the alignment of the trans isomer takes
place, but a transition from gauche into trans as well.

1.3 Deformation mechanisms and molecular orientation

Deformation in PET, like deformation in other semicrystalline polymers, can be divided into three
types: elastic deformation, which results from stretching bonds and is recoverable; unrecoverable
viscous flow, which originates from slippage of molecules; and uncoiling of polymer chains, origi-
nating from molecular alignment and being slowly recoverable [15, 18]. In the case of PET films,
upon drawing, the molecular chains are rotated and arranged in the direction of drawing, and
phenyl rings tend to arrange with their plane close to the plane of the film [8, 30, 31]. The orienta-
tion of thenon-crystalline phase is directly proportional to the draw ratio [32]. During deformation
strain-induced crystallisation, resulting in strain hardening, can be observed inmost semicrystalline
polymers [33]. The deformation kinetics of polymers also highly depend on temperature and ther-
momechanical history.

The mechanism of plastic deformation of the crystalline phase is crystallographic slip taking
place on certain slip systems [34]. Because of the complex crystallographic structure of the polymer
crystals, various slip systems may be physically distinct and hence have different properties.

Sequential drawing in two orthogonal directions (the machine and the transverse directions)
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can strengthen the film by orienting the molecules in different directions and creating taut regions,
which are hard to deform further, resulting in increase in dimensional stability and elastic properties
of the film [8]. Films that are stretched simultaneously have similar properties in both directions,
the sequentially stretched ones have a noticeable anisotropy. The orientation of the molecules, in
its turn, depends on the strain rate, extension ratio, molecular weight, and orientation temperature
[15, 18].

For pre-stretched PET and PEN films, irreversible thermal shrinkage has been observed, which
is believed to be related to thermal chain relaxation of oriented amorphous regions above Tg [35].
This phenomenon is reduced by the crystallinity due to cross-linking effects of the crystallites. For
biaxially oriented films, the magnitude of expansion or shrinkage depends on annealing tempera-
ture and the molecular orientation [36].

1.4 Existing micromechanical modelling methods

Various constitutivemodelsmight beused to simulate themacroscopic behaviour of polymermate-
rials, such as themodel by Buckley et al. [37,38], by Boyce et al. [39,40] and byGovaert et al. [41,42].
Thesemodels provide an accurate representation of themechanical behaviour of amorphous glassy
polymers. By performing material characterisation once, they can describe complicated deforma-
tion cases, for example, flat-tip micro-indentation and notched impact tests [43], the large-strain
behaviour of particle-reinforced composites with a polymer matrix [44] or strain localisation and
necking of tensile bars [45]. In the latter work, anisotropic flow was taken into account for mod-
elling. In general, in suchmodels it is possible to take into account thermorheologically complex be-
haviour and thus they can also capture the response of semicrystalline polymers [46]. Even though
it is even possible to use orientation distribution functions as internal state variables to simulate the
behaviour of oriented semicrystalline polymers while tracking the evolution of morphology [47],
detailed conclusions about microstructural changes and local deformation mechanisms can only
be obtained by using micromechanical or multi-scale simulations that have separate constitutive
descriptions of the underlying phases.

The main task of micromechanics is known as homogenisation and consists of predicting the
material properties on the basis of the geometries and properties of the individual phases. The sec-
ond task is the estimationof the stress and straindistributions in the individual phases for prescribed
loading conditions, enabling to describe morphological changes and predict material damage. Mi-
cromechanical approaches can be separated into continuum methods and discrete methods, such
as molecular dynamics, which is a very powerful method, however requiring lots of computational
resources.

One of the approaches to simulate the mechanical behaviour of a polymer with known mi-
crostructure, i.e. isotropic (spherulitic) or oriented, is finite-element modelling. For example, in
[48], the elastic response of semicrystalline polyethylene was modelled as the response of a multi-
layered spherical structure with alternating amorphous and crystalline layers using a finite-element
approach, and in [49], the elastic properties of semicrystalline nylon, with a wavy-shaped mon-
oclinic lamellar morphology, were obtained using finite-element simulation. By using appropriate
constitutive laws for the underlying phases, simulation of the large-strainmaterial behaviour can be
performed. An example of such an approach, applied to the viscoplastic deformation of spherulitic
polyethylene, can be found in [50]. The time-consuming requirement to create different geometries
for various crystallinities and orientation distributions of the phases as well as high computational
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costs are certainly drawbacks of such finite-element approach.
To construct computationally efficient models, other forms of homogenisation can be used.

Only a limited number of problems in continuummechanics where the material consists of several
domains, which have different properties (such as a ellipsoidal inclusion in an infinite homogeneous
matrix [51]), can be solved exactly. Thus the interaction between domains can be replaced with an
average or effective interaction simplifying the problem. After that, mean-field homogenisation
principles can be applied to such domains. Among the most commonly used homogenisation ap-
proaches are rules of mixtures, the self-consistent scheme and the Mori-Tanaka method.

Rules of mixtures can be applied to separate phases, for example crystalline and amorphous do-
mains of the semicrystalline polymer, as well as individual domains that can in turn be multi-phase
objects. The Voigt model in elasticity (or the Taylor model in polycrystal plasticity) assumes the
average strain within each phase to be equal to themacroscopic strain, satisfying local compatibility
between the phases, but not the local traction equilibrium. Similarly, in the Reuss model in elas-
ticity (or the Sachs model in plasticity) the average stress of each phase is equal to the macroscopic
stress. These models can be an equivalent to a parallel or series connection of mechanical elements,
respectively.

The validity of these models when applied to semicrystalline polymers is doubtful. In [52] and
[53], a fully viscoplastic micromechanical model applied to HDPE and an elastic micromechanical
model applied to PET, respectively were used. Numerical and experimental results demonstrated
that the Voigt model is not suitable for polymers, highly overestimating their properties because
of the relatively weak interaction between domains in polymer materials, in contrast to grains in
metals, where theVoigtmodelmightbe applied. Experimental data [11] confirms that freely rotating
lamellar stacks can be observed during deformation.

Other homogenisation methods use an analytical solution for the elastic field of an ellipsoidal
inclusion placed in an infinite homogeneous medium [51]. In case of an ellipsoidal shape of the in-
clusion, the strain field inside the inclusion is uniform and linked with the strain field of the inclu-
sion without surroundingmatrix through the Eshelby tensor. In the self-consistent approach [54],
the material is considered as a set of domains. The assumption of the method consists of replacing
the interaction between the domain and the surroundingmaterial by the interaction of the domain
(or inclusion), which has an ellipsoidal shape, and an effective medium (material that has effective
properties). Initially, this method was used for polycrystalline material, for example see [55]. An
example of the application of the self-consistent approach to the elastic behaviour of semicrystal-
line polymers can be found in [52, 56, 57], where this method was applied to domains that contain
multiple phases.

In theMori-Tanakamethod [58,59], inclusions of one phase are incorporated into thematrix of
the second phase. Again based on Eshelby’s solution, concentration tensors and the effective com-
posite properties can be obtained. This mean-field method gives a good estimation of properties
of the semicrystalline polymers, especially for the cases of low crystallinity. In [60], semicrystal-
line materials (polyethylene and syndiotactic polystyrene) were treated as fibre reinforced compos-
ites, where the matrix represented the amorphous phase and the crystalline phase was modelled as
randomly distributed ellipsoidal inclusions with two independent aspect ratios. Examples of the
application of the Mori-Tanaka method to semicrystalline polymers can be also found in [56, 57].

It is also possible to apply thesemethods in viscoplastic cases, for example, using an incremental
approach [61], integral transformations [62] andmore recently non-incremental formulations [63].
Alternatives to self-consistent methods are approaches based on variational principles, for example
[64]. In addition, there are many varieties of methods of homogenisation of elasto-viscoplastic
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materials, comparisons of which can be found in [63, 65, 66].
In [53] theMori-Tanaka and the self-consistent schemes were applied to PET and several exten-

sions of two-phase inclusions were analysed: an extension of the double-inclusion model of [67],
which consist of three nested domains (the inner domain corresponds to the single-crystal, embed-
ded in an intermediate phase, which in turn is surrounded by the amorphous phase), and inclusion
model that consisted of three adjacent layers (a crystalline lamella, a rigid amorphous phase and
a mobile amorphous phase). The elastic moduli estimated by different homogenisation schemes
were found to be close at low crystallinity and started to deviate at higher crystallinity values, mak-
ing such inclusion models suitable for PET since the crystallinity of PET is relatively low. A similar
comparison for PET was made in [68].

There are some other homogenisation techniques, for example, using Halpin-Tsai equations
[69]. In [70] the spherulitic microstructure was modelled as amorphous matrix reinforced with
crystalline fibres. Later, in [71], the material was modelled as a layered structure, and within each
layer, the lamellae were randomly oriented in a 2D plane. Modified Halpin-Tsai equations were
used in [72] to estimate the average elastic response of polyethylene.

An alternative modelling approach, which is based on hybrid interaction schemes between
Voigt and Reuss, is the composite inclusion model as proposed by pioneering work of Lee et al.
[73, 74] and Ahzi et al. [75, 76]. It was developed to predict the elasto-plastic deformation and tex-
ture evolution of semicrystalline polymers. The crystalline and the amorphous phase of the mate-
rial are described by dedicated constitutive relations, using crystal plasticity for the crystalline phase.
The two phases are assembled into a layered structure, the composite inclusion, which is the basic
structural element of the model. The micromechanical approach is based on a hybrid interaction
between these inclusions. The assembly could be either random, for instance, when isotropic ma-
terial is modelled, or preferentially oriented.

Recently, in [77] an extended inclusion model was suggested introducing a third phase, the
rigid-amorphous layer. The influence of incorporating this third phase versus a two-pase model for
material propertieswith the samedegree of crystallinitywas investigated. Itwas found that the third
phase can be left out for spherulitic material, butmay be important for orientedmaterial. More de-
tailed modelling of the spherulitic morphology has validated the applicability of the composite in-
clusionmodel [78], where the spheruliticmicrostructurewas approximated using two-dimensional
finite-element models. Regular and random spherulite stacking models were considered. The sim-
ulations showed that the stacking does not influence micromechanical deformations significantly.
In [79], the tensile behaviour of oriented polyethylene was investigated. A tensile bar was mod-
elled using the finite-element method and the behaviour of a material point was obtained from the
composite inclusion model. Experimentally observed effects were qualitatively captured by simu-
lations. In [80], the double yield phenomenon was modelled with the composite inclusion model
for polyethylene, and in [81] this model was used to simulate the creep behaviour and predict the
time-to-failure of polyethylene.

1.5 Scope and the outline of the thesis

The work presented in this thesis aims at understanding and predicting the effects of time, stress
and temperature on themechanical response of thin semicrystalline polymer films under conditions
relevant for lithographicprocessing. Ahigh accuracyof registrationduring this process is essential to
ensure correct circuit fabrication; however this precision can be affected by dimensional instability.



8 Introduction

Through a rigorous understanding of the molecular viscoplasticity of the films over the range of
process conditions, the findings of this work lead to further understanding of the time-dependent
micro-deformation and the interaction of the constituent phases of PEN and PET films during
processing by lithography and film handling. These predictions enable a further optimisation of
the patterning processes on flexible substrates and the development of compensation algorithms
for maskless imaging on flexible substrates.

In the thesis a precise comparison of the selected micromechanical approach with full-field sim-
ulations of an isotropic material microstructure for the elastic case is made in order to validate the
model prediction of themicromechanical deformationmechanisms. Furthermore short-term large-
strain and long-term small-strain deformation of isotropic and oriented semicrystalline material is
predicted for a range of temperatures and crystallinities including temperatures below and aboveTg
using a selectedmicromechanical approach. The final part of the thesis deals with the simulation of
the shape-memory effect, or dimensional instability at high temperatures, arising from the presence
of internal stresses in the biaxially oriented film, which is the result of the manufacturing process.



2 Elastic behaviour of isotropic semicrystalline

PET∗

Abstract: The aim of this study is to assess the interactions between the constituent
phases of polyethylene terephthalate and thereby analyse the validity of a hybrid in-
teractionmodel in a mean field micromechanical model based on layered two-phase
inclusions. Two different modelling approaches are used to simulate the behaviour
of semicrystalline polymers. The first approach is themicromechanical model based
on interactions of the crystalline lamellae and the adjacent amorphous layers. The
second approach is a two-scale finite-element model of the spherulitic microstruc-
ture. Isotropic polyethylene terephthalate is selected as the model material. The
deformation mechanisms at the microscopic scale are examined. Various crystal ge-
ometries are used in the finite-elementmodel to analyse the case when the crystalline
regions do not form an interconnected network. It is shown that the predictions of
the microscopic deformation measures obtained with the micromechanical and the
finite-element models are similar. Experimental evaluation of the elastic moduli has
been performed to further estimate the applicability of the micromechanical model
to PET.

2.1 Introduction

Semicrystalline polymers are widely used in various high-tech applications such as electronic paper
or flexible electronics, which have numerous advantages over conventional rigid-substrate semicon-
ductor products [1]. In particular polyethylene terephthalate and polyethylene naphthalate films (or
PET and PEN) may serve as a substrate material in lithography or printing [4]. The dimensional
stability of these films during the manufacturing process should be precisely controlled to achieve
accuracy in the transistor patterning process. However, various challenges arise when the oriented
film behaviour is analysed, since effects such as thermal behaviour or moisture absorption, play a
role in addition to viscoelastic deformation [18].

The morphology of melt-crystallised semicrystalline polymers, as observed with polarising mi-
croscopy, is generally spherulitic [12]. The crystallisation starts from certain points, spherulite cen-
tres, and then the lamellae grow along the radial direction. While growing, the crystalline layers are

∗This chapter is partly reproduced from [82].
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being twisted along the radial direction of the spherulite. In the beginning, spherulites are located
distantly and have a round shape, however, when the boundaries come in contact, spherulites ac-
quire a polyhedron shape. In case of partial crystallisation, the inter-spherulite space is filled with
amorphousmaterial. Acrystallinephase, a constrained amorphousphasewithin the spherulites and
an unconstrained amorphous phase between the spherulites can then be distinguished. Oriented
semicrystalline films reveal a different microstructure: separate crystals with preferred orientations,
embedded into amorphous material, are likely to be found in drawn films [16].

In general, PET possesses a three-phase microstructure [23], where besides the crystalline and
the amorphous phase, an “intermediate” phase exists. Within this phase, molecular chains have
a preferential orientation, but they are not arranged in a perfect crystal. There are two different
conformational isomers (rotational isomers) of the PET molecular unit: trans and gauche. The
PET crystals consist of the trans isomer and the amorphous material of gauche [30]. Presumably,
the intermediate phase consists of the trans conformer and has a specific orientation which was
obtained during drawing. ForHDPE it was shown that the intermediate phase does not necessarily
need to be taken into account for modelling isotropic semicrystalline material [77]. Therefore, in
this study, the intermediate phase is, to a first approximation, neglected.

There are several types ofmodelling approaches formulti-phasematerials, ranging frommacro-
scopic models to micromechanically-based methods, as well as methods using molecular dynamics.
In continuummicromechanics, themacroscopic material properties are predicted, based on the ge-
ometries and the properties of the individual phases, thereby also estimating the stress and strain
distributions over the phases for the prescribed loading conditions. In mean-fieldmicromechanical
approaches, the real interaction between the phases is replaced with an average or effective interac-
tion model, and the effective material response is obtained through homogenisation. Among the
most commonly used homogenisation techniques are rules of mixtures (such as Voigt and Reuss
averages), the self-consistent method [54], the Mori-Tanaka method [58, 59] and semi-empirical
Halpin-Tsai equations [69]. Thus, different models of semicrystalline polymers, that use differ-
ent homogenisation techniques, exist. In [52] and [53] a fully viscoplastic micromechanical model
applied to high density polyethylene (HDPE) and an elastic micromechanical model applied to
PET were analysed. The numerical and experimental results demonstrate that the Voigt interac-
tion model is not suitable for such polymers, since it highly overestimates their properties. The
self-consistent method was initially used for polycrystalline materials (for example [55]) and in gen-
eral would not necessarily be suitable for composites with a matrix and inclusions of another phase
incorporated in it. However, there are cases for which it does give good result, an example of appli-
cation of the self-consistent approach to semicrystalline polymers can be found in [56, 57], where
the grain is a composite inclusion, that consists of two phases: crystalline and amorphous (in the
form of two layers), with an ellipsoidal shape, incorporated into the medium that has the effective
properties of the semicrystalline material.

The model, considered in this study, is the mean-field model called the composite inclusion
model [73, 83]. It was originally developed for the large-strain deformation of HDPE, and uses a
layered object, the composite inclusion, which consists of crystalline, amorphous andpossibly other
phases, as a basic structural element. Thematerial behaviour is obtained from the averaging over all
inclusions, assuming a certain interaction law between them. This approach was used tomodel the
spherulitic morphology of semicrystalline polymers [78] and the behaviour of a tensile bar under
uniaxial stress [79]. In [80], the composite inclusion model was applied to polyethylene and the
double yield phenomenon was observed.

The elastic behaviour of PET was studied in [53], where normalised self-consistent and gener-
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alised Mori-Tanaka models were applied to three-phase inclusions with different internal geome-
tries. An application of a composite inclusion-based model in an elastic formulation to PET can
be found in [68]. In both cases, the predicted elastic properties at the macroscopic scale matched
experimental results well. The aim of this study is to assess whether the interaction laws used in the
composite inclusion model, are suitable for modelling micromechanical aspects of deformation for
PET, for which the range of crystallinities is different than forHDPE. For this purpose, a new,more
detailed, two-scale finite-element model of the spherulitic microstructure is developed and the re-
sults of the full-field simulations are comparedwith themean-field approach for the elasticmaterial.
Thereby, the two-scale finite-element model is used to elucidate the micromechanical deformation
mechanisms within the constituent phases of a spherulitic structure. A detailed comparison of the
elastic composite inclusionmodel with full-field finite-element simulations reveals the ability of the
composite inclusion model to predict these mechanisms. The finite-element model gives informa-
tion about the interactions between the phases and the ability of the mean-field model to represent
these interactions. In addition to a comparison of the fields at the microscopic scale, taking into
account various microstructural geometries, in this study also a macroscopic validation of the com-
posite inclusion model is made. Furthermore, a series of experiments were carried out to validate
this model and assess whether a two-phase model is indeed sufficient in case of PET.

2.2 Experimental methods

PET cast film with initial crystallinity less than 1% was supplied by DuPont Teijin Films (experi-
mental grade). The samples were cut from sheets of the film according to ISO 527-2, type 1BA, and
were annealed at 100 ◦C for times ranging from 1 to 14 hours in order to obtain samples with a
wide range of crystallinities. To flatten the samples, they were placed between aluminium plates.
Also, to prevent surface pitting, polyamide film was placed between samples and outer aluminium
plates.

Crystallinity of the samples was measured by differential scanning calorimetry (DSC) and X-
ray diffraction. The determination of the degree of crystallisation by calorimetric means was un-
dertaken on a Mettler-Toledo 823DSC, using a mass of 10mg and a heating rate of 10 ◦C/min
from 25 ◦C to 280 ◦C. Each cold crystallisation exotherm curve was subtracted from the “fully”
crystallised curve in order to calculate the degree of crystallisation.

Tensile testing of the samples was carried out on a Zwick Z010 tensometer at 25 ◦C. The strain
rate used for all tests was 10−3 s−1 and the maximum strain was 8%, encompassing the yield be-
haviour. In each case, the test was carried out three times to ensure reproducibility.

2.3 Model formulation

Two elastic models for semicrystalline material are compared at the macroscopic and microscopic
scale: amean-field composite inclusionmodel and a detailed finite-elementmodel of the spherulitic
microstructure. For the latter, also the influence of the crystal geometry on the elastic behaviour is
investigated. In this section, a short summary of the composite inclusion model is given (more
details can be found in [77, 83]) and the two-scale finite-element model is introduced.
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Figure 2.1: The two-layer composite inclusion after [73, 83].

2.3.1 Composite inclusion model

Since only small elastic deformations are considered, the small strain tensor ε = (~∇~u+(~∇~u)T)/2
and the Cauchy stress tensorσ are used as the strain and stress measures. The composite inclusion
model is a material point model, in the general case, relating the stress to the deformation. Two
scales are considered, and the effective (averaged) characteristics σ̄, ε̄ are defined at themacroscopic
scale. At the microscopic scale, a multi-phase structure, consisting of crystalline and amorphous
domains, is introduced. Assuming the constitutive behaviours of the phases are known (σc =
σ

c (εc) andσa = σ
a (εa)) and when specific interaction laws between the phases and structures

are assumed, themacroscopicbehaviour canbemodelled. In this study, only the linear elastic regime
is considered, thus, Hooke’s law is used as the constitutive law for both phases, where the crystalline
phase is modelled as being anisotropic.

The structural element of the micromechanical model is the composite inclusion, which is an
assembly of a single crystalline lamella and the neighbouring amorphous layer (see figure 2.1). The
stress and strain fields are considered to be piecewise-homogeneous within the inclusion, i.e. con-
stant within the single phase. The shape of the inclusion is not specified, only the volume fractions
of the crystalline (f c) and the amorphous (fa = 1 − f c) phases are defined. Restrictions are ap-
plied to the strain and stress fields of the individual phases, because the two phases are connected at
the interface (compatibility and traction continuity). Thus, the variables defined by:

~σn = σ · ~nI, (2.1)

εks = ~eIk · ε · ~eIs, ∀~eIk, ~eIs ∈ X
I |~eIk × ~eIs = ~nI (2.2)

are assumed to be continuous across the interface, where X I is the interface plane and ~nI is the
interface normal. Components of tensors ε and σ that are not constrained by these relations can
be discontinuous. The inclusion-averaged stress and strain tensors are calculated as the volume
weighted averages:

σ
I = f c

σ
c + fa

σ
a, (2.3)

ε
I = f c

ε
c + fa

ε
a. (2.4)

The material behaviour is modelled as the average behaviour of N differently oriented inclu-
sions (here for quantities of the particular inclusion i superscript Ii is used; in other equations index
i is omitted), i.e.:

σ̄ =
1

N

N
∑

i=1

σ
Ii , (2.5)
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ε̄ =
1

N

N
∑

i=1

ε
Ii . (2.6)

Voigt, Reuss or other hybrid interaction models are used to describe the interactions between the
individual composite inclusions. In the Voigt model, the average inclusion strain (εI) is equal to
the macroscopic strain (ε̄), satisfying inter-inclusion compatibility but not inter-inclusion traction
equilibrium. In the Reuss model, the average inclusion stress (σI) is matching the macroscopic
stress (σ̄), fulfilling inter-inclusion traction equilibriumunlike inter-inclusion compatibility. These
models can be imagined as a parallel or series connection of inclusions, respectively, providing the
stiffest and the most compliant way of coupling the inclusions.

The conditions (2.1) and (2.2) are constraining three of six independent components of the
strain and stress tensors within the phases of the composite inclusion. A hybrid averaging scheme
can be obtained by either using a Voigt-type interaction model only for the unconstrained compo-
nents of εI or aReuss-type interactionmodel only for the unconstrained components ofσI. Thus,
the first hybrid law requires the unconstrained inclusion stress components (σI

11, σ
I
22 and σ

I
12) in

the interface coordinate system with ~eI3 = ~nI, to be equal to the macroscopic stress components
(σ̄11, σ̄22 and σ̄12, respectively) in the same coordinate system. In this case, an auxiliary tensor ε̂ is
introduced with the ε̂33, ε̂23 and ε̂31 components in the interface coordinate system equal to the
εI33, ε

I
23 and ε

I
31 strains of each inclusion, respectively.

Formally, these interaction laws can be written using two fourth-order projection tensors:

4
P

I
n = ~eI1~n

I~nI~eI1 + ~eI2~n
I~nI~eI2 + ~nI~eI1~e

I
1~n

I + ~nI~eI2~e
I
2~n

I + ~nI~nI~nI~nI, (2.7)

4
P

I
X = 4

I − 4
P

I
n. (2.8)

The first projection tensor acting on the stress tensor (4PI
n : σI) leaves only the components corre-

sponding to intra-inclusion traction conditions, i.e. the out-of-plane components with respect to
the interface. Similarly, the second projection tensor provides the components for intra-inclusion
compatibility, i.e. the in-plane components with respect to the interface. Thus, equations (2.1) and
(2.2) using equations (2.7) and (2.8) can be rewritten as the following equations which are fulfilled
for all inclusions:

4
P

I
n : σI = 4

P
I
n : σc = 4

P
I
n : σa, (2.9)

4
P

I
X : εI = 4

P
I
X : εc = 4

P
I
X : εa. (2.10)

For the so called ε̂-inclusionmodel, where the strain-like auxiliary tensor ε̂ is introduced, the inter-
inclusion conditions can then be written as:

4
P

I
X : σI = 4

P
I
X : σ̄, (2.11)

4
P

I
n : εI = 4

P
I
n : ε̂. (2.12)

Together with the expressions for the volume-averaged stress and strain (σ̄ and ε̄), i.e. equations
(2.5) and (2.6), the constitutive relations for the phases (σc = 4C

c : εc and σ
a = 4C

a : εa),
six boundary conditions and equations (2.3), (2.4), (2.9), (2.10), (2.11), (2.12), a full set of equations,
which allows to find all quantities at the material point, is obtained. Since linear elastic behaviour
is considered, the macroscopic stiffness tensor 4C̄, relating σ̄ and ε̄, can be obtained directly [77].



14 Elastic behaviour of isotropic semicrystalline PET

Figure 2.2: The two-level finite-element modelling scheme.

2.3.2 Finite-element model

In this work, isotropic PET is the subject of study. Therefore, a spherulitic microstructure is mod-
elled using a two-scale finite-element scheme. Considering images of crystallised PET [84], the as-
sumption is made that spherulites fill up the whole space and that there is no unconstrained amor-
phous material, at least at relatively high crystallinity.

Three length scales are considered: macroscopic, mesoscopic and microscopic. At the macro-
scopic length scale (application scale), PET film is homogeneous. At the mesoscopic length scale,
spherulites can be distinguished and at themicroscopic scale, individual crystalline and amorphous
regions are modelled.

The modelling concept is similar to [78], where the mesoscopic scale (the spherulitic level) was
represented by a finite-elementmodel and thebehaviour of amaterial point in the spheruliticmodel
was represented by the composite inclusion model. In this study, the constitutive behaviour of a
material point at the spherulitic level is modelled by another finite-element model which is rep-
resentative for a bundle of parallel but twisted crystalline lamellae and corresponding amorphous
regions. Homogenised properties of the mesoscopic scale model can subsequently be used to solve
the macroscopic scale problem.

Mesoscopic scale

At the mesoscopic scale, individual spherulites can be distinguished. At this level, a three-dimen-
sional spherulite model with symmetry boundary conditions, derived from the stacking of spheru-
lites, is used (figure 2.2). Various spherulite layouts in spacemay exist e.g. regular or irregular. How-
ever, it has previously been found that the irregularity of spherulite stacking is not important [78].
Therefore, in this study, only ordered arrangements of spherulite centres are used: a cubic stacking
(when the spherulite centres are located at the corners of a cubic unit cell) and a body-centred cubic
(bcc) arrangement. Using symmetry of the geometry, 18 th of the periodic cubic volume ismodelled.
In figure 2.2, the spherulite model representing the bcc stacking is highlighted, with lines showing
the crystalline lamella growth direction.

The spherulite model is defined in a global coordinate system given by the unit vectors ~e1, ~e2,
~e3. The properties of a material point in the spherulite model are defined by the orientation of
the crystalline lamellae at this point, which depends on the positions of the spherulite centres. In
each point, the growth direction of the lamellae is taken as the direction from the nearest spherulite
centre to the point. The spherulite model derived from the cubic stacking has a spherulite centre at
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Figure 2.3: Meshes for cubic (a) and bcc (b) spherulitic models.

position (0; 0; 0), and for simplicity is referred to as the cubic model. Themodel corresponding to
the bcc stacking has two spherulite centres at (0; 0; 0) and (l; l; l), with l the dimension of the unit
cell. Symmetry boundary conditions are imposed:

u1(0;x2;x3) = 0, u2(x1; 0;x3) = 0, u3(x1;x2; 0) = 0,

u1(l;x2;x3) = U1, u2(x1; l;x3) = U2, u3(x1;x2; l) = U3,

with uk, k = 1, 3 the nodal displacement.
The volume corresponding to the cubicmodel ismeshedusing10×10×10 linear brick elements.

The volume corresponding to the bccmodel ismeshed using linear tetrahedron elements (see figure
2.3).

Microscopic scale

The microscopic scale model (which will be referred to as themicroscale representative volume ele-
ment, or the µRVE) represents a bundle of crystalline lamellae with amorphous layers in between
them and having various angles of rotation around the radial direction of the spherulite because of
the lamellar twisting. This ismodelled by creating several domains, eachwith a different orientation
of the crystalline layers and then arranging the domains randomly in a three-dimensional periodic
structure. Each of the domains has an hexagonal shape, see figure 2.4. In figure 2.4, the model for
one particular crystallinity is illustrated. For the calculations, models with different crystallinities
are used, where the thickness of the crystalline layers is changed. The crystallinity is thereby varied
from 14% to 42%. To obtain a representative structure with a limited number of domains, some
restrictions are introduced, creating a quasi-random structure: the number of domains having the
same orientation is uniform; the domain can not border with another domain with the same orien-
tation; the average position of the domains with the same orientations should be close to the centre
of the µRVE. With these restrictions, a convergence study has shown that a stacking 6×6 domains
is sufficient to obtain a macroscopically transversely isotropic µRVE.

The finite-element mesh for a crystallinity of f c = 0.26 is illustrated in figure 2.4 (only the
front view of the 3Dmodel). Linear brick and pentahedral elements (which are used near the edges
of the hexagonal domains) are used in the model. Crystalline layers are illustrated in grey colour
and are oriented according to the growth direction (out of plane) and the normal to the interface
between the phases. The restriction that bordering domains can not have the same orientation
of the crystalline layers is fulfilled, but not observed in the left figure, since for the same interface
normal~n, two orientations of the crystalline phase are possible, which is shown in the right-bottom
figurewhere, the orientations of the crystalline lamellae in the bordering domains are indicated. For
details about crystal orientations, see section 2.3.3.

TheµRVE is defined in a local coordinate systemwith the unit vectors~i1,~i2,~i3. The geometry
of the periodic µRVE is defined by the corner points ck, k = 1, 4 and the corresponding bound-
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Figure 2.4: The 3D finite-element mesh for the microscale model with crystallinity
of f c = 0.26, front view.

Figure 2.5: Labels used to describe the periodic volume and the periodic boundary
conditions.

aries as labelled in figure 2.5. On the boundaries, the following periodic conditions for the µRVE
are imposed:

~uR − ~uL = ~uc2 − ~uc1 ; (2.13)

~uT − ~uBo = ~uc3 − ~uc1 ; (2.14)

~uF − ~uBa = ~uc4 − ~uc1 , (2.15)

with ~uck the displacements of the corner points, and with ~uc1 = ~0.

Following [85], the average deformation gradient F̄ µRVE and the average 1st Piola-Kirchhoff

stress tensor P̄ µRVE, are defined by volume averaging over the domain of the µRVE:

F̄
µRVE =

1

V µRVE
0

∫

v∈V
µRVE

0

F (v) dv; (2.16)

P̄
µRVE =

1

V µRVE
0

∫

v∈V
µRVE

0

P (v) dv. (2.17)
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Figure 2.6: Different meshes of the single domain of the µRVE used in the simula-
tion where the crystal geometry is varied; ψ ≈ 12 (left), 4 (centre), 2 (right).

The deformation gradient F̄ µRVE is prescribed through the displacements of the corner points
~uck , k = 1, 4which can be obtained from:

~uck =
(

F̄
µRVE − I

)

· ~x0 (ck) , k = 1, 4, (2.18)

with ~x0 (ck) the initial position of the point. Based on the periodic boundary conditions, tensor

P̄
µRVE for the periodic µRVE can be calculated by [85]:

P̄
µRVE =

1

V0

∑

k=1,4

~fk~x0 (ck) , (2.19)

where V0 is the initial volume of the µRVE and ~fk are the resulting external forces at the corre-
sponding corner nodes. The effective elastic properties of the µRVE are obtained from different
perturbations of it. However, in largemulti-scale analyses obtaining effective properties using static
condensations is preferred [86].

The composite inclusionmodel may be expected to provide an adequate approximation of the
mechanical behaviour ofmaterial consisting of layered phases, which ismost likely for high ormod-
erate crystallinities (which is, for example, the case for fully crystallised PET). In this section, such
a structure was described with the two-scale finite-element model. However, at relatively low crys-
tallinities, crystalline lamellae within the spherulitemight not border with each other, thus having a
different aspect ratio of the cross-section. To study the effect of the crystalline geometry,microstruc-
tural finite-element models with varying crystalline aspect ratios (length/width ratios of the cross-
section: ψ ≈ 12, 4, 2) were used, preserving the volume of the crystalline phase and the number
of rows with crystalline inclusions in the domain, see figure 2.6. The finite-element mesh of the
µRVE (figure 2.4) was modified, by replacing the internal geometry of the domains by the ones
in figure 2.6. These models were used to make a comparison with the composite inclusion model
at the microscopic scale. In addition, µRVE models with different crystallinities (variation of the
volume fraction of the crystalline phase) were created for macroscopic analysis.

Link between scales

The behaviour of the material in the finite-element model is linear elastic. Thus, the effective stress

(σ̄) and strain (ε̄) in theµRVE are related through the anisotropic effective stiffness tensor 4C̄
µRVE

,
which is independent of the loading conditions of the µRVE. First, this effective stiffness tensor is
extracted from the µRVE. Then, it is used in the spherulite model, considering the orientation of
each material point. The coordinate systems of the two models are coupled such that the long axis
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of the crystalline lamella in the µRVE (the out of plane direction in figure 2.4) corresponds to the
radial direction of amaterial point in the spherulite structure of themesoscopic level model (the di-

rections are indicated by~i3 in figure 2.2). The rotation of lamellae around the radial direction of the
spherulite is random. Thus, to obtain a uniformdistribution of the interface normals, an additional

random rotation of the local coordinate system around the direction~i3 = ~er is introduced. The

final step is to obtain the effective stiffness from the spherulite model 4C̄
SM

. The mesoscopic scale
also represents the effective behaviour of a material point at the macroscopic (application) scale.

Thus, in the application scale, 4C̄
Macro

= 4C̄
SM

can be used.
To analysemicroscopic deformations, the spherulitemodel is subjected to the followingbound-

ary conditions (uniaxial stress state):

ε̄11 = 0.01; σ̄ij = 0, i, j = 1, 3, ij 6= 11. (2.20)

The deformation gradient obtained from the results of the spherulite model analysis is taken from
N = 35 material points and the corresponding boundary conditions are imposed on the µRVE
model. After that, the average stresses and strains over the individual phases of the domains having
the same orientation (i.e. the normal to the interface between the phases is the same) are obtained.

2.3.3 Behaviour of constituent phases

The elastic behaviour of each of the phases is represented by Hooke’s law, σ = 4C : ε. Using the
Voigt notation, the stress and strain tensors are stored in the columns:

˜
σ = [σ11, σ22, σ33, σ23, σ31, σ12]

T,

˜
ε = [ε11, ε22, ε33, 2ε23, 2ε31, 2ε12]

T
,

respectively, which are linked by the matrix
¯
C.

The crystal structure of PET is triclinic and is shown in figure 2.7. The experimentally deter-
mined parameters from [24] are used here: a = 0.456 nm, b = 0.594 nm, c = 1.075 nm,
α = 98.5◦, β = 118◦, γ = 112◦. A local coordinate system is defined for the crystal unit cell,

such that~ic3 corresponds to the chain direction (the [001] crystallographic direction) and~ic2 is or-

thogonal to~ic3 and lies in the (100) crystallographic plane;~ic1 is then obtained from the following

vector product:~ic1 =~ic2 ×~ic3.
For the crystalline phase, the following stiffness matrix, obtained by molecular modelling [25]

(at ambient temperature 300K), is used:

¯
Cc =

















14.4 6.4 3.4 −2.2 −0.3 −1.8
6.4 17.3 9.5 3.3 −0.5 0.5
3.4 9.5 178.0 3.8 −0.7 −1.8
−2.2 3.3 3.8 6.6 0.2 −0.4
−0.3 −0.5 −0.7 0.2 1.4 0
−1.8 0.5 −1.8 −0.4 0 1.2

















GPa. (2.21)

This is in contrast to [53, 68], where the stiffness matrix is taken from an experimental study [87]
with the

¯
Cc

33 component obtained from [88].
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Figure 2.7: Arrangement of chains in a PET crystal, front view (left) and left view
(right); carbon atoms are shownwith large dots, hydrogen with small dots, and oxy-
gen atoms with open circles, atomic positions are taken from [26].

Table 2.1: Experimentally measured Young’s moduli for amorphous PET.

Source [68] [91] [92] [93] [94]
Temperature [◦C] 20–26 20 80 46–77 21
Young’s modulus [GPa] 2.6 1.22 1.65 2 2.2

Theorientation of the crystallographic unit cell is specified relative to the crystalline-amorphous
interface, i.e. the lamellar surface. The [101] crystallographic direction is considered to be the nor-
mal to the lamellar surface [10, 26, 89]. For the above mentioned lattice parameters, the angle be-
tween the molecular chain axis and the lamellar normal is ϕ ≈ 25◦. Single crystals of PET are
lath-shaped with long dimension of the lamella parallel to the (010) crystallographic plane [10].
The preferred crystal growth plane is the (100) crystallographic plane [84]. Thus, for the finite-
element model, the spherulite growth direction is selected to be normal to the [101] direction and
lying in (010) plane, as shown in figure 2.8. Therefore, the growth direction is close to the crystal-
lographic a-axis. Also, in polytrimethylene terephthalate, which belongs to the same terephthalic
polyester family as PET, the spherulite growth direction is the crystallographic a-axis [90].

The amorphous phase is assumed to be isotropic [20].However, different studies have shown a
large variation of theYoung’smodulus for amorphous PET [68,91–94], which canbe found in table
2.1. For comparing the two models, a Young’s modulus of Ea = 2GPa is used. Following [68],
the Poisson’s ratio is taken as νa = 0.4.
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Figure 2.8: Schematic illustration of the (010) plane of the PET crystal unit cell
(lattice parameters from [24]).

2.4 Results

2.4.1 Macroscopic comparison

To obtain the effective Young’s modulus of the material from the composite inclusion model, the
number of inclusions was set to 2000, with a random orientation distribution. The effective stiff-
ness tensors, corresponding to different interaction laws between the inclusions, were obtained us-
ing relations given in [77]. For the finite-element model, 5 crystallinities were selected and for each
crystallinity, 6 calculations were done for both the bcc model and the cubic model, each time with
different random orientations of the domains.

The dependence of themacroscopic Young’smodulus on the crystallinity is illustrated in figure
2.9 for the various models. Here, the highest aspect ratio of the crystalline phase within the domain
is used, i.e. the µRVE is a packed layered structure. As observed from the image, there is almost no
difference between results obtained with the finite-element models having a cubic or a bcc stacking
of spherulites. Also, the composite inclusion model with a hybrid interaction law predicts almost
the same stiffness as the finite-element models. The Young’s moduli, obtained with the composite
inclusion model with various interaction laws, extrapolate to Ea = 2GPa for a crystallinity of
f c = 0.

2.4.2 Microscopic comparison

The composite inclusion model also predicts the stresses and strains in the individual phases of sin-
gle inclusions, which are next compared with the results of the finite-element simulations at the

microscopic scale. Intralamellar deformation (εc =
√

2
3ε

c : εc), interlamellar separation (εan =

ε
a : ~nI~nI) and interlamellar shear (γan =

∣

∣ε
a · ~nI − εan~n

I
∣

∣) normalised by ε̄11 are used as themea-
sures of the deformation. The orientations of the lamellar interface normals and the corresponding
strain measures (in greyscale) are illustrated in equal area projection pole figures in figure 2.10 for
the composite inclusion model with the hybrid interaction law and for the finite-element model
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Figure 2.9: The dependence of the macroscopic Young’s modulus on the crys-
tallinity for isotropic PET calculated with the composite inclusion model using var-
ious interaction laws (lines) and with the finite-element model (symbols).

with cubic stacking of the spherulites and highest aspect ratios of crystalline layers. Crystallinity
was taken as f c = 0.25, which corresponds to the maximum crystallinity achieved experimen-
tally by annealing. In the spherulite model 27 points were taken for the analysis, with coordinates
x1, x2, x3 ∈ {0.1; 0.5; 0.9}. The average strains of each amorphous and crystalline layer in the do-
mains of the particular orientation are calculated as the volume averages. From the figures it can be
observed, that the relations between the magnitude of the deformation measures, and the lamellar
normal orientations, are similar in both models.

In figure 2.11 vonMises stress distributions in the spherulitemodel and twoµRVEs correspond-
ing to different points as well as the pole figures showing deformation measures are shown. The
deformation throughout the spherulite model is heterogeneous. The deformation mechanisms,
which are dominant in different areas of the model, are identified by pole figures, showing these
measures, as a function of the lamellar normal orientations in the µRVE, for single points located
at various positions of the spherulite model. The colours of the markers in the pole figures indi-
cate the magnitude of the deformation measure (intralamellar deformation or interlamellar shear
or separation) and the locations of the markers show the corresponding orientations of the lamel-
lar normals. At the macroscopic scale, the deformation is applied in ~e1-direction, equation (2.20).
Here 8 additional points in the spherulite model are further analysed; coordinates of the points
are x1, x2, x3 ∈ {0; 1}. For points in the “Left” plane of the spherulite model and neighbouring
points (as defined in figure 2.5), the dominant deformationmechanism, observed at themicroscopic
scale, is interlamellar separation for the domains with the lamellar normals oriented along the ~e1-
direction. For normals lying in the plane normal to~e1 it is intralamellar deformation, and for other
normal orientations it is interlamellar shear (see upper pole figures in figure 2.11). For points in the
“Right” plane of the spherulite model and neighbouring points, which are distant from point “c2”
(see figure 2.5), where in the corresponding µRVEs domains have lamellar normals, which are ori-
ented along the normal to the plane spanned by~er and~e1 (with~er being the radial vector from the
centre of the spherulite, point “c1”, to the current point) the dominant deformation mechanism is
intralamellar deformation; for normals lying in the plane spanned by ~er and ~e1, it is interlamellar
separation and interlamellar shear; for the rest of the normal orientations, the main mechanism of
deformation is interlamellar shear (see lower pole figures in figure 2.11). For points in the neighbour-
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Figure 2.10: Equal area projection pole figures of lamellar normal orientations,
showing local deformation measures, normalised by ε̄11.

hood of the~e1-axis in the spherulite model, the dominant deformation mechanism in the domains
of the corresponding µRVE is intralamellar deformation with negative interlamellar separation in-
dependent of the lamellar normal orientation. Similar inhomogeneous deformations were found
in spherulitic structures of PE, where the behaviour of a bundle of twisted lamellae in a material
point was modelled with the composite inclusion model [78].

2.4.3 Crystal geometry variation

As outlined in section 2.3.2, various crystalline geometries were used for relatively low crystallinities.
In particular, the internal geometry of the domains in theµRVEwas replaced with geometries con-
taining crystalline layers with lower aspect ratios (see figure 2.6). For a microscopic comparison be-
tween themodels with different internal geometries of theµRVE, the same crystallinity f c = 0.25
was used. The number of rows with crystalline inclusions in the domain was also kept constant.
For a macroscopic comparison the crystallinity was varied.

The resulting macroscopic elastic moduli, obtained from the finite-element model, are plotted
in figure 2.12. The Young’s modulus decreases slightly with a decrease of the aspect ratio. Thus, for
all crystalline geometries, the macroscopic behaviour is relatively close to the prediction obtained
with the composite inclusion model.

At the microscopic level, the stress distribution in the µRVE is changing with the aspect ratio
of the crystalline layers. The same comparison as in section 2.4.2 was made, only domains in the
µRVE were replaced by domains containing crystalline layers with lower aspect ratios. The type of
boundary conditions influences howmuch the stress distributions in various µRVE models differ.
If the boundary conditions are such that no significant volumetric strains are imposed on theµRVE,
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Figure 2.11: Von Mises stress distribution in the spherulite model (upper right)
and two µRVEs (upper left and lower right) corresponding to two points of the
spherulite model. The deformation measures in the µRVEs are shown in the pole
figures: normalised intralamellar deformation (left), normalised interlamellar sep-
aration (centre), normalised interlamellar shear (right). The symbols • in the pole
figures indicate the orientation of lamellar normals (the magnitude of the deforma-
tion measure is shown in colour); the symbols× indicate the loading direction.

then the stress distributions between phases show roughly the same pattern when various aspect
ratios are used. In figure 2.13, the results of µRVEs with different aspect ratios of the crystalline
layers, corresponding to point (0.1, 0.1, 0.9) in the spherulite model, are shown. The boundary
conditions for the spherulitemodel are the same as in section 2.4.2. In figures 2.14 and 2.10, it can be
observed that the deformationmeasures (averaged within the layer) are the same for all aspect ratios
(in figure 2.10, aspect ratio ψ ≈ 12 was used in the µRVE). If the imposed boundary conditions
contain sufficient volumetric strain, then for the case of the layered structure (ψ ≈ 12), the stress is
mostly accumulated in the crystalline region since it forms an interconnected network. For µRVEs
where crystalline regions have a lower aspect ratio, the stress distribution is more homogeneous and
the average stress in crystalline layers is lower.

In section 2.4.2, it was shown that the composite inclusion model gives a good estimation of
the microscopic characteristics, compared to finite-element simulation, where the µRVE was com-
posed of layered domains. It is therefore concluded that the composite inclusion model can be also
applied in cases when separate crystalline layers do not border with each other, at least if macro-
scopic boundary conditions do not impose large volumetric strains.
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Figure 2.12: The dependence of Young’s modulus on crystallinity calculated with
the composite inclusion model using the hybrid interaction law (line) and with the
finite-element model (symbols). In the finite-element model, in the µRVE, vari-
ous geometries of the crystalline layers were used. Macroscopic Young’s modulus of
the models that were used in the microscopic comparison are indicated by vertical
dashed line.

Figure 2.13: Von Mises stress distribution in three µRVEs with different aspect
ratios of the crystalline layers (ψ ≈ 12, 4, 2 from right to left). The deformed shape
is shown (magnified with a factor of 9).

2.4.4 Experimental validation

As described in section 2.2, a series of tensile tests was performed on samples with varying crys-
tallinity to validate the model results. The results are illustrated in figure 2.15. For the composite
inclusion model, the Young’s modulus of the non-crystalline region was taken to be either Ea =
1.22GPa or 2.6GPa, the lowest and highest values found in literature, respectively (see table 2.1).
IfEa = 1.9GPa, the average of the highest and lowest estimates ofEa, there is a good agreement
between experimental and modelling results, as observed from figure 2.15. Note that although the
range of crystallinities in the experimental validation is somewhat different from the range used in
the finite-element validation, the ranges are overlapping in the region from 14% to 27%.
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Figure 2.14: The dependence of local deformation measures, normalised by ε̄11,
on angle (θ) between the loading direction and the orientation of the interface (~nI).
The composite inclusion model with the hybrid interaction law (line) is compared
with the finite-element model (symbols). In the finite-element model, in theµRVE,
various geometries of the crystalline layers were used.

Figure 2.15: Dependence of Young’s modulus on crystallinity. Predictions of the
composite inclusion model with the hybrid interaction law (lines) compared to ex-
periments (symbols).

2.5 Conclusions

In this work, the elastic behaviour of PET was modelled using different approaches. A two-scale
finite-element model of a spherulitic semicrystalline microstructure was developed and compared
with the existing composite inclusion model. The composite inclusion model represents a layered
structure approach, whereas in the finite-element model various microstructures were used: a lay-
ered one andmicrostructures containing crystalline layerswith smaller aspect ratios, which aremore
likely to be found in a semicrystalline polymer at relatively low crystallinity.

The results indicate that the composite inclusion model can be used for modelling the elastic
behaviour of isotropic PET. The numerical validation, consisting of a comparison of the elastic
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moduli at the macroscopic scale and the deformation measures at the microscopic scale, showed
that the composite inclusion model with the hybrid interaction law gives results that are close to
those obtained with a more detailed model taking into account the spherulitic geometry. At low
crystallinities, different aspect ratios of the crystalline phase were used in the finite-element model,
which resulted in a macroscopic elastic behaviour close to the composite inclusion model. At the
microscopic scale, no significant differences were observed in the stress distribution within the mi-
crostructure when the layered structure was replaced with an amorphous matrix containing single
crystals with a lower aspect ratio. From amicroscopic point of view, the composite inclusionmodel
with the hybrid interaction law remains valid when aspect ratios of the crystals are small.

Experimental validation further proved that the two-phase composite inclusionmodel gives an
adequate approximation of the macroscopic material behaviour of PET.

The current analysis is based on linear elasticity and the conclusions therefore only hold for this
regime. The same approach can be extended to the large-strain viscoplastic regime. For this regime,
a viscoplastic mean-field composite inclusion model has previously been developed in which the
crystalline phase deforms by crystallographic slip [81, 83]. The finite element analysis would then
require the same constitutive behaviour of the constituent phases.



3 Short-term and long-term large-strain

behaviour of isotropic semicrystalline PET∗

Abstract: Amicromechanically based model is used to describe the mechanical be-
haviour of polyethylene terephthalate under uniaxial compressionup to large strains
and at different temperatures. The creep behaviour of isotropic PET is simulated
and compared to experimental data to demonstrate the applicability of the model
to describe the long-term response. Thematerial is modelled as an aggregate of two-
phase layered domains, where different constitutive laws are used for the phases.
A hybrid interaction law between the domains is adopted. The crystalline phase
is modelled with crystal plasticity and the amorphous phase with the Eindhoven
Glassy Polymer model, taking into account material ageing effects. Model parame-
ters for the selected constitutive laws of the phases are identified from uniaxial com-
pression tests for fully amorphous material and semicrystalline material. Texture
evolution during the deformation predicted by the model adequately matches pre-
viously observed texture evolution.

3.1 Introduction

Understanding and predicting the dimensional stability of various polymers used in the manufac-
ture of flexible electronics is essential for the production process [4]. Among the materials used as
the substrate for electronic circuits are polyethylene terephthalate (PET) and polyethylene naph-
thalate (PEN), which can both exist in amorphous or semicrystalline states. Films used in the man-
ufacturing process are semicrystalline, oriented and thermally stabilised. The goal of this work is
to obtain a structure-property relationship, i.e. unravel the macroscopic behaviour of the deform-
ing polymer in terms of its microstructural characteristics such as crystallinity, activity of different
molecular relaxation processes in the amorphous phase, activity of the slip systems in the crystalline
phase or phase interaction.

Semicrystalline polymers are intrinsically heterogeneous materials and rather complicated to
model, therefore the variety of approaches is wide. Phenomenological models, such as the model
by Buckley et al. [38] (also in application to PET [96]), the model by Boyce et al. [97] or a modi-
fication thereof [47], describe the large-strain behaviour of PET at the macroscopic scale even for

∗This chapter is partly reproduced from [95].
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the case of oriented polymers using orientation distribution functions as internal state variables.
However they are not able to provide precise information about the texture evolution and defor-
mation mechanisms of the phases. Another approach is multi-scale finite-element modelling of
the large-strain behaviour of the polymer with known structure, i.e. isotropic (spherulitic) or ori-
ented. One example of such an approach, applied to the viscoplastic deformation of spherulitic
polyethylene, can be found in [50]. Another example is a model for the elastic deformation of a
spherulitic microstructure of PET (see chapter 2). A different class of methods is based on mean-
field homogenisation techniques for the amorphous and crystalline domains. In this case, the real
interaction between the domains is replacedwith an effective interactionmodel, and the averagema-
terial response is obtained through homogenisation. The most well-knownmean-field approaches
are rules of mixtures (such as Voigt and Reuss averages), the self-consistent method [54] and the
Mori-Tanaka method [58, 59]. The latter two methods were originally developed for the case of
elastic deformation. Hybrid methods between the Voigt andReuss interaction laws have been used
in models capturing a viscoplastic response. One example of such a model is the so-called compos-
ite inclusion model [73, 74, 83], which was applied to the large-strain deformation of HDPE. In
this model, the material behaviour is obtained by averaging the response of layered domains, con-
sisting of crystalline and amorphous phases, and assuming a certain interaction law between the
domains. This model was used in a multi-scale approach to model the spherulitic morphology of
polyethylene [78] and the behaviour of a tensile bar under uniaxial stress [79]. In [80] a double
yield phenomenon in the predicted response of polyethylene was observed, and in [81] this model
was used to simulate the creep behaviour and predict the time-to-failure of polyethylene.

The different phases in a micromechanical model are described by dedicated constitutive laws.
For the crystalline phase, crystal plasticity [98] is commonly used, where viscoplastic deformation
takes place on a limited number of slip systems. The constitutive behaviour of the amorphous
phase can be described with one of the existingmodels for the large-strain behaviour of amorphous
polymers in the glassy state [37, 40, 41]. In this work, the model by Govaert et al. [41], which is
referred to as the Eindhoven Glassy Polymer (EGP) model, is adopted.

The aim of this work is to model the micromechanical deformation and macroscopic response
of PET during compression and creep up to moderately large strains and to obtain the parameters
required for the constitutive models for the amorphous and crystalline phases. For this purpose,
for the first time, a multi-process and multi-mode elastic-viscoplastic model for the mechanical re-
sponse of the amorphous phase based on the EGP model is incorporated in the framework of a
micromechanical model for semicrystalline polymers. Details on the numerical implementation
of the model are given, as well as the procedure for identifying its parameters. The parameters of
both phases of the mechanical model are systematically determined to quantitatively describe the
viscoplastic response of PET based on the underlying micromechanics. Texture evolution during
large-strain compressive deformation is analysed. The creep behaviour of isotropic PETwith differ-
ent crystallinities is simulated and compared to experimental data to demonstrate the applicability
of the model to describe the long-term response.

In oriented films, a preferential orientation of the crystals exists, requiring details of the orien-
tation distribution of the crystalline phase to properly characterise the material. Therefore, in the
current work, the characterisation is performed on isotropic, melt-crystallised PET, which was fur-
ther annealed in an oven to obtain a semicrystalline state. In this case, the material is isotropic and
possesses a spherulitic microstructure [12]. After characterisation is performed, the model can be
used to describe the behaviour of oriented films.
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3.2 Experimental methods

Injectionmolded bars of 6mm in diameter and 10 cm in lengthwere prepared from a polyethylene
terephthalate, whichwas obtained fromEastman andhad amolecularweight of52000 g/mol. The
bars were wrapped in aluminium film and kept at 90 ◦C for 10minutes to remove orientation. To
create semicrystalline samples, the bars were annealed in an oven for 1.5 and 24 hours at 100 ◦C,
achieving an approximate volume crystallinity of 5% and 30% respectively. Cooling down was
performed by quenching. Cylinder-shape samples of amorphous and semicrystalline PET, 4mm
in diameter and 4mm in height, were cut from these bars. Crystallinity was measured using DSC
and X-ray techniques.

True strain-controlled uniaxial compression tests were performed on a ZwickUniversal Testing
Machine 1475. The samples were subjected to compression at true strain rates of 10−2, 10−3 and
10−4 s−1 and temperatures of 23, 40, and 60 ◦C. To avoid barreling, PTFE adhesive tape (3M
5480HD) was attached to the samples on both sides. The true stress-strain curve was recorded.

For creep tests, PET cast film with an initial crystallinity less than 1%, supplied by DuPont
Teijin Films (experimental grade) was used. The samples were cut from sheets of the film and were
annealed at 100 ◦C for 6 and 13 hours. The geometrical shape of the samples was according to
ISO 527-2, type 1BA. To flatten the samples, they were placed between aluminium plates. Also,
to prevent surface pitting, polyamide film was placed between the samples and outer aluminium
plates. Tensile creep tests of the samples were carried out on a Zwick Z010 tensometer at 30 ◦C
with 5MPa imposed stress.

3.3 Model formulation

3.3.1 Micromechanical model

Amean-field micromechanical model, referred to as the composite inclusionmodel, is used to sim-
ulate the mechanical behaviour of semicrystalline PET. The composite inclusion model [83] is a

material point model which allows the macroscopic deformation gradient FM and Cauchy stress
σ

M to be related to the micromechanical deformation mechanisms and structure. Separation of
scales is thus introduced with the macroscopic scale being the material point level and the micro-
scopic scale corresponding to individual crystalline and amorphous domains.

At themicroscopic scale, the basic structural element is the composite inclusion, which consists
of a crystalline lamella and aneighbouring amorphous layer, see figure 3.1. Acollectionof inclusions,
each with a certain orientation, is generated. Note that the term “composite inclusion”, introduced
by [73, 74], refers to the use of this layered domain in an aggregate of such objects in a mean-field
approach. The constitutive behaviour of the phases is described below, where each phase has a
uniform deformation gradient and Cauchy stress. Compatibility and equilibrium requirements at

the interface are imposed. The deformation gradient F I and Cauchy stress σI of the inclusion
are determined by volume averaging of the corresponding quantities of the phases. Macroscopic

quantities FM andσM are obtained by averaging F I andσI of all inclusions.
To link inclusion quantities to macroscopic quantities, an interaction law is used [73, 74, 83].

In current simulations, the Û interaction law is employed, in which a mixture of global-local com-
patibility and equilibrium conditions is implied. More details can be found in the appendix and
in [83]. The spherulitic assembly of the lamellae, as exists in the studied material, is modelled a
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Figure 3.1: The two-layer composite inclusion after [73,83]. The structural unit of
the model is highlighted in a stack of crystalline lamellae.

mean-field approach, i.e. only orientations of crystalline lamella are taken into account, but not the
spatial arrangement. The effect of latter was previously investigated in chapter 2 and in [78].

3.3.2 Crystalline phase

Amultiplicative decomposition of the deformation gradient into elastic (e) and plastic (p) parts is
assumed (superscript “c” indicates a quantity corresponding to the crystalline phase):

F
c = F

c
e · F c

p. (3.1)

In addition to the initial configurationΩ0 and current configurationΩ, an intermediate configura-
tionΩi, resulting from instantaneous elastic unloading of the current configuration to a stress-free
state, is introduced. The volumetric deformation is considered to be fully elastic:

Jc = det(F c) = Jc
e = det(F c

e) . (3.2)

The elastic behaviour is characterised by the second Piola-Kirchhoff stress tensor with respect
to the intermediate configuration S

c
e and the elastic Green-Lagrange strain tensor Ec

e, which are
coupled in the following way:

S
c
e =

4
C
c : Ec

e, (3.3)

where 4C
c is a fourth order tensor containing the elastic parameters of the crystalline phase, and

S
c
e = Jc

F
c
e
−1 · σc · F c

e
−T and E

c
e =

1

2

(

F
c
e
T · F c

e − I

)

. (3.4)

Here σc is the Cauchy stress tensor and I is the second order identity tensor. Elastic properties of
the crystalline phase, i.e. components of tensor 4C

c, are taken with respect to the crystallographic
axes in the intermediate configurationΩi.

A crystal viscoplasticity model is used for the viscoplastic behaviour of the crystalline phase.
Plastic deformation of the crystalline lamella, which constitutes a single crystal, is a superposition
of plastic deformations onN s distinct slip systems. Each slip systemα in the crystal is described by
slip direction ~sα0 and slip plane normal ~nα

0 , defined in the reference configuration Ω0. Thus, the
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Figure 3.2: Mechanical analogue of the EGP model.

plastic velocity gradient tensor is defined as (symbol “ˆ” indicates a quantity corresponding to the
intermediate configuration):

L̂
c
p = Ḟ

c
p · F c

p
−1 =

Ns

∑

α=1

γ̇αP α
0 ; P

α
0 = ~sα0~n

α
0 , (3.5)

whereP α
0 is the nonsymmetric Schmid tensor defined in the reference configurationΩ0 and γ̇

α is
the shear rate of slip systemα. Note that the Schmid tensorwill also be the same in the intermediate
configuration, since ~sα0 and ~nα

0 do not change from reference to intermediate configurations. The
shear rate is obtained from the resolved shear stress on the slip system with an Eyring flow rule:

γ̇α = ξα sinh
τα

τα0
, (3.6)

where ξα and τα0 are the reference shear rate and shear strength, respectively. The shear stress τα

on slip system α is defined as [98]:

τα = τ
c : P α, with P

α = F
c
e · P α

0 · F c
e
−1 and τ

c = Jc
σ

c. (3.7)

3.3.3 Amorphous phase

For describing the non-linear behaviour of the amorphous phase in a glassy state, the EGP model
[42, 43, 99] is used. The one-dimensional mechanical analogue of the model is depicted in figure
3.2. Themulti-modemulti-process formulation of this model [46] gives a more precise description
of the pre-yield behaviour while being less computationally efficient than its single mode version.
However, it is not necessary to use a large number of modes if the pre-yield behaviour is mostly
linear, as the case for PET.

For each mode i, the deformation gradientF a is decomposed into elastic and plastic parts (su-
perscript “a” indicates a quantity corresponding to the amorphous phase):

F
a = F

a
e i

· F a
pi
, i = 1, Na, (3.8)

whereNa is the number ofmodes. To ensure uniqueness of the decomposition of the deformation
gradient, the plastic deformation is assumed to be spin-free [41]:

Ω
a
pi

=
1

2

(

L
a
pi

−L
a
pi

T
)

= 0, with L
a
pi

= F
a
e i
· Ḟ a

pi
· F a

pi

−1 · F a
e i

−1. (3.9)
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Also for the amorphous phase, plastic deformation occurs without volume change, i.e. Ja =
Ja
e i
, i = 1, Na. The Cauchy stress is split into a hardening stressσa

r and a driving stressσ
a
s , which,

in turn, is split into a hydrostatic part and a deviatoric part:

σ
a = σ

a
r + σ

a
s
h + σ

a
s
d. (3.10)

The driving stress depends on the elastic parts of the deformation gradient of each mode:

σ
a
s
h = −paI; pa = −Ka (Ja

e − 1) ; σ
a
s
d =

Na

∑

i=1

σ
a
s i

d =

Na

∑

i=1

Ga
i B̃

a
e i

d
; (3.11)

with Ka being the bulk modulus, Ga
i the shear moduli and B̃

a
e i

= Ja
e i

−
2

3F
a
e i

· F a
e i

T the iso-
choric elastic Finger tensor of mode i. The hardening stress depends on the isochoric deformation
gradient:

σ
a
r = GrB̃

ad (3.12)

where Gr is a hardening modulus. Finally, the plastic deformation gradients are obtained from
time-integration of the plastic part of the deformation rate, which is related to the deviatoric driving
stress:

D
a
pi

=
1

2

(

L
a
pi

+ L
a
pi

T
)

=
σ

a
s i

d

2ηi
. (3.13)

To account for the contribution of two molecular processes, α and β, the Maxwell modes are
divided into two groups corresponding to these molecular processes. The number of modes corre-
sponding to the α process isNa

α andNa
β = Na − Na

α is the number of modes corresponding to
the β process.

The viscosities ηi in equation (3.13) are non-linear and depend on the equivalent deviatoric driv-
ing stress τπ , temperature T , pressure pa, and thermodynamic state Sπ , which is related to the
equivalent plastic strain γp:

ηi = η0i
τπ/τ0π

sinh (τπ/τ0π)
exp

(

µπp
a

τ0π

)

exp (Sπ) , (3.14)

with π = α, β. Here τ0 is a characteristic stress, µ the pressure dependence parameter and η0i are
viscosity parameters corresponding to the rejuvenated state, which are temperature dependent in
the following way:

η0i = η0ir exp

(

∆Uπ

R

(

1

T
− 1

Tr

))

, (3.15)

whereR is the universal gas constant,∆Uπ the activation energy and Tr a reference temperature,
which corresponds to the viscosity parameters η0ir in the rejuvenated reference state. The equiva-
lent deviatoric driving stress τπ is defined as:

τπ =

√

1

2
σa

sπ
d : σa

sπ
d, (3.16)

whereσa
sπ

d, π = α, β is the overall deviatoric driving stress of process π, calculated as the summa-
tion ofσa

s i
d for allmodes corresponding to theπ process. The characteristic stress is a temperature-

dependent parameter:

τ0π =
kT

V ∗
π

, (3.17)
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where k is the Boltzmann constant and V ∗

π the activation volume.
The deformed, “rejuvenated” state is chosen as a reference state, of which the strain rate depen-

dence is fully described by the viscosity expressions in equations (3.13)–(3.15). Changes in thermo-
dynamic state, as a result of ageing, are incorporated by introduction of the state parameter Sπ ,
one for each process, which determines the age-dependent shift of the strain rate dependence of
the yield stress towards lower strain rates and which is zero at the reference state. This implies that
within such approach there is no difference between the thermodynamic state of the material dur-
ing deformation at a different strain rates. This is supported by experimental observations [100],
where it was shown that the softening process is independent of deformation rate and is influenced
by an evolution of structure that is a result of plastic deformation.

A thermodynamic state variableSπ also describes softening after the yield point. It depends on
a functionRγπ that describes mechanical rejuvenation [42]:

Sπ = SaπRγπ; Rγπ =
(1 + (r0π exp (γp))

r1π)
r2π−1

r1π

(1 + r0πr1π)
r2π−1

r1π

, (3.18)

Here Sa, r0π , r1π and r2π are model parameters. The ageing parameter Sa is taken to be constant,
although it can be time and temperature dependent (for details see [42]). The equivalent plastic
strain is defined on the basis of the first mode and its time derivative as:

γ̇p =
τ1
η1

; τ1 =

√

1

2
σa

s 1
d : σa

s 1
d, (3.19)

where tensor σa
s 1

d is the deviatoric driving stress of the first mode.
In this work, a multi-process formulation is used with a single mode corresponding to each

process. Since it was observed in the experiments that the pre-yield behaviour of PET is almost
linear, using a single mode corresponding to each process for the description is sufficient.

3.3.4 Some aspects of numerical implementation of the EGP model

To enable the incorporation of the EGPmodel in themicromechanical modelling framework, a so-
lutionprocedure is used inwhich the amorphous state of deformationF a andCauchy stressσa can
be fully determined from imposed mixed boundary conditions. For a well-posed boundary value
problem, by specifying some components ofF a andσa, all other components of these tensors can
be obtained. The elastic deformation gradient of the first mode, F a

e1
, is a variable, for which a set

of non-linear equations (linkingF a andσa) are solved using the Newton-Raphsonmethod. This
tensor is used because it fully describes the state of the material, as shown in figure 3.3, and fits in
the composite inclusion model framework, see [83]. Therefore, in the solution scheme of the EGP
model, a Newton-Raphson method is used to find F a

e1
such that the components of F a and σa

satisfy the values imposed by boundary conditions. The numerical procedure for obtainingF a and
σ

a from a knownF a
e1

is schematically shown in figure 3.3 and is described below.
Since τπ , π = α, β depends non-linearly on F

a
e1
, at first, τπ is determined. The state of

the plastic and elastic deformation and thereby the stress in each mode depend on the viscosity ηi,
which, in turn, depends on τπ . Therefore, using Banach fixed-point theorem, τπ can be iteratively
found, using the value from the previous time step as an initial estimate. Some details of obtaining
the stresses are summarised below.



34 Short-term and long-term large-strain behaviour of isotropic semicrystalline PET

Figure 3.3: Numerical solution procedure of the EGPmodel.

Knowing F a
e1
, the deviatoric driving stress of the first mode σa

s 1
d can be found. Then, inte-

grating equation (3.19), using the implicit Euler method (and also the Newton-Raphson scheme to
obtain the solution of the resulting non-linear equation), γp is obtained. Next, knowing the vis-

cosity η1, the plastic velocity gradient L̂
a
p1

(in the intermediate configuration) is determined. Time

integration of L̂a
p1

(using the Padé approximation of exp
(

L̂
a
p1

)

) leads toF a
p1
, thus toF a. It can

be shown, that for other modes (i 6= 1), the plastic Cauchy-Green deformation tensorCa
pi

takes

the following form (if the implicit Euler method is used for time integration of Ċa
pi
):

C
a
pi
(tn) = s

(

∆tGa
i

(Ja)
2

3 ηi
C

a (tn) +C
a
pi
(tn−1)

)

, i = 2, Na, (3.20)

where ∆t is the time step, s a normalisation constant (taken such that det
(

C
a
pi

)

= 1) and

C
a
pi
(tn−1) the plastic Cauchy-Green deformation tensor at the previous time step. Next, the elas-

tic Finger tensor of the i-th modeBa
e i

is obtained and, after that, the deviatoric driving stress of

the i-th modeσa
s i

d. From the obtained stresses, τπ can be determined.
After obtaining τπ , in the same iterative loop, F a is found. Likewise, the hardening stress σa

r

and total Cauchy stressσa result.
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Table 3.1: Input parameters for PET.

parameter η01r [MPa · s] Ga
1 [MPa] ∆Uα [kJ/mol] µα [−] Tr [K]

value 1027 230 700 0.024 296
parameter η02r [MPa · s] Ga

2 [MPa] ∆Uβ [kJ/mol] µβ [−] Gr [MPa]
value 70 187 100 0.024 4.7

parameter V ∗

α [nm3] Saα [−] r0α [−] r1α [−] r2α [−] Ka [MPa]
value 13.0 13 0.9 5 −2 1800

parameter V ∗

β [nm3] Saβ [−] r0β [−] r1β [−] r2β [−]

value 4.3 13 0.99 50 −8

3.4 Characterisation

3.4.1 Amorphous material

To obtain the constitutive parameters for amorphous PET, pure amorphous material is first con-
sidered. In the case of uniaxial deformation, the constitutive equations of the amorphous phase,
summarised in section 3.3.3, can be simplified. Thus, a direct relation between model parameters
and experimentally observed quantities, such as yield stress or stress at large stains, can be estab-
lished. In appendix 3.B, the process of characterisation is summarised (more details can also be
found in [46, 101]). Results are shown in table 3.1.

The true stress-strain behaviour of amorphous PET under uniaxial compression is shown in
figure 3.4. The dependence of the upper yield stress, which is themaximum stress before softening,
and the lower yield stress, which is theminimum stress after softening, on the strain rate is shown in
figure 3.5. When large strains in PET in a glassy state are considered, two molecular processes con-
tribute to stress, which results in a marked change of strain rate dependence during post yield. In
such a multi-process approach two different contributions can be recognized, each with their own
reference response, their own Eyring parameters and both being subject to physical ageing. How-
ever, in this description, the position of the reference state of the β molecular process is arbitrary,
i.e. its reference viscosity and ageing parameters of both processes are chosen and are not deter-
mined uniquely. Examples of methods to determine model parameters in such cases are extensively
described in [46]. As seen in figure 3.5, at 23 ◦C, the lower yield stress is relatively high. Since the
activation of a secondary molecular process (β) is governed by temperature and strain rate [46], a
deviation of lower yield stress from a linear relation at 23 ◦C in figure 3.5b can be considered as a
contribution of theβmolecular process, which allows one to fix an arbitrary choice of the reference
state. Note that this choice does not influence the quality of the prediction of upper yield, since
at the upper yield point the reference state viscosities are shifted due to material ageing. As other
polymers, PET reveals piecewise linear yield kinetics.

At 60 ◦C and small strain rates, the experimentally measured yield stress is dropping. The ex-
planation of this fact can be that thematerial reaches equilibrium, since this temperature is close to
the glass transition temperatureTg for PET. It can be shown thatwhen temperatures are close toTg
the yield stress dependence on annealing time reaches a plateau [102]. For a quenched sample, the
yield stress increases with annealing time until, after some time, equilibrium is reached. However
if well-aged material (with high yield stress at room temperature) is heated to such a temperature
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Figure 3.4: Intrinsic stress-strain response of amorphous PET under uniaxial com-
pression, at 23 ◦C (a) and at 40 ◦C (b); comparison of the model (solid lines) and
experimental data (symbols).

Figure 3.5: Dependence of absolute values of upper (a) and lower (b) yield stresses
of PET during uniaxial compression on strain rate at 23 ◦C, 40 ◦C and 60 ◦C; com-
parison of the model (solid lines) and experimental data (symbols).

the yield stress will decrease as a function of time until reaching an equilibrium state. As seen from
figure 3.5a, with the increase of the test time, the deviation of the prediction from themeasurements
increases. This behaviour was also observed in tensile experiments on a different grade of isotropic
amorphous PET, but not taken into account in the model prediction in figure 3.5.

For PET a two-process EGPmodel with oneMaxwell mode for each process is sufficient, since
thepre-yieldbehaviour ofPET is almost linear and it is notnecessary to usemultipleMaxwellmodes
to describe the pre-yield behaviour precisely. A comparison of the model prediction with experi-
mental data for uniaxial compression is shown in figure 3.4. As it can be observed, there is a good
match between the computational and experimental results.
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Figure 3.6: Arrangement of chains in a PET crystal, front view (left) and left view
(right); carbon atoms are shownwith large dots, hydrogen with small dots, and oxy-
gen atoms with open circles, atomic positions are taken from [26].

3.4.2 Semicrystalline material

The crystal structure of PET is triclinic, see figure 3.6. Lattice parameters, determined bymolecular
modelling [25], are given by: a = 0.448 nm, b = 0.602 nm, c = 1.086 nm, α = 102.5◦,
β = 119.8◦, γ = 107.0◦ (at T = 300K). A local coordinate system is defined for the crystal unit

cell, such that~ic3 corresponds to the chain direction (the [001] crystallographic direction) and~i
c
2 is

orthogonal to~ic3 and lies in the (100) crystallographic plane;~i
c
1 is then obtained through the vector

product:~ic1 = ~ic2 ×~ic3. Note that if atomic positions are taken from [26], then the angle between
the normal to the (100) plane and the normal to the benzene ring of the PET molecule is 21.5◦.

The stiffnessmatrix of the PET crystal is temperature dependent, here interpolated at a particu-
lar temperature frommolecular modelling data [25]. At ambient temperature (300K) the stiffness
matrix is the following:

¯
Cc =

















14.4 6.4 3.4 −2.2 −0.3 −1.8
6.4 17.3 9.5 3.3 −0.5 0.5
3.4 9.5 178.0 3.8 −0.7 −1.8
−2.2 3.3 3.8 6.6 0.2 −0.4
−0.3 −0.5 −0.7 0.2 1.4 0
−1.8 0.5 −1.8 −0.4 0 1.2

















GPa, (3.21)

where the Voigt notation (11, 22, 33, 23, 31, 12) is used.
The orientation of the lamellar surface, the crystalline-amorphous interface, is specified relative

to the crystallographic unit cell. The [101] crystallographic direction is considered to be normal to
the lamellar surface [10, 26, 89]. For the above mentioned lattice parameters, the angle between the
molecular chain axis and the lamellar normal is ϕ ≈ 25◦.

The PET crystal has three independent slip systems: (100)[001] and (010)[001] chain slip and
(100)[010] transverse slip [34]. As outlined above, in the composite inclusionmodel, the crystalline
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phase is described as elasto-viscoplasticwith anEyring flow rule for the constitutive behaviour of the
slip systems. In the case ofHDPE,which has eight physically distinct slip systems, it was shown that
the composite inclusion model can predict a similar macroscopic stress-strain dependence for dif-
ferent sets of slip systems parameters, i.e. these parameters could not be determined uniquely from
an experiment with isotropic material [81]. Since the PET crystal has only three slip systems, the
influence of the constitutive behaviour of each slip system on the macroscopic response is higher.
However, it is still not possible to uniquely identify the behaviour of each individual slip system
based on the response of isotropic material. Furthermore, two of the slip systems will be predomi-
nantly active at large deformations, where a comparison with experimental data is not possible (see
figure 3.9 and discussion afterwards). Therefore, similar to [81], certain assumptions are made to
reduce the number of unknown parameters.

The first assumption is that the reference shear rates for slip systems are taken such that the se-
quence of activation of the slip systems corresponds to the one observed experimentally in [34], i.e.
(100)[001] chain slip is the most easily activated slip system during compression, then (100)[010]
transverse slip, followed by (010)[001] chain slip.

The second assumption is that the shear strength, τα0 (defining the slope of the slip kinet-
ics), is the same for all slip systems. The value for τα0 is selected such that the characteristic stress
of the Eyring flow rule of the crystalline phase and the amorphous phase are proportional, i.e.
τα0 = χ (τ0α + τ0β) at T = 23 ◦C, where the coefficient χ = 0.866 is introduced because of the
different definitions of shear stress on the slip plane in the crystalline phase and equivalent stress
in the amorphous phase. In [76], the behaviour of idealised 100% crystalline PET was modelled,
with a power law constitutive relation between the shear rate and shear stress on the slip system. In
the present work, the value for the parameter of the Eyring model, τα0 , is taken such that the slope
τα versus log (γ̇α) is close to the slope of the power law used in [76].

The constitutive behaviour of the slip systems in comparison to the constitutive behaviour of
the amorphous phase is shown in figure 3.7. For the comparison, the viscosity used is taken atSπ =
0. For this purpose, the equivalent plastic deformation of separate processes in the amorphous
phase needs to be defined, i.e. the equivalent plastic deformation of theα process is γ̇pα = γ̇p and
the equivalent plastic deformation of β process is the following:

γ̇pβ =
τ2
η2

; τ2 =

√

1

2
σa

s 2
d : σa

s 2
d. (3.22)

Equivalent shear stress τα of the slip systems of the crystalline phase is compared to the effective
equivalent deviatoric driving stress of the amorphous phase τ1 + τ2 (i.e. when both molecular
processes are active).

Using the composite inclusion model for simulating the behaviour of an isotropic material,
random orientations of the crystalline phase have to be generated. A number of inclusions of
N I = 125 was found to be sufficient to describe the macroscopic behaviour in case of isotropic
material. The parameters ξα were identified such that the stress-strain curves demonstrate the best
match with the experimentally measured results. The results of the characterisation are shown in
table 3.2. The predicted effect of crystallinity on the macroscopic behaviour of rejuvenated mate-
rial is illustrated in figure 3.8. In figure 3.8, it is observed that the elastic modulus is increasing with
crystallinity, as well as the hardening modulus. The increase of the hardening modulus was not
observed in the experiment, as shown further on.

A comparison of the experimentallymeasured stress-strain relationswith computational results
is shown in figure 3.9 for crystallinities of 5% and 30% and temperatures of 23 ◦C and 60 ◦C. The
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Figure 3.7: Constitutive behaviour of the slip systems of the crystalline phase in
comparison to the yield kinetics of the amorphous phase (α process, β process and
both processes).

Table 3.2: Parameters of the constitutive behaviour of the crystalline phase.

slip system (100)[001] (010)[001] (100)[010]
parameter ξ1 [s−1] τ10 [MPa] ξ2 [s−1] τ20 [MPa] ξ3 [s−1] τ30 [MPa]

value 10−28 1.1 10−40 1.1 10−34 1.1

Figure 3.8: Intrinsic stress-strain dependence of rejuvenated PET prediction by the
model under uniaxial compressionwith strain rate |ε̇| = 10−3 at23 ◦C for different
crystallinities f0.
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following conclusions can be made from a variation of the slip system parameters as given in table
3.2 (the results discussed are not shown in figures):

• Due to anisotropy of the crystal and orientation of the crystal unit cell relative to the interface
between the phases, the (100)[001] slip system is the dominant slip system. The average
plastic deformation of this slip system is the largest of all 3 systems even when the kinetics of
all slip systems are identical. Parameter ξ1 has significant influence on the stress level at high
strains.

• Parameters ξ2 and ξ3 have some influence on the shape of the stress-strain curve at the yield
point. Increasing these parameters leads to a “sharper” yield point. However, these parame-
ters have only a small influence on themacroscopic hardening regime due to limited slips on
the (010)[001] and (100)[010] slip systems. Neither of the parameters has influence on the
hardening slope. In an experimental study [34], activity of the (010)[001] slip system was
not observed, which indicates that it should have the highest resistance.

• To check if the orientation of crystals relative to the interface has an influence on the hard-
ening modulus, the angle ϕ between the lamellar normal and the chain direction was varied
from 0◦ (the chain direction is aligned with the lamellar normal) to 50◦ (the lamellar nor-
mal is the [201] crystallographic direction) with the lamellar normal remaining of the [u0w]
type. Increasing ϕ slightly decreases the stress level in the hardening region. For values of
ϕ ≥ 15◦ the hardening modulus stays almost constant, however, for values of ϕ < 15◦

it decreases and these values also lead to a non-smooth stress-strain curve due to a sudden
increase of the rate of plastic deformation for certain inclusions at certain times, also leading
to higher calculation times. A smoother curve can be obtained by increasing the number of
inclusions.

The reason for a significant difference between the predicted and measured elastic modulus is
an inaccurate measurement technique at lower strains during compression due to the special proce-
dure of the test. The purpose of the test lies in the large-strain response for which the experimental
method is adequate. Thedifference at large strains between themodel and experiments is attributed
to other deformation mechanisms not taken into account here. In an experimental study, where
semicrystalline PET was subjected to compression at 190 ◦C [34], a new long period was observed
at compression ratios around 2.6, |ε| ≈ 1, i.e. break-up of the crystalline lamellae. At lower tem-
peratures, especially below the glass transition temperature, crystals are most likely to be destroyed
at even lower strains due to a stiffer amorphous phase. Themodel does not take into account break-
up of the crystals and therefore shows a stronger behaviour at large strains. The simulations done
at 60 ◦C and small crystallinity show a larger region where the model is close to experiments, see
figure 3.9.

The average absolute plastic shear rates for different slip systems of the crystalline phase of all
inclusions and the average equivalent plastic strain rate of the amorphous phase are used to evaluate
the plastic deformations on the slip systems and in the amorphous domains:

〈γ̇α〉 = 1

N I

N I

∑

k=1

∣

∣γ̇αk
∣

∣ ; 〈γ̇a〉 = 1

N I

N I

∑

k=1

γ̇kp . (3.23)

Here, the superscript “k” indicates that quantities describe the phases of the kth inclusion. These
quantities, normalised by the appliedmacroscopic strain rate, are illustrated in figure 3.10, for which
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Figure 3.9: Intrinsic stress-strain response of semicrystalline PETwith crystallinity
f0 = 0.05 (a,b) and f0 = 0.30 (c,d) under uniaxial compression, at 23 ◦C (a,c),
60 ◦C (b,d); comparison of themodel (solid lines) and experimental data (markers).

data corresponding to |ε̇| = 10−3 s−1 was used. There is no significant difference between the
normalised plastic deformation rates at different applied strain rates. In figure 3.10, it is observed
that with increasing crystallinity, the plastic deformation rate of the amorphous phase is increasing,
aswell as the slip rate on system (100)[001], whereas shear rates on other slip systems are decreasing.
The short sudden increase of the average shear rate of the (010)[001] chain slip system is due to the
behaviour of one specific inclusion with a particular orientation, for which there is a temporarily
large plastic deformation rate.

Texture evolution during uniaxial compression, which is illustrated in figure 3.11, corresponds
to the experimentally observed texture evolution in [34]. Crystals become oriented such that (100)
crystallographic planes are aligned in the plane, normal to the loading direction. The spatial distri-
bution of inclusions (or crystalline layers) is further quantified with cumulative distribution func-
tionsFN (θζ), ζ = r, c, n of different angles: the angle θr between the global~e1 direction (loading
direction) and the normal to the (100) crystallographic plane, which θr ≤ π/2; the angle θc be-
tween the global~e1 direction and the [001] crystallographic direction, which is themolecular chain
direction, which θc ≤ π/2; and the angle θn between the global ~e1 direction and the direction
normal to the inclusion interface (which θn ≤ π/2). An example of such distribution functions at
different time steps is illustrated in figure 3.12, where it is seen that at |ε̇t| = 0.7 the angles θr are
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Figure 3.10: Evolution of average plastic deformation with time predicted by the
model for the amorphous phase and the 3 slip systems for 5% (a) and 30% (b) crys-
tallinity in case of uniaxial compression.

Figure 3.11: Equal area projection pole figures showing various crystallographic
orientations (normal to (100) plane and [001] direction) and the normal to the
inclusion interface (~nI) with their trajectories during loading. Initial positions are
shown with symbols×, final positions (|ε̇t| = 0.7) with symbols •. Colours indi-
cate the angular velocity normalised by |ε̇|. Here, crystallinity is f0 = 0.30, strain
rate |ε̇| = 10−3 s−1, temperature T = 23 ◦C and loading direction is ~e1.

decreasing, i.e. normals to (100) planes are aligning towards the loading direction. The horizontal
axis uses 1− cos (θr) because it is uniformly distributed in cases where orientations correspond to
isotropic material (i.e. when t = 0 s). A similar behaviour is observed for the angle θn, i.e. lamellar
normals are also aligning with loading directions. However, the [001] direction is mostly drifting
around the loading direction and slightly away from it.

Evolution of the distribution functions with time is characterised with the Kolmogorov-Smir-
nov statistic:

DN (θζ (t)) = sup
θζ

|FN (θζ (t))− FN (θζ (t0))| , ζ = r, c, n. (3.24)

An example of DN for θn is shown in figure 3.13a, where only a small variation of this function
is observed when loading conditions are changed. The same is observed for θr and θc. A small
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Figure 3.12: Dependence of cumulative distribution functions FN (θn) on 1 −
cos (θn), where θn is the angle between loading direction and the normal to the
inclusion interface (a);FN (θr) vs. 1− cos (θr), where θr is the angle between load-
ing direction and the normal to the (100) crystallographic plane (b); FN (θc) vs.
1 − cos (θc), where θc is the angle between loading direction and the chain direc-
tion (c). Here crystallinity f0 = 0.30, strain rate |ε̇| = 10−3 s−1 and temperature
T = 23 ◦C. Two different ageing parameters Sa are used, with data correspond-
ing to rejuvenated state (Sa = 0) shown in symbols, part of which was omitted for
clarity.

deviation of DN is observed when crystallinity is changed. Therefore, it can be concluded that
texture evolution is negligibly influenced by strain rate or temperature when these parameters are
changed in the analysed regime, and are only little affected when crystallinity is changed from 5%
to 30%. Statistical measures for different angles are compared in figure 3.13b, where a significant
change ofDN (θr) (evolution of distribution function for the angle between loading direction and
the (100) crystallographic plane) and DN (θn) (evolution of distribution function for the angle
between loading direction and the inclusion interface) with time is observed.

The influence of the ageing parameter Sa on texture evolution was also investigated. Values of
Sa = 13 and Sa = 0 result in two types of curves: with a high yield stress followed by softening,
such as in figure 3.9, or a stress-strain curve corresponding to mechanically rejuvenated material,
such as in figure 3.8. Almost no influence of material ageing on texture evolution (i.e. the distribu-
tion functions of θr, θc and θn) was observed, as shown in figures 3.12 and 3.13a.

3.5 Application to creep

The micromechanical model with parameters as determined above for uniaxial compression con-
ditions was next applied to describe the creep behaviour of PET film and model predictions were
compared with experimental results. The behaviour of amorphous PET was simulated with the
EGPmodel with the parameters listed in table 3.1, with the exception of the shearmoduli (sinceGa

k

depend on the PET grade; moreover it cannot bemeasured exactly in compression), and ageing pa-
rameters (since samples prepared for compression and tension can have a different thermodynamic
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Figure 3.13: Dependence of Kolmogorov-Smirnov statistic (a) on time for θn for
different loading conditions and material parameters; comparison of Kolmogorov-
Smirnov statistics (b) for θr (angle between loading direction and the (100) crystal-
lographic plane), θc (angle between loading direction and the chain direction) and
θn (angle between loading direction and the inclusion interface) in case of strain rate
|ε̇| = 10−3 s−1, temperature T = 23 ◦C and a crystallinity of f0 = 0.30.

age). Here, these parameters were fitted to the experiment and are the following:

Ga
1 = 448MPa, Ga

2 = 365MPa, Saα = Saβ = 12.7. (3.25)

To describe the behaviour of the semicrystalline PET, the composite inclusionmodel was used. Pa-
rameters for the constitutive behaviour of the amorphous phase in the semicrystalline material are
identical to those used for the creep simulation of the fully amorphous PET. Crystallinities were es-
timated from X-ray measurements of the crystallinity of the annealed samples, i.e. 13% and 25%,
which correspond to 6 and 13 hours of annealing, respectively. The applied stress and temperature
correspond to the experimental conditions σc = 5MPa, T = 30 ◦C. Results are shown in figure
3.14a, where a good match of experimentally measured and simulated creep compliances for amor-
phous PET is observed. Also, the model predicts reasonably well the compliance modulus at high
crystallinity, and its evolution with time. However, there is an offset error for 13% crystallinity.

Since the deformations remain small, almost no texture evolution is predicted by the model in
the case of creep boundary conditions. Kolmogorov-Smirnov statistics for distribution functions
for the angles between loading direction and the normal to the (100) plane (θr), the chain direction
(θc) and the inclusion normal (θn) at the final time step tf are small:

DN (θζ (tf)) ≤ 0.024; ζ = r, c, n; tf = 60000 s. (3.26)

This implies that the distribution of the inclusion orientations is almost constant within the time
frameof the simulations or experiments. However, plastic deformation is developing in both phases
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Figure 3.14: Dependence of creep compliance of PET on time for different crys-
tallinities with 5MPa load (a). Comparison of the model with the measurements.
Evolution of plastic deformation for the amorphous PET with time and average
plastic deformation of the amorphous phase and (100)[001] slip system with time
for the semicrystalline PET (b) in case of creep boundary conditions, model predic-
tion.

in case of semicrystalline material. In figure 3.14b, the evolution of plastic deformation is shown,
where γ̇ is normalised by parameter ξ1, which is the reference shear rate of the (100)[001] slip
system. It is observed that with increasing crystallinity, the average equivalent plastic strain rate
of the amorphous phase and the crystalline slip rates are both decreasing. Note that only one slip
system is active, since the average absolute plastic shear rates of the other slip systems are 12 and 6
orders of magnitude smaller than the parameters ξ2 and ξ3 of table 3.2. Focusing on the long-term
response, the absolute values of plastic deformation rates are small in comparison to a short-term
response.

3.6 Conclusions

In this work, the viscoplastic behaviour of semicrystalline polyethylene terephthalate was modelled
using the composite inclusion model, and necessary parameters were obtained. The mechanical
behaviour of amorphous PET was modelled with the multi-process EGP model, which shows an
adequate agreement with the experiments at different temperatures, also predicting the complex
yield kinetics. The EGP model was implemented in the framework of the composite inclusion
model, where it was used for the constitutive behaviour of the amorphous phase. Some details of
the numerical implementation of the EGP model were provided. For the crystalline phase, crystal
viscoplasticitywas used. With the composite inclusionmodel, the behaviour of PETunder uniaxial
compression was simulated, and the influence of loading conditions has been investigated. At high
crystallinities and at large strains, there is a still significant mismatch between the model and the
experiment, probably due to effects of crystal destruction, which are not included in the model,
butwere observed duringX-raymeasurements atmuch higher temperature and higher strains [34].
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Below Tg break-up most probably happens at much lower strains due to the harder amorphous
phase. Texture evolution obtainedwith themodel shows a good correspondencewith experiments,
in spite of the omitted effect of break-up of the crystals at high strains. No influence of ageing on
texture evolution is predicted by the model.

To validate the model parameters used in the description of viscoplastic behaviour, the creep
compliance of PET film has been simulated. The EGP model, with shear moduli identified for
the particular PET grade, showed an adequate agreement with the experiment. The composite
inclusion model demonstrated a good match with the measured data at high crystallinity as well,
but at lower crystallinity, it seems to underestimate the elastic modulus. This might also be due to
inaccurate crystallinity measurements in the experiment.

Themodel can now be further applied to oriented films, to predict creep behaviour of oriented
PET used in, e.g., the manufacturing of flexible electronics.

3.A Appendix: composite inclusion model

In this section, the equations representing the composite inclusion model are summarised. In ad-
dition to notations used in the chapter, a superscript “k” is introduced to indicate that a tensor or
scalar describes an inclusion with number k. The constitutive equations for each phase of theN I

inclusions specify the stress depending on the deformation gradient in the following way:

σ
νk (t) = σ

νk
(

F
νk, t∗|0 ≤ t∗ ≤ t

)

; k = 1, N I; ν = a, c. (A1)

The material is modelled as a collection of layered domains, referred to as inclusions, see figure 5.4.
Inclusion averaged quantities are obtained as:

F
Ik = (1− f0)F

ak + f0F
ck, (A2)

σ
Ik =

(

1− fk
)

σ
ak + fk

σ
ck, (A3)

where the volume fraction of the crystalline phase, with f0 the initial value, is given by:

fk =
f0J

ck

(1− f0) Jak + f0Jck
, (A4)

with Jνk = det
(

F
νk
)

, ν = a, c. The orientation of the interface is given by two vectors~e Ik
1 and

~e Ik
2 lying in the interface and its normal vector~e Ik

3 = ~nIk. A subscript “0” indicates that quantities
are taken in the initial configuration rather than in the current configuration.

In the inclusion, two layers are considered to be perfectly mechanically attached to each other.
Therefore, equilibrium and compatibility conditions within each inclusion are enforced:

σ
ck · ~e Ik

3 = σ
ak · ~e Ik

3 ; k = 1, N I; (A5)

F
ck · ~e Ik

n0 = F
ak · ~e Ik

n0; k = 1, N I; n = {1, 2}. (A6)

Various interaction laws between the inclusions can be defined. In this study, the Û interaction

law [83] is used, for which an auxiliary deformation-like symmetric tensor Û is introduced as an un-
known. A subscript “M” indicates that quantities belong to the macroscopic scale. The following
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interinclusion interaction laws are imposed:

~e Ik
m · σIk · ~e Ik

n = ~e Ik
m · σM · ~e Ik

n ; k = 1, N I; m,n = {1, 2}; (A7)

U
Ik · ~e Ik

30 = Û · ~e Ik
30 ; k = 1, N I; (A8)

R
Ik = R

M; k = 1, N I, (A9)

where the macroscopic Cauchy stress is determined by volume averaging:

σ
M =

N I

∑

k=1

f Ik
σ

Ik, (A10)

and where f Ik = f Ik
0 J

Ik/JM is the volume fraction of the inclusion, JM =
∑N I

k=1 f
Ik
0 J

Ik is
the macroscopic volume ratio, f Ik

0 = 1/N I is the initial volume fraction of the inclusion and

J Ik = det
(

F
Ik
)

is the volume change ratio of the inclusion. Volume averaging is also used to

find the macroscopic right stretch tensor:

(

JM

JΣ

)

1

3

U
M =

N I

∑

k=1

f Ik
0 U

Ik; (A11)

where JΣ = det
(

∑N I

k=1 f
Ik
0 F

Ik
)

.

3.B Appendix: identification of model parameters

Using the assumptions made (at the yield point γ̇p =
√
3 |ε̇p| ≈

√
3 |ε̇|, therefore Rγπ ≈ 1;

Je ≈ 1, no volume change; sinh (x) ≈ 0.5 exp (x)), the stress after the yield point, when the
major deformationmechanism is plastic deformation, can be calculated using the following relation
(in the case that both molecular processes give a contribution to the stress):

|σ| = 1√
3 + sign (ε̇) (µα + µβ)

(

3τ0α ln

(

2
√
3η01 |ε̇| |λe1|
τ0α

exp (SaαRγα)

)

+

+ 3p0 (µα + µβ) + 3τ0β ln

(

2
√
3η02 |ε̇| |λe2|
τ0β

exp(SaβRγβ)

)

+
√
3

∣

∣

∣

∣

λ2 − 1

λ

∣

∣

∣

∣

Gr

)

,

(B1)
where λ is the stretch ratio, λei, i = 1, 2 the elastic stretch ratios of mode i according to equation
(3.8), ε̇ is the time derivative of the true strain ε = ln (λ), Rγπ , π = α, β are functions describ-
ing the thermodynamic state, which at the yield point (λ = λy) are approximately 1, and p0 is
the superimposed hydrostatic pressure. The following steps are taken to identify the EGP model
parameters:

1. The first step is to determine the bulk modulus,Ka, which for PET is taken from [103].
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2. Next, the pressure dependence parameters µπ, π = α, β are determined from a series of
compression or tensile tests under superimposed hydrostatic pressure. In case of PET, ex-
perimental data is taken from [103]. From tensile tests with the same strain rate and varying
pressure, parameters µα and µβ are determined. From equation (B1), the slope of the true
yield stress (σ = σy) vs. hydrostatic pressure is

∣

∣

∣

∣

∂σy
∂p0

∣

∣

∣

∣

= 3
µα + µβ√
3 + µα + µβ

. (B2)

Also, here the assumption is made that both molecular processes contribute equally to the
pressure dependence, i.e. µα = µβ .

3. After that, τ0π , π = α, β are determined from compression experiments at different strain
rates (they may also be determined in tension). In figure 3.4, at the (upper) yield point, a
contribution of both molecular processes is observed. At the lower yield point, which is
defined as the minimum stress after softening, for small strain rates and T = 23 ◦C, or for
high temperatures (T = 40, 60 ◦C) only the α process is active. For the lower yield stress, a
formula similar to equation (B1) is used, without the contribution of the β process and with
Rγα = 0. Therefore, to determine τ0α + τ0β , the dependence of the upper yield stress on
strain rate is considered, i.e. the slope of the true yield stress vs. the logarithm of strain rate is

∣

∣

∣

∣

∂σy
∂ log |ε̇|

∣

∣

∣

∣

= 3
τ0α + τ0β√
3− µα − µβ

ln (10) . (B3)

To determine τ0α, the lower yield stress vs. strain rate dependence is considered, i.e.:
∣

∣

∣

∣

∂σl
∂ log |ε̇|

∣

∣

∣

∣

= 3
τ0α√
3− µα

ln (10) . (B4)

Assuming a reference temperature, the activation volumes V ∗

π are determined, see equation
(3.17).

4. The next step is the determination of the hardening modulusGr from the slope of the true
stress vs. strain measure

∣

∣λ2 − 1
λ

∣

∣ at large strains. It should be mentioned that, in general,
the hardening modulus is strain rate dependent. However, this is not taken into account in
the model since this effect is small. The averageGr of all strain rates is taken.

5. After that, the viscosity parameters corresponding to the rejuvenated state, η0i, i = 1, 2, are
determined. If the stress-strain response corresponding to small strain rates and one partic-
ular temperature (in this case T = 23 ◦C) is considered, at large strains only the α process
is active. At very large strains, λ ≈ 1, friction during compression distorts the data, and
therefore parameters are obtained from the data at lower strains, λ ≈ 0.7. Parameter η01
is calculated using equation (B1) with all terms corresponding to the β process removed and
the elastic stretch ratio equal to the stretch ratio at yield, λe1 ≈ λy . After that, the same
is repeated for data corresponding to a large strain rate and low temperature (in this case
ε̇ = 10−2 s−1, T = 23 ◦C), when both molecular processes contribute to the stress level.
In this case, parameter η02 is calculated directly using equation (B1); again the assumption
λe2 ≈ λy is used. By using a reference temperature Tr = 23 ◦C, the viscosity parameters
for the rejuvenated reference state η0ir = η0i, i = 1, 2 are obtained.
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6. The ageing parameters Saπ, π = α, β can then be calculated from data at Tr. Since no tests
were performed at temperatures lower than T = 23 ◦C, at the yield point both processes
contribute and the contribution of theα process cannot be separated. Thus, following [99],
the assumption is made that Saα = Saβ . After that, the exact value is calculated using
equation (B1) at yield, σ = σy, λ = λy.

7. Activation energies∆Uπ, π = α, β are determined using equation (3.15). To obtain∆Uα,
the viscosity parameter corresponding to the rejuvenated state η01 at a temperature different
fromTr, T = 40 ◦C, is found using a similar procedure as in step 5. To obtain∆Uβ , param-
eter η02 at a temperature different from Tr is needed. It is calculated by applying equation
(3.15) at the yield point at T = 40 ◦C.

8. Next, shear moduliGa
i , i = 1, 2 are determined. In the elastic regime, the stress is calculated

using the following relation:

|σ| =
∣

∣

∣

∣

λ2 − 1

λ

∣

∣

∣

∣

(Ga
1 +Ga

2 +Gr) , (B5)

from whichGa
1 + Ga

2 is obtained. The individual values ofG
a
k are identified such that the

best fit of experimental data is obtained.

9. The last step is determining the softening parameters rkπ , k = 0, 1, 2, π = α, β, which
determine the shape of the stress-strain curve from the upper yield point to the lower yield
point.





4 Anisotropic thermo-mechanical behaviour of

oriented PET film∗

Abstract: The long-term and short-term anisotropic mechanical behaviour of a bi-
axially stretched polyethylene terephthalate film is measured. The orientation of
the crystalline phase is characterised and the representative film microstructure is
discussed. Using the obtained information, a mean-field model is used to simulate
the elasto-viscoplastic behaviour of the oriented polymer film, taking into account
the different constitutive behaviour of the phases. The material is modelled as an
aggregate of connected two-phase domains. The parameters of the constitutive be-
haviour of the crystalline and non-crystalline phases are determined and the ability
to simulate the large-strain anisotropic behaviour of polyethylene terephthalate in
the strain-rate-controlled regime and the long-term creep regime is demonstrated.
The model is extended to include pre-orientation of the non-crystalline phase. In
addition, deformation at the microscopic level is analysed using the model results.

4.1 Introduction

Application of polymer substrates to flexible electronics requires high stability and predictable me-
chanical response during processing [4]. The most commonly used materials are polyethylene
terephthalate (PET) and polyethylene naphthalate (PEN), which can both exist in amorphous or
semicrystalline states, but only semicrystalline, oriented and thermally stabilised PET and PEN
films are used in such applications. The goal of this work is to predict the influence of the mi-
crostructure on the macroscopic material behaviour, and therefore to predict the dimensional sta-
bility of such films.

Thematerial studied here is PET, for which a vast amount of data is available (orientationmea-
surements [105, 106], crystal structure [24, 25], mechanical behaviour [47, 96], etc.). The film is
produced by sequential biaxial stretching. Process parameters, such as drawing ratios, temperature,
molecular weight and thermomechanical history, influence the resulting material structure [107],
i.e. the orientation of the polymer molecules within the different phases of the material, which, in
turn, influences macroscopic properties.

Various constitutive models might be used to simulate the macroscopic behaviour of isotropic

∗This chapter is partly reproduced from [104].
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polymermaterials, such as themodel byBuckley et al. [37,38], byBoyce et al. [39,40] andbyGovaert
et al. [41, 42]. By performing material characterisation once, such models can describe complicated
deformation cases, for example, flat-tip micro-indentation and notched impact tests [43], or the
large-strain behaviour of particle-reinforced composites with a polymer matrix [44]. Even though
it is possible to use orientation distribution functions as internal state variables [47], detailed con-
clusions about microstructure evolution are difficult to obtain because of the absence of adequate
descriptions of local microscopic deformationmechanisms. Therefore, multiscalemodelling is pre-
ferred to investigate microstructure evolution and the role of the microstructure in macroscopic
deformations. In such models, at the microscopic scale, various constituents are described with
different constitutive laws, and the macroscopic behaviour is obtained through homogenisation:
either full-field averaging or mean-field averaging, where effective coupling laws replace real inter-
actions between domains. Extreme cases can be obtained by applying rules of mixtures (Voigt and
Reuss bounds), i.e. parallel or serial connections of phases, which give the stiffest and the most
compliant responses, respectively. Themajority of homogenisationmethods are based on Eshelby’s
problem, which in the elastic case and for an infinitemedium has an exact solution. In case of elastic
homogenisation, this solution (with some assumptions) is used in the self-consistent method [54]
and the Mori-Tanaka method [59]. It is also possible to apply these methods in viscoplastic cases,
for example, using an incremental approach [61], integral transformations [62] and more recently
non-incremental formulations [63]. Alternatives to self-consistent methods are approaches based
onvariational principles, for example, [64]. In addition, there aremanyvariations of thesemethods.
More information and a comparison of some approaches of homogenisation of elasto-viscoplastic
materials can be found in [63, 65, 66].

In [108], simple micromechanical models were used to determine the coefficient of thermal
expansion (CTE) of PEN film at different locations. Voigt and Reuss models were applied to uni-
axially and biaxially drawn films. Hybrid methods between theVoigt andReuss interactionmodels
also exist, constraining domains differently in distinct directions. For example, the composite in-
clusion model [73, 74, 83] has demonstrated a good match with measurements for the large-strain
behaviour ofHDPE. In thismodel, themacroscopicbehaviour is an average of layereddomains con-
taining crystalline, amorphous and possibly other phases, betweenwhich a certain interaction law is
imposed. The composite inclusionmodel has been used successfully in various applications, such as
modelling the spherulitic morphology of polyethylene [78], qualitatively describing the behaviour
of an oriented tensile bar under uniaxial stress [79], predicting the double yield phenomenon of
HDPE [80] and simulating of the creep behaviour and predicting the time-to-failure of polyethy-
lene [81]. In [78,79], this model was used in combination with the finite-element method, where it
was used as a constitutive model of each material point, to simulate the inhomogeneous deforma-
tion of the material.

In termsof constitutive lawsusedwithin the composite inclusionmodel, crystal plasticity [98] is
often used for the crystalline phase where viscoplastic deformation takes place on a limited number
of slip systems. For the non-crystalline phase, one of the previously mentioned models can be used.
In this work, the model by Govaert et al. [42] (referred to as the EGP model) is used.

Since polymer molecules may be strongly aligned in one or several directions in oriented poly-
mers, creating highly anisotropic material, quantitative information on the molecular orientation,
more specifically the orientation of crystals, is essential when mechanical behaviour is to be pre-
dicted. Moreover, polymer films are generally spatially inhomogeneous due to the specific produc-
tion process, i.e. uniaxial or biaxial stretching. Therefore, variation ofmolecular orientation within
the film should be taken into account as well. The aim of this work is to obtain a structure-property
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relationship for an orientedPET film, i.e. to predict themacroscopic behaviour for different loading
conditions, including short-term and long-term responses for various temperatures, based on the
underlying microstructure. By characterising various deformation processes of the different con-
stituent phases at the microscopic level and by modelling the interaction between these phases, a
micromechanical model can be used to predict the macroscopic properties of this semicrystalline
material.

To characterise the oriented material behaviour, several steps were made. Since in contrast to
some other polymers PET can exist in the amorphous glassy state at room temperature, amorphous
PET was studied first, see chapter 3. Thereafter, the isotropic semicrystalline material was charac-
terised, also in chapter 3. In this work, it is shown that the obtained parameters for purely amor-
phous PET cannot be directly used to describe the non-crystalline phase in isotropic or oriented
semicrystalline material, due to the presence of an intermediate phase with significant orientation
of polymer molecules. In oriented material, the influence of the individual deformation processes
on themacroscopic behaviour in different directions can be separated, and thus amore precise char-
acterisation can be obtained.

In previous work, the micromechanical composite inclusion model was used for a qualitative
and quantitative description of the viscoplastic behaviour of isotropic HDPE [80, 83] and PET
(chapter 3) and for a qualitative description of the viscoplastic behaviour of oriented HDPE [79].
This work, for the first time, aims obtain a quantitative micromechanical description of oriented
PET. For that purpose, the anisotropic yield behaviour of the non-crystalline phase was included
by incorporation of an internal stress state of the phase, which is the result of film drawing.

4.2 Experimental methods

A polyethylene terephthalate film with an average thickness of 125µm and a width of 90 cmwas
provided byDuPont Teijin Films. It wasmanufactured by sequential biaxial stretching (draw ratios
λ = 3.0–3.5). The molten polymer was extruded into a film and subsequently longitudinally
stretched (MD direction) on rollers with increasing speeds. Next, the film was stretched in the
lateral (TD) direction to obtain a biaxial orientation. This PET filmwasmanufactured on the same
production line as the PEN film in [108]. During the manufacturing, the film was heat treated to
reduce residual stresses and thus thermally stabilise the film. Small deviations of the film thickness
were observed in both the length and width directions, whereas major deviations towards higher
values were observed at the edges of the film. Samples for the mechanical tests were cut from the
film with a shape according to ISO 527-2, type 1BA.

Constant strain rate and creep tests were performed under uniaxial tensile conditions on a
Zwick Z010 universal tensile tester equipped with a video extensometer, a temperature controlled
chamber and a 1 kN force cell. The engineering strainwas calculated from video extensometermea-
surement of the distance between markers glued on the sample. As is common in testing of thin
films, the measured stress-strain dependence showed a small non-linear start-up region, which was
attributed to a small amount of slack in the specimen. Therefore, a strain correction was applied,
in which the Young’s modulus of the material was used to recalculate the initial distance between
markers and thus obtain the correct engineering strain. This was especially important in case of
creep compliance measurements, which due to the small strains are sensitive to a measurement er-
ror of the initial distance between markers.

The samples were cut in the machine direction (MD, also length direction), the transverse di-
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rection (TD, also width direction) and other intermediate directions of the film. In the case of
strain-rate-controlled tests, samples were tested up to an engineering strain of 0.4, although some
samples, especially the ones which had been cut in TD, were failing at a smaller strain. After yield,
the samples deformed homogeneously until failure was reached at a certain strain level.

The experimental programme was divided into four parts. The inhomogeneity within the
film was first investigated. Initial measurements showed that the mechanical behaviour of the film
was approximately homogeneous across the length but not across the width, due to the sequential
manufacturing conditions. To quantify the inhomogeneity in the width direction, both the elas-
tic and post-yield behaviour were considered. For the mechanical tests, an engineering strain rate
of 10−3 s−1 and a temperature of 22 ◦C, corresponding to the lab room temperature, were pre-
scribed. For this particular comparison, the stretch ratio, and consequently the applied engineering
strain rate, were calculated from the grip separation and not from the video extensometer. Also,
to calculate the true stress and strain from engineering quantities, incompressibility was assumed.
The second part consisted of quantifying the anisotropy of the film in selected positions across the
width. To this end, samples were cut in different directions and tested as before. The third part was
an investigation of the deformation rate dependence, for which mechanical tests, with a prescribed
engineering strain rate varying from 10−5 s−1 to 10−2 s−1 were performed. The temperature of
the tests was also varied: one set of samples was tested at room temperature (22 ◦C) and another
set at 50 ◦C. Such extensive testing, where sample orientation, strain rate and temperature were
varied, was performed both at the central and right positions. For these tests and for creep tests,
the engineering strain wasmeasured using a video extensometer. The final part of the experimental
programme consisted of tensile creep measurements. The same positions within the film were se-
lected for testing as for the strain-rate-controlled tests. The creep behaviour of the film was found
to be well reproducible.

4.3 Micromechanical modelling

Asummary of themicromechanicalmodel, referred to as the composite inclusionmodel, is given in
this section. A more elaborate description can be found in section 3.A. For a detailed presentation
of the model, see previous chapter or [83]. The behaviour of the material is simulated by relating

the Cauchy stress σM to the deformation gradientFM for a material point. A separation of scales
is introduced with the material point scale in the model as themacroscopic scale. At themicroscopic
scale, a heterogeneous microstructure is considered. To take into account the microstructure and
the existence of individual phases, the behaviour of the material point is modelled as the average
behaviour of multiple differently oriented domains, each consisting of different phases, see figure
4.1.

The basic structural element of the generated microstructure is a layered entity, referred to as
the composite inclusion [74]. For the material considered here, the entities consist of two layers:
crystalline and amorphous (or, more precisely, non-crystalline), although the existence of three or
more layers is possible [77]. Layers are mechanically connected, i.e. compatibility and equilibrium
conditions are enforced at the interface:

σck
n3 = σak

n3; F ck
ns = F ak

ns ; k = 1, N ; n = {1, 2, 3}; s = {1, 2}, (4.1)

where components are taken with respect to the inclusion coordinate system shown in figure 4.1
(with unit vectors ~e I

1 , ~e
I
2 , ~n

I). Superscripts “c”, “a” indicate quantities belonging to the crystalline
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Figure 4.1: The two-layer composite inclusion after [74, 83]. The structural unit
of the model is highlighted in a stack of crystalline lamellae.

and amorphous phases and N is the number of layered domains. Within the layer of a certain
phase, the stress and the deformation are assumed to be homogeneous here and are related through

a constitutive law. The average stress σI and deformation gradient F I of the composite inclusion
are obtained by volume averaging. To link multiple inclusions present in the microstructure, var-
ious interaction laws can be used. Here, based on the previous work of [74] and [83], an interac-

tion law is selected for the components of σI or F I, which are not constrained by intra-inclusion
equilibrium and compatibility conditions. More specifically, the components of the inclusion-
averaged right stretch tensors, which are not constrained as in equation (4.1), are linked to an auxil-

iary deformation-like symmetric tensor Û [74, 83], while all rotation tensorsRIk are fixed:

U Ik
n3 = Ûn3; R

Ik = R
M; k = 1, N ; n = {1, 2, 3}. (4.2)

Similarly, components of the inclusion-averaged stress tensors, which are not constrained as in equa-
tion (4.1), are linked to the macroscopic stress:

σIk
ps = σM

ps; k = 1, N ; p, s = {1, 2}. (4.3)

Themacroscopic quantitiesFM andσM are obtained by volume averaging the inclusion-averaged

quantities σI andF I.
The non-crystalline phase is modelled with the EGP model [42, 46, 109], which is similar to

a generalized Maxwell model with neo-Hookean-like elastic elements and non-linear viscosity ele-
ments. Viscoplastic deformation is modelled using the Eyring flow, i.e. the viscosity depends on the
equivalent stress τ , the pressure pa, the temperature T and the thermomechanical history S:

ηi = η0ir exp

(

∆U

R

(

1

T
− 1

Tr

))

τ/τ0
sinh (τ/τ0)

exp

(

µpa

τ0

)

exp (S) ; (4.4)

τ0 =
kT

V ∗
, (4.5)

where R is the universal gas constant, ∆U is the activation energy, Tr is a reference temperature,
k is the Boltzmann constant and V ∗ is the activation volume. In this model, multiple molecular
relaxation processes can be taken into account. In chapter 3, the numerical implementation of this
model is discussed.
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To take into account the anisotropy of the non-crystalline phase, internal stresses were incor-
porated in a similar to that in [110]. Some model limitations resulting from this assumption are
discussed later. Initial elastic isochoric pre-deformation of the molecular network is prescribed.
The viscoplastic contribution has non-zero initial plastic deformation to obtain zero initial total
deformation. Formally, the deformation gradient F a

r corresponding to the molecular network is
calculated from the total deformation gradientF a of the amorphous phase, i.e.

F
a
r = F

a · F a
d, (4.6)

whereF a
d is a deformation gradient determining the initial pre-deformation of the network. Initial

elastic F a
e i

and plastic deformation gradients F a
pi

are calculated such that the overall stress of the
non-crystalline phase is zero,σa = 0, and the deformation gradient is equal to identityF a = I . In
the original formulation of the EGPmodel,F a

r = F
a. It was found by numerical simulations that

the pre-deformation state of themolecular network in the form ofF a
d = (1/λd)~e1~e1+λd~e2~e2+

~e3~e3, with ~e1 corresponding to TD and ~e2 corresponding to MD, is closest to the experimental
data. Thus pre-deformation is controlled by one parameter λd.

A crystal viscoplasticity model is used as a constitutive law for the crystalline phase [98], where
the deformation is split into elastic and viscoplastic parts. The viscoplastic deformation is a super-
position of slip taking place on a limited number of crystallographic slip systems. In each of the slip
systems, the shear rate and shear stress are linked by an Eyring flow equation [81], i.e. the shear rate
γ̇α of slip system α depends on the shear stress τα in the following way:

γ̇α = ξα sinh
τα

τα0
. (4.7)

The parameters ξα and τα0 are the reference shear rate and characteristic stress of slip system α and
cannot be measured directly. The process of identification of these parameters involves a compari-
son of the macroscopic behaviour of the micromechanical model with experimental data.

4.4 Microstructural characterisation

The crystal structure of PET is triclinic and its lattice parameters, determined by molecular mod-
elling [25], are given by: a = 0.448 nm, b = 0.602 nm, c = 1.086 nm,α = 102.5◦,β = 119.8◦,
γ = 107.0◦ (atT = 300K). Details of themolecular chain arrangement can be found in [24–26].

To generate a microstructure, which is used in the micromechanical model, information about
the orientation distribution of the crystalline phase is required. Here, the orientation distribution
of crystals is described by empirical probability density functions with three parameters, which are
provided (film draw ratio), measured (dominant chain direction) or fitted. In biaxially stretched
PET film, crystals are oriented in such a way that the (100) crystallographic plane is almost aligned
with the plane of the film [105], i.e. molecular chains are lying almost parallel to the film plane
and benzene rings are almost at an angle of 21◦ to the film surface (if atomic positions are taken
from [26]). The orientation of chains within the film surface is non-homogeneous and depends
on the production process [107, 111]. Therefore, this orientation distribution should be quantified
separately for different positions and different films.

In this work, three coordinate systems are used. The global coordinate system is linked to the
polymer film with the unit vectors ~e1, which correspond to the transverse direction (TD), ~e2, cor-
responding to the machine direction (MD) and ~e3 corresponding to the surface normal direction
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Figure 4.2: Global and local coordinate systems.

(ND). The local coordinate system is linked to the individual crystals with unit vectors~i1, which

is normal to the (100) crystallographic plane,~i2 and~i3, which corresponds to the chain direction

[001]. An illustration of molecular chains in the crystal with respect to the coordinate system~ik
can be found in chapter 3. The third coordinate system, with unit vectors ~e I

1 , ~e
I
2 and ~n

I, is linked
to the interface between phases as shown in figure 4.1. To fully quantify the distribution of the
crystalline phase, cumulative distribution functions are specified for 3 angles, see figure 4.2. Angle
β ∈ [0;π/2] is the angle between the polymer film surface (the surface spanned by the global ~e1
and~e2 directions) and themolecular chain direction (local~i3), which is assumed to be described by
the following distribution density:

f1 (β) =
C

(

(λ6 − 1) sin2 β + 1
)1.5 , (4.8)

where λ is the draw ratio, thus defining how close the chains are to the film surface, andC is a nor-

malisation constant, such that C = 1/Π
(

1− λ6,
√
1− λ6

)

with Π(n,m) being the complete
elliptic integral of the third kind. This distribution density function is similar to that used by [105].

The angleγ ∈ [0;π/2] is the angle between lines
(

I −~i3~i3
)

·~e3 and~i1, thus defining howparallel

the (100) crystallographic planes are to the film surface, where I is the second order identity ten-
sor. The distribution density function f2 (γ) for γ is taken to be the same as for β, equation (4.8).
Finally, angle α ∈ [0;π] is the angle between ~e1 (TD) and the projection of the chain direction

to the film surface; more precisely, the angle between lines (I − ~e3~e3) ·~i3 and ~e1, thus defining
the distribution of chains within the film plane. A Tikhonov distribution density (also von Mises
distribution, [112]) is selected for α:

f3 (α) =
eκ cos(2α−µ)

πI0 (κ)
, (4.9)

where I0 (κ) is the modified Bessel function of the order 0. The parameters for the distribution
functions (4.8) and (4.9) are discussed later.

If the orientation of a single crystal is considered, then the case with β = 0 corresponds to the
orientation when the polymer chains, i.e. the [001] directions, are lying in the film plane. If β = 0
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and α = 0, then the crystal orientation is such that the chain direction corresponds to TD, while
β = 0 and α = π/2 give a chain orientation corresponding toMD. If β = 0 and γ = 0, then the
(100) crystallographic plane is parallel to the surface of the film.

In addition to the orientation of the crystalline phase, the orientation of the interface between
two phases, i.e. the lamellar surface normal, should be specified. Normally, the orientation of the
interface is specified relative to the crystalline unit cell. In the case of isotropic PET, the [101] crystal-
lographic direction is considered to be normal to the lamellar surface [10,26,89], which corresponds
to an angle between themolecular chain axis and the lamellar normal ofϕ ≈ 25◦. However, in the
case of oriented PET, other stable configurations are observed depending on the drawing condi-
tions both in the films and fibres [106, 113]. One of the configurations is ϕ ≈ 0◦, and another
ϕ ≈ 46–52◦. Based on [106, 113], for the simulations, this angle was taken as ϕ ≈ 50◦, since film
draw ratios (during manufacturing) were relatively small. Furthermore, it was assumed that in the
case of oriented PET, the lamellar normal is lying in the (010) plane, similar to the case for isotropic
material, thus corresponding to the [201] crystallographic direction.

As outlined in section 4.3, the multiscale model simulates the behaviour of the material as the
behaviour of a collection of anisotropic two-phase layered domains. The spatial orientations of
these domains (inclusions) define the microstructure of the material. The discrete set of orienta-
tions is generated using continuous probability density functions for angles between certain crys-
tallographic directions and the axes of the global coordinate system. These orientations were gen-
erated in the following way: first, parameters for the distribution densities of angles α, β and γ
were selected. Then, N sets of 3 angles were generated, fully defining the orientation of N crys-
tals. Finally, by using information about the interface orientation with respect to the crystal, the
orientations ofN interfaces were calculated from the orientations of the crystals.

The parameter controlling the alignment of (100) planes with respect to the film normal was
selected as λ = 3 (as mentioned in section 4.2, the film draw ratio is 3.0–3.5). A more detailed
discussion on the relation between this parameter and the film draw ratio can be found in [105]. At
the center of the film, polymer chains are mainly oriented in MD, and therefore the parameter µ
was selected to be µ = π. The last parameter, κ = 2, was fitted to the mechanical measurements.
The latter parameter is controlling the spread around the mean value, i.e. 1/κ is analogous to the
variance in the case of a normal distribution.

The adopted distribution functions and parameters were compared and found to be similar
to experimentally measured distributions by WAXD, see figure 4.3. From diffraction data, two
distribution densities were obtained: for the angle between ND and the normal to the (100) plane
(angle δ = arccos (cos (β) cos (γ))), and for the angle between TD and the normal to the (105̄)
plane (angle χ)∗. The first can be compared to a distribution density function f4 (δ), calculated
from functions f1 (β) and f2 (γ), since in the model, the direction of the normal to the (100)
plane results from two rotations (by angles β and γ). The second distribution density function can
be compared to f5 (χ), which is calculated numerically from functions f1 (β), f2 (γ) and f3 (α).
For the PET crystal, the angle between the (105̄) plane normal and the chain direction [001] is
14.6◦, i.e. α andχ are close and do not differ bymore than 14.6◦. Due to experimental inaccuracy,
different values are observed at χ = 0◦ and χ = 180◦.

∗These angles are random variables with their own cumulative distribution functions F (100) (δ) and F (105̄) (χ),
which show the probability that a crystal is oriented such that the angle betweenND and the normal to the (100) plane and
the angle between TD and the normal to the (105̄) plane are less than or equal to δ and χ respectively. Intensities plotted
in figure 4.3 are probability density functions, i.e. derivatives of the cumulative distribution functions. Here experimentally
obtained and numerically calculated probability densities are labelled as I and f respectively.
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Figure 4.3: Distribution density I(100) of the angle betweenNDand the normal to

the (100) plane (angle δ) and distribution density I(105̄) of the angle between TD
and the normal to the (105̄) plane (angle χ), obtained from diffraction intensities
(WAXD) of (100) and (105̄) planes∗, compared to distribution density functions
of angles δ, χ used to generate crystal orientations for the model (see text for expla-
nation).

Figure 4.4: Equal area projection pole figures showing the initial crystallographic
orientations (normal to the (100) plane and the [001] direction) and the normal to
the inclusion interface (~nI).

Based on these probability density functions and information about the crystalline-amorphous
interface, a set of 100 inclusions corresponding to the centre (C) of the film was generated. This
number of inclusions was found to be sufficient, based on a comparison of the mechanical be-
haviour of the model with different aggregate sizes, see 4.B. The set of orientations corresponding
to the centre is demonstrated in equal area projection pole figures in figure 4.4. In section 4.6, the
parameter κ is varied and different sets of orientations were used for that variation.

∗The PET film, which was used for mechanical measurements, was subjected to WAXD. The pole figures showing the
orientations of (100) and (105̄) planes were provided by Rigaku. From these pole figures distribution densities were cal-
culated.



60 Anisotropic thermo-mechanical behaviour of oriented PET film

Figure 4.5: Hardening modulus and the yield stress at different positions across
the width of the film, measured in MD (a) and TD (b). The centre of the film cor-
responds tow = 45 cm.

4.5 Macroscopic characterisation

4.5.1 Inhomogeneity

The elastic modulus and yield stress were approximately constant across the width of the film for
both the MD and TD cut samples, however the post-yield behaviour differed significantly for dif-
ferent regions of the film, see figure 4.5. This can be quantified through the hardening modulus
Gh, which is the slope of the true stress σ versus the strain measure εr = λ2 − λ−1, where λ is
the stretch ratio, which is based on a neo-Hookean description of the post-yield material behaviour
under uniaxial loading. In figure 4.5, it is clearly seen that the central part of the film is close to
homogeneous, but the sides of the film show a different post-yield behaviour. The reason for this
is the difference in the underlying microstructure, i.e. the orientation of the crystalline phase and
non-crystalline regions in these parts of the film. Here, the yield point was calculated as the inter-
section of two linear approximations of the true stress σ (εr) in the elastic region and in the large
strain region.

4.5.2 Anisotropy

Based on the information on film inhomogeneity, several positions across thewidth of the filmwere
selected for further characterisation:

• left: w = 5–15 cm (L),

• centre: w = 40–50 cm (C),

• right: w = 75–85 cm (R).

To characterise the anisotropy of the film, samples cut in different directions were tested. In figure
4.6, the Young’s moduli for different loading directions and for different parts of the film (L, C
and R) are shown. The effect of orientation is clearly seen with TD being stiffer than MD. The
behaviour appears to be symmetric with respect to MD at the centre of the film. The dominant
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Figure 4.6: Young’s moduli (scaled) and hardening moduli at different loading an-
gles at 22 ◦C for the left, centre and right parts of the film.

direction, along which the molecular chains are aligned, changes along the width of the film, and
therefore plots appear to be rotated at the sides by approximately 15◦. It was found that the post-
yield regime also shows the same trend, i.e. the hardening modulus at different loading angles is
rotated by 15◦ at the side of the film compared to the centre (result not shown here).

Although some difference in the elastic and yield behaviour was observed at the selected po-
sitions of the film, the largest differences in the stress-strain dependencies were in the post-yield
regime, see figure 4.5. This is due to two main mechanisms: (i) for different loading angles, differ-
ent crystallographic slip systems in the crystalline phase are active; (ii) anisotropic crystals, having a
preferential orientation, are constraining the deformation of neighbouringnon-crystalline domains
in some directions, allowing it to deform easily in other directions.

4.5.3 Deformation rate dependence

The deformation rate dependence of the samples cut inMD and TD is shown in figure 4.7, where
the engineering stress-strain response for different temperatures is given. In the centre of the film,
MD and TD demonstrate an extreme post-yield behaviour, however, at the side of the film the
difference between MD and TD is smaller, since the dominant molecular orientation is different
than in the centre. Later, these results are compared with the simulations.

4.5.4 Creep

The influence of the applied stress on the creep compliance is demonstrated in figure 4.8a. Obvi-
ously, the strain measurement error increases with decreasing applied stress; however, the magni-
tude of the applied stress is limited by the high temperature compliance. A significant increase of
the creep rate is observed when the applied stress is larger than 15MPa, which demonstrates the
non-linear dependence of the material viscosity on stress. A similar behaviour has been observed
for other polymers, for example PE fibres [114].

Positions C and R were tested to investigate the difference in macroscopic properties of the
film across the width and to relate it to the molecular orientation, see figure 4.8b. No significant
difference in the compliances of theC andRpositionswas observed. The differences are in the same
order of the measurement accuracy. A comparison was performed of compliances of the samples
from the centre of the film cut in MD and TDwith the samples from the right side of the film cut
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Figure 4.7: Engineering stress-strain response of oriented PET film under uniaxial
tension at different strain rates, at 22 ◦C (a,c) and at 50 ◦C (b,d); comparison of
centre of the film (a,b) and right side of the film (c,d).

in+75◦ and−15◦, respectively (results not shown here). At+75◦ and−15◦, the elastic moduli
are the lowest and highest at the right side, comparable to MD and TD in the centre. Again, only
minor differences, comparable to experimental accuracy, were observed.

The creep behaviour at various temperatures and an imposed stress of σc = 5MPa of the
samples cut in MD and TD is shown in figure 4.9. From the measured results a master curve was
obtained (creep compliance of a non-ageing sample loaded with 5MPa and at 50 ◦C) using time-
temperature superposition, see figure 4.10. At temperatures above Tg, shift factors can be fitted
by the Arrhenius equation, i.e. a linear dependence between the shift factor log (aT ) and 1/T ,
for which the activation energy is∆U = 138 kJ/mol for both MD and TD. The Arrhenius fit
was obtained only for points above Tg ≈ 70 ◦C, i.e. for temperatures above 80 ◦C, see figure
4.10b, since the creep compliance below Tg also depends on the thermomechanical history, i.e. on
the material age [115, 116]. Below the glass transition temperature and in the region of Tg, the shift
factor log (aT ) is non-linear and is lower than the calculated linear fit using data above Tg.

For semicrystalline polymers the glass transition of the constrained non-crystalline region is not
as fast as for polymers in the amorphous state, leading to a differentTg . Therefore, different temper-
ature regimes should be considered [116]. Since for amorphous PET, the glass transition is around
70 ◦C, the considered regime in figure 4.9, with the exception of the lowest creep compliance curve
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Figure 4.8: Creep compliance at 70 ◦C in TD of the film at different applied
stresses, position C, (a); at applied stresses σc = 15MPa, comparison of positions
C and R (b).

Figure 4.9: Creep compliance at different temperatures for an applied stress σc =
5MPa, comparison of MD (a) and TD (b) for the central part of the film.

(completely glassy state), is the regime where the non-crystalline material is partially in the glassy
state, which leads to ageing effects causing a decrease in the rate of change of creep compliance at
relatively large test times. This effect is observed in figure 4.10 as deviations of the compliance curves
from themaster curve. This effectwas verified experimentally bymeasuring the creep compliance of
samples annealed for a certain amount of time at the test temperature before the measurement (re-
sults not shown here). After manufacturing, a certain thermomechanical history is already present
in the material (the material is “aged” with effective age te), and therefore the effect of progressive
ageing, i.e. the evolution of properties during the test, can be observed only in cases where the test
time exceeds the order ofmagnitude of te [116], which depends on the test temperature. Therefore,
a master curve (representative for age te) is constructed using only parts of the compliance curves
where no progressive ageing is observed, t < te. The obtained creep curves are used for the model
comparison for a sample with a constant age.
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Figure 4.10: Creep compliance master curve for the centre of the film at 50 ◦C at
an applied stress σc = 5MPa (a) and shift factors (b).

4.6 Modelling short-term behaviour

As outlined above, oriented PET is a semicrystalline material with a crystallinity depending on pro-
cessing conditions. For the material studied here, the crystallinity was measured (by X-ray diffrac-
tion) to be fc = 0.5. PET has a triclinic crystal structure and its unit cell dimensions and elastic
parameterswere taken from [25]. More details can be found in chapter 3where themicromechanical
model was applied to isotropic PET. From the same source, the parameters for the non-crystalline
phase were taken, although with somemodifications. In section 4.7, the relaxation spectrum of the
material is extended to model the tensile creep behaviour. A full list of the model parameters can
be found in 4.A.

Plastic deformation in a polymer crystal is assumed to occur due to crystallographic slip. There
are 3 possible slip systems in the PET crystal: (100)[001] and (010)[001] chain slip and (100)[010]
transverse slip [34]. To characterise the material behaviour, the parameters of these slip systems
should be identified. The initial values for these parameters are those from the isotropic material.
Physically, the slip system behaviour in the isotropic or oriented case is the same, however from the
isotropic response, the parameters of the slip systems cannot be uniquely identified. For oriented
material, the activity of the slip systems can be separated, as is shown later. It was observed that by
varying only the slip system parameters, the macroscopic behaviour of the oriented film observed
in the experiment cannot be described by the model. This indicates that due to the presence of
the constraining neighbouring lamellae, themechanical response of the non-crystalline phase most
likely differs from that of purely amorphous PET. For the isotropic semicrystallinematerial this was
not taken into account and the non-crystalline phase wasmodelled with a viscosity of purely amor-
phous PET. However, for the oriented material behaviour, it was not possible to obtain a fit with
this viscosity value, and therefore a parameter variation study was performed which established
a significantly higher viscosity of the non-crystalline phase than of the amorphous material, i.e.
the relaxation spectrum shifts towards higher relaxation times. Additionally, the anisotropy of the
non-crystalline phase was incorporated using an anisotropic internal stress, due to pre-orientation,
which affects the yield and post-yield response. The parameter that controls the anisotropy of the
non-crystalline phase within the film plane (~e1,~e2), λd = 1.25 (pre-deformation), was fitted based
on the long-term response, since it wasmuchmore sensitive to the incorporated internal stresses. In
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the simulation of the long-term response, the creep compliance in TD is proportional to the value
of λd and the creep compliance in MD is reversely proportional to λd. The same parameter value
was used for the simulations of the short-term behaviour.

The effect of the variation of different parameters is demonstrated in figure 4.11. For the simu-
lations, an engineering strain rate of 10−3 s−1 was prescribed. The following effects are observed:

• The variation of crystallinity, fc = 0.4, 0.5, 0.6, influences the hardening modulus in both
directions simultaneously, and also increases material stiffness, see figure 4.11a. Based on X-
ray measurements conducted for oriented PET material, a value fc = 0.5was chosen.

• By increasing the parameter λd = 1, 1.25, 1.5, the yield stress in the case of MD loading
becomes higher, which is a consequence of the stretched state of the hardening spring (in the
EGP model used for the non-crystalline phase). In the case of TD loading, it is the opposite
due to the compressed state of the hardening spring.

• The ageing parameter Sa = 0, 4, 8 controls the yield stress and subsequent softening phase,
see figure 4.11c. Although different parts of the non-crystalline phase age differently due to
constraints from the crystalline phase, here only a homogeneous average age of the non-
crystalline phase is taken into account. Therefore, this parameter was determined to beSa =
0.

• The orientation distribution parameter κ = 0.5, 2, 10 determines to which degree the crys-
talline phase is oriented in one direction, see figure 4.11d. The valueκ = 0 corresponds to the
case where the chain direction [001] has a uniform distribution within the plane spanned by
~e1 and~e2, i.e. there is no difference betweenMD andTD.The highest value will correspond
to the largest difference between both directions. For details about the orientation distribu-
tion of the crystalline phase, see section 4.4. The value κ = 2was determined by comparing
simulationswith the conductedmechanical tests, as well as from the orientation distribution
in similar films [107, 108, 111] obtained byWAXD experiments.

In figure 4.12a, the constitutive behaviour of the crystalline slip systems is demonstrated for
different parameter variations. The following observations can be made (for an engineering strain
rate of 10−3 s−1):

• The viscosity of the non-crystalline phase influences the stress level in the yield and the post-
yield regime, see figure 4.13a (values of 2.5·1011, 2.5·1016 and 2.5·1021MPa · sused). The
shape of the curves is almost unaffected, and therefore only a shift of the post-yield regime is
observed. Here, based on this variation, a value of 2.5 · 1016MPa · s results.

• In oriented PET, due to anisotropy of the crystal, the transverse slip system (100)[010] is
activated only at large deformations. This is even the case when the slip resistance on this slip
system is relatively low. The variation of the behaviour of this slip system is shown in figure
4.13d (more precisely, parameter ξ3 is varied: ξ3 = 10−25, 10−30, 10−35 s−1, for details
about constitutive behaviour see 3.3.2).

• The slip resistance of the (010)[001] chain slip system should be relatively high. Other-
wise, the hardening modulus in the case of TD loading differs significantly from the ex-
perimental one. In figure 4.13c, the behaviour of this slip system is varied. The parameter
ξ2 = 10−40, 10−80 s−1 is used, where the first value was found by simulating isotropic
material behaviour. The second value is selected such that this slip system remains inactive.
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Figure 4.11: Simulated engineering stress-strain response of oriented PET film un-
der uniaxial tension at 22 ◦C, centre of the film. Multiple lines are results obtained
with different values of varied parameters, for details see text.

• The slip resistance of the (100)[001] chain slip system influences the hardening modulus
and the shape of the stress-strain curve in the case ofMDandTD loading. The parameter ξ1

was varied, such that ξ1 = 10−11, 10−16, 10−21 s−1. The results are shown in figure 4.13b.

So far, onlyone strain rate andone temperaturewere considered. Although the ratedependence
of the non-crystalline phase can be taken to be the same as the rate dependence of amorphous PET,
which can be characterised separately (see chapter 3), the rate dependence of the slip systems can
be determined only by either comparing the effective behaviour of semicrystalline material or by
molecular modelling. When considering the experimental stress-strain response in figure 4.7, it is
noticed that the rate dependence changes at large strains. By only varying of the shear resistance of
the slip systems τα0 only, this effect could not be captured quantitatively, although qualitatively this
effect was definitely observed yet very small. In the model with the selected parameter set, the rate
dependence effect is dominated by the non-crystalline phase. For the simulations, a value τα0 =
1.1MPawas used, which is a value representative of isotropic PET∗.

∗The parameter τα0 is proportional to the τ0 of the non-crystalline phase, such that τα0 = χτ0 with the coefficient
χ = 0.866 because of the different definitions of shear stress on the slip plane in the crystalline phase and the equivalent
stress in the amorphous phase [83].
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Figure 4.12: Constitutive behaviour of the slip systems of the crystalline phase in
comparison to the yield kinetics of the amorphous phase: behaviour with parame-
ters used for simulations (black lines) compared to variations of ξα (grey lines) (a)
and behaviour with parameters used for simulations in chapter 3 with legend indi-
cating processes (b).

Finally, a comparison of experimental data and simulations is shown in figure 4.14. Although
the macroscopic hardening modulus is close to the experimentally measured one, there are some
differences in the yield stress and shape of the stress-strain curve in the post-yield regime. The latter
may be due to inaccuracies in the orientation distribution or limitations in the model imposed by
the interaction law between the domains. Also, the deformation rate dependence appears to be
different in the simulated behaviour at 50 ◦C due to imprecise mechanical measurements, most
probably due to small strain localisations taking place for the set of samples corresponding to the
centre. As observed in figure 4.7, for the set of samples cut from the right part of the film, the rate
dependence was the same at high temperature. Temperature dependence was taken into account
only in the non-crystalline phase. A temperature dependence of the slip systems, i.e. an increase of
shear rate of slip systems with temperature, does not further improve the model predictions.

Based on the mechanical behaviour of the isotropic semicrystalline material, which can be ob-
tained by annealing amorphous PET, the deformation kinetics of the various slip systems cannot
be determined uniquely, since the effect of various crystallographic slip systems cannot be isolated.
For oriented material, obtained by substantial uniaxial or sequential biaxial drawing at high tem-
peratures, due to the presence of a preferential orientation of the crystalline phase, the influence
of individual slip systems can be separated to some extent by applying deformation in different di-
rections. Thus, the parameters of the constitutive laws describing the behaviour of individual slip
systems can be identified more precisely. In figure 4.12, the resulting constitutive behaviour is com-
pared to the behaviour with parameters identified for isotropic PET in chapter 3. Although the set
of parameters provided here differs from the set obtained in chapter 3, it is possible to describe the
macroscopic behaviour of the isotropic material with the current parameter set.

Another structural effect that can be predicted by the model is the influence of the microstruc-
ture at different positions of the film on the macroscopic behaviour, although, as discussed in sec-
tion 4.5, the difference between the centre and right positions is relatively small. In section 4.5, it was
shown that based on themacroscopic behaviour, themicrostructure at the side of the film is rotated
by 15◦ compared to the centre. Therefore, to investigate the full anisotropy of the microstructure,
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Figure 4.13: Simulated engineering stress-strain response of oriented PET film
under uniaxial tension at 22 ◦C, centre of the film. Multiple lines are results ob-
tained with different value of viscosity of the non-crystalline phase (η0ir = 2.5 ·
10AMPa · s) (a) and values of parameters of the slip systems (b-d), for details see
text.

the hardening moduli at different loading angles of simulated and measured stress-strain response
are compared, see figure 4.15. In the model, the hardening modulus clearly has a minimum in the
MD region (α = 90◦), as in the experiment. In the region close to TD, the model results devi-
ate from the experimental data, and therefore the effect of a small variation in the rotation of the
microstructure cannot be simulated precisely. However overall, the load angle dependence is ad-
equately predicted, which allows to simulate anisotropic behaviour of different parts of oriented
film.

At themicroscopic level, deformation can be characterised by the average absolute plastic shear
rates for the different slip systems of the crystalline phase of all inclusions and the average equivalent
plastic strain rate of the amorphous phase. In figure 4.16, these quantities normalised by the applied
strain rate ε̇ = 10−3 s−1 are demonstrated. No significant differences in normalised slip system ac-
tivity are observed for different strain rates. In both theMD and TD loading cases, the (010)[001]
chain slip is not active due to the parameter obtained for this slip system, as has already been shown.
It can clearly be seen that themajor plastic deformation happens in the non-crystalline phase.More-
over, the observed influence of the slip system parameters on the macroscopic behaviour are also
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Figure 4.14: Simulated engineering stress-strain response (lines) of oriented PET
film under uniaxial tension at 22 ◦C (a) and 50 ◦C (b) compared to experimental
data (symbols). Multiple lines are results obtained at different applied strain rates:
10−2, 10−3, 10−4 s−1.

Figure 4.15: Hardening modulus depending on loading angle at the centre of the
film, comparison of the simulated and experimental data.

confirmed at the microscopic scale. In case of MD loading, the average plastic deformation rate of
the (100)[010] transverse slip system is relatively small, which confirms the negligible influence of
the ξ3 parameter on the macroscopic behaviour. Only the (100)[001] slip system is significantly
active. Another useful observation is that the average plastic deformation rate of the amorphous
phase decreases with time. In the case of TD loading, the plastic deformation rate of the amor-
phous phase is highest. There is a region where only the (100)[001] slip system is active, however,
in contrast toMD loading, there is a maximum followed by a decrease of the activity of this slip sys-
tem. At a certain deformation, the (100)[010] transverse slip is activatedwith a higher deformation
rate compared to the other slip system.

Previously, it was shown that in the case of compression of isotropic PET, such amodel demon-
strated a good match of the texture evolution with experiments (see chapter 3). Here, the texture
evolution of the oriented material is analysed. It is shown in figure 4.17 and is found to depend
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Figure 4.16: Evolution of the average plastic deformation with time predicted by
the model for the amorphous phase and 2 slip systems (the deformation rate of the
third slip system is significantly smaller and is not shown) for loading inMD (a) and
TD (b).

strongly on loading conditions. In both loading cases, the inclusion interface normal ~nI is mov-
ing away from the loading direction. Thus, inclusions tend to be aligned such that the crystalline
and non-crystalline phase are connected in a parallel way with respect to the loading direction. The
chain directions are also moving away from the loading direction, which in the case of TD loading
means that the relatively wide spots in the [001] pole figure become narrow and the chains become
mostly oriented in~e2 direction. In the case ofMD loading, this implies that spots in the [001] pole
figure only become wider and are moving towards the centre of the pole figure. This is the oppo-
site of what is usually observed in polymer drawing, where chains are aligning with the stretching
direction. This can be explained by considering an inclusion with its (100) plane parallel to the
film surface (spanned by ~e1, ~e2) and with its [001] direction parallel to ~e2, which is loaded in MD.
Depending on the constitutive behaviour of the separate phases, the chain direction either stays
aligned with MD or deviates from it. The anisotropy of the crystalline phase may limit its shear
mobility, resulting in a higher shear rate in the non-crystalline phase, which leads to the rotation of
the crystalline phase, i.e. movement of the chain direction away from the loading direction. Similar
conclusions are valid for the evolution of normals to the (001) plane with time. A more thorough
investigation of the stability of the alignment of [001]with the loading direction requires the incor-
poration of the elastic anisotropy of the non-crystalline phase and its inhomogeneity in the region
close to the crystal.

4.7 Modelling long-term behaviour

To describe the long-term macroscopic behaviour of the semicrystalline material, an appropriate
number of viscoelastic Maxwell elements with timescales representing the experimental timescale
should be used, i.e. a single mode model used for the simulation of the short-term behaviour is
insufficient to describe creep up to t = 1011 s. To fit the relaxation spectrum, the master curves
constructed at T = 50 ◦C were taken. Ageing kinetics was not taken into account and a simu-
lation of the tensile creep of an unageing sample was performed. As discussed in section 4.5 the
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Figure 4.17: Equal area projection pole figures showing various crystallographic
orientations (normal to the (100) plane and the [001] direction) and the normal to
the inclusion interface (~nI) with their trajectories during loading. Initial positions
are shown with symbols ×, final positions with symbols •. Colours indicate the
angular velocity normalised by |ε̇|. The material is loaded in MD (a) and TD (b).
Due to symmetry of the set of inclusions with respect to MD and TD, and thereby
symmetry of the pole figures, only quarters of the pole figures are shown.

master curves correspond to the response of the samples in a particular thermomechanical state.
For samples with a different physical age, the compliance curves are shifted horizontally. This effect
of transition in the thermomechanical state is accounted for in the model by a shift of the relax-
ation spectrum, i.e. by changing the parameter Sa. Since here only one set of master curves is used
(samples were cut at different directions but from the same film) Sa was taken to be 0.

Ideally, the relaxation spectrum of the non-crystalline phase should be fitted separately, exclud-
ing the effect of the crystalline phase. However, as has already been discussed, the properties of the
non-crystalline phase of semicrystalline PET and fully amorphous PET may be different, and the
behaviour of semicrystalline material is determined directly. Using a gradient descent method, the
pre-deformed state of the non-crystalline phase and the relaxation spectrum were determined. Re-
laxation timeswere fixed andbothmaster curves (corresponding to creep inTDandMD)were used
to identify shear moduliGa

i , i.e. one relaxation spectrum of the non-crystalline phase was used to
simulate both theMD andTDbehaviour. The results are shown in figure 4.18a,where an adequate
match of the experimentally measured creep compliance and the simulated one can be observed.

Without incorporating the anisotropy of the non-crystalline phase (by pre-deforming the hard-
ening element), a completely different behaviour was observed. In figure 4.18a, the results with an
isotropic non-crystalline phase (pre-deformation stretch ratio λd = 1) are shown in grey. Qualita-
tively different behaviourwas observed, with a higher compliance forMDthan forTD loading, that
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Figure 4.18: Dependence of the creep compliance of oriented PET on time for
different loading directions (a), comparison of the simulations (line) with the mea-
surements (symbols); model prediction of the evolution of the average plastic defor-
mation rate of the amorphous phase and the (100)[001] slip system (only the case
of TD loading is shown; in the case of MD loading, the plastic deformation rate
of the (100)[001] slip system is significantly lower) with time for different loading
conditions (b).

is, the opposite of what was observed experimentally. In the case of isotropic non-crystalline phase
it was not possible to obtain a reliable creep compliancematching by fitting parametersGa

i . There-
fore, it was concluded that the incorporation of the effect of the anisotropy of the non-crystalline
phase is essential to obtain a realistic macroscopic response.

Almost no texture evolution was observed during the creep simulation since the deformation
stayed below 1.5%. As seen in figure 4.18b, the contribution to plastic deformation comes mostly
from the non-crystalline phase in contrast to the case when isotropic material (with crystallinity
of 0.25) was subjected to creep (see chapter 3). In the latter case, the average plastic shear rate on
the (100)[001] chain slip system was higher than the average shear rate of the amorphous phase.
Apparently, in the case of oriented material loaded either in TD orMD, due to the orientations of
slip planes and slip directions, slip systems are less active, which leaves almost only the contribution
of the non-crystalline phase.

4.8 Conclusions

In this work, experimental characterisation and numerical modelling of biaxially oriented PET film
using a multiscale approach was performed. Macroscopic characterisation of the PET film revealed
the anisotropy as well as inhomogeneities in the film. Across the length (MD), the measured varia-
tion of the macroscopic properties was insignificant. Frommacroscopic results, the conclusion can
be made that the underlying orientation of the crystalline phase is symmetric with respect to the
centre and that the MD and TD directions in the centre demonstrated two extreme behaviours.
Therefore, simulations were focused on these loading cases, whereby the influence of the under-
lying structure is investigated with the help of multiscale modelling. Parameter identification was
performed and it was shown that the macroscopic behaviour qualitatively matched the experimen-
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tally measured response, meanwhile in the case of isotropic PET, such a model demonstrated some
mismatch at high crystallinity. Even though in the case of anisotropic material the influence of slip
systems is separated in MD and TD, the parameter values might still be non-unique.

It was shown that properties of the non-crystalline phase in orientedmaterial differ significantly
from the properties of the purely amorphous material due to the constraints of the neighbouring
crystalline phase and the presence of tie molecules. It was possible to simulate the macroscopic
behaviour of the orientedmaterialwith an increased viscosity of thenon-crystalline phase compared
to the viscosity of the amorphous material obtained in a previous chapter, i.e. by a shift of the
relaxation spectrum to longer relaxation times. Therefore, the relaxation spectrum obtained here
represents the behaviour of the constrained non-crystalline phase and cannot be directly used for
the simulation of purely amorphous material.

It was observed that in the case of tensile strain controlled simulations, texture evolution is
somewhat different than what is commonly observed during film stretching. The influence of the
anisotropy of the non-crystalline phase and the simulation of themacroscopic behaviour taking this
effect into account were discussed. In the case of tensile creep simulations, it was observed that with
the same relaxation spectrum for thenon-crystalline phase, simulations of the behaviour in both the
MD and TD directions can be performed and are highly sensitive to the pre-deformed state of the
non-crystalline phase. Therefore, especially for creep applications, the non-crystalline anisotropy is
significant, although there are other important effects, such as ageing during the test. The simula-
tion of the latter effect is a possible future extension of themodel by incorporation of the evolution
of the parameter Sa during long-term testing, which would capture the effect of decreasing creep
rate as the material thermodynamic state changes.

In semicrystalline material, an intermediate phase exists close to the crystalline layers. The an-
isotropy of this intermediate phase is the result of molecular orientation close to the crystalline
phase and is physically different from the anisotropy of the non-crystalline phase, which was mod-
elled here and is a result of the film drawing process. Such inhomogeneity can be simulated using
three-phase layered domains as structural units of the microstructure. This approach was applied
to HDPE [77] using the composite inclusion model and to PET [53] using other micromechan-
ical models, such as a self-consistent model, for the domain interaction. In both cases, the elastic
behaviour was considered.

Even though there are some limitations, by using the composite inclusion model, the influence
of the material structure on the macroscopic properties can be adequately investigated. Additional
numerical investigations of inclusion stability during loading and phase interaction are required for
precise characterisation of texture evolution.

4.A Appendix: model parameters

The stiffness matrix of the PET crystal is temperature dependent. In the model, the values inter-
polated at a particular temperature are used [25]. Here only the values at an ambient tempera-
ture (300K) are listed in table 4.1, where the Voigt notation (11, 22, 33, 23, 31, 12) is used

(the coordinate system~i1~i2~i3 coupled to the crystal is explained in section 4.4). For the crystalline
phase, there are two parameters determining viscoplastic deformation on a separate slip system.
For all slip systems the reference shear stress is τα0 = 1.1MPa and the reference shear rates are
ξ1 = 10−16 s−1, ξ2 = 10−80 s−1 and ξ3 = 10−30 s−1 for the (100)[001], (010)[001] and
(100)[010] slip systems, respectively.
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Table 4.1: Components of the stiffness matrix of the PET crystal at 300K.

parameter Cc
11 Cc

22 Cc
33 Cc

44 Cc
55 Cc

66 Cc
12 Cc

13 Cc
23

value [GPa] 14.4 17.3 178.0 6.6 1.4 1.2 6.4 3.4 9.5

parameter Cc
14 Cc

24 Cc
34 Cc

15 Cc
25 Cc

35 Cc
45

value [GPa] −2.2 3.3 3.8 −0.3 −0.5 −0.7 0.2

parameter Cc
16 Cc

26 Cc
36 Cc

46 Cc
56

value [GPa] −1.8 0.5 −1.8 −0.4 0.0

Table 4.2:Model parameters for PET, non-crystalline phase, short-term behaviour.

parameter ∆U [kJ/mol] V ∗ [nm3] Gr [MPa] Tr [K] Ka [MPa] µ [−]
value 230 3.24 4.7 296 1800 0.048

parameter Ga
1 [MPa] τ01r [s] r0 [−] r1 [−] r2 [−] Sa [−]

value 813 3.1 · 1013 0.95 5 −9 0

Table 4.3: Model parameters for PET, non-crystalline phase, long-term behaviour,
relaxation spectrum.

parameter ∆U [kJ/mol] V ∗ [nm3] Gr [MPa] Tr [K] Ka [MPa] µ [−]
value 230 3.24 4.7 323 1800 0.048

parameter τ01r τ02r τ03r τ04r τ05r τ06r τ07r τ08r τ09r τ010r
value [s] 1012 1011 1010 109 108 107 106 105 104 103

parameter Ga
1 Ga

2 Ga
3 Ga

4 Ga
5 Ga

6 Ga
7 Ga

8 Ga
9 Ga

10

value [MPa] 8 13 12 16 50 53 102 257 274 28

For the amorphous phase, a different number of modes is used for the short-term behaviour
than for the long-term behaviour, since for creep simulations across the large timescale a small
amount ofmodes is insufficient. For the short-term strain controlled tests, a large number ofmodes
is not necessary and is computationally inefficient; details are provided in the main text. Values of
the parameters can be found in table 4.2 and table 4.3. Relaxation times for the rejuvenated state
are listed instead of the viscosities:

τ0ir =
η0ir
Ga

i

, (A1)

where symbol τ is used for the relaxation time of the mode and not for the equivalent stress as in
the model description.
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Figure 4.19: True stress-true strain response in MD and TD for each of 30 aggre-
gates, average true stress-true strain response and standard deviation bandwidth for
different aggregate sizes. The response of the aggregate used in the current work is
shown in figure (b).

Figure 4.20: Dependence of average stress at strain ε = 0.18 on aggregate size,
normalised by value for N = 500 (a); dependence of strain-average normalised
standard deviation on aggregate size (b).

4.B Appendix: influence of aggregate size

To study the influence of aggregate size on the mechanical behaviour, the response was calculated
for aggregates withN = 20, 100 and 500 inclusions. To preserve TD,MD andND (~e1, ~e2, ~e3) as
the principal directions even for small set sizes (as observed for real material) each set is generated by
first generating a subset ofN/4 inclusions. Subsequently, three copies of this subset are created and
each is rotated by 180◦ around ~e1, ~e2 and ~e3, respectively. These subsets are then combined in a
set of sizeN with the desired symmetry, thus enforcing TD,MD andND to be the principal direc-
tions. For each selected aggregate size, 30 aggregates were generated and their strain-rate-controlled
mechanical behaviour in TD andMDwas simulatedwith an imposed strain rate of ε̇ = 10−3 s−1,
see figure 4.19. For each strain value the standard deviation of the stress, std (σ), was found to
decrease with aggregate size.

The dependence of the average stress at strain ε = 0.18 on the aggregate size is shown in figure
4.20a. The average over all of the strain values of the normalised standard deviationwas found to be
linearly dependent on the logarithm of the aggregate size, figure 4.20b. Based on the demonstrated
convergence, the aggregate size ofN = 100was selected. The mechanical behaviour of the gener-
ated set of inclusions, which was used for the simulations in the current work, is compared to the
average response in figure 4.19b (note that here the true stress-strain response is shown, in contrast
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to section 4.6, where the engineering stress-strain response was considered).



5 Reversible and irreversible

thermo-mechanical deformation of oriented

PET film∗

Abstract: In this chapter, the reversible and irreversible thermo-mechanical time-
dependent deformation of oriented polyethylene terephthalate film is studied. A
mean-fieldmodel is used to simulate these effects along with the long-term creep be-
haviour, taking into account the underlyingmaterial microstructure and differences
in constitutive behaviour of the phases. The material is modelled as an aggregate of
layered two-phase domains. Irreversible deformation, or partial shape recovery, re-
sults from the presence of an internal stress, which is characterised and incorporated
into the constitutive behaviour of the non-crystalline phase. Using the microme-
chanical approach, the deformation mechanisms at the local scale are analysed.

5.1 Introduction

Predictablemechanical response andhigh dimensional stability aremajor requirements for polymer
substrates used in the production of flexible electronics [2,5]. There are a number of candidates for
the substrate material with the most common materials being semicrystalline, oriented and ther-
mally stabilised polyethylene terephthalate (PET) and polyethylene naphthalate (PEN) films. The
goal of this work is to predict the dimensional stability of the polymer film at temperatures above
the glass transition temperature, i.e. to simulate reversible and irreversible deformation of the film
under these industrially relevant conditions based on the underlying microstructural information.

The polymer films studied here are produced by sequential biaxial stretching at temperatures
above the glass transition (Tg) and subsequent cooling down to room temperature [108]. Upon
heating above Tg these films demonstrate irreversible deformation under stress-free conditions,
referred to as thermal shrinkage, or an emergence of shrinkage stress if the dimensions are fixed
[118–120]. This process is significantly influenced by the manufacturing conditions [121]. Such be-
haviour can be classified as a shape-memory effect, where the partial recovery of the original shape
is a result of increased molecular mobility above Tg and the driving force is due to the tendency of
the structure to increase its entropy by relaxing the oriented conformation [122]. In oriented amor-

∗This chapter is partly reproduced from [117].
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phous PET there is evidence that the molecular origin of this process lies in a redistribution of the
rotational isomers along the polymer chains, leading to their coiling [123].

Themodelling approaches of shape-memorypolymers can roughlybedivided intomacroscopic
and micromechanical [122, 124]. In macroscopic models, the material behaviour is simulated as the
behaviour of a system constructed of elastic, viscous and purely plastic elements. In this case, a non-
linear temperature-dependent viscosity captures the shape memory effect. In contrast, microme-
chanical approaches take into account aspects of the material microstructure, while often lacking
some reliable experimental data at that fine scale. In [125], the material was considered to consist of
active and frozen phases with the phase transition being described by a temperature dependent vol-
ume fraction. A similar approach was used in [126] to construct a large deformation model based
on the rules of mixtures. In [127], a model for semicrystalline shape-memory polymers was pre-
sented, where the shape-memory effect occurred due to a tendency of each phase to return to its
initial configuration.

In this chapter, the effect of shape recovery of a PET film is modelled using a micromechanical
model referred to as the composite inclusion model [73, 74, 81, 83]. In this model, the material
is considered to consist of two phases: the crystalline and the amorphous phases, out of which
layered domains are constructed. Here, the amorphous phase is referred to as non-crystalline since
it significantly differs from purely amorphousmaterial due to the constraints induced by crystalline
lamellae and the presence of tie molecules. The material behaviour is modelled as the behaviour
of an aggregate of such layered domains. Crystal plasticity [98] is used as a constitutive model for
the crystalline phase, with viscous slip on the (limited number of) slip systems. The non-crystalline
phase can be modelled with one of the material models suitable for glassy polymers, such as the
model by Buckley et al. [37, 38], by Boyce et al. [39, 40] and by Govaert et al. [41, 42]. Here the
model by Govaert et al., referred to as the EGP model, is used.

In [128], the composite inclusion model was used to describe the deformation kinetics of ori-
ented HDPE. However, the model was found to lack the contribution of the pre-stretched amor-
phous phase. In chapter 4, this model was used to simulate short-term and long-term behaviour of
the oriented PET film taking into account this pre-orientation. In the present chapter, the consti-
tutive models of the phases are further extended, i.e. thermal expansion is added to themodel and a
relaxation of the internal pre-stress state of the PET film is incorporated to simulate the behaviour
of the film at high temperatures and tomodel reversible and irreversible thermal deformation. The
aim of this work is to simulate these effects based on the underlying microstructure, and therefore
to obtain a reliable structure-property relationship and to analysemicrostructural deformation pro-
cesses.

5.2 Experimental methods

Thermally stabilised oriented PET film, manufactured by DuPont Teijin Films, was provided for
the experimental analysis. The film is produced by sequential biaxial stretching with draw ratios
λ = 3.0–3.5 in machine direction (MD) and transverse direction (TD), an average thickness of
125µm, a width of 90 cm and an approximate crystallinity of 50%.

Tomeasure irreversible deformation of the film resulting fromdifferent heating conditions, the
behaviour of oriented PET film was measured using two different techniques. In-situ strain mea-
surements at varying temperatures were performed under uniaxial tensile stress-controlled condi-
tions using a Zwick Z010 universal tensile tester equippedwith a video extensometer, a temperature
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controlled chamber and a 1 kN force cell. Samples, with a shape according to ISO 527-2, type 1BA,
cut in different directionswere heated from 60 ◦C to 190 ◦Cwith subsequent annealing at 190 ◦C.
Three heating rates were imposed: constant rates of 1 ◦C/min, 5 ◦C/min and ∼ 10 ◦C/min,
which is the maximum heating rate of the temperature controlled chamber. Measurements were
performed under imposed stress of 0.16MPa, which is sufficient to keep the sample straight while
not leading to noticeable creep effects at high temperatures. Prior to testing, the samples were dried
in the temperature controlled chamber at 60 ◦C for 60min to prevent interference of hygroscopic
expansion with the measurements. For the samples heated at 10 ◦C/min and 5 ◦C/min, multiple
measurements were performed to ensure reproducibility.

The residual (i.e. irreversible) deformation after cooling down was measured using digital im-
age correlation (DIC). Dried samples with dimensions of 15 cm by 10 cm (in TD andMD, respec-
tively) with a grid of 16×11 dots were placed in a pre-heated oven and annealed for a certain time.
Images of samples were taken before the heat treatment and after removing the sample from the
oven and cooling it down to room temperature, thus eliminating reversible thermal deformation
(thermal expansion). The two-dimensional strain was extracted from the images by correlating the
displacement of the dots across the series of images. A uniform strain field in each sample was as-
sumed, since the strain inhomogeneity within one sample was of the same order of magnitude as
the deviation of the average strainwithinmultiple samples tested at identical conditions. The actual
calculated strain in each sample tested at certain conditions was averaged from three subsequently
taken images. Since heating and annealing of the samples was performed at stress-free conditions,
film wrinkling, resulting from inhomogeneity of the sample and of the temperature field, was ob-
served. Therefore, when images of the samples were recorded, the samples were straightened by
putting a glass plate on top.

The anisotropy and inhomogeneity of the film was studied in previous chapter. It was found
that for the centre of the film (i.e. the middle position across the width) the principal strain di-
rections correspond to MD and TD and for the sides the principal directions are rotated by 15◦.
Therefore the effective MD and TD, which are rotated by a small angle, are introduced here for
the right part of the film. In chapter 4, the mechanical behaviour along the effective directions was
found to be similar across the width of the film. Therefore, here samples from the sides of the film
were also used for the experimental programmewith strain measurements performed along the ef-
fective machine and transverse directions.

To measure the coefficient of thermal expansion (CTE) of isotropic PET, semicrystalline PET
samples were prepared from amorphous PET, which was also supplied by DuPont Teijin Films, by
annealing in an oven for 1, 4, 10 and 13 hours at 100 ◦C. Crystallinity of the samples was mea-
sured by X-ray diffraction and DSC. To determine the CTE, PET samples were heated from 30 ◦C
to 70 ◦C and then cooled down to 30 ◦C at a rate of 5 ◦C/min. The cycle was repeated 2 times,
and the obtained measurements of the CTE during heating and cooling were averaged. The defor-
mation field was obtained by DIC. The observed deformation of the samples was homogeneous
and linearly dependent on temperature within the imposed temperature region.

The CTE of the oriented PET film was measured using the same technique as used to mea-
sure the CTE of isotropic PET, however during the heating stage of the first cycle, strain was not
recorded, and thus only 3measurements (2 during cooling and 1 during heating) were taken. Mea-
surements on 3 samples from the centre of the film were performed and the results were averaged.
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Figure 5.1: Schematic representation of the imposed temperature profile.

5.3 Measurements, oriented material

The thermomechanical behaviour of PET film under different conditions was studied. The im-
posed temperature profile is illustrated in figure 5.1. In the first case, the strain evolution during only
the “heating” and “annealing” stages is considered with an imposed heating rate of 1–10 ◦C/min.
In the second case, only irreversible deformation due to the imposed temperature history is con-
sidered, i.e. only the strain value at t = te and its dependence on parameters of the temperature
profile (the annealing temperature and the annealing time). As described in section 5.2, for the sec-
ond case, samples were placed in a preheated oven, which resulted in almost instantaneous heating
of the samples to the annealing temperature (in section 5.5.2, to model this case a heating rate of
17 ◦C/swas used).

The heating stage and the annealing stage of the in-situ strain measurements are analysed sep-
arately. Measurements corresponding to a particular heating rate were reproducible with the ab-
solute strain deviation between several samples not exceeding 2.5 · 10−3. In figure 5.2, the effect
of heating rate on the measured strain is demonstrated. It is obvious that the deformation due to
heating is anisotropic with TD expanding and MD shrinking at lower temperatures. At higher
temperatures, TD also shows shrinkage with a faster deformation rate than for MD. Although for
TD samples, the influence of the heating rate on strain is comparable to experimental scatter, for
MD it is noticeably larger. Using this measuringmethod, only combined reversible and irreversible
deformations are obtained.

To analyse only irreversible deformations, the permanent strain resulting from fast heating of
the sample in the oven was obtained with digital image correlation after cooling the sample. The
influence of annealing temperature and annealing timewas investigated. In figure 5.3, themeasured
strain and its dependence on annealing time (the time-dependent nature of the thermal irreversible
deformation) and annealing temperature for the samples in effective MD and TD is shown. Com-
paring figures 5.2 and 5.3, it can again be seen that the heating rate influences the residual shrinkage
strain with approximately doubled strain values for the case when samples are placed in a preheated
oven. The reason for this is internal relaxation taking place in the material during slow heating,
which does not lead to a macroscopic deformation, as well as the absence of reversible thermal de-
formation (thermal expansion) in the results shown in figure 5.3.

The maximum absolute value of the deviation of the shear strain from zero is 3 · 10−3, i.e. the
principal directions of the strain tensor deviate only slightly from the previously measured 15◦ at
the sides of the film. This small deviation changes with annealing temperature: the shear strain is
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Figure 5.2: Dependence of strain on temperature for MD and TD samples dur-
ing heating at heating rates of 1–10 ◦C/min (a) and evolution of strain with time
during annealing at 190 ◦C starting from the point of reaching the annealing tem-
perature (b). For the heating rate of 5 ◦C/min, error bars indicating a 95% confi-
dence interval are shown, where experimental scatter results from 9 measurements
per direction (MD and TD).

Figure 5.3: Dependence of the residual strain in effective directions on the an-
nealing time at 170 ◦C (a), dependence on annealing temperature, measured after
annealing for 103 s (b). The right part of the film was used. Error bars indicate
a 95% confidence interval, where experimental scatter results from measurements
performed on 3 different samples and 3 images taken per sample per measurement.

positive for temperatures below 180 ◦C and negative above this value.

5.4 Micromechanical modelling

The material behaviour is modelled at multiple scales using the composite inclusion model [83].
A detailed model description can be found in section 3.A. The macroscopic scale corresponds to

a material point, where the Cauchy stress tensor σM and the deformation gradient tensor FM are



82 Reversible and irreversible thermo-mechanical deformation of oriented PET film

Figure 5.4: The two-layer composite inclusion after [74, 83]. The structural unit
of the model is highlighted in a stack of crystalline lamellae.

volume averaged quantities of the two-phase layeredmicrostructure, which consists ofmultiple dif-
ferently oriented layered domains, each consisting of different phases, see figure 5.4. The two-phase
domains are referred to as composite inclusions [74]. Each phase in a domain is described with its
representative constitutive law and has homogeneous stress and deformation fields. Compatibility
and equilibrium conditions are enforced at the interface between the phases:

σck
n3 = σak

n3; F ck
ns = F ak

ns ; k = 1, N ; n = {1, 2, 3}; s = {1, 2}, (5.1)

where components are taken with respect to the inclusion coordinate system shown in figure 5.4
(with unit vectors ~e I

1 , ~e
I
2 , ~e

I
3 = ~nI). Superscripts “c”, “a” indicate quantities belonging to crys-

talline and non-crystalline phases andN is the number of layered domains. The average stress ten-

sor σI and deformation gradient tensor F I of each layered domain are obtained by volume aver-
aging. The domains are coupled using a mean-field interaction law [74, 83]: the components of
the inclusion-averaged stress and deformation gradient tensors that are not constrained by intra-
inclusion equilibrium and compatibility conditions, are equal to their corresponding macroscopic

quantities. Macroscopic quantities FM and σM are obtained by volume averaging the inclusion-

averaged quantities σI and F
I. The semicrystalline morphology is then characterised by the ori-

entation distribution of the crystalline phases and interfaces between the crystalline and the non-
crystalline phase.

Here, simulations of isotropic and oriented material are performed. The difference in model
behaviour results from the orientation differences of the layered domains, which is illustrated in
the equal area projection pole figures in figure 5.5, where the crystal orientations as well as the ori-
entations of interface normals are shown. For the isotropic material, a set of uniform random ori-
entations is adopted. For the oriented material, the orientation distribution in the PET film was
characterised in previous chapter. For the isotropic case 125 inclusions were used, and for the ori-
ented case 100 inclusionswere used. Another difference is the incorporation of anisotropic internal
stresses in the non-crystalline phase for the oriented material, whereas a stress-free non-crystalline
phase is used for the isotropicmaterial, as further elaborated in the following section. This addition
was required to accurately model the differences between the long-term creep responses inMDand
TD directions (see previous chapter).
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Figure 5.5: Equal area projection pole figures showing the initial crystallographic
orientations (normal to the (100) plane and the [001] direction) and the normal to
the interface between phases (~nI) for isotropicmaterial (a) and orientedmaterial (b).
The orientation set in (b) is taken from chapter 4.

5.4.1 Constitutive behaviour of the phases

A multiplicative decomposition of the deformation gradient tensor into an elastic (e), thermal (t)
and plastic (p) part is used for both phases: F = F e ·F t ·F p [129]. Thermal expansionwas intro-
duced for each phase, with anisotropic expansion for the crystalline phase and isotropic expansion
for the non-crystalline phase. The thermal velocity gradient∗ is linearly dependent on the time
derivative of the temperature through a tensorαν containing thermal expansion coefficients [130]:

L
ν
t = Ḟ

ν
t · F ν

t
−1 = α

ν Ṫ ; ν = a, c. (5.2)

The non-crystalline phase is modelled with the Eindhoven Glassy Polymer (EGP) model [42,
46, 109], which consists of a combination of viscoelastic Maxwell elements with neo-Hookean-like
elasticity and non-linear viscosity, which is temperature and stress dependent. This constitutive
model is schematically illustrated in figure 5.6a, where for simplicity only two viscoelastic modes
are illustrated. The stress dependency is described using the Eyring flow model and temperature
dependency using the Arrhenius law. The viscosity depends on the equivalent stress τ , the pressure

∗Equation (5.2) is numerically integrated in the following way:

F
c
t (tn+1) = exp

(

∆tαc (tn+1) Ṫ (tn+1)
)

· F
c
t (tn) .
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Figure 5.6: Schematic representation of the constitutive models used for the non-
crystalline phase. Original EGP model formulation (a) and model with a pre-
deformed initial state used in chapter 4 (b).

pa, the temperature T and the thermomechanical history S:

ηi = η0ir exp

(

∆U

R

(

1

T
− 1

Tr

))

τ/τ0
sinh (τ/τ0)

exp

(

µpa

τ0

)

exp (S) ; (5.3)

τ0 =
kT

V ∗
, (5.4)

whereR is the universal gas constant,∆U the activation energy, Tr a reference temperature, k is the
Boltzmann constant andV ∗ the activation volume. Multiplemolecular relaxation processes can be
taken into account in this constitutive model by using different stress and temperature dependency
parameters for viscoelastic modes. This model in combination with the composite inclusionmodel
described above was used to simulate the large-strain mechanical behaviour of isotropic semicrys-
talline PET (chapter 3). To simulate the long-term and short-term behaviour of an oriented PET
film (chapter 4), an internal pre-stress in the elastic elements describing the molecular network was
included. These elastic elements are initially in a pre-deformed state (tension in MD and compres-
sion in TD), see figure 5.6b, thus introducing anisotropic yielding of the viscoplastic elements with
isotropic behaviour in the elastic regime. The deformation gradient tensor F a

r corresponding to
the molecular network is calculated from the total deformation gradient tensor F a of the non-
crystalline phase:

F
a
r = F

a · F a
d, (5.5)

whereF a
d is a deformation gradient tensor determining the initial pre-deformation of the network.

Initial elastic and plastic deformation gradients are calculated such that stress equilibrium of the
non-crystalline phase is maintained initially, σa (t = 0) = 0, whereby the deformation gradient
tensor equals the identity tensor, i.e. F a (t = 0) = I . The original formulation of the EGPmodel
is recovered ifF a

d = I . The following form of the pre-deformation state of themolecular network
was used:

F
a
d = (1/λd)~e1~e1 + λd~e2~e2 + ~e3~e3, (5.6)

with ~e1 corresponding to TD and ~e2 corresponding to MD. This internal stress state, which was
included in chapter 4 to describe the anisotropic creep behaviour of oriented film, is the basicmech-
anism which causes irreversible thermal deformations. However, to describe dimensional stability
at temperatures above Tg, as required here, several additional modifications are made.



Micromechanical modelling 85

Figure 5.7: Schematic representation of the constitutive models used for the non-
crystalline phase. Model extended with internal relaxation of the hardening stress
(a) and model further extended with anisotropic pre-deformation (b).

In section 5.3, experimental results indicated that the heating rate influences residual irreversible
deformation. This is included in the model by replacing the elastic hardening element in the EGP
model by a viscoelastic element, see figure 5.7a, with a temperature dependent viscosity:

ηr = η0r exp

(

∆U r

R

(

1

T
− 1

Tr

))

. (5.7)

As such, amechanismof stress relaxation during slowheating is incorporated, which leads to a lower
irreversible shrinkage strain. A large relaxation time for the hardening elements is required such that
these modes deform only elastically below Tg.

The crystalline phase is modelled with crystal viscoplasticity [98], where the deformation is
decomposed into elastic and viscoplastic parts in addition to the thermal expansion. The elastic
behaviour of the crystalline phase is anisotropic. The viscoplastic deformation is a superposition
of shear deformations on a limited number of crystallographic slip systems with an Eyring flow
equation relating shear rate and resolved shear stress [81].

Since the mechanism of irreversible thermal deformation (deformation driven by the presence
of internal stresses due to the pre-stretched non-crystalline phase) is incorporated in the non-crys-
talline phase only, it elastically loads the crystalline phase during and after thermal deformation. If
the crystalline phase deforms only elastically, it can subsequently deform the non-crystalline phase
over longer time scales, such that the absolute value of the residual shrinkage strain is decreasing, i.e.
the material is returning to its initial configuration, which is not experimentally observed. There-
fore, a thermal dependence of the plastic slip has to be incorporated to increase the mobility of slip
systems (decrease the time scale of plastic deformation), enabling plastic deformations in the crys-
talline phase at high temperatures. The following relation between shear stress τα and shear rate
γ̇α on slip system α is used:

γ̇α = ξα exp

(

∆Uα

R

(

1

Tr
− 1

T

))

sinh
τα

τα0
, (5.8)

where∆Uα is the activation energy of the slip system,T the current temperature andTr a reference
temperature. A similar dependence of crystallographic slip on temperature was also included in a
micromechanical model of HDPE in [81].
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Figure 5.8: Composite inclusion model prediction of the evolution of strain with
time during annealing at T = 190 ◦C after heating from T0 = 20 ◦Cwith a heat-
ing rate of 17 ◦C/s for TD (a) andMD (b). Themodel with a pre-deformed initial
state of the non-crystalline phase (1), model extended with internal relaxation of the
hardening stress in the non-crystalline phase (2), extended with temperature depen-
dent slip systems in the crystalline phase (3) and extended with both modifications
(4).

The influence of viscoelastic hardening of the non-crystalline phase and thermal dependence
of the slip kinetics on the macroscopic behaviour obtained with the composite inclusion model is
shown in figure 5.8, where the evolution of strain with time after reaching T = 190 ◦C is simu-
lated. The heating stage (t < th) is not shown here. A uniaxial state of pre-deformation of the
non-crystalline phase (as in chapter 4) is imposed, with λd = 1.25. Other model parameters are
summarised in appendix 5.B. The following cases are compared:

(1) non-crystalline phase with elastic hardening;

(2) non-crystalline phase with internal relaxation of the hardening stress (with activation energy
∆U = 225 kJ/mol);

(3) crystalline phase with temperature dependent slip systems (parameters as in appendix 5.B);

(4) viscoelastic hardening and temperature dependent slip systems as in case (2) and (3), respec-
tively.

The introduction of a temperature dependence of the slip systems significantly influences the de-
formation during annealing. Without allowing for relaxation of the internal hardening stresses of
the non-crystalline phase, they drive the material to a state where the non-crystalline phase is stress-
free, i.e. to a large strain determined by the pre-deformation. From a comparison of figures 5.2, 5.3
and 5.8 it can be seen that the simulated material behaviour is still not qualitatively matching the
measurements. These observations indicate an anisotropic internal stress state, which constitutes
the basis for further modifications.

Previously, it was shown that the non-crystalline phase of these films has a uniaxial internal
stress state (see chapter 4). This was based on modelling the long-term behaviour of the film, in
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Table 5.1: Pre-deformation parameters of the non-crystalline phase for oriented
PET film.

parameter λTD1 [−] λMD1 [−] λTD2 [−] λMD2 [−]
value 1.37 0.93 0.39 1.74

parameter ∆U r1 [kJ/mol] ∆U r2 [kJ/mol]
value 225 245

correspondence with the experimentally observed behaviour. In section 5.3 it was shown that dur-
ing heating to high temperatures, irreversible shrinkage deformation is observed in both directions,
which indicates that at high temperatures the non-crystalline phase of the film demonstrates a biax-
ial internal stress state. At low temperatures, irreversible expansion inTD and irreversible shrinkage
in MD were observed, indicating a uniaxial internal stress state at low temperatures. Therefore, to
describe both effects, the viscoelastic hardening in the non-crystalline constitutive model was split
into two modes with different activation energies and different pre-deformations:

F
a
dj

= λTDj~e1~e1 + λMDj~e2~e2 +
1

λTDjλMDj

~e3~e3, j = 1, N r, (5.9)

whereN r = 2 is number of hardening modes. Pre-deformation ratios and activation energies for
the hardening modes are summarised in table 5.1. Hardening moduli for these modes are equal
(the full set of model parameters is given in appendix 5.B). For the adopted parameter set, both
modes deform elastically at low temperatures and jointly reveal a uniaxial stress state as in chapter 4
(described by equation (5.6) with λd = 1.25), allowing the simulation of anisotropic creep of the
film. With increasing temperature, one of the modes undergoes relaxation while the other mode
still contributes to the internal stress, thus describing a biaxial stress state leading to irreversible
thermal shrinkage in both directions. This split is schematically illustrated in figure 5.7b. Note that
the figure represents only one-dimensional analogues of the model, whereas in the full 3D model,
the hardening stress σa

r is anisotropic. Values of the activation energies were identified from the
experimental data (figures 5.2 and 5.3). A detailed model description can be found in section 5.A.
Results of simulations using this constitutive model for the non-crystalline phase are compared in
section 5.5.2.

5.5 Results

5.5.1 Characterisation of thermal expansion

The thermal expansion of the crystalline phase of PET is anisotropic due to the triclinic lattice struc-
ture of the PET unit cell, [25]. Thermal expansion coefficients of the crystalline phase, obtained by
molecular modelling, were taken from [25] (parameters are listed in appendix 5.B). Thermal ex-
pansion of the non-crystalline phase was assumed to be isotropic, i.e. characterised by only one
parameter αa = 7 · 10−5K−1. A comparison of the CTE at various crystallinities obtained using
the composite inclusion model (with an isotropic distribution of the layered domains) and mea-
sured CTEs is shown in figure 5.9. Themicromechanical model qualitatively predicts the evolution
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Figure 5.9: Dependence of macroscopic CTE of isotropic PET on crystallinity.
Both experimental data (symbols) andmodel prediction (line) are shown. The error
bar indicates a 95% confidence interval, where experimental scatter results from 4
measurements.

of the effective CTE of the isotropic material, although there is some quantitative deviation. For
the isotropic material, the dependence of CTE on crystallinity is influenced by both the elastic and
thermal properties of the phases. Elastic and thermal properties of the crystalline phase are ob-
tained frommolecular modelling and for the non-crystalline phase they are assumed to be isotropic
and based on measurements on amorphous PET. Hence, the simulation is performed without any
fitting parameters. In chapter 4, it was already shown that parameters of unconstrained and con-
strained amorphous material differ, with the latter being anisotropic. In the model, anisotropic
yielding was included by including the internal stresses. However, the elastic and thermal expan-
sion properties are still isotropic. Deviations of the model from experimental data is therefore at-
tributed to the anisotropy of the elastic and thermal properties of the non-crystalline phase, for
which no experimental data is available.

A comparison of the model prediction of the CTE and the measurements for oriented film is
shown in table 5.2. The PET crystal has a negative CTE in the chain direction, i.e. the crystalline
phase is contracting with increasing temperature in chain direction. Previous measurements show
that MD is the dominant direction of the molecular chains in the crystalline domains of this PET
film (see previous chapter). Therefore, for a high crystallinity of 50%, it is expected that the CTE
in TD is higher than inMD,which is also predicted by themodel but not observed experimentally.
Furthermore, in [131], the mechanical behaviour as well as thermal behaviour of biaxially oriented
PET film were measured and it was found that the direction corresponding to the largest harden-
ing modulus demonstrated the lowest linear thermal expansion. For the PET film studied here,
TD corresponds to the largest hardening modulus and the CTE in TD has the lowest value. For
uniaxially oriented films, modelling concepts based on a combination of crystalline and amorphous
phases and tie molecules give a reasonable prediction of linear expansion [132], whereby the CTE in
drawing direction decreases with draw ratio and the CTEnormal to the drawing direction increases
with draw ratio. This result also corresponds to the behaviour of the composite inclusion model
studied here, where the lower CTE inMD is a result of the dominant chain orientation inMD.The
deviation observed here is most likely due to anisotropy of the non-crystalline phase, in particular,
an anisotropic CTE and elastic properties, resulting from the biaxial drawing process.
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Table 5.2: Macroscopic CTE belowTg of oriented PET film in different directions.

direction TD MD
measurement

[

10−5K
]

2.2 4.3
model

[

10−5K
]

5.4 3.0

Figure 5.10: Dependence of strain on temperature during heating with a heating
rate of 1 ◦C/min (a) and evolution of strain with time during annealing (b). Com-
parison ofmodel results (solid lines) andmeasurements (symbols) forMD and TD.

5.5.2 Simulation of dimensional stability of oriented film

A comparison of simulation results and measurements for the case when both reversible and irre-
versible processes contribute to strain during thermal loading is shown in figure 5.10, which is split
into two parts: “heating” and “annealing”. The model qualitatively predicts the experimentally
observed behaviour in the entire temperature range, whereby the deformation rates are even quan-
titatively captured in the region up to 160 ◦C. The fast change in deformation rate after∼160 ◦C
in the simulated results is due to stress relaxation in the first viscoelastic hardening mode, whereby
only the secondmode remains active. Amore smooth transition, as observed in the experiment, can
be achieved with a larger number of viscoelastic hardening modes with different pre-deformation
ratios and different relaxation times. Both viscoelastic hardening modes are active at low tempera-
tures. Therefore the film demonstrates shrinkage in MD and expansion in TD, i.e. corresponding
to a uniaxial internal stress state. After relaxation of the first mode, the remaining biaxial inter-
nal stress state leads to shrinkage deformation in both directions, resulting in both MD and TD
deformations below −1%. The exact mechanism of transformation of the internal stress state is
discussed in section 5.5.4. Due to a limited amount of viscoelastic modes (relaxation times), no sub-
sequent deformation is observed during annealing at high temperatures. All modes already passed
the relaxation process, which is not the case at lower temperatures, see figure 5.11.

The second case is fast heating with subsequent cooling. A comparison of simulation results
and experimental data is shown in figure 5.12. As in the experiments, the line corresponding to the
modelling results is based on strain values taken at t = te from simulations with an imposed tem-
perature profile as in figure 5.1, with varying holding time (figure 5.12a) and varying temperature
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Figure 5.11: Dependence of strain on timeduring annealing in case of heating from
60 ◦C to110 ◦C,150 ◦C and170 ◦Cwith aheating rateof5 ◦C/min. Comparison
of model results (solid lines) and measurements (symbols) for MD and TD.

Figure 5.12: Dependence of residual strain on annealing time at 170 ◦C (a) and on
annealing temperature for an annealing time of 103 s (b) for the fast heating rate.
Comparison of the model results (solid lines) and the measurements (symbols) for
MD and TD.

(figure 5.12b) and heating and cooling rates of Ṫ = 17 ◦C/s. The model qualitatively predicts
the behaviour of the PET film. For an annealing temperature of 170 ◦C, the model demonstrates
fast deformation, reaching equilibrium faster than 104 s. In figure 5.12b, qualitative deviations are
observed at temperatures above T = 170 ◦C, where in the model, the internal biaxial stress state
changes rapidly to a uniaxial stress state and thematerial starts to expand inMD.This can be reme-
died by using more relaxation modes. In the temperature regime corresponding to the application
conditions (for flexible electronics manufacturing), up to 170 ◦C, the absolute deviation between
the predicted and experimentally determined strain does not exceed 3.5 · 10−3.

5.5.3 Simulation of the long-term response

As indicated in the introduction, the long-term behaviour of the material considered here was al-
ready predicted with the composite inclusion model in previous chapter. In the present chapter,
an extension is made to the model, such that the pre-deformation (internal stress) of the non-
crystalline phase in now modelled with two separate modes, describing the behaviour of the PET
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Figure 5.13: Dependence of the creep compliance of oriented PET on time for
different loading directions. Comparison of simulations (lines) with measurements
(symbols). Measurements are master curves constructed for 50 ◦C, taken from
chapter 4. The case when two pre-deformation modes are used (solid lines) is com-
pared to the case when one pre-deformationmode is used (dashed lines), results cor-
responding to the latter case taken from chapter 4.

film at high temperatures. A simulation of the same creep conditions as in previous chapterwith the
extended model is shown in figure 5.13. As observed in the figure, the creep prediction of themodel
at 50 ◦C and a stress of 5MPa is not affected by themodel extension, i.e. at lower temperatures the
non-crystalline phase of the film demonstrates a uniaxial pre-deformation state (tensile state of the
molecular network inMD). The deviation above 109 s is a result of the asynchronous relaxation in
the hardening viscoplastic elements due to a difference in themagnitude of the stress to which these
elements are subjected. This deviation does not influence the applicability of the model.

5.5.4 Local deformations

Deformation processes in separate phases of the material are characterised with inclusion-averaged
equivalent plastic shear rates of individual slip systems and of the non-crystalline phase:

〈γ̇α〉 = 1

N I

N I

∑

k=1

∣

∣γ̇αk
∣

∣ ; 〈γ̇a〉 = 1

N I

N I

∑

k=1

γ̇akp , γ̇akp =
√

2Da
p1

: Da
p1
, (5.10)

which are shown in figure 5.14 for the case of slow heating (corresponding to the model results
shown in figure 5.10). In contrast to the behaviour at low temperatures, at high temperatures, the
(100)[010] transverse slip system is the most active slip system with a higher plastic deformation
rate than in the non-crystalline phase. The simulations show that the slip activity of this particular
system mainly determines the residual macroscopic strain.

As discussed in section 5.4.1, the stress of the non-crystalline phase is split into two contribu-
tions: the intermolecular interactions and the molecular network. The latter is modelled with
two viscoplastic hardening modes with different pre-deformation, representing two different de-
formation modes. Mode 1 is pre-stretched in TD and mode 2 is pre-stretched in MD. To quan-
tify plastic deformation in the modes, associated with relaxation of the molecular network F a

prj
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Figure 5.14: Evolution of inclusion-averaged plastic deformation rates on crys-
talline slip systems and the equivalent plastic deformation rate of the non-crystalline
phase. Note that themaximum temperature is reached at t = th, i.e. the conditions
(heating rate and annealing temperature) are the same as for results shown in figure
5.10.

(see figure 5.6d), the components of the inclusion-averaged plastic deformation gradient tensors are
compared in figure 5.15a. It can be observed that one of the processes is slower and has lower accu-
mulated plastic deformation. The amount of plastic deformation is influenced by the amount of
pre-deformation.

The internal stress state of themolecular network of the non-crystalline phase is shown in figure
5.15b. The difference between MD and TD components of the volume-averaged tensor σa

r , split
into the contributions of two modes, is shown. Mode 1 is initially in a tensile state in TD and in
a compressive state in MD, i.e. the in-plane stress state is close to uniaxial. Mode 2 provides an
opposite initial stress state with a higher magnitude of stress. As observed in figure 5.15b, the speed
of stress relaxation of these modes is different. Therefore the total internal stress is transformed
during relaxation from a state which is close to uniaxial (a positive MD stress component and a
negative TD component) to a state which is close to biaxial (both MD and TD components are
positive and approximately equal).

The deformation of the non-crystalline phase within the layered domain is strongly depen-
dent on the orientation of the interface. The components of the deformation gradient tensor of
the non-crystalline phase F a corresponding to the principal directions of the film depending on
the orientation of the layered domains are shown in figure 5.16 (the corresponding macroscopic re-
sponse is shown in figure 5.10). The selected temperatures correspond to moments when constant-
rate thermal deformation is observed (T = 90 ◦C), a change from expansion to shrinkage for TD
(T = 160 ◦C) and the end of the heating stage (T = 190 ◦C). Upon heating, the non-crystalline
phase is contracting inMDand expanding inTD for domainswith an interface normal oriented to-
wards MD. The opposite effect is observed for domains, for which the interface normal is oriented
towards TD. It was found that the molecular network stress hardly depends on the orientation of
the layered domain. The maximum value of the variation in stress tensor components was found
to be 0.35MPa; for a comparison see figure 5.15b.

The effect of the heating rate on the equivalent plastic deformation of the non-crystalline phase
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Figure 5.15: Evolution ofTD andMDcomponents of the inclusion-averaged plas-
tic deformation gradient tensors in viscoelastic elements associated with themolecu-
lar network of the non-crystalline phase, showing internal relaxation (a). Evolution
of the difference between MD and TD components of the stress tensor associated
with the molecular network of the non-crystalline phase (b). Note that the maxi-
mum temperature is reached at t = th, i.e. the conditions (heating rate and anneal-
ing temperature) are the same as for the the results shown in figure 5.10.

Figure 5.16: Equal area projection pole figures showing the initial normals to the
interface between phases (~nI) for orientedmaterial. Themagnitude of TD andMD
components of the deformation gradient tensors of the non-crystalline phase of lay-
ered domains is shown in colour. Heating up to 190 ◦C is simulated with a heating
rate of 1 ◦C/min, results corresponding to two intermediate and final temperatures
are shown.
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Figure 5.17: Influence of heating rate on the inclusion-averaged equivalent plastic
deformations in elasto-viscoplastic elements associated with the molecular network
of the non-crystalline phase (a) and on the volume-averaged stress in the crystalline
phase (b). In (b) the evolution of TD andMD tensor components is shown.

as defined in equation (5.10) is shown in figure 5.17a. The relative change in plastic deformation
∆γap (t) = γap (t) − γap (0) is shown. Note that in case of slow heating, the magnitude of plas-
tic deformation is lower, i.e. the amount of stress relaxation increases with decreasing heating rate.
It was found that components of the volume-averaged stress tensor of the crystalline phase corre-
sponding to TD and MD in the case of slow heating are qualitatively different than those for fast
heating, see figure 5.17b. The absolute value of the stress is slightly higher for the slowheating and is
qualitatively different for MD, where it is compressive during fast heating and tensile during slow
heating. When thermal expansion for both phases is disabled in themodel (results not shownhere),
the stress in the crystalline phase is similar for both heating rates, i.e. the TD component increases
and theMD component decreases during the initial part of the heating. The initial qualitative dif-
ference forMD is due to the hydrostatic pressure resulting fromadifferent thermal expansion of the
phases. The compressive stresses in TD and tensile stresses inMD in the crystalline phase originate
from the relaxation of the stress associated with the molecular network, see figure 5.15b.

5.6 Conclusions

In this chapter, mechanisms of reversible and irreversible thermal deformation of a polymer film
produced by biaxial stretching, have been investigated both experimentally and numerically using a
micromechanical modelling approach taking into account the microstructure and different phases
of the material. The investigated thermo-mechanical effects can be classified as shape memory ef-
fects, since the material is partially returning to its initial state prior to biaxial drawing. The mea-
sured thermo-mechanical film behaviour during heating was anisotropic with a qualitative change
in thermal deformation around 160 ◦C, after which significant thermal shrinkage is observed for
both directions, while at lower temperatures thermal shrinkage is observed only for one of the prin-
cipal directions of the film. Previous modelling work indicated the necessity of taking into account
the internal stress state of thenon-crystalline phase formicromechanicalmodelling of the long-term
response. In this chapter, the internal stress state is described by two deformation processes, each
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with its own internal stress state and thermal activation energy. At low temperatures, both processes
act as one process as modelled in chapter 4, such that the molecular network is in a tensile state in
MD and in a compressive state in TD.With such an internal stress state of the material, the model
quantitatively predicts the measured creep behaviour. At higher temperatures, due to a difference
of activation energies, the influence of the processes is disparate.

The two separate modes have pre-stretches in MD and TD and are activated at different tem-
peratures. During biaxial drawing of PET film,molecules acquiremainly two types of orientations,
in MD and in TD [107, 108, 111]. Thus pre-stretches of the viscoelastic hardening modes can be
linked to deformations of the film, which occur in MD and TD drawing steps. Shrinkage in MD
is observed at lower temperatures, which indicates that molecules that are oriented in MD are me-
chanically less constrained than ones oriented in TD. The difference of these sets of orientations
was also confirmed by WAXD (see chapter 4), where mostly crystals with MD chain orientations
were detected, which suggests that molecules with TD orientation do not have perfect crystalline
symmetry and thus can be classified as oriented non-crystalline phase.

Aqualitativemismatch between the experimentally and numerically obtained coefficient of lin-
ear thermal expansion was observed for oriented material. Due to the dominant chain orientation
in MD, the CTE value in MD is expected to be lower than in TD, which was not experimentally
observed for this material. An explanation for the mismatch may be the anisotropy of the non-
crystalline phase, which influences the macroscopic behaviour. This means that a negative thermal
expansion in TDof the non-crystalline phase (as for the chain direction of crystalline phase) should
be taken into account to explain macroscopic thermal expansion of the film. For an isotropic ma-
terial, the measured decrease of CTE with increasing crystallinity was adequately predicted by the
micromechanical model. There is a small influence of the mismatch of the CTE prediction of the
oriented film on the simulation of thermal deformation during heating, i.e. figures 5.10 and 5.11,
where simultaneously reversible and irreversible effects are observed. For example at 150 ◦C, with
an accurate prediction of the CTE, the difference between model and experiment would have been
larger in MD by an absolute value of strain of 1.2 · 10−3 and smaller in TD by an absolute value
of strain of 2.9 · 10−3, whereas the experimental scatter of the absolute value of strain is up to
2.5 · 10−3. Therefore, it can be concluded that simulation of the combined effect of reversible and
irreversible thermal deformation is not qualitatively affected by the mismatch in CTE prediction,
since the contribution of the irreversible deformation to the total strain is higher.

It was found that at the microscopic scale, the deformation mechanisms do not significantly
depend on the orientation of the interface during heating up to 160 ◦C. The heating rate signif-
icantly influences not only the macroscopic behaviour but also the stress distribution at the local
scale. During slow heating, the crystalline phase is subjected to a slightly higher equivalent stress
than during fast heating, with a qualitative change in theMD component of the average crystalline
stress tensor from compressive to tensile.

5.A Appendix: constitutive behaviour of non-crystalline

phase

In this section, the equations representing the constitutive behaviour of the non-crystalline phase
are summarised. For each mode i = 1, Na, a multiplicative decomposition of the deformation
gradient tensor is used (the plastic deformation is taken spin-free): F a = F

a
e i

· F a
t · F a

pi
. The

Cauchy stress tensor is split into a driving stress, which, in turn, is split into a hydrostatic part and
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a deviatoric part and a hardening stress:

σ
a = σ

a
s
h + σ

a
s
d + σ

a
r . (A1)

The driving stress represents the contribution of the intermolecular interactions and is modelled
withNa viscoplastic modes, whereas the hardening stress represents the molecular network mod-
elled withN r viscoplastic modes:
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d
, (A2)

with Ka being the bulk modulus, Ga
i the shear moduli, Grj the hardening moduli and N r the

number of viscoelastic hardeningmodes. The isochoric elastic Finger tensor of mode i is calculated
as:

B̃
a
e i

= Ja
e i

−
2

3F
a
e i
· F a

e i

T. (A3)

The elastic deformation gradient tensors of themodes corresponding to themolecular network, are
determined from the following multiplicative decomposition:

F
a = F

a
erj

· F a
t · F a

prj
· F a

dj

−1, j = 1, N r, (A4)

whereF a
dj

is a deformationgradient tensor determining the initial pre-deformationof thenetwork,

such that det
(

F
a
dj

)

= 1. In this work the following form is adopted:

F
a
dj

= λTDj~e1~e1 + λMDj~e2~e2 +
1

λTDjλMDj

~e3~e3, (A5)

where ~e2 corresponds to MD. The isochoric elastic Finger tensor of mode j, B̃a
erj

, is calculated in

a similar way as in equation (A3). The evolution of thermal expansion is according to:

L
c
t = Ḟ

c
t · F c

t
−1 = αaṪI, (A6)

where αa is the scalar isotropic thermal expansion coefficient.
The viscoplastic behaviour is defined by the plastic part of the deformation rate:
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The viscosities ηi for i = 1, Na in equation (A7) depend on the equivalent deviatoric driving stress
τ , temperature T , pressure pa, and thermodynamic state S, which here is taken to be 0:

ηi = η0i exp

(

∆U

R

(

1

T
− 1

Tr

))

τ/τ0
sinh (τ/τ0)

exp

(

µpa

τ0

)

exp (S) , i = 1, Na; (A8)
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√

1

2
σa

s
d : σa

s
d; τ0 =

kT

V ∗
, (A9)
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Table 5.3: Components of the stiffness matrix and thermal expansion tensor of the
PET crystal at 300K, from [25].

parameter Cc
11 Cc

22 Cc
33 Cc

44 Cc
55 Cc

66 Cc
12 Cc

13 Cc
23

value [GPa] 14.4 17.3 178.0 6.6 1.4 1.2 6.4 3.4 9.5

parameter Cc
14 Cc

24 Cc
34 Cc

15 Cc
25 Cc

35 Cc
45

value [GPa] −2.2 3.3 3.8 −0.3 −0.5 −0.7 0.2

parameter Cc
16 Cc

26 Cc
36 Cc

46 Cc
56

value [GPa] −1.8 0.5 −1.8 −0.4 0.0

parameter αc
11 αc

22 αc
33 2αc

23 2αc
13 2αc

12

value [10−5K−1] 11.4 4.12 −1.07 4.5 −1.38 5.05

Table 5.4: Reference shear rates at different temperatures for the PET crystal.

slip system (100)[001] (010)[001] (100)[010]
ξα at 295K [s−1] 10−16 10−80 10−30

ξα at 463K [s−1] 8 · 10−6 7 · 10−7 2 · 10−2

whereR is the universal gas constant,∆U the activation energy, Tr a reference temperature,σa
s
d is

the overall deviatoric driving stress, k is the Boltzmann constant andV ∗ the activation volume. The
plastic part of the deformation rate corresponding to the molecular network, Da

prj
, is calculated

in a similar way as in equation (A7). The viscosities ηrj for hardening modes are only temperature
dependent:

ηrj = η0rj exp

(

∆U rj

R

(

1

T
− 1

Tr

))

, j = 1, N r. (A10)

5.B Appendix: model parameters

The stiffness matrix of the PET crystal is temperature dependent. In themodel, values interpolated
at a particular temperature are used [25]. Here only values at ambient temperature (300K) are listed
in table 5.3, where the Voigt notation (11, 22, 33, 23, 31, 12) is used (the coordinate system
~i1~i2~i3 is coupled to the crystal, see [25]). Parameters for the viscoplastic deformation for the crys-
talline phase are listed in table 5.4. For all slip systems, the reference shear stress is τα0 = 1.1MPa.

For the non-crystalline phase, values of the parameters can be found in table 5.5. Relaxation
times for the rejuvenated state are listed instead of viscosities τ = η/Ga, where the symbol τ is used
for the relaxation time of the mode and not for the equivalent stress as in the model description.
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Table 5.5: Model parameters for PET, non-crystalline phase.

parameter ∆U [kJ/mol] V ∗ [nm3] αa [K−1] Tr [K] Ka [MPa] µ [−]
value 230 3.24 7 · 10−5 323 1800 0.048

parameter τ1 τ2 τ3 τ4 τ5 τ6 τ7 τ8 τ9 τ10
value [s] 1012 1011 1010 109 108 107 106 105 104 103

parameter Ga
1 Ga

2 Ga
3 Ga

4 Ga
5 Ga

6 Ga
7 Ga

8 Ga
9 Ga

10

value [MPa] 8 13 12 16 50 53 102 257 274 28

parameter λTD1 [−] λMD1 [−] λTD2 [−] λMD2 [−] τr1 [s] Gr1 [MPa]
value 1.37 0.93 0.39 1.74 1013 2.35

parameter ∆U r1 [kJ/mol] ∆U r2 [kJ/mol] τr2 [s] Gr2 [MPa]
value 225 245 1013 2.35



6 Oriented PET film under complex loading

conditions

Abstract: In this chapter, the ability of the composite inclusionmodel [73,74,81,83]
to predict the thermo-mechanical behaviour of oriented polyethylene terephthalate
film subjected to complex loading conditions is investigated. The studied cases rep-
resent industrially-relevant lithographic processing conditions (for polymer films
that are used as substrates for flexible electronics). Anisotropic viscoplastic defor-
mation of the film resulting from both creep loading (with varying imposed levels
of stress) and heating is measured and simulated. Previously, the micromechanical
model successfully predicted anisotropic creep at constant temperature (chapter 4)
and reversible and irreversible thermal deformations at stress-free conditions (chap-
ter 5). Here, the combination of these effects is studied. The influence of heating
frombelow to above the glass transition temperature duringmechanical loading and
prior to loading, as well as the film behaviour during cyclic loading are investigated.

6.1 Introduction

The production of flexible electronics requires dimensionally highly stable polymer substrates with
a predictablemechanical response. Themost commonlyusedmaterials are semicrystalline, oriented
and thermally stabilised polyethylene terephthalate (PET) and polyethylene naphthalate (PEN)
films [2, 5]. The goal of this work is to analyse the response of such a substrate material when sub-
jected to industrially-relevant conditions, including heating frombelow to above the glass transition
temperature and step-like loading and unloading.

In chapter 4, the anisotropic creep behaviour of an oriented PET film was modelled using a
micromechanical model referred to as the composite inclusion model [73, 74, 83]. In chapter 5, re-
versible and irreversible thermal deformations at stress-free conditions resulting from heating of an
orientedPET film to above the glass transition temperaturewere predicted using thismicromechan-
ical model. In this chapter, a combination of these effects is investigated, i.e. creep and unloading
above glass transition during and after heating of the polymer.

First, the influence of the variation of the creep stress on the material behaviour above Tg is
studied. In the second case, a variation in temperature (heating from below Tg to above) is added.
Additionally, the effect of creep during heating is studied separately. Finally, the behaviour of the
material under cyclic loading is analysed.
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6.2 Methods

6.2.1 Experimental

Thermally stabilised oriented PET film, manufactured by DuPont Teijin Films, was provided for
the experimental analysis. The film was produced by sequential biaxial stretching with draw ratios
λ = 3.0–3.5 in machine direction (MD) and transverse direction (TD), an average thickness of
125µm, a width of 90 cm and an approximate crystallinity of 50%. The glass transition tempera-
ture of this material is Tg ≈ 70 ◦C.

Strainmeasurements at varying temperatures were performed under uniaxial tensile stress-con-
trolled conditions using a Zwick Z010 universal tensile tester equippedwith a video extensometer, a
temperature controlled chamber and a1 kN force cell. Sampleswere shaped according to ISO527-2,
type 1BA. Specific stress and temperature profiles were imposed. The heating was performed with
a constant heating rate of 5 ◦C/min. The highest imposed stress was 5MPa. In the case of cyclic
loading, the lowest imposed stress was 0.16MPa, which is necessary to keep the sample straight
while not leading to any noticeable creep effects at high temperatures. Prior to testing, the samples
were dried in a temperature controlled chamber at 50 ◦C for 60min to prevent interference of hy-
groscopic expansion with the measurements. The experimentally obtained engineering strain was
converted to true strain.

6.2.2 Modelling

Thematerial behaviour is modelled as the behaviour of an aggregate of layered domains, consisting
of two phases: crystalline and amorphous. A detailed model description can be found in chapter 3,
section 3.A. Themacroscopic scale corresponds to a material point, where the Cauchy stress tensor

σ
M and the deformation gradient tensorFM are volume averaged quantities of the aggregate. Each

phase in a domain is described with its own constitutive law and has homogeneous stress and de-
formation fields. Compatibility and equilibrium conditions are enforced at the interface between

the phases. The average stress tensor σI and deformation gradient tensor F I of each layered do-
main are obtained by volume averaging. The domains are coupled using a mean-field interaction
law [74, 83]: the components of the inclusion-averaged stress and deformation gradient tensors
that are not constrained by intra-inclusion equilibrium and compatibility conditions, are equal to

their corresponding macroscopic quantities. Macroscopic quantities FM andσM are obtained by

volume averaging the inclusion-averaged quantities σI andF I.
The glassy polymer model by Govaert et al. [41, 42] is used for the non-crystalline phase (for

details see chapter 3, sections 3.3, 3.A and chapter 5, section 5.A). It consists of a combination of
viscoelastic Maxwell elements with neo-Hookean-like elasticity and non-linear viscosity, which is
temperature and stress dependent. The stress dependency of the viscosity is described using an
Eyring flow model and the temperature dependency is captured using an Arrhenius law. Thermal
expansion is taken into account in the model. An internal pre-stress in the elastic elements describ-
ing the molecular network was included, thus introducing anisotropic yielding of the viscoplastic
elements with isotropic behaviour in the elastic regime. The hardening modes also contain viscous
elements, for which two modes with different activation energies and different pre-deformations
are used.

The crystalline phase is modelled with crystal viscoplasticity [98], where the deformation is
decomposed into elastic and viscoplastic parts in addition to the thermal expansion. The elastic
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Figure 6.1: Dependence of the applied creep stress on time imposed in simulations
and experiments.

behaviour of the crystalline phase is anisotropic. The viscoplastic deformation is a superposition
of shear deformations on a limited number of crystallographic slip systems with an Eyring flow
equation relating shear rate and resolved shear stress and an Arrhenius law relating shear rate and
temperature [81]. The model parameters, used here are taken from chapter 5.

6.3 Results

6.3.1 Creep and unloading at constant temperature

The first case considered is uniaxial creep under stress with a step-like drop. The dependence of
the applied creep stress on time is shown in figure 6.1. The creep stress of 5MPa is maintained for
220 s and is reduced afterwards to 4, 3 or 1MPa. A constant temperature of 90 ◦C, which is above
Tg, is maintained. Each sample is held at the test temperature for approximately 3minutes before
loading.

The simulated film behaviour qualitativelymatches themeasured behaviour, as shown in figure
6.2. In the case of MD loading, the strain increases further when the stress is reduced to 4MPa,
whereas it stays relatively constant when the stress is changed to 3MPa or decreases when the stress
is lowered to 1MPa. The constant strain in the case of a reduction to 3MPa, is a result of a balance
between the applied creep stress and the internal stress, which originates from the biaxial drawing
of the film andwhich contributes to the deformation of the film above the glass transition tempera-
ture. After the instantaneous drop due to the stress reduction, the strain becomes negative because
of this shrinkage stress. For MD, also large shrinkage was observed under stress-free conditions,
see chapter 4. In the case of TD loading, irreversible deformation above Tg is positive for this film
(see chapter 5). Therefore, for the creep conditions imposed here, in the case of TD loading, only
increasing or constant strain is observed, even for a stress reduction to 1MPa.

6.3.2 Creep and unloading with heating above glass transition

In the second case considered, the creep stress of 5MPa is maintained for 1220 s and subsequently
reduced to 4, 3 or 1MPa. During the first stage of creep, after 240 s, the temperature is changed
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Figure 6.2: Dependence of strain on time in MD (a) and TD (b) under a creep
stress of 5MPa and subsequent unloading to 4MPa, 3MPa and 1MPa at 90 ◦C;
comparison of simulations (lines) and experiments (symbols). Each experimental
curve corresponds to a single experiment.

Figure 6.3: Dependence of the applied creep stress on time (a) and dependence of
temperature on time (b) as imposed in the simulations and experiments.

from 50 ◦C to 90 ◦Cwith a rate of 5 ◦C/min, see figure 6.3.
In this case, the simulated behaviour also qualitatively matches the experimentally measured

behaviour, as shown in figure 6.4. Themodel significantly overestimates the strain after unloading
in TD to 1MPa. In chapter 5, it was observed that the proposed model overestimates the coeffi-
cient of thermal expansion (CTE) in TD for this film, which here leads to an overestimation of the
strain in the case of TD loading after heating. The deviation due to the thermal expansion appears
during the first creep stage (creep stress of 5MPa). The strain drop and subsequent deformation
are predicted more accurately if this deviation in the thermal expansion is reduced, for example, by
introducing anisotropic thermal expansion of the non-crystalline phase in the model.
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Figure 6.4: Dependence of strain on time in MD (a) and TD (b) under a creep
stress of 5MPa and subsequent unloading to 4MPa, 3MPa and 1MPa; com-
parison of simulations (lines) and experiments (symbols). Each experimental curve
corresponds to a single experiment. During the first stage (creep stress of 5MPa),
the material is heated from 50 ◦C to 90 ◦Cwith a rate of 5 ◦C/min.

Figure 6.5: Dependence of the imposed temperature on time (a) and dependence
of the strain on time in MD (b), five measurements are shown. A constant stress of
5MPa is maintained. The change in strain,∆ε, with respect to the onset of heating
(t∗ = 3600 s) is shown.

6.3.3 Creep and unloading, longer creep stage

In the third case, the creep stress of 5MPa is maintained for 7200 s and subsequently reduced to
4, 3 or 1MPa. During the first stage of creep, after 3600 s, the temperature is changed from 50 ◦C
to 90 ◦Cwith an approximate rate of 14 ◦C/min (the temperature profile is shown in figure 6.5a).
Here, a relatively large variation of thermal expansion was observed between measurements per-
formed at identical conditions, as shown in figure 6.5. This is attributed to the intrinsic inhomo-
geneity of orientation of the amorphous phase. Since the experimental spread mostly results from
heating of the film, only the region after heating is considered for comparisonwith the simulations.

Thequantitative prediction of the strain drop and subsequent deformation is similar to the case
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Figure 6.6: Dependence of the strain on time in MD (a) and TD (b) after unload-
ing from 5MPa to 4MPa, 3MPa and 1MPa at 90 ◦C; comparison of simula-
tions (lines) and experiments (symbols). Each experimental curve corresponds to a
single experiment. The change in strain,∆ε, with respect to the point when stress
is changed (ts = 7200 s) is shown.

of short loading, see figure 6.6. In the case ofMD loading, after unloading, the creep rate prediction
adequately matches the measurements. However, in the case of TD loading, an overestimation of
the creep rate is observed.

6.3.4 Creep during heating

In addition to theprevious case, thematerial behaviour during heating in a larger temperature range
is investigated. In chapter 5, the film behaviour during heating under stress-free conditions was
analysed. Here, the material is heated from 35 ◦C to 155 ◦C with an applied stress of 1.5MPa or
5MPa.

As observed in figure 6.7, the rate of deformation (i.e. the slope on the figure) resulting from
creep, and reversible and irreversible thermal deformations, is relatively well predicted by themodel
in the case of TD loading and somewhat overestimated in the case of MD loading. Overall, the
results match qualitatively, although some quantitative mismatches persist. Similar to stress-free
heating, the strain predicted by the model is higher than the measured strain. In the case of 5MPa
loading, above 110 ◦C, the strain exceeds 1%, which is relatively large for the industrial application
of interest, since the material is not used under such conditions.

6.3.5 Cyclic loading a�er heating

In the case of cyclic loading, the material is heated from 50 ◦C to 110 ◦C under stress-free con-
ditions and after 10min of annealing, 5 cycles of 10min loading at 5MPa (with intermediate
unloading) are imposed. The stress and temperature profiles are shown in figures 6.8ab.

As seen in figures 6.8cd, the micromechanical model overestimates the strain during heating.
From the experimental and numerical results it can be seen that the strain profile during each of the
loading cycles is approximately the same. In terms of model prediction, the creep rate is adequately
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Figure 6.7: Dependence of strain on temperature in MD and TD during heating
with an imposed heating rate of 5 ◦C/min in the case of an applied creep stress of
1.5MPa or 5MPa; comparison of simulations (lines) and experiments (symbols).
Each experimental curve corresponds to a single experiment.

simulated, however the elastic contribution of strain is onlywell predicted forMDwith a systematic
underestimation in TD.

6.4 Conclusions

In this chapter, a comparison of the thermomechanical behaviour of the oriented PET film under
complex loading conditions obtained experimentally and computationally using themicromechan-
ical composite inclusion model was performed. This comparison demonstrates that the two-phase
micromechanical model gives a qualitative agreement with the experiment when the film is sub-
jected to creep conditions, including step-like stress changes (film unloading), both below the glass
transition temperature and above. The quantitative prediction of the anisotropic film behaviour
was made possible through the incorporation of the internal stress state of the amorphous phase
(see chapter 4).

The largest deviations of simulated and measured behaviour are observed during the heating
stage, where in the case of MD loading the match between the experiments and the model is no-
ticeably better than for TD loading. The main cause of this deviation is the difference between
the measurements and predictions of the thermal expansion coefficients of the film (see chapter 5).
The model prediction of the CTE in MD is lower than in TD, whereas the opposite is observed
experimentally. This was attributed to the oriented non-crystalline phase, which was modelled as
an isotropic material with isotropic thermal expansion, whereas the addition of an anisotropic pre-
stress state did lead to an anisotropic yield response. Overall, the simulated thermo-mechanical
behaviour at least qualitatively matches the measured behaviour.

An advantage of the discussedmicromechanicalmodel lies in its ability to predict the behaviour
of polymer filmswith various internalmolecular orientations, assuming these orientations aremea-
sured beforehand and the behaviour of the constituent phases is properly characterised. Although
the model is micromechanically-based, there are still some empirical parameters, such as the pre-
deformation ratios, which should be determined from experimental data. The number of these
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Figure 6.8: Dependence of the applied creep stress on time (a) and dependence of
temperature on time (b) imposed in the simulations and experiments. Dependence
of strain on time in MD (c) and TD (d); comparison of simulations (lines) and ex-
periments (symbols). Each experimental curve corresponds to a single experiment.

parameters is relatively small, so the proposed approach can be used to efficiently predict the be-
haviour of films with various molecular orientations.
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7.1 Conclusions

In this thesis, a micromechanical model for the thermo-mechanical behaviour of oriented semicrys-
talline polyethylene terephthalatewas developed. To establish a structure-property relationship and
to investigate microstructural deformation mechanisms of the material, a multi-scale mean-field
modelling approach was used.

A comparison of the selected micromechanical approach with multi-scale full-field simulations
of a spherulitic (isotropic)materialmicrostructurewith elastic behavior revealed that themean-field
model is valid from a macroscopic point of view as well as from a micromechanical perspective.
The predicted elastic material properties and microscopic deformation mechanisms obtained by
both models qualitatively and quantitatively matched. It was demonstrated that the two-phase
composite inclusion model is also able to adequately represent the behaviour of low crystalline (up
to 25% of crystallinity) polymers. The performance of this model for cases of moderate and high
crystallinity was investigated elsewhere (see [77, 83]).

In the full-field finite-element model, the geometrical properties of the crystalline phase of the
spherulitic structure (aspect ratios of the crystalline lamella) do not significantly influence the pre-
diction, and thus the applicability of the composite inclusion model for modelling isotropic struc-
tures. However it should bementioned that this was verified for PET only, for which the difference
in elastic properties of the phases is relatively small. This might not be the case, for example, for
HDPE.

After having established the applicability of the mean-field model for isotropic PET, appro-
priate constitutive laws were used for the amorphous and crystalline phases to simulate the large-
strain behaviour of PET under compression. Themicromechanical model accurately predicted the
increase of the yield stress with crystallinity, the dependence of the yield stress on strain rate and
temperature, and the stress-strain behaviour up to 70% of strain for low crystallinity. For high crys-
tallinity, a deviation of the model and experiment was observed above 25% of strain. The lower
hardening stress that is observed experimentally, is a consequence of the break-up of the crystalline
lamellae, an effect which is not included in the model. It was shown that the model is capable of
capturing the decrease of the creep ratewith an increase of the crystallinity. Itwas also demonstrated
that texture evolution of isotropic PET under compression obtained with the model qualitatively
corresponds with the experimentally observed texture evolution, despite the omitted effect of crys-
tal break-up at high strains. No influence of material ageing on texture evolution was predicted by
the model. To our knowledge this effect has not been investigated yet. At the microscopic scale,
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various deformation measures were analysed and it was observed that in case of short-term large-
strain deformation, the equivalent plastic deformation rate of the amorphous phase is higher than
the slip rate on any of the slip systems of the crystalline phase. In contrast, for long-term small-strain
deformation, the slip rate on the (100)[001] slip system is significantly higher than the equivalent
plastic deformation rate of the amorphous phase (see chapter 3).

Measurements on oriented film revealed a highly anisotropic nature of the material and sig-
nificant spacial variations (along the width) in the film. Due to the drawing process, the film is
homogeneous along the length direction. At the sides of the film (along the width) the principal
directions (corresponding to themaximum andminimum values of the elastic and hardeningmod-
uli) are rotated by a certain angle. Themechanical behaviour in these principal directions at the side
corresponded to the mechanical behaviour of the film in MD and TD in the centre.

After generating a set of inclusions with orientations matching the experimentally measured
orientations of (100) and (105̄)planes byWAXD, themicromechanicalmodel accuratelypredicted
the large-strain anisotropic response of the film with a quantitative description of the dependence
of the hardening modulus on the loading angle. A difference in activity of the slip systems for load-
ing in MD and TD was observed. When the long-term mechanical behaviour was predicted by
the model, a qualitative mismatch of simulations and measured behaviour appeared, which was
attributed to the presence of internal stress in the amorphous phase, resulting from the manufac-
turing process, influencing the yield behaviour of the amorphous phase, rendering it anisotropic.
After incorporation of a uniaxial pre-stress state of the amorphous phase, the model prediction
quantitatively captures the experiments. Hence, it can be concluded that the presence of an inter-
nal stress state of the amorphous phase is essential to simulate the long-term behaviour of oriented
polymers using a micromechanical model. The internal stress state depends on the drawing process
during production of the film and should be identified from experimental data, since it cannot be
measured directly.

Measurements of irreversible thermal deformation of the oriented PET film demonstrate a
strong dependence of irreversible deformation on heating rate, with smaller deformations for low
heating rates due to internal stress relaxation. At relatively low temperatures (slightly above Tg) the
biaxially oriented film demonstrates positive irreversible deformation (expansion) in TD and neg-
ative (shrinkage) in MD. This effect is also time-dependent with most of the deformation taking
place within 103–104 s. At high temperatures (above 160 ◦C), irreversible shrinkage is also active
in TD. A relatively large inhomogeneity (experimental spread) of the irreversible deformation was
observed.

Itwas established that, to simulate the irreversibledeformationusing themicromechanical com-
posite inclusionmodel, it is necessary to take into account internal stress relaxation of themolecular
network in the non-crystalline phase and a temperature dependence of crystallographic slip. Fur-
thermore, to simulate irreversible expansion and shrinkage in TD depending on temperature, it is
also necessary to use multiple hardening viscoplastic modes (modes associated with the molecular
network)with their ownpre-deformations and activation energies. Micromechanicalmodelling in-
corporating these effects showed a change of the internal stress state from uniaxial to biaxial at high
temperatures. Micromechanicalmodelling also confirmed a significant influence of the heating rate
on the internal stress state.
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7.2 Recommendations

Crystal break-up

As observed in chapter 3, the composite inclusion model highly overestimates the post-yield be-
haviour during compression of isotropic semicrystalline PET with a high crystallinity. Experimen-
tally, the increase of total stress during plastic flow of isotropic samples was not observed. Ad-
ditionally, there is experimental evidence of the break-up of the crystalline lamellae, which is not
taken into account in the model. Therefore the reason for overestimation of the hardening stress
by the composite inclusion model is the reinforcing effect of the crystalline phase. To remedy the
mismatch between model prediction and experimental data, the effect of crystal break-up can be
included in the composite inclusion model. Precise characterisation of this phenomenon requires
WAXD and SAXS experimental data during polymer deformation. Even without including the ef-
fect of crystal break-up, the composite inclusion model qualitatively predicts texture evolution for
HDPE [73, 83] and PET (see chapter 3) up to strains of 70%–100%, however after including this
effect, the composite inclusionmodel can also be useful to predict texture evolution during drawing
of oriented films and fibres up to large draw ratios. In this case, the phase transition effects, such
as strain-induced crystallisation, should be taken into account and the constitutive behaviour of
the non-crystalline phase should be further extended by including deformation resulting from the
phase transition (for example, in the case of macroscopic modelling of biaxial hot drawing of PET,
such effects were taken into account in [133]).

Stability of inclusions

In chapter 3, it was shown that in the case of large macroscopic deformations, some inclusions at
certain moments of time undergo significant plastic deformations at a relatively short time scale.
Such behaviour of the composite inclusion model was already observed previously [134]. This ap-
pears in figure 3.10 as large spikes in the dependence of plastic deformation rates on macroscopic
strain. These spikes do not affect the overall behaviour due to the large size of the set of inclusions.
During such deformation, the inclusion involved is significantly rotated, which is also noticeable in
the pole figures. Inclusions that only have a specific orientation and specific stress state are affected.
To further understand and remedy this phenomenon, the behaviour of a single inclusion subjected
to varying macroscopic loads should be investigated numerically.

Property evolution during creep

As mentioned in chapter 4, there is significant change in polymer properties with annealing above
Tg, which is revealed during creep loading of the film. In figure 7.1, it can be seen that with an-
nealing prior to creep, the shape of the creep curves changes. For annealed samples, the creep rate
increases with annealing time. A precise characterisation of the influence of thermal treatment of
semicrystalline oriented PET on creep was out of the scope of this thesis. To simulate this effect,
ageing kinetics (evolution of the parameter Sa) should be implemented.

Anisotropy of amorphous phase

As discussed in chapter 5, the state of the amorphous phase is anisotropic and somewhat com-
plicated for the case of biaxially oriented films. To clearly understand anisotropy of the amor-
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Figure 7.1: Influence of annealing time on the creep compliance for an applied
stress of 5MPa. Both annealing prior to testing and the creep loading were per-
formed at 90 ◦C. Comparison of MD and TD for the central part of the film.

phous phase and its influence on the thermo-mechanical behaviour, films with a uniaxial orienta-
tion should be studied. For uniaxially drawn films with different draw ratios, the molecular chains
in the amorphous phase should have only one preferential direction, and anisotropy of the phase
depending on the draw ratio can be obtained by parameter identification. For biaxially drawn films,
orientation of the amorphous phase can be characterised experimentally, for example, by using an
infrared dichroism. This will contribute to further understanding of anisotropy and orientation of
the amorphous phase.

Hygroscopic behaviour

In the case of PET, hygroscopic effects have only a minor contribution to macroscopic deforma-
tions with hygroscopic expansion coefficients being several times smaller than thermal expansion
coefficients [135]. However for other semicrystalline polymers, such as Nylon, moisture signifi-
cantly influences properties including the yield stress and the large-strain post-yield behaviour. For
these types of polymers, the composite inclusion model might be useful in establishing a structure-
property relationship at different humidity conditions. This requires an extension of the kinematics
of the amorphous and crystalline phase in a way analogous to the incorporation of the thermal ex-
pansion.

Slip behaviour from molecular simulation

As shown in chapters 3 and 4 (and also in previous work forHDPE, [80,81]), when the constitutive
behaviour of the slip systems is obtained by parameter identification, non-uniqueness of the solu-
tion prevents the exact determination of the parameters. In the case of oriented material, groups
of slip systems can be separated with different activity for different loading directions, which helps
in identifying parameters, although still some non-uniqueness persists. As an alternative, the pa-
rameters of the slip systems may be obtained from molecular simulation of crystallographic slip in
the crystalline phase. For example, in [136], plastic deformation of polyethylene was studied using
atomistic Monte Carlo and molecular dynamics simulations. Slip kinetics obtained at molecular
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level can later be used in the micromechanical continuummodels.

Validating inclusion interaction law for large strains

In this thesis, in chapter 2, the composite inclusion interaction law was validated for the elastic
isotropic material only. A similar validation using finite-element modelling can be performed for
the large-strain regime and for the oriented material.

Incorporation of the intermediate phase for oriented material

In [77], an extended inclusionmodel was suggested introducing a third phase. It was demonstrated
that incorporation of this phase is not necessary to simulate the behaviour of isotropic material.
However, when behaviour of the oriented material is simulated, the presence of the intermediate
phase might significantly influence the material behaviour. This could be investigated numerically.

Polymorphism

Some other semicrystalline polymers, such as PEN, which is also used as a substrate material for
flexible electronics, demonstrate an existence of different crystal forms. Such crystal forms have
different geometries, hence different elastic and thermal properties and more importantly different
behaviours of the slip systems, which are of the same type. To simulate the behaviour of these
materials, polymorphism should be taken into account.

Macroscopic modelling

As itwas discussed in chapter 5, theprecision of thedescription of the thermo-mechanical behaviour
of the film at high temperatures can be improvedby attributing individual pre-deformations to each
viscoelasticmode. Using themicromechanicalmodel, modified in such away, amacroscopic consti-
tutive thermo-elasto-viscoplastic model for oriented PET film can be developed. Suchmodel could
then be used in finite element software to simulate large areas of the film, which are inhomogeneous
and are subjected to inhomogeneous conditions. These simulations may be used to optimise pro-
cessing of the material and predict the film deformation with sufficient accuracy, as required by the
application.
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Samenva�ing

In flexibele elektronica worden conventionele substraatmaterialen zoals silicium vervangen door
polymere materialen, waardoor flexibiliteit geboden wordt en roll-to-roll productie mogelijk ge-
maakt wordt. Polymere films die gebruikt worden als substraat voor flexibele elektronica hebben
gewoonlijk een sterk georiënteerde semikristallijne microstructuur enmoeten voldoen aan een aan-
tal voorwaarden, zoals goede dimensionele stabiliteit, ook bij verhoogde temperaturen. Deze di-
mensionele stabiliteit is sterk afhankelijk van de interne macromoleculaire oriëntatie.

Dit proefschrift is gericht op het begrijpen en voorspellen van de effecten van de microstruc-
tuur en van de belastingcondities (spanning, temperatuur en tijdsafhankelijkheid) op de mechani-
sche respons van dunne semikristallijne polymere films. Hiertoe is een micromechanisch thermo-
elasto-viscoplastisch model ontwikkeld waarmee de dimensionele stabiliteit van films blootgesteld
aan diverse belastingen voorspeld kanworden. Het beschouwdemateriaal bestaat uit een aggregaat
van verschillend georiënteerde gelaagde tweefasen domeinen, waarbij verschillende constitutieve re-
laties gebruikt worden voor ieder van de fasen. De kristallijne fase is gemodelleerd met kristal visco-
plasticiteit en de amorfe fase is beschreven als een elasto-viscoplastisch glasachtig polymeer, waarbij
materiaalveroudering in beschouwing is genomen.

In het tweedehoofdstukwordende interacties tussen de verschillende fasen van isotroop semik-
ristallijn polyethyleentereftalaat (PET) geanalyseerd. De validiteit van een hybride interactiewet in
een mean-field micromechanisch model gebaseerd op het mechanische gedrag van gelaagde twee-
fasen domeinen wordt geëvalueerd. Hiertoe wordt een ander tweeschalig eindige elementenmodel
van de sferulitischemicrostructuur van een semikristallijn polymeer geconstrueerd, waarbij verschil-
lende kristalgeometrieën beschouwdworden, inclusief het gevalwaarin de kristallijne gebieden geen
onderling verbonden netwerk vormen. Aangetoond wordt dat de voorspellingen van grootheden
voor microscopische deformatie en macroscopische eigenschappen verkregen met beide modellen
kwalitatief en kwantitatief overeenkomen.

In het derde hoofdstuk wordt het micromechanisch model gebruikt om het mechanische ge-
drag van isotroop semikristallijn PET te beschrijven onder uniaxiale compressie tot grote rekken bij
verschillende temperaturen. Model parameters van de geselecteerde constitutieve relaties van de fa-
sen worden bepaald aan de hand van experimentele data. Het kruipgedrag onder trekbelasting van
isotroop PETwordt gesimuleerd en vergeleken met metingen om de toepasbaarheid van hetmodel
voor het beschrijven van het langeduur gedrag te demonstreren.

In het vierde hoofdstuk wordt het langeduur en korteduur anisotropemechanische gedrag van
een biaxiaal verstrekte PET film gemeten en gesimuleerd met het micromechanisch model. De re-
presentatieve microstructuur van de film is verkregen middels experimentele karakterisering van



124 Bibliography

de oriëntatie van de kristallijne domeinen. Het model wordt verder uitgebreid door het opnemen
van voororiëntatie van de niet-kristallijne fase. Gebaseerd op resultaten van simulaties worden de
deformatiemechanismen op microscopische schaal geanalyseerd. Het vermogen om het grote rek
anisotrope gedrag van georiënteerde film te beschrijven in een reksnelheidsgestuurd regiem en het
langeduur kruip regiem wordt gedemonstreerd.

In het vijfde hoofdstuk worden mechanismen van anisotrope reversibele en irreversibele ther-
mische deformatie in een polymere film geproduceerd door biaxiaal verstrekken experimenteel be-
studeerd en numeriek beschreven met het voorgestelde micromechanische model. De onderzochte
thermo-mechanische effecten kunnen geclassificeerd worden als geheugeneffecten aangezien het
materiaal gedeeltelijk terugkeert naar de initiële toestand voor biaxiaal verstrekken. De interne span-
ningstoestand wordt beschreven met twee deformatieprocessen met ieder een andere interne span-
ningstoestand en thermische activeringsenergie.

In hoofdstuk zes wordt het ontwikkelde micromechanisch model gebruikt om het gedrag van
de film te voorspellen wanneer het onderworpen wordt aan condities die representatief zijn voor de
productie van flexibele OLED’s. Effecten van kruip en thermische krimp, die experimenteel tegelijk
waargenomen worden, worden gemodelleerd.
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