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Summary
High-density polyethylene (HDPE) is a subclass of polyethylene that has seen increasing use in pressure pipe applications since the 1950’s. For their use in these
applications, extensive knowledge of the long-term properties under stress is of the
utmost importance, since a lifetime under service of 50 years or more is expected.
This is characterized by the value of the minimum required strength (MRS), the extrapolated stress at which failure occurs after 50 years at room temperature, which is
used in the classification system for polyethylene pipe grades (for example, a PE100
pipe grade has an MRS of 10 MPa). The long-term failure properties of HDPE
pipes are governed by two distinct failure mechanisms: plasticity-controlled failure
and crack-growth-controlled failure, which compete with each other, until one of
both initiates ultimate failure. For the first commercial HDPE pipe grades created
in the 1950’s, only crack-growth-controlled failure was seen at timescales relevant to
service lifetime. Therefore, crack-growth-controlled failure was the dominant failure process which, more importantly, determined the MRS for HDPE pipe grades.
Over the last 60+ years, extensive focus has been placed on improving the crack
growth resistance of HDPE pipe grades, with impressive results, as no crack-growthcontrolled failure is observed during standardized testing of current (PE100) pipe
grades, even at elevated temperatures (up to 80 °C) and prolonged testing times (>
1 year). Hence, for the most recent pipe grades, no crack-growth-controlled failure
is expected throughout the service lifetimes of the produced pipes any more.
A significant advance in crack growth resistance was made when so called “bimodal”
grades were introduced. These grades placed short chain branches (SCB), derived
from incorporation of co-monomers, exclusively on the high molecular weight chains,
which strongly improved crack growth resistance. However, while this incorporation
of SCB caused tremendously improved the crack growth resistance, it also reduced
the crystallinity and lamellar thickness of the HDPE pipe grades, which lowered the
resistance of these bimodal pipe grades against plasticity-controlled failure. This
is disadvantageous, since plasticity-controlled failure is the expected failure mechanism at timescales of 50 years for the most recent bimodal pipe grades. Attempts to
improve the resistance to plasticity-controlled failure, however, have led to an unfavourable trade-off between plasticity- and crack-growth-controlled failure, where
improving one process would diminish the other. Therefore, in order to improve the
resistance to both failure processes simultaneously, it is necessary to determine how
each failure process is influenced by the various material parameters of HDPE pipe
grades. The goal of this thesis is, therefore, to find the key (material) parameters
that influence the aforementioned failure processes by investigating the influence of
both molecular and morphological parameters on these processes.
In chapter 2, the influence of morphological parameters on plasticity-controlled failure is investigated by determining the effect of crystallinity and lamellar thickness on
the yield stress (which is governed by the same molecular processes that govern (long
term) plasticity-controlled failure). An analytical method, previously developed by
v

Furmanski et al. was used to separate the influence of crystallinity and lamellar
thickness for a broad range of HDPE and LLDPE grades (as both parameters are
interconnected to a certain degree). Here, it was observed that crystallinity is the
governing parameter for yield stress and that no secondary dependence on lamellar
thickness could be found when crystallinity was used as the primary parameter. Furthermore, the same observation could be made for the Young’s modulus and both
yield stress and Young’s modulus could be linked to one another via their respective
crystallinity dependences.
In chapter 3, the influence of the molecular weight distribution (MWD) is investigated on the fatigue crack growth kinetics of HDPE homopolymer grades over a
broad range of temperatures. It was found here that the crack growth kinetics curves
could be described with a Paris-Erdogan law equation with the same exponent m
for all of the investigated grades (m = 3.9). This would imply that the fatigue crack
growth kinetics are solely governed by the Paris-Erdogan pre-factor A. While the
pre-factor A showed a rather poor correlation with several (established) molecular
parameters (including the tie-molecule fraction derived with the model of Huang
and Brown), a far better correlation was found between pre-factor A and Mw , which
further improved when a correction for the width of the MWD was introduced by
using the ratio Mz/Mw (yielding Mw,corr ). Investigation into the temperature dependence of the fatigue crack growth kinetics not only revealed two deformation
process (a high and a low temperature process) with an inflection point at 55 °C,
but also that the temperature dependence was independent of the MWD for HDPE
homopolymers. Furthermore, the activation energies of both processes (125 and 50
kJ/mole respectively) imply that deformation of the craze fibril can be attributed
to chain slip processes in the crystalline and amorphous phase respectively, which is
confirmed by the power law exponent of the Mw and Mw,corr dependence found for
pre-factor A (-3.4 and -3.3 respectively).
In chapter 4, the creep crack growth kinetics of HDPE homopolymers are predicted
from (empirical) relations obtained for the temperature and MWD dependence. In
order to extrapolate the previously obtained fatigue crack growth kinetics to creep
crack growth, the crack growth kinetics curves are obtained as a function of load
ratio at various temperatures. These curves, once more, reveal that the exponent
m is 3.9 for all of the investigated grades and hence, that the pre-factor A governs
the crack growth kinetics. A similar load ratio dependence was observed for all
the investigated homopolymer grades at room temperature, which could be used to
convert the fatigue crack growth kinetics (at R = 0.1) to creep crack growth kinetics (R = 1). Upon comparison of the temperature dependence found under cyclic
and static loading, it was observed that the high temperature process extends to
room temperature for creep crack growth, which implies that the same deformation
process (α-relaxation) governs the creep crack growth kinetics at ambient and elevated temperatures. Subsequently, the temperature and load ratio dependences,
found in this chapter, were combined with the MWD dependence found in chapter
3 to successfully predict the creep crack growth kinetics of a homopolymer grades
reproduced from literature source, which further confirms the (empirical) relation
vi

found in this chapter and chapter 3.
In chapter 5, the influence of the short chain branching (SCB) content on the fatigue crack growth kinetics of HDPE bimodal copolymer grades is investigated as
a function of temperature. Here, it was seen that the crack growth kinetics curves
of all the investigated bimodal copolymer grades can be described with a ParisErdogan law with an exponent m of 3.9 as well. Hence, the pre-factor A found
for these grades can be compared directly to the ones found for homopolymers in
chapter 3. Furthermore, it was observed that the presence of SCB has an influence
on the temperature dependence which, contrary to the MWD dependence, showed
a dependence on the SCB concentration that was not entirely factorisable. For the
high temperature process, it was found that the α-relaxation mechanism is progressively decelerated with increasing SCB concentration, while for the low temperature
process, a (strong) decrease in activation energy was observed with rising SCB concentration. It was, subsequently, hypothesized, from extrapolation of the results
found for the creep crack growth kinetics of homopolymers in chapter 4, that the
deceleration of the α-relaxation process with increasing SCB concentration, found
under cyclic loading in this chapter, might translate to static loading at ambient
temperature as well. While the validity of this hypothesis is suggested by literature
results, experimental investigation into to the load ratio dependence is required to
fully validate this notion.
In chapter 6, the influence of electron-beam irradiation on both failure processes
(plasticity-controlled and crack-growth-controlled failure) is investigated as a function of the MWD and SCB content. Here, it was observed that both yield stress and
Young’s modulus increased with the irradiation dose and that the increase could be
correlated with the increase in gel fraction. The irradiation dose had relatively little
influence on the fatigue crack growth kinetics (the pre-factor A) of the investigated
grades. Furthermore, convergence of the pre-factor A to a singular value could be
observed at elevated gel fractions for (some of) the investigated grades. This would
suggest that the fatigue crack growth kinetics become progressively independent of
the MWD with increasing gel fraction, which could be attributed to a change in
the crack growth mechanism from chain slip (observed in the previous chapters) to
chain scission.
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1.1

Introduction

A brief history of polyethylene:

Despite it’s simple chemical structure, polyethylene is one of the most versatile polymers in the world. It was, initially, accidentally discovered by Hans von Pechmann in
1898 [1–4], who found a white, waxy substance while investigating the decomposition
reaction of diazomethane. This waxy substance, consisting of (completely linear)
hydrocarbon chains, was later dubbed the name polymethylene [1, 4]. However,
since no application was perceived for this material, a (large scale) production process wasn’t realized [4]. Even though the first discovery of polyethylene already took
place in the late 19th century, it wasn’t produced commercially (or even regarded
as a polymer) until its (once more, accidental) rediscovery by Imperial Chemical
Industries (ICI) in 1933 [2–7]. This discovery originated from an unexpected occurrence observed during an attempted high-pressure reaction between benzaldehyde
and ethylene [4]. After the reaction, a white, waxy solid was found on the reactor
walls, even though no reaction had occurred between benzaldehyde and ethylene [4].
Since all of the benzaldehyde was recovered in its original form after the reaction,
the researchers concluded that the white substance had to be a polymer of ethylene
[4]. Attempts to reproduce the polymerization reaction were unsuccessful for several
years, until it was discovered in 1935 that a small amount of oxidizing agent had to
be introduced to initiate the reaction (which was, inadvertently, present during the
initial, accidental productions of the material) [4]. This discovery, as well as a (potential) application in radar cable insulation, led to the development of an industrial
production process, which was the foundation of the large scale production of lowdensity polyethylene (LDPE) [2, 3, 5–7]. The industrial, high pressure process was
only capable of producing highly branched LDPE, however, due to the free-radical
polymerization reaction used within this process [6, 7].
It wasn’t until nearly 20 years later, in 1953, that a method to produce linear
polyethylene was discovered almost simultaneously by scientists of two different research laboratories: A research group of the Philips Petroleum Company in the
United States headed by J.P. Hogan and R.L. Banks and a research group headed
by Karl Ziegler at the Max Planck Institute in Germany [2, 4, 7]. The group at the
Philips Petroleum Company discovered a waxy solid when propylene gas was passed
through a tube filled with nickel-oxide catalyst to which a chromium salt had been
added [4]. This experiment was followed up by supplementary measurements where
the propylene gas was replaced with ethylene gas, which yielded a linear polyethylene [4]. At the Max Planck Institute, on the other hand, the ’Aufbau’ reaction of
1

Chapter 1. Introduction
ethylene (published by the group of Ziegler in 1950 [8])) was extended to its logical extreme (linear polyethylene) through a combination of accidental discoveries
(the ’nickel effect’) and systematic research [4]. However, the culmination of this
catalyst system wasn’t reached until titanium was used as a co-catalyst, which allowed production of linear polyethylene under ambient conditions [4]. Both groups
had, thus, used transition-metal-based catalysts to produce linear polyethylene at
(relatively) low pressures and temperatures [2, 4, 7]. The resulting material was
named high-density polyethylene (HDPE), due to its significantly higher degree of
crystallinity compared to polyethylene produced through the high pressure process
[3, 5–7]. Due to its good mechanical stiffness, HDPE was employed in various applications, including pressure pipe applications, as early as 1955 (only a few years
after its conception) [3, 4, 7]. However, due to its (excessively) high crystallinity, the
long-term mechanical properties of this (entirely linear) HDPE were subpar, which
was particularly visible in its inferior resistance to slow crack growth [4, 6]. Hence,
the only successful application of this early version of HDPE was the ’Hula Hoop’,
which paved the way (financially) for further development of HDPE [4, 6].
Not long after the initial struggles of (entirely linear) HDPE, the solution to its
excessive crystallinity and (exceedingly) poor crack growth resistance was found in
the introduction of short chain branches (SCB) through the addition of various comonomers (α-olefins) during the polymerization step [4, 6]. While introducing a
(fairly) large amount of SCB led to linear polyethylene grades with a degree of crystallinity comparable to LDPE (which were, therefore, denoted as linear low-density
polyethylene (LLDPE)), the introduction of a small to moderate degree of SCB led
to linear polyethylene grades with intermediate crystallinities [2, 4–7]. These (somewhat less crystalline) copolymer variants of HDPE were denoted as medium-density
polyethylene (MDPE) [6, 7]. The MDPE grades showcased a (greatly) improved
resistance to slow crack growth compared to their predecessors, which made them
serviceable for use in (pressure) piping applications [6, 9, 10]. Initially, these MDPE
grades were designed with a unimodal molecular weight distribution (MWD), which
either showed a constant SCB concentration over the entire MWD range or a high
concentration of SCB on the low molecular weight chains [9–12]. However, due to
the high overall concentration of SCB, these grades displayed significantly worse mechanical stiffness and resistance to plastic (or ductile) deformation than the (entirely
linear) HDPE grades, which greatly limited their use pressure piping applications
[10, 13, 14].
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Figure 1.1: A plot of the molecular weight distribution (MWD) and short chain branching distribution of a bimodal copolymer grade.

In order to find an equilibrium between mechanical stiffness and crack growth resistance, polyethylene blends were made containing both linear and branched chains
(see figure 1.1) [10–12]. These grades were termed bimodal (copolymer) grades (due
to their bimodal MWD) and displayed a higher crystallinity (and, therefore, mechanical stiffness) due to the incorporation of linear low molecular weight chains,
which were easily crystallizable [10, 12]. Since little to no branching was present
in the low molecular weight fraction, SCB had to be introduced in the high molecular weight fraction [10–12]. This relocation caused a far greater improvement in
crack growth resistance than originally expected [11, 12]. Up to this day, bimodal
copolymer grades are the standard when it comes to pressure pipe applications,
with the most recent pipegrades reaching lifetimes in excess of 50 years under hoop
stresses of up to 10 MPa (100 bar) [10, 15]. Due to their excellent crack growth
resistance, current investigations on bimodal copolymer grades tend to focus more
on improving other mechanical properties, such as their resistance to plastic deformation [13, 14, 16]. Nevertheless, further improvements to crack growth resistance
have been achieved recently, either through modifications of the MWD or changes
in molecular architecture (different branch concentrations and lengths) [12, 18].

1.2
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As mentioned in the previous section, HDPE is commonly used in pressure pipe
applications, where the (service) lifetime under stress is the most important design parameter [19–23]. In order to study and improve the lifetime of pipes under
stress, it is of great relevance to determine which failure mechanism(s) cause ultimate failure in these pipes, as well as the influence of the applied stress on these
mechanism(s) [19, 20]. Three different failure mechanisms (or modes), that affect
lifetime under stress, have been observed in (high-density) polyethylene: I) "ductile"
or plasticity-controlled failure, caused by the accumulation of plastic deformation,
II) "brittle" failure caused by the growth of microscopic crack within the material (also called crack-growth-controlled failure) and III) "brittle" failure caused by
(molecular) degradation of the polymer backbone [16, 19, 21, 24, 25]. These three
failure mechanisms compete with each other, until catastrophic failure is initiated
3
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by one of them [19, 21, 26, 27]. Hence, even though these failure mechanisms act
simultaneously on the material, each failure mechanism will have a stress (and corresponding time-to-failure) regime where it will be observed as the dominant failure
mechanism (as can be seen in figure 1.2).

Figure 1.2: A schematic representation of the time-to-failure as a function of applied stress, showcasing the three different failure mechanisms observed in polyethylene (reproduced from Kanters et
al. [19])

1.2.1

Regime I: plasticity-controlled failure

In the plasticity-controlled failure regime (regime I), stress-induced plastic deformation accumulates over time [19, 21]. Upon initial application of the applied stress
(primary creep), an (almost entirely) elastic response is observed in the material,
leading to a (relatively high) initial deformation rate [19, 28, 29]. Following this
initial elastic response, the inelastic accumulation of plastic deformation (secondary
creep) continues at a (much) slower rate until a threshold value is reached, upon
which the rate of plastic deformation increases drastically (tertiary creep) [19, 28, 29].
This, subsequently, leads to large, local, plastic deformation (bulging) and ductile
tearing (e.g. catastrophic failure) [19]. It has been observed in literature that the
lifetime of polymers in the plasticity-controlled failure regime (their time-to-failure)
is governed by the rate of plastic deformation in secondary creep stage [19, 28, 29].
This deformation rate, commonly called the plastic flow rate, originates from (mainchain) segmental motion on a molecular scale, which depends strongly on both the
applied stress and temperature [19, 28, 30, 31]. Furthermore, it was demonstrated by
Bauwens-Crowet et al. that the deformation kinetics (at constant temperature) of
plastic deformation observed during secondary creep are identical to those observed
at the yield point derived from constant strain rate experiments [19, 28, 29]. Hence,
this would imply that the plastic flow rate of polymers during secondary creep is
equal to the (macroscopically applied) strain rate at the yield point [19, 28, 29].

4

1.2. Failure mechanisms of polyethylene:

Figure 1.3: A plot of yield stress versus strain rate with the separate contributions of both molecular deformation processes, as described by the Ree-Eyring equation (a) and a schematic representation of the intra-lamellar and inter-lamellar deformation mechanisms that supply the segmental
motion required for plastic deformation in polyethylene (both images are reproduced from Kanters
et al. [19])

As mentioned in the previous paragraph, plastic deformation in polymers arises from
main-chain segmental motion [19, 28, 30, 31]. The kinetics of this segmental motion,
which also govern the plastic flow rate, can be described by the Ree-Eyring modification of the Eyring flow equation [19, 30, 32]. The Eyring flow equation, which
is based on transition state theory, assumes that the molecular mobility required
for plastic flow is the result of segmental motion caused by inter- or intramolecular
conformational changes [30, 31]. In polyethylene, this segmental motion (see figure
1.3) is supplied by crystallographic slip (intra-lamellar deformation) and migration
of Gauche defects along the crystal stem (inter-lamellar deformation) respectively
[19, 33–36]. Since the mobility of the polymer chain is hindered by intermolecular interaction within the crystal lamellae, a free energy barrier of ∆G has to be
overcome in order for segmental motion to take place [30, 31]. In the absence of
stress, dynamic equilibrium exists and the frequency of segmental motion (in either
direction) is given by the Arrhenius equation [31, 37]:
fT = f0 exp (−

∆G
)
kT

(1.1)

Where fT is the thermal frequency of segmental motion, f0 is the pre-exponential
factor, k is the Boltzmann constant and T is the temperature in degrees Kelvin.
Eyring proposed that a symmetrical shift in the free energy barrier is produced when
an (external) stress is applied [30, 31]. This shift will increase the free energy by
σv ∗ in one direction, while decreasing it by the same amount in the other direction,
where v ∗ is the activation volume [30, 31]. This will result in a lower free energy
barrier in the direction of the applied stress (called the forward direction) [31], which
will lead to the following formula for the forward frequency of segmental motion:
ff = f0 exp (−

(∆G − σv ∗ )
)
kT

(1.2)

While a higher free energy barrier will lead to the following formula for segmental
motion in the opposite (backward) direction:
fb = f0 exp (−

(∆G + σv ∗ )
)
kT

(1.3)
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Where ff is the frequency of segmental motion in the forward direction and fb is the
frequency in the backward direction. As a result of the change in free energy barrier,
the frequency of segmental motion in the forward direction will be significantly
higher than the frequency in the backward direction, as is shown by the resulting
plastic strain rate ε̇ [31]:
ε̇ ∼ ff − fb = f0 exp (−

σv ∗
−σv ∗
∆G
)[exp (
) − exp (
)]
kT
kT
kT

(1.4)

Which can be rewritten into the Eyring flow equation [31]:
ε̇ = ε̇0 exp (−

∆G
σv ∗
) sinh (
)
kT
kT

(1.5)

Where the rate constant is given by ε̇0 . Equation 1.5 can be inverted to obtain the
strain rate and temperature dependence of the applied stress:
σ=

ε̇
kT
∆G
sinh−1 [ exp(
)]
∗
v
ε̇0
kT

(1.6)

It can be seen in equation 1.6 that the applied stress correlates logarithmically
with the plastic strain rate at constant temperature, while the applied stress varies
linearly with the temperature at constant plastic flow rate. Since the plastic flow
rate matches the macroscopically applied strain rate at the yield point, the same
strain rate and temperature dependence will be seen for the yield stress [19, 28, 29]:
σy =

kT
∆G
−1 ε̇
sinh
[
exp(
)]
v∗
ε̇0
kT

(1.7)

As mentioned earlier, two different deformation processes, intra-lamellar and interlamellar deformation, are observed in polyethylene and each of these processes will
contribute to the stress in an additive way [19, 32]. The modified Ree-Eyring equation can subsequently be used to describe the strain rate and temperature dependence of the yield stress for these two processes [19, 32]:
σy =

kT
ε̇
∆GI
kT
ε̇
∆GII
sinh−1 [
exp(
)] + ∗ sinh−1 [
exp(
)]
∗
vI
ε̇0,I
kT
vII
ε̇0,II
kT

(1.8)

The indices I and II in equation 1.8 refer to the intra-lamellar and inter-lamellar
deformation processes mentioned above. The prediction of the yield stress versus
strain rate curve with the modified Ree-Eyring equation is shown in figure 1.4a.
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Figure 1.4: A plot of yield stress versus strain rate (a) and applied stress versus time-to-failure
(b). The marker are data points measured at different strain rates and applied stresses. The solid
lines are modelled using the modified Ree-Eyring equation.

In order to calculate the time-to-failure tf originating from plasticity-controlled failure as a function of (constant) stress, both the plastic flow rate and the degree of
plastic deformation required for the onset of catastrophic failure have to be determined [19, 28, 29]. It has been observed by several authors that the latter of the
two, also called the critical strain εc , is constant as a function of plastic flow rate
[19, 28]. Hence, the time-to-failure can be determined from the plastic flow rate
through the following equation [19]:
tf (σ, T ) =

εc
ε̇

(1.9)

Since time-to-failure is inversely proportional to the plastic flow rate, both the stress
and temperature dependence will be inverted for time-to-failure as compared to
plastic flow rate. The applied stress vs. time-to-failure curve will, therefore, be a
mirrored version of the yield stress vs. strain rate curve, as is shown in figure 1.4b.
As a final note, it has to be mentioned that the two molecular processes that provide the segmental motion needed for plastic deformation (intra-lamellar and interlamellar deformation) are both processes that take place in the crystalline phase.
Hence, it can assumed that the quantity and (micro)structure of the crystalline fraction will have the greatest influence on these processes and, with that, the plastic
flow rate [14, 19, 33–36, 38]. Despite the differences between the underlying molecular mechanisms, the general consensus in literature is that both mechanisms are
governed by lamellar thickness [19, 33–36, 38]. However, although it is assumed in
literature that lamellar thickness is the (sole) governing parameter, a significantly
better correlation is observed with crystallinity (or density) [14, 39–43]. The underlying cause for this improved correlation with crystallinity will be investigated in
chapter 2.

1.2.2

Regime II: crack-growth-controlled failure

In the crack-growth-controlled failure regime (regime II), microscopic precursors of
cracks, usually created by the presence of inhomogeneities in the material or ex7
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ternal damage from handling, grow into (mesoscopic) cracks over time, until one
of the cracks reaches a critical length [19, 20]. This length is either determined by
the thickness of the pipe or the threshold value for accelerated crack propagation
(related to the critical stress intensity factor, KI,c ) [19, 20]. Due to the low degree
of macroscopic plastic deformation, this type of failure is commonly denominated
"brittle" failure. However, when studied on a microscopic scale, it can be observed
that a craze, consisting of highly (plastically) deformed craze fibrils, forms in front
of the crack tip (see figure 1.5a) [16, 24, 44]. Hence, the term "brittle" failure can
be somewhat misleading in this case. It has been demonstrated in literature that
the propagation kinetics of (stable) slow crack growth are governed by the deformation and breakdown of the craze fibrils [9, 16, 24, 44–46]. Hence, molecular and
morphological parameters that influence the deformation and breakdown of craze
fibrils will govern the crack growth kinetics as well [16, 45–47].

(a) Schematic representation of a craze

(b) Schematic representation of tie-molecule formation

Figure 1.5: A schematic representation of (a) craze fibrils forming in front of a crack (b) the
requirements for tie-molecule formation. The latter figure (b) is kindly provided by Prof. dr. ir.
T.A. Tervoort.

Even though there isn’t as much consensus about the exact parameter that governs
crack-growth-controlled failure as there is for plasticity-controlled failure, it is generally assumed in literature that the deformation and breakdown of craze fibrils is
governed by the number fraction of so-called "taut tie-molecules" [10, 25, 27, 45, 46].
These tie-molecules are (relatively) long polymer chains that have the capability of
connecting two (or more) adjacent lamella together within the undeformed material (see figure 1.5b) [27, 45, 46]. Upon conversion of the undeformed material
into highly deformed fibrils, the crystalline lamella break up into lamellar blocks,
which make up the (morphological) skeleton of the craze fibril [27, 45, 46]. It has,
subsequently, been theorized in literature that the tie-molecules form taut connections between the lamellar blocks, which improve the cohesion between these blocks
[27, 45, 46, 48]. Hence, tie-molecules would, theoretically, distribute the stress better over the fibril, which would lead to lower deformation rates within the fibril
[27, 45, 48]. Furthermore, the (exceedingly) positive influence of bimodal copolymer grades on the crack growth resistance of polyethylene has been attributed to
the formation of (additional) tie-molecules as well [10, 49]. In this case, it was hypothesized that, due to incorporation of the branches on the high molecular weight
fraction, (large) segments of these longest chains should be unable to chain-fold and
8
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form (parts of) the crystalline lamella, which would allow segments of those chains
to form additional tie-molecules [10, 49]. The number fraction of tie-molecules can
be calculated from the molecular weight distribution (MWD) by a statistical model
first proposed by Huang and Brown in the 1980’s [45, 46]. This model calculates (for
a single chain length) the probability of the root mean square end-to-end distance
of the polymer chain in the melt being larger than the threshold distance required
to form a tie-molecule (the distance required to bridge two lamella: 2 × Lc + La
(see figure 1.5b)) [45, 46]. Subsequently, this probability is used to calculate the
number fraction of tie-molecule forming chains from the MWD [45, 46]. However,
despite the ample theoretical backing behind this model, no clear cut correlation
has been observed between the (classical) number fraction of tie-molecules and the
crack growth kinetics [13, 45, 46]. Furthermore, a fair amount of studies have shown
a connection between the crack growth kinetics and Mw , which shows no obvious
relation with the tie-molecule fraction [10, 45, 46, 50, 51]. Further investigation into
this juxtaposition will, therefore, be performed in chapter 3.

1.2.3

Regime III: degradation-controlled failure

In the degradation-controlled failure regime (regime III), (molecular) degradation,
usually caused by oxidation, leads to chain scission within the backbone of polymer
chains [19, 52–54]. This, subsequently, leads to a significant drop in the molecular weight averages (Mn , Mw and Mz ), accompanied by a strong deterioration of
mechanical stability [19, 54]. The deterioration caused by degradation-controlled
failure results in a mechanism that is (almost) independent of the applied stress,
as can be seen in figure 1.2 [19, 52, 53]. Because of that, degradation-controlled
failure used to be a (relatively strong) limitation to the lifetime under stress. There
are several variables that influence the time-to-failure of this failure mechanism.
The first one is the initial molecular weight distribution, since the average molecular weight of the chains determines how much degradation can take place before
the material enters the degradation regime. The number average molecular weight,
Mn , is of particular importance here, since it governs the strength of the material,
as well as the connectivity between the (different) chains [19, 48]. The second (and
most dominant) one is the type and amount of stabilizer used (the stabilizer system)
[52–54]. These stabilizers (usually anti-oxidants) absorb the oxidizing radical species
that cause degradation and, therefore, substantially postpone the onset of molecular
degradation [52–55]. Furthermore, while degradation-controlled failure used to be
the limiting factor for lifetime under stress, developments in the stabilizer systems
have led to improvements in chemical stability of HDPE, which resulted in a shift of
degradation-controlled time-to-failure to timescales far beyond the ones relevant for
pressure pipe applications [19, 55]. Hence, degradation-controlled failure will receive
no further attention in this thesis, which will, instead, focus on the other two failure
mechanisms.
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1.3

Scope and outline of this thesis:

This thesis will focus on investigating the influence of molecular and morphological
parameters on stress-induced failure in HDPE. As mentioned in the previous section,
the main focus will lie on both the plasticity-controlled failure and crack-growthcontrolled failure mechanism. In chapter 2, the influence of both crystallinity and
lamellar thickness on plasticity-controlled failure will be investigated. In chapter
3, the effect of the molecular parameters (or more specifically, the MWD) on the
fatigue crack propagation kinetics will be studied for HDPE homopolymer grades. In
chapter 4, extrapolation to the creep crack growth kinetics will be investigated for
homopolymer grades, while in chapter 5 the investigation into the crack growth
kinetics will be expanded to bimodal copolymer grades. Chapter 6 will focus
on both plasticity-controlled failure and crack-growth-controlled failure in electronbeam irradiated HDPE. Chapter 7 will contain the main conclusions of this work,
as well as a section describing possible future work.
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2

The effect of crystallinity and
lamellar thickness on the yield
stress and Young’s modulus of
polyethylene

Abstract:
In this study, the influence of crystallinity and lamellar thickness on the yield stress
and Young’s modulus of polyethylene is investigated. A significant variation in crystallinity and lamellar thickness is achieved by both utilizing large cooling rate variations, as well as including a variety of high-density polyethylene (HDPE) and linear
low-density polyethylene (LLDPE) grades in the investigation. Upon combination
of the HDPE and LLDPE data sets, a non-linear correlation between crystallinity
and lamellar thickness can be observed. Subsequently, a previously developed, analytical method by Furmanski et al. is used to separate the parameter dependence
of the aforementioned mechanical properties into a primary and secondary component, which are assigned to crystallinity and lamellar thickness, respectively and vice
versa. Consistent with the work by Furmanski et al. crystallinity is shown to be
the governing parameter for yield stress in polyethylene, with no secondary dependence on lamellar thickness. In addition, it is shown that crystallinity also governs
the Young’s modulus in a similar fashion, again with no secondary dependence on
lamellar thickness.

Reproduced from: R.R.J. Cerpentier, M. van Drongelen,
T.A. Tervoort, M.J. Boerakker, L.E. Govaert. In preparation
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2.1

Introduction:

Polyethylene is one of the most common and versatile plastics in the world, with
applications ranging from disposable garbage bags and (pressurized) piping systems
to high performance fibres and ultra-wear resistant hip-cup replacements. One of
the subclasses of polyethylene, high-density polyethylene (HDPE), has been used
in pressure pipe applications since the 1950’s [1–3]. For its use in this function,
extensive knowledge of the long term properties, especially regarding lifetime under stress, is of the utmost importance [1]. The long term failure properties of
HDPE pressurized pipes are governed by two distinct failure mechanisms: plasticity controlled-failure and crack-growth-controlled failure [1, 4–7]. These failure
mechanism compete with each other, until one of them initiates catastrophic failure [1, 7–9]. In the past, crack-growth-controlled failure has received the greatest
amount of attention, since failure at large timescales was almost exclusively caused
by this type of failure [2, 6, 9–13]. However, since the advent of bimodal pipe grades,
the time-to-failure for slow crack growth has shifted to timescales far beyond the
ones relevant for piping applications [13, 14]. This has led to a greater focus being
placed on the plasticity-controlled failure mechanism [6, 15, 16]. Hence, it would
be sensible to study which material parameters influence the plasticity-controlled
time-to-failure.
It has been observed that the time-to-failure for plasticity-controlled failure is inversely proportional to the plastic flow rate reached during the steady state found for
secondary creep at constant load [1, 17, 18]. As demonstrated by Bauwens-Crowet
et. al. [18], this steady state is identical to the steady state identified at the yield
point for constant strain rate experiments [1, 17, 18]. This implies that the plastic
flow rate should have the same relation with both the applied stress at constant
load and the yield stress at constant strain rate, which is observed in literature as
well [1, 18]. Hence, an increase in yield stress (at constant strain rate) will result
in a longer time-to-failure at a fixed constant load [1, 17, 18]. Furthermore, it has
been demonstrated through the activation energy, that the underlying molecular
processes (at a constant plastic flow rate) are identical for both steady states as well
[1, 18]. Therefore, it is to be expected that material parameters which enhance the
yield stress will cause a corresponding increase in the plasticity-controlled time-tofailure as well.
In literature, the yield stress of polyethylene has been linearly correlated with both
crystallinity [16, 19–25] and lamellar thickness [1, 26–38]. The connection between
yield stress and crystallinity was first made in the 1950’s and 1960’s by Sperati et.
al. and Williamson et. al. for PE and by Starkweather et. al for polyamides [19–
21]. Later publications [16, 22–25, 39] linked the linear correlation of yield stress
and crystallinity to a partial melting-recrystallization theory proposed by Flory and
Yoon [40]. This theory, however, relates the yield stress to the thermodynamic stability of the crystallites, which is determined by the lamellar thickness [16]. Around
the same time that Flory and Yoon published their melting-recrystallization theory,
Young proposed a theory which related the yield stress to crystal slip caused by the
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nucleation and propagation of screw dislocations in crystal lamellae, the resistance
to which could be correlated with stem length, or lamellar thickness [29, 33, 41]. This
theory has subsequently been adopted by a great number of authors, who have further developed this into a model which includes temperature and lamellar thickness
dependency [31, 33–38] as well as the strain rate dependency, which revealed a second
deformation process [1, 26–28, 38]. Even though both theories had their adherents
and were supported by experimental evidence [16, 39], the crystal slip theory became
the generally accepted theory for deformation in semi-crystalline polymers after a
period of fierce competition. The conclusion of both theories was, however, that the
yield stress should be correlated with the lamellar thickness [16, 26, 34, 35, 37].
Despite the theoretical correlation between yield stress and lamellar thickness, a
significantly better correlation between yield stress and crystallinity is still seen in
many experimental studies [16, 19, 20, 24, 33, 42]. This is also reflected in the
good correlation between yield stress and Young’s modulus [23], a parameter which
is classically related solely to crystallinity. An explanation for the good correlation
between yield stress and crystallinity came from the proposed linear relation between
crystallinity and lamellar thickness, through which the effect of crystallinity could be
directly related to the lamellar thickness [31, 33, 43, 44]. This, however, highlights
an important issue: since crystallinity and lamellar thickness are connected to one
another, it’s difficult to separate their influence on the yield stress experimentally.
Therefore, an experimental investigation into the effect of lamellar thickness on yield
stress could inadvertently show the influence of crystallinity instead (or vice versa).
Recently, an analytical method to separate the effects of crystallinity and lamellar
thickness on the yield stress of polyethylene was proposed by Furmanski et al. [45],
which can be used to determine which parameter has the greatest influence on the
yield stress. The conclusion of their research was that the yield stress of polyethylene
depended solely on the crystallinity of the material, while the secondary dependence
on lamellar thickness (after accounting for crystallinity) was negligible.
In this article, the Furmanski method will be used to analyse the yield stress data
of a series of HDPE and LLDPE grades processed at different cooling rates. The
influence of crystallinity and lamellar thickness will be examined simultaneously,
as explained in the section below, in order to confirm if crystallinity is the core
morphological parameter that governs yield stress. In addition, due to the good
correlation between yield stress and Young’s modulus, the Young’s modulus will
also be analysed with the Furmanski method to determine the influence of both
crystallinity and lamellar thickness.

2.2
2.2.1

Theoretical background:
The Ree-Eyring modified flow equation:

As mentioned in the introduction, the yield stress can be linked to the plastic flow
rate observed during the secondary creep stage of plasticity-controlled failure [1,
17, 18]. The deformation kinetics that govern the plastic flow rate can, in turn, be
15
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described by the Ree-Eyring modification of the Eyring flow equation [1, 46, 47]. The
Eyring flow equation, which is based on transition state theory, assumes that the
molecular mobility required for plastic flow is the result of segmental motion caused
by inter- or intramolecular conformational changes [47, 48]. In polyethylene, this
segmental motion is supplied by crystallographic slip (intra-lamellar deformation)
and migration of Gauche defects along the crystal stem (inter-lamellar deformation)
respectively [1, 26–28, 30]. The stress and temperature dependence of the plastic
flow rate for a single process is given by the Eyring flow equation [48]:
σv ∗
∆G
) sinh (
)
(2.1)
ε̇ = ε̇0 exp (−
kT
kT
Where ε̇0 is the rate constant. The strain rate and temperature dependence of the
applied stress can be found by inverting equation 2.1:
∆G
kT
ε̇
)]
(2.2)
σ = ∗ sinh−1 [ exp(
v
ε̇0
kT
Here it can be seen that, at constant temperature, the applied stress correlates with
the logarithm of the plastic strain rate, while, at constant (plastic) strain rate, the
applied stress varies linearly with the temperature. Since the plastic strain rate
matches the macroscopically applied strain rate at the yield point, the yield stress
will show the same strain rate and temperature dependence [1, 17, 18]:
kT
ε̇
∆G
σy = ∗ sinh−1 [ exp(
)]
(2.3)
v
ε̇0
kT
The two different deformation processes, intra-lamellar and inter-lamellar deformation, which are observed in polyethylene will each contribute to the stress in an
additive way [1, 46]. The strain rate and temperature dependence of the yield stress
can then be described with the modified Ree-Eyring equation [1, 46]:
ε̇
kT
ε̇
kT
∆GI
∆GII
)] + ∗ sinh−1 [
)]
(2.4)
σy = ∗ sinh−1 [
exp(
exp(
vI
ε̇0,I
kT
vII
ε̇0,II
kT
Where the indices I and II refer to the intra-lamellar and inter-lamellar deformation
process respectively. A visual example of the applied stress vs. plastic rate curve
described with the modified Ree-Eyring equation is given in figure 2.1.

Figure 2.1: A plot of applied stress versus plastic flow rate at 23 °C (blue), 50 °C (green),
65 °C (red) and 80 °C (black) reproduced from Kanters et al. [1]. The open markers are data
points from constant strain rate experiments (yield stress), while the closed markers are data points
from constant load (creep) experiments. The lines are descriptions using the modified Ree-Eyring
equation.
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2.2.2

The analytical method of Furmanski et. al.:

As mentioned in an earlier paragraph, yield stress strongly correlates with two morphological parameters: crystallinity and lamellar thickness. Unfortunately, both
parameters also have a strong correlation with each other and it’s challenging to
vary these two parameters independently [31, 33, 43, 44]. In order to investigate
the effect of crystallinity and lamellar thickness independently, an analytical model
developed by Furmanski et al. was used to separate the influence of crystallinity
and lamellar thickness [45]. The strategy of Furmanski et al. was to choose either
crystallinity or lamellar thickness as the primary parameter, while the other parameter was chosen as the secondary parameter [45]. Subsequently, the yield stress was
decomposed into a component related to the crystalline fraction and a component
related to the amorphous fraction. When crystallinity is used as the primary parameter and lamellar thickness as the secondary parameter, this decomposition can
be described with the following equation [45]:
σy (ε̇, χc , Lc ) = χc × Cx,1 (ε̇, Lc ) + (1 − χc ) × Cx,2 (ε̇)

(2.5)

Where σy is the yield stress, χc is crystallinity, Lc is the lamellar thickness, Cx,1
is the component of the yield stress dependent on the crystalline fraction and Cx,2
is the component which is dependent on the amorphous fraction. Cx,1 is assumed
to have a linear dependence on the lamellar thickness, which can be written in the
following way [45]:
Cx,1 (ε̇, Lc ) = Lc × Cx,3 (ε̇) + Cx,4 (ε̇)
(2.6)
Where Cx,3 is the component of Cx,1 that is dependent on the lamellar thickness,
while Cx,4 is the component independent of the lamellar thickness. Inserting equation 2.6 into equation 2.5 and rewriting the equation yields the following result [45]:
σy (ε̇, χc , Lc ) = χc × (Lc Cx,3 (ε̇) + Cx,4 (ε̇) − Cx,2 (ε̇)) + Cx,2 (ε̇)

(2.7)

Since equation 2.7 shows a linear relation between yield stress and crystallinity, Cx,2
can be determined by extrapolating this relation to χc = 0. Equation 2.7 can, then,
be rewritten in the form of equation 2.8, which shows a linear relation with lamellar
thickness [45]:
σy (ε̇) − Cx,2 (ε̇)
= Lc Cx,3 (ε̇) + Cx,4 (ε̇) − Cx,2 (ε̇)
χc

(2.8)

Since all the terms on the left hand side are known, equation 2.8 can be used to
determine Cx,3 , the parameter that contains the lamellar thickness dependence of
the yield stress when lamellar thickness is the secondary parameter.
The positions of crystallinity and lamellar thickness are swapped when lamellar
thickness is used as a primary parameter and crystallinity as a secondary parameter.
In this case, after rewriting, equation 2.9 can be used to describe the relation between
yield stress and lamellar thickness [45]:
σy (ε̇, χc , Lc ) = Lc × (χc Cl,3 (ε̇) + Cl,4 (ε̇) − Cl,2 (ε̇)) + Cl,2 (ε̇)

(2.9)
17

Chapter 2: Effect of crystallinity and lamellar thickness on yield stress
Where Cl,2 , Cl,3 and Cl,4 are the lamellar thickness based counterparts to the crystallinity based Cx,2 , Cx,3 and Cx,4 respectively. From equation 2.9, Cl,2 can be
determined in a similar way as Cx,2 was determined from equation 2.7. Equation
2.9 can also be rewritten in a similar way to the its crystallinity based counterpart,
which yields equation 2.10 [45]:
σy (ε̇) − Cl,2 (ε̇)
= χc Cl,3 (ε̇) + Cl,4 (ε̇) − Cl,2 (ε̇)
Lc

(2.10)

Where Cl,3 shows the crystallinity dependence of the yield stress when crystallinity
is the secondary parameter.

2.3
2.3.1

Experimental section:
Materials:

A wide range of high-density polyethylene (HDPE) and linear low-density polyethylene (LLDPE) grades, with a strong variation in crystallinity and lamellar thickness
were used in this research. The most important material characteristics for these
grades are listed in Table 2.1, where a division is made between HDPE homopolymer, HDPE bimodal copolymer and linear low-density polyethylene (LLDPE). The
HDPE grades have been coded through a system that focuses on both the molecular
structure and the cooling procedure of the tested grades. Within the code APE-X Y -Z -C, A stands for the incorporated molecular architecture (H for homo-polymer,
B for bimodal), X, Y and Z indicate, respectively, the Mn , Mw and Mz of the grade
in kg/mole and C indicates the cooling procedure. Hence, a grade with the code
HPE-15-88-450-10pm is a homo-polymer grade with an Mn of 15 kDa, an Mw of
88 kDa and an Mz of 450 kDa that was cooled with a controlled cooling rate of
10 °C/min. The LLDPE grades were coded based on their grade name and cooling
rate.

18

Cooling procedure

Xv [% v]

Lc [nm]

La [nm]

HDPE homopolymer

HPE-15-88-450-KP
HPE-15-88-450-10pm
HPE-12-75-350-KP
HPE-12-75-350-20pm
HPE-12-75-350-10pm
HPE-12-75-350-5pm
HPE-12-75-350-ON
HPE-8.4-51-230-KP
HPE-8.4-51-230-20pm
HPE-8.4-51-230-10pm
HPE-8.4-51-230-5pm
HPE-8.4-51-230-ON
HPE-4.4-197-1790-KP
HPE-4.4-197-1790-20pm
HPE-4.4-197-1790-10pm
HPE-4.4-197-1790-5pm
HPE-4.4-197-1790-ON
HPE-9.4-136-1010-KP
HPE-9.4-136-1010-10pm
HPE-11-76-620-KP
HPE-11-76-620-10pm
HPE-6.5-207-1990-KP
HPE-6.5-207-1990-20pm
HPE-6.5-207-1990-10pm
HPE-6.5-207-1990-5pm
HPE-6.5-207-1990-ON

Cold press
10 °C/min
Cold press
20 °C/min
10 °C/min
5 °C/min
Overnight
Cold press
20 °C/min
10 °C/min
5 °C/min
Overnight
Cold press
20 °C/min
10 °C/min
5 °C/min
Overnight
Cold press
10 °C/min
Cold press
10 °C/min
Cold press
20 °C/min
10 °C/min
5 °C/min
Overnight

64.3
69.0
69.2
74.8
74.4
75.0
78.7
68.2
69.4
68.2
71.4
72.6
67.9
71.6
71.1
74.2
76.2
67.4
71.8
69.6
74.7
69.7
72.9
73.3
74.8
77.8

13.25
16.45
15.12
18.77
19.32
20.55
24.27
12.66
14.52
14.68
16.50
18.73
14.47
17.64
18.44
20.34
24.00
15.25
19.20
15.05
19.11
15.45
18.79
19.59
21.16
24.35

7.37
7.39
6.72
6.30
6.63
6.85
6.58
5.92
6.39
6.84
6.60
7.07
6.84
7.01
7.51
7.06
7.51
7.37
7.54
6.57
6.47
6.72
7.01
7.15
7.12
6.94

HDPE bimodal copolymer

BPE-7.7-276-3240-KP
BPE-7.7-276-3240-10pm
BPE-7.1-316-2880-KP
BPE-7.1-316-2880-10pm
BPE-9.2-222-1840-KP
BPE-9.2-222-1840-10pm
BPE-6.5-233-2280-KP
BPE-6.5-233-2280-10pm
BPE-7.5-415-2950-KP
BPE-7.5-415-2950-10pm

Cold press
10 °C/min
Cold press
10 °C/min
Cold press
10 °C/min
Cold press
10 °C/min
Cold press
10 °C/min

61.2
65.5
63.1
68.4
67.1
66.1
67.7
70.7
64.6
69.6

11.84
14.74
16.17
17.35
13.34
16.20
14.02
17.82
13.84
18.27

7.51
8.12
9.48
8.01
6.53
8.31
6.69
7.39
7.58
7.99

LLDPE

2.3. Experimental section:
Grade code:

LLDPE-118NE-KP
LLDPE-118NE-10pm
LLDPE-118NE-ON
LLDPE-726NE-KP
LLDPE-726NE-10pm
LLDPE-726NE-ON
LLDPE-430NE-KP
LLDPE-430NE-10pm
LLDPE-430NE-ON

Cold press
10 °C/min
Overnight
Cold press
10 °C/min
Overnight
Cold press
10 °C/min
Overnight

44.5
49.4
51.6
49.3
51.7
55.4
52.2
55.6
57.6

7.31
9.12
11.04
8.53
10.13
12.23
9.00
10.57
12.83

9.15
9.34
10.38
8.77
9.48
9.83
8.23
8.45
9.45

Table 2.1: Morphological parameters HDPE and LLDPE grades
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2.3.2

Sample preparation:

HDPE and LLDPE samples were compression moulded as 1-1.5 mm thick sheets
at 200 °C in a 200×100×1.5 mm3 mould. The material was first allowed to melt
without external pressure, after which the pressure was cycled between 0 and 20 kN
in order to degas the material. The pressure was increased stepwise to 100 kN and,
subsequently, the samples were compression moulded for 3 minutes. The samples
were then cooled at various cooling rates, both in a controlled fashion (at cooling
rates of 5, 10 and 20 °C/min) and semi-controlled fashion. For the semi-controlled
cooling, two different methods were used: overnight cooling after switching off the
press (approximately 0.5 °C/min) and cooling in a water cooled press (approximately
50°C/min). After compression moulding, dog-bone shaped samples with a gauge
length of 54 mm and a nominal width (within the narrow section) of 5 mm were
die punched out of the compression moulded sheets. The exact thickness and width
of the tensile samples were measured at three different places within the narrow
section of the sample with a caliper with a precision up to 0.001 mm. The smallest
cross-section of the three measured points was used to calculate the yield stress.

2.3.3

Specimen testing:

Tensile specimens were tested on a Zwick Z010 tensile testing machine equipped with
a temperature chamber, both at constant strain rate and at constant engineering
stress. Strain rates were varied between 10−5 and 10−3 s−1 , while the testing temperature was kept at 65 °C. Constant engineering stress (creep) measurements were
performed for a wide range of applied stresses at the same temperature that was
used for the constant strain rate experiments. The engineering stress was applied
within 10 seconds and subsequently kept at the same level until final failure. The
applied stress was chosen in such a way that the time-to-final-failure was between
300 and 106 seconds. Tensile samples for measurements at elevated temperatures
were allowed to acclimatize for at least 5 minutes before the start of the experiment.
The clamp-to-clamp distance was 54 mm and was adjusted before the measurements
to remove any tensile or compressive stresses imposed during the loading of the sample. Before the start of the tensile measurement, a pre-load of 0.1 MPa was applied
at a speed of 1 mm/min.
For the constant strain rate experiments, a video extensometer was used to optically
measure the strain in the narrow section of the tensile bar and locally control the
applied strain rate. Two round markers were placed on the narrow section of the
tensile specimen, approximately 25-30 mm apart. A uEye gigabit Ethernet camera
with a 25 mm, 1:1.6 magnification C-mount lens was used, together with a light
source, to register the movement of the markers. The field of view was approximately
115 mm. The difference in contrast between the center and the outer ring of the
marker was used to optically track the marker over time. Zwick VideoXtens software
was used to calculate the strain from the images and control the strain rate of the
tensile tester.
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2.3.4

Determination of yield stress and Young’s modulus from
tensile data:

The engineering yield stress was obtained by finding the first maximum in the engineering stress through the derivative of stress with respect to strain. The yield
stress was chosen at the datapoint where this derivative was closest to zero. Due to
the shape of the tensile curves, the yield stress was derived locally around the strain
value where the first maximum would be expected (which was around 10 %). In
the cases where no distinct first maximum in the curve could be found (due to the
curve reaching a plateau or a second maximum at larger strains), the yield stress
was taken at 10%. The engineering yield stress was subsequently converted to the
true yield stress. The Young’s modulus was obtained by determining the slope of a
linear fit through the data points of the stress - strain curve between 0.1 and 0.4 %
strain.

2.3.5

Small and wide angle X-ray measurements:

X-ray measurements have been performed on a Bruker D8 Discover system, equipped
with a Cu-tube and Montel primary optics to provide a highly parallel beam, collimated at 0.2 mm spot focus size. CuKα radiation with a wavelength of 1.54
angstrom was used to perform the measurements. For wide angle X-ray diffraction
(WAXD) measurements, An Eiger2R_500K detector with a pixel size of 75×75 µm2
was placed at a sample to detector distance of 33.4 mm and an acquisition time of
120 seconds was maintained. For small angle X-ray scattering (SAXS) measurements, a sample to detector distance of 479.1 mm and an acquisition time of 900
seconds were used. The patterns obtained for both WAXD and SAXS were background subtracted and radially integrated to obtain intensity versus scattering angle
2-θ or scattering vector q for WAXD and SAXS respectively, where the scattering
vector q was calculated from 2-θ using Bragg’s law [49]:
q=

4π
sin (θ)
λ

(2.11)

Where λ is the wavelength of the radiation and θ is half of the scattering angle
2-θ. The crystallinity of the polyethylene samples was calculated from the WAXD
measurements by integrating the baseline corrected intensity as a function of 2θ and subtracting the integrated intensity of the amorphous halo to obtain the
integrated intensity of the crystalline fraction. The weight fraction crystallinity χw
was obtained by using the following formula [49]:
χw =

Cc
Ctot − Ca
=
Ctot
Ctot

(2.12)

Where Ctot is the total integrated intensity, Cc is the integrated intensity of the
crystalline fraction and Ca is the integrated intensity of the amorphous halo [49].
The long period was determined by finding the scattering vector q for the maximum
of the Lorentz-corrected intensity (Iq 2 ) [42, 49] using the following equation:
Lp =

2π
qmax

(2.13)
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Where qmax is the scattering vector at the maximum of Iq 2 . The lamellar thickness
was calculated from the long period and the volume fraction crystallinity through
the following formula [49]:
Lc = χv × Lp
(2.14)
Here, χv is the volume fraction crystallinity, which is calculated from the weight
fraction crystallinity through the following formula [49]:
χv =

χw
ρc

χw
ρc
w)
+ (1−χ
ρa

(2.15)

Where ρc and ρa are the densities of the crystalline and amorphous phase respectively.

2.4
2.4.1

Results and discussion:
Crystallinity and lamellar thickness:

The lamellar thickness of the HDPE and LLDPE grades is plotted against the crystallinity in figure 2.2. As can be seen in this figure, lamellar thickness increases with
increasing crystallinity and the crystallinity and lamellar thickness of the HDPE
grades is, in general, higher than that of LLDPE grades. The most notable observation that can be made from figure 2.2 is that the slope of the curve changes
depending on the type of polyethylene used (HDPE or LLDPE). While a linear
correlation can be seen between crystallinity and lamellar thickness for both HDPE
and LLDPE grades separately, the slope for this correlation appears steeper for
HDPE than for LLDPE. From this it can be deduced that the lamellar thickness for
LLDPE grades shows a much weaker dependence on crystallinity (and, therefore,
cooling rate) than the lamellar thickness for HDPE grades. This effect can be attributed to the higher short chain branching (SCB) content in the LLDPE grades as
compared to the HDPE grades. Since (most) SCB cannot be incorporated into the
crystalline lamella, they limit the size of the chain segment that can be incorporated
in the crystal and, hence, the lamellar thickness [14, 50–52]. This effect becomes
stronger at lower cooling rates, since the lamellar thickness is less limited by crystallization kinetics at those cooling rates, which leads to a more gradual slope for
the LLDPE grades. These results indicate that increasing the amount of SCB has a
detrimental effect on both crystallinity and lamellar thickness and that the effect is
stronger for lamellar thickness than for crystallinity, which is consistent with other
literature findings [14, 16, 19, 50, 52–54]. Since yield stress is expected to have a
linear correlation with either crystallinity or lamellar thickness (or both) [33, 42],
an adverse effect of increasing SCB content on yield stress is also expected.
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Figure 2.2: A plot of crystallinity versus lamellar thickness for HDPE and LLDPE grades compression moulded at various cooling rates (see table 2.1). The red markers are LLDPE grades,
while the blue markers are HDPE grades.

2.4.2

Yield stress:

2.4.2.1

Yield stress vs. strain rate:

Figure 2.3 shows the yield stress as a function of strain rate for several HDPE and
LLDPE grades. The yield stress is seen to increase over the entire range of strain
rates with increasing crystallinity and lamellar thickness. As can be seen from
the curves, two slopes are visible for each grade, which can be related to the two
deformation mechanisms mentioned in section 2.2.1 (intra- and inter-lamellar deformation). The inflection point, where the contribution of the second process starts
to become significant with increasing strain rate, is seen to shift to lower strain rates
with increasing crystalline content. This is due to the stronger dependence of interlamellar deformation on the crystalline fraction when compared to intra-lamellar
deformation [1, 26], which increases the contribution of inter-lamellar deformation
at lower strain rates. It can also be seen that the yield stress of the LLDPE grades
is significantly lower than that of the HDPE grades, which can be attributed to a
higher SCB content (see section 2.4.1).
Yield stress [MPa]

16
14
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Lc
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Figure 2.3: A plot of yield stress versus strain rate for several HDPE and LLDPE grades. The
red markers are LLDPE grades, while the blue markers are HDPE grades. The solid and dashed
lines are modelled using the modified Ree-Eyring equation. The specific values of crystallinity and
lamellar thickness for these grades are (from lowest to highest): χv = 0.516, Lc = 11.04 nm (red
circles), χv = 0.576, Lc = 12.83 nm (red squares), χv = 0.684, Lc = 17.35 nm (blue circles), χv
= 0.787, Lc = 24.27 nm (blue squares)
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2.4.2.2

Correlation with crystallinity and lamellar thickness:

The yield stress is shown as a function of crystallinity and lamellar thickness for
strain rates ranging from 10−5 to 10−3 s−1 in figures 2.4a and 2.4b respectively.
A linear correlation of yield stress with both crystallinity and lamellar thickness
can be seen in the aforementioned figures. Several noteworthy remarks can be
made upon closer examination of the curves. First of all, unlike the trend seen for
the crystallinity-lamellar thickness correlation, the data points for both HDPE and
LLDPE grades can be described with the same linear correlations. This is more
obvious for the correlations of yield stress with crystallinity as compared to the correlations with lamellar thickness. The above mentioned results for the HDPE and
LLDPE grades, however, indicate that the linear correlation between yield stress and
crystallinity is not necessarily explained by a linear correlation between crystallinity
and lamellar thickness, as was mentioned by several other authors [31, 33], since the
correlation between crystallinity and lamellar thickness is not entirely linear when
HDPE and LLDPE grades are regarded collectively. Second of all, a better correlation is seen between yield stress and crystallinity over the entire range of strain
rates as compared to the correlation between yield stress and lamellar thickness, as
shown by the results in figures 2.4a and 2.4b. This is also reflected in the R2 -values
for the linear fits, which are equal to 0.912, 0.951 and 0.955 for the crystallinity
correlation at 10−5 , 10−4 and 10−3 s−1 respectively, compared to 0.686, 0.784 and
0.845 for the lamellar thickness correlations. As can be seen, decreasing the strain
rate has a (relatively small) diminishing effect on the strength of the correlation of
yield stress with crystallinity and lamellar thickness. This is related to the decrease
in yield stress with decreasing strain rate, which increases the relative magnitude of
the errors. The improved correlation of yield stress with crystallinity is consistent
with results observed in literature [42, 45].
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Figure 2.4: A plot of yield stress versus crystallinity (a) and lamellar thickness (b) at a strain
rate of 10−3 s−1 (green), 10−4 s−1 (black) and 10−5 s−1 (purple). The coloured lines show the
optimal linear fits through the data points for each strain rate.

Further support for the correlation between yield stress and crystallinity can be
found when the Furmanski method is used to analyse the yield stress data, as can
be seen in figures 2.5a and 2.5b. When crystallinity is used as a primary parameter
(figure 2.4a) and lamellar thickness is used as a secondary parameter (figure 2.5a),
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all of the data points in figure 2.5a fall on nearly horizontal lines, as is reflected
by R2 -values of 0.0089, 0.0011 and 0.0047 for the fits at 10−5 , 10−4 and 10−3 s−1
respectively. This means that, when crystallinity is used as a primary parameter,
there is no further dependence of the yield stress on lamellar thickness, which suggests that crystallinity inherently contains the dependence of yield stress on lamellar
thickness. The most notable effect of strain rate on the correlation of crystallinity
with yield stress is an increase in slope with increasing strain rate. This increase
can be attributed to the stronger contribution of inter-lamellar deformation (process
II) at higher strain rates [1, 26–28]. The change in slope is also seen as a vertical
shift in the results of the Furmanski analysis, shown in figure 2.5a. Conversely, if
lamellar thickness is used as a primary parameter (figure 2.4b) and crystallinity is
used as a secondary parameter (figure 2.5b), the data points in figure 2.5b show
a secondary dependence of yield stress on crystallinity, albeit with a relatively low
R2 -value (R2 = 0.306, 0.302 and 0.29 at 10−5 , 10−4 and 10−3 s−1 respectively).
The secondary dependence of yield stress on crystallinity (see figure 2.5b) shows
approximately the same slope at every strain rate, which indicates that the contribution of this secondary dependence is nearly independent of strain rate within this
range of strain rates. While this may be related to the (relatively) narrow range
of employed strain rates, this is at least an indication that both intra-lamellar and
inter-lamellar deformation are influenced similarly by the secondary dependence on
crystallinity. The results presented in this section indicate that a correlation between yield stress and lamellar thickness doesn’t provide the complete picture, since
a secondary dependence on crystallinity can be found. Comparison between figures
2.5a and 2.5b, therefore, shows that yield stress cannot be correlated exclusively
with lamellar thickness, while such a correlation does exist with crystallinity. This
implies that crystallinity is the core morphological parameter that determines the
yield stress instead of lamellar thickness.

( y-Cl,2)/Lc [MPa/nm]

1

30

( y-Cx,2)/

v

[MPa]

40

20
10

10 -3 s-1
10 -4 s-1
10 -5 s-1

0

10 -3 s-1
10 -4 s-1

0.8

10 -5 s-1

0.6
0.4
0.2
0

0

5

10

15

20

25

Lamellar thickness [nm]
(a) Yield stress: Secondary dependence on Lc

30

0

0.2

0.4

0.6

0.8

1

Crystallinity [-]
(b) Yield stress: Secondary dependence on χv

Figure 2.5: The Furmanski analysis of the yield stress derived for crystallinity and lamellar
thickness at a strain rate of 10−3 s−1 (green), 10−4 s−1 (black) and 10−5 s−1 (purple). (a) uses
crystallinity as a primary parameter and lamellar thickness as a secondary parameter, while the
reverse is true for (b). The coloured lines show the optimal linear fits through the data points for
each strain rate.

Even though the link between yield stress and crystallinity is far more promising
than the connection with lamellar thickness, it lacks the theoretical backing that is
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seen for the relation between yield stress and lamellar thickness [31, 33, 42, 55]. The
correlation between yield stress and lamellar thickness is supported directly by the
crystal slip model, which shows a linear correlation between the length of the crystalline stem (or lamellar thickness) and the activation energy required to nucleate
and propagate a screw dislocation (crystal slip) [31, 33–38, 55]. A similar connection
between yield stress and crystallinity can only be made indirectly, through a linear
correlation between crystallinity and lamellar thickness [31, 33]. This correlation,
however, doesn’t explain the presence of a secondary dependence on crystallinity
seen for lamellar thickness, nor the absence of such a secondary dependence when
crystallinity is used as a primary parameter. This would indicate that the correlation
between yield stress and crystallinity can’t be described by an indirect connection
with lamellar thickness alone. The results shown above, therefore, imply that there
is an additional component contributing to the yield stress which can’t be directly
related to the lamellar thickness dependence of the crystal slip model.
Since no other contribution, besides crystal slip processes, is expected from the
crystalline phase, the additional contribution could plausibly be attributed to the
mobility (or flexibility) of the amorphous phase [42]. While the amorphous phase
doesn’t have a viable deformation mechanism of its own, due to the Tg of amorphous
polyethylene being far below room temperature, it does have an indirect influence
on the crystal slip mechanism [29, 32]. As mentioned in literature on the crystal slip
model, there is a preferred orientation of the crystal lamellae with regards to the
direction of the tensile stress, where the resolved shear stress reaches a maximum
[26–29]. In isotropic polyethylene, only a small fraction of the lamellae will be in
this preferred orientation, while the remainder are in a suboptimal orientation. One
mechanism through which some of these lamellae can reach a more optimal orientation is by motion of the lamellae through inter-lamellar separation and (partial)
stack rotation [29, 32]. The mobility required for this motion is provided by the
amorphous phase, where a more rigid amorphous phase will increase the required
energy for the aforementioned processes to take place. Note that the mobility of the
amorphous phase affects every slip system in a similar way, since each slip system
has its own optimal orientation with regards to the tensile axis. The mobility of
the amorphous phase can be directly correlated to the concentration of entanglements in the amorphous phase [42]. Here it should be noted that, while the absolute
amount of entanglements in the material changes little with crystallinity [15, 40],
its concentration in the amorphous phase will strongly increase with crystallinity
due to a substantial decrease in the amorphous volume fraction with crystallinity.
This is also reflected by the secondary dependence of yield stress on crystallinity,
when lamellar thickness is the primary parameter, which shows an increase of the
corrected yield stress with crystallinity. Hence, the crystallinity shows an improved
correlation with yield stress because it captures the influence of both the lamellar
thickness and the amorphous phase mobility. However, it should be noted here that
the molecular weight distribution (MWD) also has a relatively small, cumulative
effect on the amorphous mobility, as it influences the fraction of ineffective entanglements (which will not affect the mobility of the amorphous phase) in the material
[56].
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Figure 2.6: A plot of yield stress versus strain rate for HPE-6.5-207-1990-10pm at two different
irradiation doses. The unirradiated material is shown by the blue markers, while the black markers
show the material irradiated with a dose of 150 kGy. The solid lines are fitted with the modified
Ree-Eyring equation. Differences in crystallinity and lamellar thickness between the unirradiated
and irradiated material were small enough to be considered negligible.

While most of the evidence given in this publication merely shows the effect of the
amorphous phase indirectly, direct evidence can be found in experimental work on
irradiated polyethylene, where yield stress is shown to increase with radiation dose
at moderate doses [57, 58]. This effect is also shown in figure 2.6, where a significant increase in yield stress is seen over a range of strain rates upon irradiation
with β-radiation (or e-beam radiation). Upon irradiation, radicals are formed on
the polymer chains, which can recombine into cross-links [59, 60]. Since cross-links
can’t be formed in the crystalline phase, due to inability of bond formation between
the chains in the crystal lattice, the radiation will only strengthen the amorphous
phase [59–61]. Therefore, the increase in yield stress can be solely attributed to
cross-linking of the amorphous phase. Since cross-linking of the amorphous phase
significantly reduces its mobility, the increase in yield stress upon irradiation is a
strong indication that the mobility of the amorphous phase has a profound effect on
the yield stress. A more thorough investigation into the effect of irradiation crosslinking on the long term properties of polyethylene is in the works and will be the
topic of a subsequent publication.
As a final note, it should be mentioned here that the modified Ree-Eyring equation
(see section 2.2.1) can also be used to predict the influence of crystallinity on the
long-term plasticity-controlled failure of polyethylene [1]. However, several additional aspects, such as temperature and hydrostatic pressure dependence, have to
be determined for all of the investigated grades in order to obtain an accurate longterm prediction [1]. Furthermore, data from long-term hydrostatic pressure testing
(up to 1.5 years) is required to verify the predictions obtained for the various grades.
Since this is outside the scope of the current study, long-term predictions will not
be treated in this publication.
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Young’s modulus:

2.4.3.1

Correlation with crystallinity and lamellar thickness:
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Figure 2.7: A plot of Young’s modulus versus crystallinity (a) and lamellar thickness (b) at a
strain rate of 10−3 s−1 (green), 10−4 s−1 (black) and 10−5 s−1 (purple). The coloured lines show
the optimal linear fits through the data points for each strain rate.

As mentioned in the introduction, Young’s modulus in polyethylene is hypothesized
to be solely related to the crystallinity [16, 62], without any additional contribution originating from the lamellar thickness. In order to test this hypothesis, the
Young’s modulus is shown for different strain rates as a function of crystallinity and
lamellar thickness in figures 2.7a and 2.7b respectively. The observed results are
similar to the ones seen for yield stress: a better correlation of Young’s modulus
is seen with crystallinity compared to lamellar thickness over the entire range of
strain rates (R2 = 0.905, 0.915 and 0.906 for crystallinity at 10−5 , 10−4 and 10−3
s−1 respectively, compared to 0.796, 0.849 and 0.826 for lamellar thickness). The
slope of the correlations increase, once again, with increasing strain rate, which can
be related to a stronger elastic response of the material with increasing strain rate.
This is also reflected by the vertical shift of the data in the Furmanski analysis plots
for crystallinity and lamellar thickness (figures 2.8a and 2.8b respectively). The Furmanski analysis with lamellar thickness and crystallinity as secondary parameters
also yields the same results as the analysis for yield stress above: while there is no
secondary dependence on lamellar thickness when crystallinity is used as primary
parameter, a secondary dependence on crystallinity is seen when lamellar thickness
is the primary parameter. The results shown in figures 2.7 and 2.8 indicate that
crystallinity is the core parameter that determines Young’s modulus, which is in
accordance with literature [16, 62].
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Figure 2.8: The Furmanski analysis of the yield stress derived for crystallinity and lamellar
thickness at a strain rate of 10−3 s−1 (green), 10−4 s−1 (black) and 10−5 s−1 (purple). (a) uses
crystallinity as a primary parameter and lamellar thickness as a secondary parameter, while the
reverse is true for (b). The coloured lines show the optimal linear fits through the data points for
each strain rate.

It should be noted here that, even though a fairly good linear correlation is seen between crystallinity and Young’s modulus, some curvature is visible, which indicates
a non-linear relation between crystallinity and Young’s modulus. This curvature can
be noticed over the entire range of strain rates (see figure 2.9a), although the severity
of the curvature decreases with decreasing strain rate. It can also be noted as the
reason for the lower R2 -value when the correlation between crystallinity and Young’s
modulus is compared to the correlation with yield stress. A non-linear dependence
of Young’s modulus on crystallinity has been seen before in literature [16, 62], where
the non-linear behaviour has been commonly attributed to the intricate dependence
of the Young’s modulus on the moduli of the crystalline and amorphous phases and
their respective volume fractions [16, 31, 62, 63]. However, Crist et al. have shown
that most of the variation in the Young’s modulus could be attributed to a variation in the amorphous modulus [31]. Since the amorphous phase is in the rubbery
state, the amorphous modulus will scale linearly with the concentration of entanglements in the amorphous phase, since they act as physical cross-links. Since the
absolute amount of entanglements in the amorphous phase changes little with degree
of crystallinity [15, 40], the concentration of entanglements in the amorphous phase
will scale inversely with the amorphous fraction (1 − χv ), which is also reflected by
the considerable increase in amorphous modulus with crystallinity [16, 31]. When
the Young’s modulus is assumed to be proportional to 1/(1 − χv ) (see figure 2.9a
and 2.9b), a somewhat better correlation is recovered, which takes into account the
aforementioned curvature seen in figure 2.7a.
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Figure 2.9: A plot of Young’s modulus versus crystallinity, comparable to figure 2.7a (a), and a
plot of Young’s modulus versus 1/(1 − χv ) at a strain rate of 10−3 s−1 (green), 10−4 s−1 (black)
and 10−5 s−1 (purple). The lines, in this case, are the optimal linear fits through the data points
using 1/(1 − χv ) as the fitting variable.

2.4.3.2

Correlation with yield stress:

As mentioned earlier, a good correlation is commonly observed between yield stress
and Young’s modulus [23]. This correlation is also shown for a strain rate of 10−4
s−1 in figure 2.10a. Despite the good linear correlation (R2 = 0.952), a curvature
comparable to the one observed in figure 2.7a is seen for the data in figure 2.10a.
Since yield stress and crystallinity show a linear correlation (see section 2.4.2), this
curvature can be explained by the same reasoning that was proposed for the curvature seen in the Young’s modulus vs. crystallinity graphs (see 2.4.3.1). In fact, one
could replace the crystallinity χv in 1/(1 − χv ) with a dimensionless yield stress to
obtain a similar correlation between Young’s modulus and yield stress:
E∝

1
1 − σy,d

(2.16)

With the dimensionless yield stress σy,d given by:
σy,d =

σy
σy,e

(2.17)

Where σy,e is the value of the yield stress at χv = 1 extrapolated from the linear
fit in figure 2.4a at a strain rate of 10−4 s−1 . A plot of Young’s modulus against
yield stress using 1/(1 − σy,d ) as a variable for the linear fit (figure 2.10b) shows
an improved correlation which properly describes the curvature seen in figure 2.10a,
comparable to the result seen for crystallinity in section 2.4.3.1. The improvement
in the strength of the correlation is much more notable for yield stress compared to
crystallinity, which is reflected by the R2 -value (R2 = 0.978). The good correlation
between Young’s modulus and 1/(1 − σy,d ) provides additional confirmation for the
relation between yield stress and crystallinity, since the two parameters interchangeably provide the same correlation with Young’s modulus.
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2.5

Conclusions:

In the present study, the effect of crystallinity and lamellar thickness on the yield
stress and Young’s modulus of HDPE and LLDPE grades is evaluated, where variation in crystallinity and lamellar thickness is achieved by changing both the cooling
rate and the short chain branching content of the polyethylene grade. Linear correlations with different slopes are observed between crystallinity and lamellar thickness
for the HDPE and LLDPE grades, leading to a non-linear correlation when both
data sets are combined. The difference in slope can be attributed to the significantly
higher SCB content in the LLDPE grades compared to HDPE. Upon correlation
of crystallinity and lamellar thickness with the mechanical properties, crystallinity
showed a markedly better, linear correlation with both yield stress and Young’s modulus than lamellar thickness. The analytical method of Furmanski et al. was used
to evaluate the primary and secondary dependence of both the yield stress and the
Young’s modulus on crystallinity and lamellar thickness, both respectively and vice
versa. For both yield stress and Young’s modulus, it was found that no significant
secondary dependence on lamellar thickness can be discerned when crystallinity is
used as a primary parameter, while a secondary dependence on crystallinity can be
seen when lamellar thickness is the primary parameter. From this, it is proposed
that the yield stress is affected by crystal slip processes that are enabled by the
mobility (or flexibility) of the amorphous phase, which are both governed by crystallinity. Further support for this explanation is found in preliminary measurements
performed on irradiated polyethylene, where an increase in yield stress is observed
upon cross-linking of the amorphous phase. Additionally, a somewhat non-linear
dependence of Young’s modulus on crystallinity was observed, which can also be
explained by stiffening of the amorphous phase with increasing crystallinity.
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3

Influence of molecular weight
distribution on fatigue crack
propagation of high-density
polyethylene homopolymers

Abstract:
The present study reports the influence of the molecular weight distribution (MWD)
on the crack growth kinetics of fatigue crack propagation in high-density polyethylene (HDPE) homopolymers. Compact Tension specimens of HDPE homopolymer
grades with systematic variation in both Mn and Mw are tested under cyclic loading
at temperatures ranging between 23 and 92 °C. Linear elastic fracture mechanics (LEFM) is shown to apply for the chosen geometry (compact tension) through
variation of sample thickness. Subsequently, it is shown, through application of the
Paris-Erdogan law, that the Paris-Erdogan exponent m is similar for all of the tested
grades (m = 3.9), which implies that the Paris-Erdogan pre-factor A is the governing
parameter for the crack growth kinetics. Relatively poor correlations are observed
when the pre-factor A is plotted as a function of both the tie-molecule fraction derived from the theoretical model by Huang and Brown and the average number of
effective physical cross-links per chain as derived by Tervoort et. al.. A far better
correlation is observed between pre-factor A and Mw , which can be further improved
when Mw is corrected for the width of the MWD through use of the ratio Mz/Mw . The
power law correlation of pre-factor A with Mw and the width corrected Mw reveals
a slope of -3.41 and -3.28 respectively, which would suggest that the deformation
of the fibril has an apparent connection with long-term relaxation processes such
as reptation. Since reptation within the fibril is inhibited by the crystalline blocks,
investigation into the temperature dependence of the crack growth kinetics is performed to identify the deformation process. This investigation reveals the existence
of a high temperature and a low temperature deformation process, both of which
can be related to chain slip mechanisms in the crystalline and amorphous phase
through their respective activation energies (125 and 50 kJ/mole). Additionally,
both the temperature dependence and the minor effect of lamellar thickness on the
crack growth kinetics confirm that the amorphous phase process is governing the
crack growth kinetics at room temperature. Furthermore, the elevated temperature
measurements of a collection of homopolymer grades reveal that the MWD has no
influence on the temperature dependence for HDPE homopolymers.
Reproduced from: R.R.J. Cerpentier, T. van Vliet, T.A. Tervoort,
M.J. Boerakker, L.E. Govaert. To be submitted to Macromolecules
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3.1

Introduction:

Since its conception in the 1950’s, high-density polyethylene (HDPE) has seen increasing use in pressure pipe applications for water and gas transport [1–3]. Regarding their long-term use in these applications, information about their lifetime
under stress is of great relevance, which is expressed by the term ’Minimum Required
Strength’ (MRS), the extrapolated stress at which failure occurs after 50 years at
room temperature, which is used in classification of polyethylene pipe grades [1, 4].
The long term failure properties of HDPE pipes are controlled by three distinct failure mechanisms: I) plasticity-controlled failure, II) crack-growth-controlled failure
and III) degradation-controlled failure [1, 5–8]. These failure mechanisms work simultaneously on the material, until ultimate failure is reached through one of them
[1, 8–10]. However, developments in stabilizer systems have led to great improvements in the chemical stability of HDPE pipe grades [1, 3]. Hence, degradationcontrolled failure is no longer regarded as a limiting factor in the long-term application of HDPE [1, 3].
In the past, crack-growth-controlled failure has been at the centre of most investigations into long-term failure of polyethylene, since failure at large timescales (50 years
or more) was almost exclusively linked to this type of failure [2, 7, 10–14]. However, since the introduction of bimodal pipe grades, the (extrapolated) slow crack
growth mechanism has shifted to timescales beyond the service lifetimes required for
pressure pipe applications [14, 15]. Therefore, studies into the plasticity-controlled
failure mechanism (and the material parameters that influence this failure type) have
become more relevant recently [7, 16, 17]. Investigation into the material parameters
that affect plasticity-controlled failure, however, have led to the remarkable insight
that the use of co-polymerization in bimodal pipe grades, which greatly improves
resistance to crack-growth-controlled failure in certification tests, is a limiting factor
in the resistance to plasticity-controlled failure. This limitation is related to the
reduction in crystallinity, caused by the short chain branches (SCB) that are introduced with co-polymerization [15–17] (see chapter 2). Furthermore, attempts to
improve the resistance to plasticity-controlled failure for pipe grades have led to a
reduction in resistance to slow crack growth [10]. This has led to a situation where
optimization of the material properties for either of the failure mechanisms leads to
a suboptimal performance with regards to the other mechanism [10]. Hence, a different approach is needed to further improve both failure mechanisms for polyethylene
pipe grades simultaneously.
In order to raise the MRS of polyethylene pipe grades, a more detailed investigation
of the effect of morphological and molecular parameters on the failure mechanisms
is needed. Since a previous study focused on plasticity-controlled failure, this chapter/article will focus on the crack-growth-controlled failure process. When slow
crack growth is studied on a microscopic scale, it can be seen that, after initiation of
crack growth, the crack growth kinetics are controlled by the formation and breakdown of the craze in front of the crack [5, 7, 18]. This craze exists of highly oriented
craze fibrils, which deteriorate and elongate under stress until they break, forming
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the fracture surface in the process [5, 7]. While both formation and breakdown of
the craze have an influence on the crack growth kinetics, breakdown of the craze is
usually the rate-determining step in the crack growth process [5, 11, 12, 19]. This
places additional emphasis on (molecular) parameters that influence the breakdown
of the craze fibrils, as deceleration of fibril breakdown also slows down the crack
propagation rate [7, 11, 19, 20].
Since the 1980’s, the tie-molecule fraction has been seen as one of the main parameters that influences the deformation and breakdown of craze fibrils in polyethylene
[6, 10, 11, 15, 19]. Tie-molecules form connections between adjacent crystalline
lamellae (or, if the lamellae have been fractured, lamellar blocks) and therefore hold
these crystalline parts together [6, 10, 11, 19]. Hence, it has been suggested in literature that tie-molecules improve the connectivity between crystalline blocks in the
craze fibrils, leading to a better stress distribution over the fibril and, therefore, to
lower deterioration rates for the fibril [10, 11, 21]. A statistical model, relating the
probability of forming a tie-molecule to the molecular weight of a polymer chain,
has been proposed by Huang and Brown in the late 1980’s [11, 19]. This model
uses the distance between two adjoining lamella (2×Lc+La) derived from crystallographic (X-ray) analysis as a criterion and compares it with the root mean square
end-to-end distance of a polymer chain in the melt [11]. If this distance is smaller
than 2×Lc+La, the probability of tie-molecule formation is zero. If it is larger than
2×Lc+La, the probability of tie-molecule formation is greater than zero, reaching
a maximum of 1/3 for chains with infinitely large end-to-end distances. Since the
conception of this theory, various authors besides Huang and Brown have used or
adapted their formula to find a correlation between crack growth kinetics and tiemolecule content [16, 22, 23]. In addition, several experimental methods, such as
brittle fracture strength [6, 11, 16], IR-Raman spectroscopy [24] and electron spin
resonance (ESR) spectroscopy [25] have been developed for determination of the
tie-molecule fraction.
Even though the theoretical approach of Huang and Brown has been used and
adapted extensively [15, 16, 19, 22, 23], there are some aspects that haven’t been
taken into account in the original equation. The most notable one is short chain
branching, in particular for bimodal copolymer grades, where the branches are
placed on the high molecular weight chains [14, 15, 22]. In this case, the effect on
the crack growth kinetics is far greater than one would expect, even when the variation in crystallinity and lamellar thickness would be taken into account [15, 22, 26].
This has been explained by the inability of these SCB to be incorporated into the
crystalline lamella, ensuring that parts of the chain with a branch will be present
in the amorphous phase, where they will form tie-molecules [15, 22]. Even though
it was not present in the original equation, a method to incorporate the effect of
short chain branching into the statistical equation of Huang and Brown has been
developed by Deslauriers and Rohlfing [22]. Another notable aspect that wasn’t considered in the original equation by Huang and Brown is the degree of connectivity
provided by tie-molecules of different length [11, 19, 26–28]. Within the statistical equation of Huang and Brown, each polymer chain that forms a tie-molecule
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has the same effectiveness, regardless of how many crystalline lamella it connects
[11, 19, 28]. This is rather unexpected, since long chains should improve the connectivity between the crystalline lamella more than short chains and, additionally, form
more trapped entanglements in the amorphous layers [21, 28]. This would indicate
that a tie-molecule formed by a long polymer chain should have more difficulty with
disentanglement and relaxation than a tie-molecule formed by a short chain, making
it more plausible to increase the resistance to slow crack growth [16, 19, 28]. Similar
observations were made by Zhou et. al., who noted that the resistance to slow crack
growth increased rapidly when a continuous network was formed by crystalline domains linked to one another with tie-molecules [26, 27].
While the approach by Huang and Brown has been used extensively, the large quantity of required input data (MWD, SCB type and content, crystallinity and lamellar
thickness) makes it rather difficult to determine the tie-molecule fraction solely based
on the (limited) data provided by data sheets and literature sources. Therefore, it
would be convenient to find a parameter that provides a good correlation with the
crack growth kinetics, while using merely the limited amount of data provided by
literature. One way of reaching this goal would be to perform a parametric analysis varying the most readily accessible parameters found in literature. This would
allow us to identify the parameters that have the greatest influence on the crack
growth kinetics with only a fraction of the required input data. In this publication, such a parametric analysis will be performed for HDPE homopolymer grades.
The parameters that will be varied are the molecular moments (Mn , Mw and Mz )
and the lamellar thickness, since these parameters are the easiest to vary systematically. Variation in the number and placement of SCB will not be included in
the parametric analysis of this publication, since elimination of this variable would
allow us to separate the effect of MWD and morphology from the branching content. In order to obtain a significantly large variation in molecular moments, HDPE
homopolymer grades have been designed with systematic variation in both Mn and
Mw (and therefore also in polydispersity index (PDI)). In addition, several grades
have been selected to undergo large variations in cooling rate in order to vary the
lamellar thickness independently from the MWD. The correlation with these parameters will be compared to the correlation with the tie-molecule fraction derived
from the formula of Huang and Brown [11, 19].

3.2
3.2.1

Theoretical background:
Theoretical model of Huang and Brown:

As mentioned in the introduction, Huang and Brown have proposed a statistical,
theoretical approach for the probability of tie-molecule formation in the late 1980’s
[11, 19]. The basic assumption for their calculation was that a tie-molecule will only
have a non-zero probability to form if the end-to-end distance of the molecule in the
melt is greater than the distance between adjoining lamella [11, 19]. The formula
for the root mean square end-to-end distance is given by [11, 19]:
r̄ = (C∞ nl2 )1/2
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Where D is the characteristic ratio, n’ is the number of links and the link length l =
0.153 nm [11, 19]. Since the number of links n’ is related to the molecular weight of
the polymer chain, r̄ contains the molecular weight dependence. The probability of
a polymer chain having a given end-to-end distance (p(r)) is described by [11, 19]:
2 r2

p(r) = ar2 e−b

(3.2)

Where a is a constant and b2 is given by [11, 19]:
b2 =

2
3r̄2

(3.3)

Since a tie-molecule will only form if the end-to-end distance is greater than the
distance between adjoining lamella (2×Lc +La ), the probability of tie-molecule formation P for a given r̄ is as shown in [11, 19]:
R∞
1 2Lc+La r2 e( − b2 r2 ) dr
R∞
P =
(3.4)
3 0 r2 e( − b2 r2 ) dr
According to the authors, the factor 1/3 was introduced because two dimensions of
the crystalline lamella are much larger than the distance between adjoining lamella
[11, 19]. Since b2 (and therefore r̄) remains constant, the above formula for P only
applies for mono-disperse systems. In order to take polydispersity in to account, the
number fraction n(M) has to be introduced through [11, 19]:
R∞
n(M )P dM
(3.5)
P̄ = R0 ∞
n(M
)
dM
0
Where P̄ is the number fraction of all molecules that are tie-molecules for the polydisperse polymer [11]. Several alterations have been made to the theoretical formula
over the years [16, 19, 22]. One such alteration was made by Yeh and Runt, who
used the radius of gyration Rg to calculate b2 instead of r̄ [16], where the radius of
gyration is given by:
r
r̄2
Rg =
(3.6)
6
In addition, the lower boundary for tie-molecule formation has also been subject to
change in the past (it was 2 times the long period in the original article), although the
distance between adjoining lamella (2×Lc+La) is the most agreed upon boundary
nowadays [19, 22].

3.2.2

Acceleration of slow crack growth through dynamic loading:

A great number of publications have reported that application of a cyclic load (socalled fatigue testing) strongly accelerates the crack growth rate of polyethylene
[1, 4, 14, 29–34]. This type of testing originates from fatigue tests performed on
metals, where a similar trend was observed [35, 36]. The underlying mechanism
for crack growth acceleration in polymers [32, 34], however, is significantly different
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from that of metals [35, 36]. As mentioned in the introduction, a craze containing
highly oriented craze fibrils is formed ahead of the crack tip during slow crack growth
[5] [7, 14, 18, 29, 31, 32, 34]. The rate of deformation and breakdown of these fibrils
will control the observed crack growth rate [5, 7, 18, 32]. When a constant (static)
load is applied, fibril deformation will mainly occur through creep of the fibrils,
predominantly caused by disentanglement of the polymer chains within the fibrils
[32, 34]. Upon application of a cyclic load, the highly stretched craze fibrils will either
bend or buckle when the minimum load is reached, depending on the applied load
ratio [32, 34]. This will generate a highly localized stress on the segments of the fibrils
where the curvature is greatest, which will accelerate failure in those segments of
the fibril [32, 34]. The acceleration of the failure strongly depends on the amplitude
of the load [4, 29, 30, 32, 34] (usually given as the ratio of minimum to maximum
load) and the frequency [31, 32], which will influence the magnitude and application
frequency of the localized stress respectively [32, 34]. Even though the fibrils are
deformed in a different way during cyclic loading, it has been shown by Zhou et. al.
that chain disentanglement is still upheld as the main failure mechanism [32, 34].
This implies that crack growth kinetics of both creep (static load) and fatigue (cyclic
load) failure should be governed by the same (molecular) parameters. Therefore,
crack growth kinetics observed through fatigue testing should be indicative of the
ones expected in creep testing, which has also been shown in literature [4, 29, 30, 33].
Further research on this topic will be given in a subsequent publication.

3.3
3.3.1

Experimental Section:
Materials:

A broad range of high-density polyethylene (HDPE) grades, with a strong variation in both molecular moments and molecular weight distribution (MWD), were
investigated in this research. The most important material characteristics for these
grades are listed in Table 3.1. In this table, Mn , Mw and Mz are the number-,
weight- and Z-average molecular weights respectively. Lc and La are, respectively,
the lamellar thickness and the thickness of the amorphous layer, while the number
based tie-molecule (TM) fraction is derived by equation 3.5 and the test temperature
is denoted by T. The Paris-Erdogan law parameters have been determined through
two optimization methods in this research. In the first method, both pre-factor A
and exponent m are optimized for each grade separately. The parameters for this
method are given by mopt and Aopt , while the R2 -value of this optimization method
is given by R2opt . In the second method, the exponent m was optimized collectively
for all of the investigated grades and equal to 3.9, while pre-factor A was optimized
for each grade separately (see section 3.4.2). The values for pre-factor A and R2 of
2
this optimization method are given by A3.9 and R3.9
respectively. The HDPE grades
have been named through a system that concentrates on the molecular aspects the
tested grades. Within the code APE-X -Y -Z, A stands for the incorporated molecular architecture (H for homo-polymer, B for bimodal copolymer), while X, Y and
Z indicate, respectively, the Mn , Mw and Mz of the grade in kDa. Hence, a grade
with the code HPE-15-88-450 is a homo-polymer grade with an Mn of 15 kDa, an
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Mw of 88 kDa and an Mz of 450 kDa.

Grade code:

M n Mw
Mz
Lc
[kDa] [kDa] [kDa] [nm]

La
[nm]

Number
based TM
fraction [-]

T
[°C]

A3.9
[m/s]

HPE-15-88-450
HPE-12-75-350
HPE-8.4-51-230
HPE-4.4-197-1790
HPE-9.4-136-1010
HPE-22-121-380
HPE-24-282-2100
HPE-21-320-1920
HPE-49-243-700
HPE-55-218-470
HPE-77-284-600
HPE-30-128-460
HPE-85-166-540
HPE-38-271-900
HPE-39-257-890
HPE-35-232-990
HPE-6.5-207-1990

15
12
8.3
4.4
9.4
22
24
21
49
55
77
30
85
38
39
35
6.5

7.39
6.63
6.84
7.51
7.54
8.54
10.08
9.18
10.68
10.86
10.92
7.97
10.21
9.94
9.85
9.78
7.15

4.4 · 10−3
2.0 · 10−3
2.3 · 10−3
9.14 · 10−4
1.8 · 10−3
4.5 · 10−3
4.3 · 10−3
3.8 · 10−3
1.12 · 10−2
1.26 · 10−2
2.02 · 10−2
6.7 · 10−3
3.74 · 10−2
9.0 · 10−3
8.8 · 10−3
7.8 · 10−3
1.2 · 10−3

23
23
23
23
23
23
23
23
23
23
23
23
23
23
23
23
23

6.0 · 10−7
5.7 · 10−7
2.9 · 10−6
1.1 · 10−7
2.1 · 10−7
6.1 · 10−8
1.1 · 10−8
5.1 · 10−9
7.7 · 10−9
1.1 · 10−8
5.1 · 10−9
7.3 · 10−8
4.7 · 10−8
8.5 · 10−8
1.1 · 10−8
1.2 · 10−8
6.8 · 10−8

88
75
49
197
136
121
282
320
243
218
284
128
166
271
257
232
207

450
350
230
1790
1010
380
2100
1920
700
470
600
460
540
900
890
990
1990

16.45
19.32
14.68
18.44
19.20
20.39
22.01
22.33
22.00
23.08
23.02
21.44
18.25
22.15
22.24
22.31
19.59

2
R3.9
[-]

Table 3.1: Molecular parameters, morphological parameters and crack growth kinetics of HDPE
homopolymers

3.3.2

Size exclusion chromatography:

The molecular weight distributions were determined through SEC-DV performed at
SABIC using universal calibration. The measurements were performed on a Polymer Laboratories PL-GPC220 equipped with a Polymer Laboratories PL BV-400
viscometer, a refractive index detector and a Polymer Char IR5 infrared detector.
Three Polymer Laboratories 13 µm PLgel Olexis columns, 300 x 7.5 mm, were
used as the stationary phase, while trichlorobenzene was used as the mobile phase.
The calibration of the PE molar mass was performed with linear PE standards in
the range of 0.5-2800 kg/mole. Data obtained from measurements within one run
showed an average deviation of 10%, 8% and 11% for Mn , Mw and Mz respectively
between the different measurements (confidence interval: 95%). The deviation between measurements of different runs were 15%, 10% and 13% for Mn , Mw and Mz
respectively (confidence interval: 95%).

3.3.3

Small and wide angle X-ray measurements:

Details of the X-ray setup and the performed experiments have been given in a
previous publication (see chapter 2). Background subtraction and radial integration
of the measured patterns was applied to obtain the intensity versus scattering vector
q and scattering angle 2θ for SAXS and WAXD respectively. Bragg’s law was used
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0.962
0.941
0.919
0.958
0.953
0.952
0.963
0.888
0.931
0.927
0.910
0.978
0.959
0.881
0.865
0.940
0.966
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to calculate the scattering vector q from 2θ [37]:
q=

4π
sin (θ)
λ

(3.7)

Where λ and θ are the wavelength is half of the scattering angle of the radiation respectively. The integrated intensity of the crystalline fraction was used to calculate
the crystallinity of the polyethylene samples obtained from the WAXD measurements. The weight fraction crystallinity χw was obtained by [37]:
χw =

Ctot − Ca
Cc
=
Ctot
Ctot

(3.8)

Where Ctot , Cc and Ca are the total integrated intensity, the integrated intensity of
the crystalline fraction and the integrated intensity of the amorphous halo respectively [37]. The long period was calculated with [37, 38]:
Lp =

2π
qmax

(3.9)

Where the scattering vector at the maximum of the Lorentz corrected intensity Iq 2
is given by qmax . The lamellar thickness is the product of the long period and the
volume fraction crystallinity [37]:
Lc = χv × Lp

(3.10)

The volume fraction crystallinity χv , in turn, is determined from the weight fraction
crystallinity through [37]:
χv =

χw
ρc

χw
ρc
w)
+ (1−χ
ρa

(3.11)

Where ρc and ρa are the respective densities of the crystalline and amorphous fractions (estimated at 1 and 0.855 kg/m3 ).

3.3.4

Sample preparation:

Two different methods were used to produce the precursor samples for the 6 mm
CT-specimens. For high molecular weight materials, CT-specimen precursor samples were prepared by compression moulding plaques in an 85×42×8 mm3 mould
at 200 °C. The material was first allowed to melt without external pressure, before
cycling between 0 and 20 kN several times in order to degas the material. The
pressure was increased in a stepwise fashion to 100 kN, where the sample was compression moulded for three minutes. Due to constrained shrinking at the edges of
the specimens, these precursor samples were thinner in the centre than they were at
the edges of the sample. For low molecular weight materials, plaques were compression moulded in a 100×100×10 mm3 picture frame mould, due to the large amount
of bubble formation and warping that occurred when the first method was used
for these materials. The samples were compression moulded at 160 °C at 15 kN
to prevent significant overflow from the closed mould. The material was allowed
to completely melt before the top block was placed into the mould. The samples
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produced by both methods were cooled at a controlled cooling rate of 10 °C/min
and were checked afterwards for the presence of voids or bubbles.
The precursor samples were then machined into CT-specimens with a width of 40
mm and a height of 38 mm. Due to slight warpage, the precursors were machined
into flat plates which were consistently between 5 and 6 mm thick. The exact thickness B was measured with 0.01 mm precision for each sample. The CT-specimen
dimension W (defined as the distance between the centre of the pinholes and the
end of the specimen) was 32 mm. The machined CT-specimens were provided with
a pre-crack by tapping in a razor blade with a pendulum set at a predefined height.
A fresh razor blade was used for each specimen. The length of the pre-crack, as
well as the distance between the centre of the pinholes and the tip of the sawed
notch, were measured with an optical microscope at 3.15× and 0.41× magnification
respectively. The length of the tapped notch was measured from both sides with a
precision of 0.01 mm and the average of the two values was taken. The typical length
of a pre-crack was around 1.25 mm. The distance between the centre of the pinholes
and the tip of the sawed notch was also measured with 0.01 mm precision and was
typically around 7 mm, making the combined initial crack length nominally 8.25 mm.
The plaques used for 2 mm thick CT-specimens were produced for four homopolymer
grades (HPE-8.4-51-230, HPE-12-75-350, HPE-4.4-197-1790 and HPE-6.5-207-1990)
in a 160×160×3 mm3 mould at 200 °C. The compression moulding procedure was
largely the same as the procedure used for the 6 mm thick samples. However, three
different cooling procedures were used in order to investigate the effect of cooling
rate on the selected grades. The first cooling procedure was controlled cooling at
10 °C/min, which was used as a reference for comparison with the 6 mm thick samples. The other two cooling procedures were, respectively, overnight cooling after
switching of the press (approximately 0.5 °C/min) and cooling in a water cooled
press (approximately 50 °C/min). The plaques were machined into CT-specimens
with a width of 20 mm and a height of 19 mm. The thickness B of the specimens
was consistently between 1.9 and 2 mm and was, once more, measured with 0.01
mm precision for each sample. The CT-specimen dimension W was 16 mm. The
pre-crack of the 2 mm thick specimens was created using the same procedure used
for the 6 mm thick samples. The length of the pre-crack and sawed notch were
determined with an optical microscope using the same setting as for the 6 mm thick
samples. Typical lengths for the tapped and sawed notches were 1 and 3.5 mm
respectively.
The plaques used for the 12 mm thick specimens were also produced using the above
mentioned procedure for the 2 and 6 mm specimens. The applied cooling rate was
10 °C/min. The thickness B was between 12 and 12.5 mm and was determined with
0.01 mm precision for each sample, while W was 64 mm. The pre-crack was made
with the same procedure as the one used for the other two thicknesses. The average
length of the sawed notch was typically 13.5 mm, while the average length of the
pre-crack was approximately 1.5 mm, resulting in a combined initial crack length of
15 mm.
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3.3.5

Specimen testing:

The CT-specimens were tested under cyclic (fatigue) loading on mechanical testing
machines from various suppliers (Instron, Zwick, MTS) which were capable of accurately supplying the required load pattern. A sinusoidal load pattern was applied
on the sample under cyclic loading in order to increase the crack growth rate and
accelerate the measurements [1, 4, 14, 29–34]. Measurements were performed at
temperatures ranging from room temperature (23 °C) to 92 °C. Unless mentioned
otherwise, the frequency of the sinusoidal load was 5 Hz. The stability of the load
pattern was checked afterwards for several samples and it was seen that the load
pattern conformed to the shape of a perfect sine with an R2 -value > 0.995 for most
of the test, which only deviated from this value close to failure. The samples were
tested at a ratio of R = 0.1, where R = Kmin /Kmax . For each material, at least two
measurements were performed.
A macrolens (Bresser macrolens 60 mm F/2.8) with a manual zoom and a maximum
magnification of 2× was used together with a high speed, monochrome camera
(Pixelink PL-D725MU) to track the growth of the crack front. The pixel to mm ratio
(expressed in mm/pixel) was determined through the use of a calibration sample
engraved with a grid of 3×3 mm2 squares. The engraving was performed with a
nano-indenter to ensure high precision of the created grid. A field of view of around
10 mm was used for the 6 mm thick samples. This field of view was reduced to
approximately 7 mm for the 2 mm thick samples. To determine the crack opening
at maximum load, a movie of 5 consecutive cycles was made at a set time interval and
the frames in which the crack was at maximum opening were isolated and used for
the determination of the position of the crack front. The time interval was adjusted
based on the duration of the measurement. The amount of frames per second (fps)
captured by the camera depended on the frequency used in the measurement, but
was taken such that there were at least 20 frames per cycle. From the difference
between the position of the crack front and the position of the end of the precrack, the crack length (in number of pixels) was determined at maximum opening
as a function of time (calculated from the time interval). This crack length was,
subsequently, converted from number of pixels to mm using the pixel to mm ratio
and added to the length of the pre-crack and sawed notch, which were determined
earlier (see section 3.3.4). This yielded crack length (in mm) as a function of time.

3.3.6

Analysis of the crack length vs. time data:

In order to obtain the crack propagation rate as a function of stress intensity factor, the crack propagation rate had to be determined from the crack length vs.
time curves. This was achieved by determining the (linear) slope over a number of
crack length vs. time data points at various intervals of the curve through linear
interpolation, as shown in figure 3.1a. The amount of data points, taken for linear
interpolation for a given section, was varied in such a way that more data points
were taken at the start of the curve (where the crack propagation rate was low), in
order to reduce the effect of pixelation and measurement noise on the crack propagation rate, while less points were taken at the end of the curve (where the crack
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propagation rate was high), due to the greater curvature and higher non-linearity
of the curve at that point. The data points at the initial stage of the measurement,
where the crack had to move through the initial plastic zone caused by the tapping
of the crack, were discarded because they did not represent stable slow crack growth.
The interpolated intervals were taken in such a way that the R2 -value was generally
above 0.95 and the 95% confidence interval was, in general, less than ± 10% of the
determined crack propagation rate at that interval. The stress intensity factor Kmax
was calculated, for each crack propagation rate, from the value of the crack length
in the middle of the range through the following equation:
Fmax 2 + α/W
α
α
2
α
3
α
4
√
3 [0.866+4.64( /W )−13.32( /W ) +14.72( /W ) −5.60( /W ) ]
α
2
B W (1 − /W )
(3.12)
Where Fmax is the maximum applied load, B is the thickness of the specimen, W is
the distance between the centre of the pinholes and the end of the specimen and α is
the length of the crack, measured from the centre of the pinholes. In this research,
both the stress intensity factor and the crack length are determined at maximum
load, which is indicated by the subscript of the stress intensity factor Kmax . The
crack propagation rate da/dt was plotted against Kmax in a double logarithmic plot,
as shown in figure 3.1b. The Paris-Erdogan law was subsequently fitted to the data
in order to determine the Paris-Erdogan exponent m and pre-factor A:
Kmax =

da
m
= AKmax
dt

(3.13)

Within the double logarithmic plot, the slope of the fitted line is equal to the ParisErdogan exponent m, while the (predicted) crack propagation rate at Kmax = 1 is
equal to the Paris-Erdogan pre-factor A.
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Figure 3.1: A plot of crack length versus time (a) and crack growth rate versus stress intensity
factor (b). The blue markers are data points. The blue line in figure b is the optimized fit of the
Paris-Erdogan law.
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3.4
3.4.1

Results and discussion:
Influence of CT-specimen thickness on crack growth kinetics:

As mentioned in the experimental section, mid-sized CT-specimens with a thickness
ranging between 5 and 6 mm were used in the majority of the experimental work
shown in this study. However, In order to verify if linear elastic fracture mechanics (LEFM) applied to specimens of this thickness, specimens of other thicknesses
have been tested as well. Besides the mid-sized samples (listed as 6 mm), samples
with a nominal thickness of 2 and 12 mm were used to obtain a relatively large
thickness range. The 2 mm samples had the additional benefit that they could be
used to study the effect of processing conditions (or more specifically, cooling rate)
on the crack growth kinetics. In order to make a proper comparison between CTspecimens of varying thickness, controlled cooling at 10 °C was used. The results of
the comparison are shown in figure 3.2 for HPE-6.5-207-1990. While some spread
is still visible between the measurements performed with CT-specimens of different
thicknesses, it can be seen that all the measurements approximately fall on one line
and that significant overlap is shown between the measurements on 2 and 6 mm
thick samples. This indicates that the effect of sample thickness is relatively small.
In addition, when the deviation between the measurements at different thicknesses
is compared to variation observed between different measurements at one thickness,
as well as the experimental error on these measurements, it can be seen that the
variations between different thicknesses fall within experimental error. Hence, it
can be concluded that the crack growth kinetics show no significant dependence on
sample thickness. Therefore, it can be postulated that LEFM applies to the 6 mm
thick samples.
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Figure 3.2: A plot of crack growth rate versus stress intensity factor shown for different sample
thicknesses of HPE-6.5-207-1990. The purple, blue and red markers correspond to samples with
thicknesses of 2, 6 and 12 mm respectively. The black dashed line is a guide to the eye. The slope
of the line is equal to 3.9.

3.4.2

Paris-Erdogan law curves:

As mentioned in section 3.3.6, the Paris-Erdogan law was used to describe the crack
growth kinetics curves of the HDPE grades and the optimized Paris-Erdogan parameters A and m for the two parameter fits are listed for the optimal fits in table
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3.4 (see appendix 3A). As shown in table 3.4, the grades show a variation in both
the Paris-Erdogan exponent m and the Paris-Erdogan pre-factor A. The exponent m
of the fitted Paris-Erdogan law curves varies within the range of 3.3 to 4.5, which is
comparable to the variation observed in literature for the exponent m of polyethylene
[4, 13, 20, 29, 30, 39]. However, as shown by Brown et. al, a single, theoretical value
of 4.0 can be derived for the exponent m from the Dugdale model [12, 13, 20, 29, 30].
Hence, it would be probable that all of the HDPE grades used in this study can be
described with a single Paris-Erdogan exponent m. Therefore, it was decided to
collectively fit all of the Paris law curves with the same exponent m, which can be
seen in figures 3.3a and 3.3b. A weighted optimization procedure over all obtained
crack propagation rate vs. Kmax data revealed an optimal Paris-Erdogan exponent
m of 3.9, which lies close to the theoretical value obtained from the Dugdale model
[12, 13, 20, 29, 30]. These fits give a very good description of the data when compared to the optimal fits, which can be found in appendix 3B. This is also observed
when the pre-factor A and the R2 -values of the two parameter fits (see table 3.4) are
compared to the collective fits (see table 3.1), where it can be seen that both change
relatively little when an exponent of 3.9 is used for all curves. Since the curves in
figures 3.3a and 3.3b have the same slope (exponent m), the observed fatigue crack
growth kinetics depend solely on the Paris-Erdogan prefactor A. This implies that
the pre-factor A is the governing parameter for the crack growth kinetics.

da/dt [m/s]

10-6
10-7

10-5

HPE-8.4-51-230
HPE-15-88-450
HPE-4.4-197-1790
HPE-22-121-380
HPE-35-232-990
HPE-24-282-2100
HPE-49-243-700
HPE-21-320-1920

10-6

da/dt [m/s]

10-5

10-7

10-8

HPE-12-75-350
HPE-9.4-136-1010
HPE-30-128-460
HPE-85-166-540
HPE-55-218-470
HPE-39-257-890
HPE-38-271-900
HPE-77-284-600

10-8
0.25

0.5

1

Kmax [MPa*m1/2]

(a) Paris-Erdogan curves:
curves 1-8

2

0.25

0.5

1

Kmax [MPa*m1/2]

exponent m = 3.9, (b) Paris-Erdogan curves:
curves 9-16

2

exponent m = 3.9,

Figure 3.3: A plot of crack growth rate versus stress intensity factor for the optimized single parameter fits of the Paris-Erdogan law with a constant Paris-Erdogan exponent of 3.9. The markers
are data points, while the dashed lines are the optimized fits. Due to the large quantity of data, the
curves are split over two different graphs: (a) and (b)

3.4.3

Influence of molecular and morphological parameters
on fatigue crack growth kinetics:

As mentioned in previous section, the Paris-Erdogan pre-factor A is the parameter
that governs the fatigue crack growth kinetics of polyethylene. Furthermore, this
implies that any material parameter governing the crack growth kinetics will be related to the pre-factor A. Therefore, the pre-factor A, found for m = 3.9, was chosen
as the parameter that best represents the resistance of HDPE grades against fatigue
crack growth. In the following sections, this pre-factor A will be correlated with the
parameters mentioned in the introduction, in order to identify which parameter has
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the strongest influence on the crack growth kinetics.
3.4.3.1

Correlation with the tie-molecule fraction:

Initially, the pre-factor A was correlated with the benchmark used in most literature: the tie-molecule fraction as derived by Huang and Brown [11, 19], which
is shown in figure 3.4. As can be seen from figure 3.4, the tie-molecule fraction
shows a rather poor correlation with pre-factor A, which is reflected by the R2 -value
seen for the optimal power law fit (R2 = 0.326). The weak correlation between the
pre-factor A and the tie-molecule fraction is most likely related to the omission of
the influence of the trapped entanglements on the stability of the craze fibril. As
first mentioned by Yeh and Runt, the number of entangled loops is considerably
greater than the number of tie-molecules [16, 40]. Since an entangled loop can contain more than one trapped entanglement, it will greatly improve the cohesion of
both the entanglement network and the network of lamellar blocks within the fibril
[26, 27]. Therefore, including the contribution of the entangled loops would, most
likely, improve the correlation. However, while adaptation of the Huang and Brown
equation for the tie-molecule fraction to include entangled loops is possible [16],
it makes the formula significantly more complex, which would defeat the purpose
of finding a parameter that can be easily estimated from readily available input data.
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Figure 3.4: A plot of Paris-Erdogan prefactor A versus the tie-molecule fraction. The markers
are data points, while the solid line is the optimized power law fit of the data.

A mathematically simpler alternative would be to use the average number of effective
physical cross-links per chain, N̄c [21]. The advantage of this parameter is that it
intrinsically shows the degree of cohesion within the molecular network, therefore
containing the contributions of both tie-molecules and entangled loops. Since only
the effective physical cross-links are taken into account, this parameter, similar
to the tie-molecule fraction by Huang and Brown, excludes short chains that form
ineffective cross-links, which are considered to be a “diluent” fraction with regards to
the polymer network [21]. Additionally, this parameter requires the same input data
as the formula of Huang and Brown (MWD, lamellar thickness and thickness of the
amorphous layer) [21], hence N̄c can be easily compared to the tie-molecule fraction
in terms of effectiveness. N̄c is proportional to the number average molecular weight
corrected for low molecular weight chains (φM̄n ∗), which can be calculated from the
aforementioned parameters (see appendix 3C for the mathematical equations) [21].
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Figure 3.5: A plot of Paris-Erdogan prefactor A versus the corrected Mn (φMn∗ ). The markers
are data points, while the solid line is the optimized power law fit of the data.

The correlation between the pre-factor A and φMn∗ is shown in figure 3.5. While a
definite improvement is seen for the correlation when compared to the tie-molecule
fraction, the spread over the data for φMn∗ is still considerable, which is reflected
by the relatively low R2 -value (R2 = 0.725). Upon closer inspection, it is seen
that the width of the MWD in particular has a greater effect on this parameter
than expected, since HDPE grades with either very narrow or very broad MWD
distributions are among the strongest outliers. More specifically, the pre-factor A for
the HDPE grade with broadest MWD was greatly overestimated, while it was greatly
underestimated for the most narrow HDPE grade. The observations shown above
indicate that, even though the inclusion of entangled loops improves the correlation
(compare figure 3.4 and figure 3.5), φMn∗ also lacks a convincing correlation with
the crack growth kinetics. In this case, however, the molecular parameter included
the contribution of all stress transmitting molecules (tie-molecules, entangled loops)
on the stability of the fibril, instead of solely the contribution of the tie-molecules.
This would imply that the fraction of stress transmitting molecules might not be
the governing parameter for the fatigue crack growth kinetics. Additionally, since
φMn∗ should theoretically correlate with the strength of the molecular network [21],
the observations indicate that the strength of the molecular network alone doesn’t
determine the resistance to slow crack growth. Therefore, a different molecular
parameter has to be found, which incorporates, but isn’t limited to, the molecular
network.
3.4.3.2

Correlation with molecular moments:

As shown in the previous section, neither the tie-molecule fraction nor the average
number of effective physical cross-links per chain (N̄c ) show a convincing correlation
with pre-factor A (and therefore the crack growth kinetics). However, as can be
seen from the curves in section 3.4.2, the pre-factor A is strongly influenced by the
MWD or, more specifically, by the molecular moments. Hence, in order to make the
first step towards uncovering which molecular parameter governs the crack growth
kinetics, the pre-factor A was correlated to the most commonly used molecular moments: Mn , Mw and Mz , as shown in plots a-c of figures 3.6, respectively. As can
be seen from the figures, the pre-factor A shows the best power law correlation with
Mw (R2 = 0.920), while a poor correlation is seen with both Mn and Mz (R2 equal
to 0.476 and 0.315 respectively). This is consistent with literature findings both for
49

Chapter 3: Influence of MWD on FCP in HDPE homopolymers
polyethylene [11, 15, 19, 41, 42] and other polymeric materials [42–44], where Mw
was found as the parameter with the strongest influence on crack growth kinetics.
As can be seen from the R2 -value, Mw shows a significantly better correlation with
pre-factor A than both the tie-molecule fraction and N̄c . This is quite peculiar,
since no theoretical or physical interpretation has been given in literature as to why
the best correlation was found with Mw . However, it has been shown in the work
from Wilding and Ward that an increase in Mw has a decelerating effect on the
creep rate of oriented polyethylene monofilaments (fibres), which was attributed to
the increasing contribution of the entanglements on the resistance of the molecular
network to chain slip [45–47]. Since fibrils are extended to (very) high strain values
within the craze zone, a similar effect would be expected for these craze fibrils. This
would suggest that the crack growth kinetics for HDPE homopolymer could be governed by chain slip within the craze fibrils. This will be investigated further in the
following sections.
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Figure 3.6: A plot of Paris-Erdogan prefactor A versus (a) Mn , (b) Mw and (c) Mz . The markers
are data points, while the solid lines are optimized power law fits of the data.

3.4.4

MWD dependence: parameter optimization

As can be seen in 3.4.3, Mw yielded an improved correlation over both the tiemolecule fraction and the average number of effective physical cross-links per chain.
This is quite peculiar, since the latter two molecular parameters have ample theoretical backing [11, 19, 21] and take the morphology of the material into account as
well. Mw , on the other hand, has no relation to the fraction of tie-molecules and
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entangled loops, which could mean that crack growth kinetics might be governed by
another molecular parameter all together. However, several observations can still be
made from the molecular parameters used in section 3.4.3. First of all, a marked improvement can be seen when only chains trapped in the molecular network are taken
into account (compare φMn∗ to Mn ). This indicates that chains trapped in a molecular network, in fact, contribute more to crack growth resistance than chains that are
not trapped in this network. Second off all, it can be seen from the results in 3.4.3.1
that the width of the MWD has a significant effect on the crack growth kinetics, in
particular at (extremely) high or low polydispersity. This indicates that the width
of the MWD should also be taken into account. With these observations in mind,
a logical next step would be to turn our focus to Mw , since this parameter yields
the best correlation. While the correlation is quite good already, it could possibly
be improved by incorporating the width of the MWD into an additional parameter.
However, since there are two parameters that can give information about the width
of the MWD (Mw /Mn and Mz /Mw ), both should be regarded and compared. The
easiest way to do this is through a parameter optimization, where Mn , Mw and Mz
are the input variables.
3.4.4.1

Parameter optimization: molecular moments

In an ordinary parameter optimization, each input variable is presented as independent with regards to the other input variables, preferably in a linearisable way to
make parameter optimization easier. Since the correlation takes place on a log-log
scale, a multi-variable power law would be the ideal starting point:
A = CMna Mwb Mzc

(3.14)

Where A is the output variable (with the same units as pre-factor A), C is a constant
and a,b and c are the exponents. Since the equation is written as a power law, it
can be linearised by taking the logarithm:
log(A) = log(C) + a log(Mn ) + b log(Mw ) + c log(Mz )

(3.15)

From the previous sections, however, it was observed that Mw showed the best
correlation, while the other variables most likely have a secondary influence which
would incorporate the width of the MWD. Therefore, it might be better to rewrite
equation 3.14 to an equation containing the ratios between the molecular moments
(Mw /Mn and Mz /Mw ):
−a 
c

Mz
Mw
p
(3.16)
A = CMw
Mn
Mw
Where:
p=b+a+c

(3.17)

Since a comparison is to be made with Mw , rewriting the right hand side of equation
3.16 to contain a linear dependence on Mw might be prudent:


q 
r p
Mw
Mz
A = C Mw
(3.18)
Mn
Mw
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Where:
(3.19)
(3.20)

q = −a/p
r = c/p

The terms within the outermost brackets of equation 3.18 can be seen as a width
corrected Mw , where the corrections are provided by the terms containing the ratios
between molecular moments (Mw /Mn and Mz /Mw ).
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Figure 3.7: A plot of Paris-Erdogan pre-factor A versus (a) Mw corrected simultaneously for both
molecular moment ratios (Mw /Mn and Mz /Mw ), (b) Mw corrected solely for Mz /Mw and (c) Mw
corrected solely for Mw /Mn . The markers are data points, while the solid lines are the optimized
power law fits.

The results of the parameter optimization are shown in figure 3.7a. Several things
can be noted from the results shown in figure 3.7a. First of all, an improved correlation is observed for the width corrected Mw when compared to the uncorrected
Mw (figure 3.6b), which is also reflected by the R2 -value (R2 = 0.976) for the width
corrected Mw compared to R2 = 0.920 for Mw ). Second of all, the exponent q
(−0.045) is significantly smaller than the exponent r (−0.258). This would suggest
that the dependence on Mn is significantly weaker than the dependence on Mz . To
test this, the parameter optimizations have also been performed with either Mw and
Mz (omitting Mn ) or with Mw and Mn (omitting Mz ), the formulas of which are
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given in the following equations:
r p


Mz z z
A = Cz Mw
Mw


q p
Mw n n
A = Cn Mw
Mn

(3.21)

Where Cz , rz and pz are respectively 0.24, -0.329 and -3.3, while Cn , qn and pn
are 1.37, -0.161 and -3.58 respectively. The results of the parameter optimizations
given in equation 21 are shown in figures 3.7b and 3.7c. As can be seen from these
figures, the correlation with Mw ×(Mz /Mw )−0.329 (figure 3.7b) looks almost identical
to the correlation yielded by figure 3.7a, which is also reflected by an approximately
identical R2 -value (R2 = 0.975). The correlation with Mw × (Mw /Mn )−0.161 (figure
3.7c) has a somewhat higher scatter than the other optimized parameters (R2 =
0.967), yet still provides an improvement compared to Mw . Hence, neglecting the
Mw /Mn term has no adverse effect on the overall optimization, while neglecting
the Mz /Mw yields a slightly worse correlation, which is still (relatively) good. The
amount of fitting parameters, however, is reduced by omitting the Mw /Mn , which
would mean that the Mw corrected for Mz /Mw is qualitatively the best molecular
parameter of the three. The exponent p is equal to -3.3, which is close to the slope
seen for the exponent of the (uncorrected) Mw correlation (-3.41). Both of these
exponents are close to the inverse of the power law slope seen between Mw and the
zero-shear viscosity [48–50], which would seem to suggest that the deformation of the
fibrils (which controls the crack growth kinetics) is governed by long-term relaxation
processes such as reptation. This is quite improbable, since the craze fibrils consist
of a network of crystalline blocks, which would prevent reptation from taking place
within the fibril. Therefore, the crack growth kinetics will most likely be governed by
a different deformation process with an apparent connection to reptation. Hence,
the next logical step would be to determine the temperature dependence for the
homopolymer grades, since this will provide us with information about the identity
of the deformation process that is taking place within the fibril.

3.4.5

Temperature dependence of fatigue crack growth in homopolymers:

As shown in the previous section, the fatigue crack growth kinetics of polyethylene
homopolymers correlate strongly with the width corrected Mw . However, the exact
deformation process that governs the crack growth kinetics could not be determined
from the correlation with the MWD alone. Hence, a series of measurements were
performed between 23 and 92 °C in order to obtain the activation energy, which
are shown for HPE-12-75-350 in figure 3.8a, which would provide us with more information about the underlying deformation process. As can be seen from these
measurements, the crack growth kinetics curves can still be properly described with
a Paris-Erdogan exponent m of 3.9. Hence, the pre-factor A can be used to describe
the crack growth kinetics at elevated temperatures as well. Additionally, measurements at elevated temperatures were performed for several homopolymer grades in
order to determine if the activation energy depends on the MWD (see table 3.2).
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The pre-factor A of these measurements are therefore shown as a function of the
width corrected Mw in figure 3.8b. Several noteworthy observations can be made
from these results. The most remarkable observation is that data points at all of
the employed test temperatures follow exactly the same slope. The exponents of
the optimal combined fit for the entire data set are almost exactly the same as the
one for the optimal fit for the room temperature data alone (p and r are -3.31 and
-0.312 respectively for the combined fit compared to -3.28 and -0.329 for the room
temperature data alone) and fitting with the parameters found in 3.4.4.1 yields an
identical curve with the same R2 -value (R2 = 0.975). This indicates that the relation with the width corrected Mw is approximately the same for the investigated
grades at all temperatures. This would suggest that the temperature dependence
is likely independent of the width corrected Mw and, therefore, also independent of
the MWD.
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(a) Paris-Erdogan curves: elevated temperatures
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60 °C
40 °C
23 °C
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10-7
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25
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Mw×(Mz/Mw)-0.312

(b) pre-factor A vs. width corrected Mw

Figure 3.8: A plot of (a) crack growth rate versus stress intensity factor for the optimized single
parameter fits of the Paris-Erdogan law with a constant Paris-Erdogan exponent of 3.9 for HPE12-75-350 and (b) the Paris-Erdogan pre-factor A versus the width corrected Mw at 23 °C (blue),
40 °C (green), 60 °C (red), 80 °C (purple) and 92 °C (black). The markers are data point, while
the dashed and solid lines are the optimized power law fits of the data.

A second observation that can be made from figure 3.8b is that the crack growth kinetics are increasingly accelerated at temperatures above 60 °C, which can be related
to a change in activation energy [29, 30]. In order to show the change in activation
energy more clearly, the Paris-Erdogan pre-factor A of four homopolymer grades
(HPE-12-75-350, HPE-4.4-197-1790, HPE-24-282-2100 and HPE-21-320-1920) have
been plotted as a function of 1/T (in K−1 ) in figure 3.9a. As can be seen from figure
3.9a, two slopes are visible for all four homopolymer grades: a moderate slope at
relatively low temperatures and a steep slope at relatively high temperatures. These
results correspond almost exactly with the observations made by the group of Baer
[29, 30]. In addition, it can be confirmed that the homopolymers shown in figure 3.9a
have the same temperature dependence over the entire range of test temperatures,
which confirms that the temperature dependence is independent of molecular weight.
This becomes even more obvious when the curves are shifted vertically to a single
reference value at room temperature and the temperature shift factor (aT ) is plotted
against 1/T, which is shown in figure 3.9b. While some spread can be seen after the
curves are shifted, it is evident from figure 3.9b that the temperature dependence
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curves of the homopolymers can be superimposed. From the superimposed curves,
it can be observed that the transition point lies at approximately 55 °C, which is
comparable to the values found by the group of Baer [29, 30]. Calculation of the
activation energies from the two slopes reveals an average value of 50 kJ/mole for the
low temperature process (23 °C < T < 55 °C), while the high temperature process
(T > 55 °C) showed an average activation energy of 125 kJ/mole. The values of
these activation energies are similar to the ones found by the group of Baer [29, 30],
who related the high temperature process to the α-relaxation mechanism, which has
a comparable activation energy [1, 51–53], while the low temperature process was
related to an (unspecified) deformation mechanism in the amorphous phase. The
activation energy found for the low temperature process is somewhat higher than
the values found by the group of Baer [29, 30], which could be related to the incorporation of co-monomer within the grades used in their research. This, together
with the temperature and MWD dependence of bimodal copolymer grades, will be
investigated in a subsequent publication.
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Figure 3.9: A plot of (a) Paris-Erdogan prefactor A versus 1/T and (b) the acceleration factor α
versus 1/T. The markers are data points, while the dashed lines are optimized using the Arrhenius
equation. The activation energies are 50 kJ/mole and 125 kJ/mole for the low temperature and
high temperature process respectively.

From the activation energies it can be deduced that the deformation of the craze
fibrils can most likely be attributed to chain slip (or chain disentanglement) [20],
since the activation energy of chain scission is far higher than the ones found in
this section (approximately 430 kJ/mole). Through chain slip, fibrils grow in length
(and eventually fail) due to chains sliding along each other, losing contact points
(entanglements, physical cross-links sustained by lamellar blocks) along the way [45–
47]. The slope of the molecular weight dependence found in section 3.4.4 can be
explained by the chain slip mechanism as well. Since it has been shown by neutron
scattering experiments that there is no difference between the radius of gyration for
long polyethylene chains in the melt and in the semi-crystalline state, it can be deduced, if no chain scission takes place, that plastic deformation processes can only
take place through a "snake-like"motion as proposed by the reptation theory. In
this case, the α-relaxation process in the crystals, as well as and amorphous phase
process, provides a background viscosity and a tube mobility that would be different
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from values found in the melt, but the molecular weight dependence would nevertheless be expected to be similar to reptation. The improved strength of correlation,
when the Mz /Mw term is added, can be connected to the influence of the molecular
network [21, 45, 47]. A polyethylene grade with a narrower MWD (lower PDI) will
yield a stronger molecular network, since a greater fraction of chains will contribute
to the network, which will slow down the the chain disentanglement process [45–47].
The correlation with Mz /Mw , instead of Mw /Mn , is quite logical in this case, since
the high molecular weight side of the MWD will provide a greater contribution to
the molecular network than the low molecular weight side.

Grade code:
HPE-15-88-450
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-4.4-197-1790
HPE-4.4-197-1790
HPE-4.4-197-1790
HPE-4.4-197-1790
HPE-4.4-197-1790
HPE-9.4-136-1010
HPE-24-282-2100
HPE-24-282-2100
HPE-24-282-210
HPE-24-282-2100
HPE-21-320-1920
HPE-21-320-1920
HPE-21-320-1920
HPE-21-320-1920
HPE-49-243-700
HPE-30-128-460
HPE-6.5-207-1990

T
[°C]

A3.9
[m/s]

92
30
40
60
70
80
92
40
50
60
80
92
92
40
60
80
92
40
60
80
92
92
92
92

7.6 · 10−4
6.2 · 10−7
3.0 · 10−6
7.2 · 10−6
2.9 · 10−5
9.3 · 10−5
4.6 · 10−4
3.2 · 10−7
5.9 · 10−7
1.8 · 10−6
1.5 · 10−5
6.3 · 10−5
1.8 · 10−4
3.6 · 10−8
2.2 · 10−7
6.6 · 10−7
1.4 · 10−5
1.7 · 10−8
1.2 · 10−7
1.1 · 10−6
7.5 · 10−6
8.9 · 10−6
1.2 · 10−4
5.7 · 10−5

2
R3.9
[-]

0.951
0.978
0.988
0.937
0.994
0.940
0.965
0.975
0.979
0.978
0.976
0.938
0.974
0.974
0.964
0.983
0.96
0.981
0.963
0.881
0.983
0.948
0.962
0.991

Table 3.2: crack growth kinetics of HDPE homopolymers at elevated temperatures

As discussed in the previous paragraphs, the high temperature process and low
temperature process can be related to deformation processes in the crystalline and
amorphous phase respectively [29, 30, 45–47]. This would imply that the greatest
contribution to the crack growth kinetics at room temperature can be attributed
to the low temperature process related to the amorphous phase. This would furthermore suggest that the influence of morphological parameters such as lamellar
thickness would have relatively little influence on the crack growth kinetics at room
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temperature, since these would predominantly influence the high temperature (αrelaxation) process [1, 51–53]. In order to confirm this hypothesis, measurements
were performed at different cooling rates for several selected grades. The results of
these measurements will be discussed in the subsequent section.
3.4.5.1

Influence of processing conditions on fatigue crack growth kinetics:

Pre-factor A [m/s]

10-5
10-6
10-7
HPE-8.4-51-230
HPE-12-75-350
HPE-6.5-207-1990
HPE-4.4-197-1790

10-8
10-9
10

15

20

25

30

Lamellar thickness [nm]

Figure 3.10: A plot of pre-factor A versus lamellar thickness for a selection of HDPE grades
(see table 2). The following grades are shown in the graph: HPE-8.4-51-230 (red), HPE-12-75-350
(green), BPE-6.5-207-1990 (blue) and HPE-4.4-197-1790 (black). The dashed lines are optimized
fits of the data.

As shown in the previous sections, the width corrected Mw shows a good correlation
with the crack growth kinetics. However, unlike the tie-molecule fraction, the width
corrected Mw doesn’t take the morphology of the material into account, even though
significant variation in lamellar thickness can be observed among the HDPE grades
processed at the same cooling rate. Nevertheless, the lamellar thickness governs the
length of the lamellar blocks found within the craze fibrils, which in turn influences
the rate of chains moving through the lamellar blocks. Therefore, an investigation
into the influence of lamellar thickness on the crack growth kinetics is warranted.
Variation of the lamellar thickness was, in this case, achieved through the use of
different cooling procedures, in order to eliminate the influence of the MWD. The
relationship between the pre-factor A and the lamellar thickness at room temperature is shown for several grades in table 3.3 and figure 3.10. In general, it can be
seen that the pre-factor A shows a slight decrease with increasing lamellar thickness
for all of the tested grades. This decrease becomes (somewhat) greater when the
Mw of the material decreases. The observed decrease can be explained by the chain
slip mechanism mentioned earlier [20, 45–47], since an increase in lamellar thickness
should inhibit the disentanglement of chains within the fibrils and therefore lower
the pre-factor A. However, the influence of lamellar thickness is rather small, which
confirms the hypothesis that the lamellar thickness has relatively little influence on
the (low temperature) amorphous phase process. This would also explain why the
width corrected Mw shows a great correlation with the crack growth kinetics, despite
variation in the morphology of the sample. Since the high temperature process can
be related to α-relaxation, it would be expected that lamellar thickness will have a
stronger influence at elevated temperatures. As a final note, the rather large amount
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of scatter seen for the lowest Mw material (HPE-8.4-51-230) can be attributed to
the greater sensitivity to rapid crack propagation for this grade.
Grade code:

Cooling
procedure

Mn Mw
Mz
Lc
[kDa] [kDa] [kDa] [nm]

HPE-12-75
HPE-12-75
HPE-12-75
HPE-8.4-51
HPE-8.3-49
HPE-8.3-49
HPE-4.4-197
HPE-4.4-197
HPE-4.4-197
HPE-6.5-207
HPE-6.5-207
HPE-6.5-207

10 °C/min
Overnight
Cold press
10 °C/min
Overnight
Cold press
10 °C/min
Overnight
Cold press
10 °C/min
Overnight
Cold press

12
12
12
8.4
8.4
8.4
4.4
4.4
4.4
6.5
6.5
6.5

75
75
75
51
51
51
197
197
197
207
207
207

350
350
350
230
230
230
1790
1790
1790
1990
1990
1990

19.64
24.33
15.97
15.15
18.70
13.11
18.24
22.39
15.69
19.25
24.35
15.98

T
[°C]

A3.9
[m/s]

23
23
23
23
23
23
23
23
23
23
23
23

4.2 · 10−7
2.4 · 10−7
5.6 · 10−7
2.6 · 10−6
1.0 · 10−6
1.7 · 10−6
7.0 · 10−8
5.1 · 10−8
6.7 · 10−8
7.9 · 10−8
4.7 · 10−8
8.3 · 10−8

2
R3.9
[-]

0.974
0.981
0.971
0.927
0.858
0.867
0.973
0.970
0.988
0.951
0.974
0.977

Table 3.3: Molecular parameters, morphological parameters and crack growth kinetics for different
processing conditions

3.5

Conclusions:

The aim of this work is to investigate the effect of the MWD on the fatigue crack
growth kinetics in HDPE homopolymers. Crack growth experiments on CT-specimens
are performed under cyclic loading (load ratio = 0.1, frequency = 5 Hz) at temperatures ranging between 23 and 92 °C in order to measure the crack growth kinetics
of HDPE homopolymers with systematic variations in Mn and Mw . Through significant variation in specimen thickness, it is shown that the crack growth kinetics are
largely independent of specimen geometry. Hence, LEFM is assumed to apply for all
of the sample thicknesses used in this study. When plot on a log-log scale, the crack
growth kinetics curves can be described with a Paris-Erdogan law with the same
exponent m for all of the examined grades. The exponent m is shown to be equal to
3.9, which is close to the theoretical value of 4.0 given by the Dugdale model. The
foregoing also implies that the Paris-Erdogan pre-factor A is the governing parameter for the crack growth kinetics. A rather poor correlation is subsequently observed
when the pre-factor A is shown as a function of the tie-molecule fraction as derived
by Huang and Brown. Using the average number of effective physical cross-links
per chain, which contains the contribution of the entangled loops in addition to
that of the tie-molecules, provides a better, but not yet convincing, correlation with
the crack growth kinetics. A greatly improved correlation can, however, be seen
when pre-factor A is plotted as a function of Mw . This correlation can be improved
even further when Mw is adjusted by correcting for the width of the MWD. This is
achieved by performing a parameter optimization, where it is shown that the ratio
Mz/Mw can be used to correct M for the width of the MWD. The slope of the power
w
law correlation of pre-factor A with Mw and the width corrected Mw is found to
be equal to -3.41 and -3.28 respectively. This would suggest that the deformation
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of the fibrils shows an apparent relation with long-term viscous processes such as
reptation. Since reptation cannot occur within the fibril due to the presence of crystalline blocks, another explanation has to be found for the above mentioned power
law slope. Hence, the temperature dependence is used to identify the deformation
process that takes place within the fibril. Examination of the temperature dependence reveals the presence of two deformation processes: a high temperature process
related to α-relaxation in the crystalline phase (125 kJ/mole) and a low temperature
process related to an unspecified deformation mechanism in the amorphous phase
(50 kJ/mole), both of which can be connected to chain slip. Furthermore, it can
be seen from elevated temperature experiments on various different grades that the
MWD doesn’t affect the temperature dependence. Moreover, the minor influence of
the lamellar thickness on the pre-factor A confirms the notion that the amorphous
phase process governs crack growth kinetics at room temperature.
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Appendix 3A: Tables of the crack growth kinetics
parameters for the optimized two parameter ParisErdogan law fits
HPE-15-88-450
HPE-12-75-350
HPE-8.4-51-230
HPE-4.4-197-1790
HPE-9.4-136-1010
HPE-22-121-380
HPE-24-282-2100
HPE-21-320-1920
HPE-49-243-700
HPE-55-218-470
HPE-77-284-600
HPE-30-128-460
HPE-85-166-540
HPE-38-271-900
HPE-39-257-890
HPE-35-232-990
HPE-6.5-207-1990

T
[°C]
23
23
23
23
23
23
23
23
23
23
23
23
23
23
23
23
23

mopt
[-]
4.30
4.24
4.28
4.11
4.48
3.86
3.62
3.40
3.73
3.39
3.92
3.84
3.36
3.26
3.32
3.34
4.31

Aopt
[m/s]
6.7 · 10−7
6.5 · 10−7
4.9 · 10−6
1.1 · 10−7
2.4 · 10−7
6.1 · 10−8
1.1 · 10−8
5.6 · 10−9
7.9 · 10−9
1.1 · 10−8
5.1 · 10−9
7.2 · 10−8
4.3 · 10−8
8.5 · 10−9
1.1 · 10−8
1.2 · 10−8
6.9 · 10−8

R2opt
[-]
0.970
0.947
0.962
0.961
0.983
0.953
0.975
0.903
0.933
0.961
0.910
0.979
0.988
0.927
0.911
0.967
0.975

HPE-15-88-450
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-4.4-197-1790
HPE-4.4-197-1790
HPE-4.4-197-1790
HPE-4.4-197-1790
HPE-4.4-197-1790
HPE-9.4-136-1010
HPE-24-282-2100
HPE-24-282-2100
HPE-24-282-2100
HPE-24-282-2100
HPE-21-320-1920
HPE-21-320-1920
HPE-21-320-1920
HPE-21-320-1920
HPE-49-243-700
HPE-30-128-460
HPE-6.5-207-1990

92
30
40
60
70
80
92
40
50
60
80
92
92
40
60
80
92
40
60
80
92
92
92
92

3.51
4.17
4.07
3.58
4.10
4.27
3.93
4.20
4.14
3.50
3.73
3.64
3.93
3.41
3.54
3.61
3.66
3.91
3.63
3.11
3.93
3.47
3.36
4.04

4.1 · 10−4
7.0 · 10−7
3.6 · 10−6
5.6 · 10−6
3.6 · 10−5
1.4 · 10−4
4.6 · 10−4
3.5 · 10−7
6.6 · 10−7
1.5 · 10−6
1.2 · 10−5
4.9 · 10−5
1.9 · 10−4
3.4 · 10−8
2.0 · 10−7
5.9 · 10−7
1.1 · 10−5
1.7 · 10−8
1.1 · 10−7
7.7 · 10−7
7.8 · 10−6
5.8 · 10−6
6.5 · 10−5
6.5 · 10−5

0.968
0.983
0.991
0.944
0.996
0.951
0.965
0.980
0.982
0.991
0.979
0.947
0.975
0.995
0.975
0.989
0.964
0.981
0.968
0.942
0.983
0.968
0.989
0.992

Grade code:

62

Bibliography
Table 3.4: Molecular parameters, morphological parameters and crack growth kinetics of two
parameter fits for HDPE homopolymers

Cooling
procedure
10 °C/min
Overnight
Cold press
10 °C/min
Overnight
Cold press
10 °C/min
Overnight
Cold press
10 °C/min
Overnight
Cold press

Grade code:
HPE-12-75
HPE-12-75
HPE-12-75
HPE-8.4-51
HPE-8.3-49
HPE-8.3-49
HPE-4.4-197
HPE-4.4-197
HPE-4.4-197
HPE-6.5-207
HPE-6.5-207
HPE-6.5-207

mopt
[-]
4.51
4.13
4.14
5.14
5.56
5.37
3.76
3.96
4.11
4.45
4.23
3.71

Aopt
[m/s]
5.6 · 10−7
2.6 · 10−7
6.4 · 10−7
9.6 · 10−6
5.7 · 10−6
9.5 · 10−6
6.9 · 10−8
5.2 · 10−8
6.9 · 10−7
8.9 · 10−8
5.1 · 10−8
8.0 · 10−8

R2opt
[-]
0.993
0.984
0.975
0.987
0.954
0.941
0.974
0.967
0.991
0.966
0.981
0.98

Table 3.5: Molecular parameters, morphological parameters and crack growth kinetics of two
parameter fits for different processing conditions

Appendix 3B: Paris-Erdogan law curves for the two
parameter fits

da/dt [m/s]

10-6
10-7

10-5

HPE-8.4-51-230
HPE-15-88-450
HPE-4.4-197-1790
HPE-22-121-380
HPE-35-232-990
HPE-24-282-2100
HPE-49-243-700
HPE-21-320-1920

10-6

da/dt [m/s]

10-5

10-7

10-8

HPE-12-75-350
HPE-9.4-136-1010
HPE-30-128-460
HPE-85-166-540
HPE-55-218-470
HPE-39-257-890
HPE-38-271-900
HPE-77-284-600

10-8
0.25

0.5

1

Kmax [MPa*m1/2]

2

0.25

0.5

1

2

Kmax [MPa*m1/2]

(a) Paris-Erdogan curves: pre-factor and exponent (b) Paris-Erdogan curves: pre-factor and exponent
optimized, curves 1-8
optimized, curves 9-16

Figure 3.11: A plot of crack growth rate versus stress intensity factor for optimized two parameter
fits of the Paris-Erdogan law. The markers are data points, while the dashed lines are the optimized
fits. Due to the large quantity of data, the curves are split over two different graphs: (a) and (b)

Appendix 3C: The average number of effective physical cross-links per chain:
The degree of connectivity between the macromolecular chains can also be described
by the average number of effective physical cross-links per chain N̄c [21]. It is
assumed here that molecular connectivity throughout the material is provided by
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macromolecular chains that are connected with each other through friction loci,
such as entanglements and crystallites [21, 26, 27]. In order to achieve macroscopic
connection, or percolation, the polymer chain needs to take part in at least two
physical cross-links [21]. This would mean that the polymer chain has to be of
sufficient length (or molecular weight) to span 3-5 times the average distance between
friction loci [21]. The molar mass between friction loci (Mc0 ) is expected to be in
the order of the molar mass between entanglements (Me = 1250 g/mole) [21]. Using
this criterion, the weight fraction of polymer chains that form effective physical
cross-links with one another (wt (M )) can be calculated according to the following
equation [21]:
Z
∞

w(M ) dM

wt (M ) =

(3.22)

Mthreshold

Where wt (M ) is the weight fraction as function of molecular weight as derived from
the molecular weight distribution and Mtheshold is the threshold molecular weight for
a polymer chain to form effective physical cross-links. Following the article by Tervoort et. al., the threshold molecular weight would be approximately 5000 g/mole
[21]. Alternatively, the polymer network concept by Zhou et. al. can be used,
where percolation takes place if two or more lamella are connected by a single chain
[26, 27]. This would lead to a threshold molecular weight of approximately 10000
g/mole for chains connecting two lamella. For calculations in this publication, the
molecular weight required to connect at least 2 lamella will be used as a threshold,
as this threshold would be comparable to the one used by Huang and Brown. Polymer chains which fall below the threshold molecular weight are considered too small
to form effective physical cross-links and will therefore dilute the polymer network
[21]. If the density is assumed independent of molecular weight, the weight fraction of effective chains wt is equal to the volume fraction of effective chains φ [21].
The amount of effective physical cross-links per chain can be calculated using the
following equation and is proportional to φ×M̄n ∗ [21]:
nMc0
nMc
φM̄n ∗
M̄n ∗
[1 −
[1 −
]=
] ∼ φM̄n ∗
N̄c =
Mc
Mc0
M̄n ∗
φM̄n ∗

(3.23)

Where Mc is Mc0 corrected for the volume fraction of effective chains φ (see equation
3.24) and M̄n ∗ is the number average molecular weight adjusted for the fraction of
polymer chains which fall below the threshold molecular weight (see equation 3.25)
[21]:
M0
Mc = c
(3.24)
φ
R∞
w(M ) dM
M
M̄n ∗ = R ∞threshold w(M )
(3.25)
dM
Mthreshold M
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Creep crack-growth kinetics of
high-density polyethylene
(HDPE): dependence on
molecular weight and
temperature

Abstract:
The objective of this study is to predict the creep crack growth kinetics of homopolymers from (empirical) relations derived from the temperature, load ratio and
the molecular weight distribution (MWD) dependence. In order to obtain the creep
crack growth kinetics, the crack growth kinetics under cyclic loading are investigated
as a function of load ratio (Kmax /Kmin ) over a range of temperatures and, if necessary, an extrapolation is made to static loading. From the crack growth kinetics
curves, it can be observed that the Paris-Erdogan exponent m remains 3.9, regardless of load ratio, which implies that the pre-factor A is the governing parameter for
the creep crack growth kinetics. Furthermore, the crack growth kinetics for all of the
investigated homopolymer grades showed a similar load ratio dependence at room
temperature. From this load ratio dependence, an acceleration factor (AR=0.1 /AR=1 )
of 9.22 was found at room temperature. However, a drastic shift in load ratio dependence can be observed for homopolymers between measurements under ambient
conditions and measurements at elevated temperatures (80 °C), which is also reflected by a difference in temperature dependence between static (R = 1) and cyclic
(R = 0.1) loading. Upon comparison of the temperature dependence under both
loading conditions, it can be observed that cyclic loading has a marked effect on the
low temperature deformation process, while the high temperature process remains
largely unaffected. Subsequently, it was shown, both with our own experimental
data and data from literature sources, that the creep crack growth kinetics could be
successfully predicted with the derived Paris-Erdogan law parameters. In addition,
the MWD dependence found in previous studies, as well as the acceleration factor
and the temperature dependence under static loading found in this study, can be
verified using literature data.

Reproduced from: R.R.J. Cerpentier, L.V. Pastukhov,
K.J.H. Verrijt, T.A. Tervoort, L.E. Govaert. In preparation

65

Chapter 4: Creep crack growth kinetics of HDPE

4.1

Introduction:

Since its conception in the 1950’s, high-density polyethylene (HDPE) has seen growing use in pressure pipe applications for gas and water transport [1–3]. In order to function properly in these applications, it is of great importance to identify
the molecular and morphological parameters that influence long-term failure, since
failure times of 50 years or more are expected under service conditions [2, 4–7].
For HDPE pipe grades, long-term failure is governed by two failure mechanisms:
plasticity-controlled failure and crack-growth-controlled failure [2, 5, 8–11]. In the
past, the minimum required strength (MRS), the stress at which time-to-failure
is 50 years at room temperature, was determined exclusively by the crack-growthcontrolled failure mechanism [2–4, 6, 10, 12–16]. However, due to changes in both the
molecular weight distribution (MWD) and the molecular architecture of the chains,
no crack-growth controlled failure is observed in certification testing (pressurization
up to 1.5 years at elevated temperatures) for the most recent pipe grades [2, 17, 18].
Therefore, the failure times of these grades are estimated to lie at timescales (far)
greater than 50 years at room temperature [16, 17, 19]. Nevertheless, since crackgrowth-controlled failure is the limiting failure mechanism at large timescales, crack
growth resistance is still regarded as one of the most important design parameters
in the development of HDPE pipe grades [2, 6, 10, 18].
Through microscopy studies of slow crack growth, it has been observed that the crack
growth kinetics in the stable crack growth regime are governed by the deformation
and breakdown of craze fibrils [8, 10, 20]. These fibrils elongate under the applied
stress until breakdown occurs, forming the fracture surface in the process [8, 10].
The stress dependence of the crack growth kinetics can be described with the well
known Paris-Erdogan law [21] in the stable crack growth regime:
ȧ(σ, a) = AK m (σ, a)

(4.1)

where a power law relation between the crack propagation rate ȧ(σ, a) and the stress
field around the crack tip (given by the stress intensity factor K), can be described
with two parameters: the pre-factor A and the the exponent m [2, 4]. In a previous
publication (see chapter 3) it was observed that exponent m could be regarded as
constant for a wide range of polyethylene grades and testing conditions. An optimal
value of 3.9 was found for m (see chapter 3), which compared well to both literature
values [4, 15, 22–25] and the theoretical value of 4.0 found with the Dugdale model
[14, 22]. Because the exponent m can be considered constant, the crack growth kinetics are controlled mainly by the pre-factor A. Since the same mechanism of failure
(breakdown of fibrils) is observed for long-term crack-growth-controlled failure as
well [8, 10, 20], the time-to-failure of this failure mechanism can also be assumed to
depend strongly on the Paris-Erdogan pre-factor A.
In chapter 3, it was observed that pre-factor A of homopolymer grades under cyclic
loading correlate best with Mw , corrected for the width of the MWD through Mz /Mw
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(Mw,corr,z ), given by the following equation:
Apred = CT (T ) · (Mw,corr )−3.3

−0.312
Mz
Mw,corr,z = Mw
Mw

(4.2)

It was shown that this correlation applies for homopolymers over a broad range of
temperatures (see figure 4.1a), which implies that all homopolymer grades have the
same temperature dependence (see chapter 3). Because of this, the rate constant
obtained as a function of temperature from the Mw,corr,z correlation in figure 4.1a
(CT (T )) can be used to describe the overall temperature dependence, where CT (T )
is given by:



1
1
Ea,1
−
(T < 55 ◦ C)
CT (T ) = 0.26 · exp
8.314 296 T



(4.3)
1
1
Ea,2
◦
−
(T > 55 C)
CT (T ) = 3.8 · exp
8.314 333 T
The temperature dependence of CT (T ), shown in figure 4.1b, reveals the existence
of two different deformation processes with (significant) differences in activation energy (Ea,1 and Ea,2 are equal to 50 and 125 kJ/mole respectively), which were also
observed in literature [24, 25]. These processes, governed by the amorphous and
crystalline phase respectively [24–28], generated a slope change in the temperature
dependence at approximately 55 °C (see figure 4.1b) for the investigated homopolymer grades (from a moderate slope at low temperatures to a steep slope at high
temperatures) [24, 25]. Since the temperature dependence is factorisable with the
Mw,corr,z dependence for homopolymers, the curve in figure 4.1b can be used to predict the temperature dependence of the fatigue crack growth kinetics as a function
of temperature, regardless of the MWD (see chapter 3). Hence, for fatigue crack
growth in homopolymers, temperature acceleration can be used (in combination
with the MWD dependence) to yield an accurate prediction of the crack growth
kinetics at room temperature.
92 °C
80 °C
60 °C
40 °C
23 °C

10-3
10-4
10-5

103

Rate constant CT

Pre-factor A [m/s]

10-2

102
101

10-6
10-7

100

10-8
10-9
25

50

100

200

10-1
2.7

2.8

Mw×(Mz/Mw)-0.312
(a) Pre-factor A versus Mw,corr

2.9

3

3.1

3.2

3.3

1/T [K-1]

3.4
10-3

(b) Pre-factor A versus reciprocal T
−0.312
(Mz/Mw )

Figure 4.1: A plot of (a) pre-factor A versus Mw
at 23 °C (blue), 40 °C (green), 60
°C (red), 80 °C (purple) and 92 °C (black) and (b) a plot of the rate constant CT versus reciprocal
temperature for homopolymer grades reproduced from chapter 3. The markers are data points,
while the solid and dashed lines are optimized fits.
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Since both the MWD and the temperature dependence can be accurately predicted
in fatigue, it would be expected that the MRS for crack-growth-controlled failure
could be predicted based on these dependencies as well [6, 11, 29–33]. However, the
MRS is defined as the constant (static) stress that leads to a time-to-failure of 50
years at room temperature [2, 4, 34], while the measurements performed in chapter
3 were accelerated by cyclic (fatigue) loading. Hence, the crack growth rates obtained under cyclic loading have to be translated to their respective values under
constant (static) loading before a prediction of the MRS for crack-growth-controlled
failure could be made [7, 11, 29–31, 35]. It has been shown that his translation can be
achieved by decreasing the amplitude of the (cyclic) load [2, 4, 11, 24, 25, 32, 33, 35].
The amplitude, in this case, is defined by the load ratio R (the ratio of minimum to
maximum stress intensity factor: R = Kmin /Kmax ), where a cyclic load will have a
value of R smaller than 1, while R = 1 for a constant (static) load [2, 4, 24, 25, 32, 33].
Even though this experimental procedure could be performed for every investigated
grade, testing times in the order of months or even years can be expected at room
temperature for highly crack growth resistant grades at high values of load ratio R
[6, 11], since the crack propagation rate at room temperature decreases significantly
with increasing load ratio. Hence, for these grades, the value of the pre-factor A at
constant (static) loading will have to be extrapolated from fatigue experiments at
lower load ratios. This extrapolation can be achieved through a phenomenological
equation elucidated further on in this publication [2, 29–31].
As mentioned in the previous paragraph, it should be possible to predict timeto-failure for crack-growth controlled failure if the Paris-Erdogan law parameters
(pre-factor A and exponent m) under constant (static) loading are known for the
HDPE grade in question [2, 36]. This prediction will be achieved in this publication
by translating the values found for pre-factor A for cyclic loading conditions to their
respective values under constant stress (R = 1). For this purpose, measurements over
an appropriate range of different temperatures and load ratios will be performed to
obtain accurate values for the Paris-Erdogan parameters (or more specifically, prefactor A). Furthermore, the temperature dependence of the crack growth kinetics
will also be investigated for homopolymer grades under static loading. Subsequently,
the load ratio dependence, in combination with the MWD dependence and temperature dependence found for static loading, can be used to predict the creep crack
growth kinetics over a broad range of temperatures. In order to verify the observed
dependencies, a (brief) comparison will be made with crack growth kinetics values
obtained from literature.

4.2
4.2.1

Theory:
Translation of fatigue crack growth kinetics to creep
crack growth kinetics:

As mentioned earlier, cyclic (or fatigue) loading can be used to accelerate the crack
propagation kinetics in HDPE at room temperature [2, 4, 6, 11, 16, 24, 25, 32, 33, 35,
37, 38]. This acceleration is caused by additional deterioration of the craze ahead of
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the crack due to (repeated) partial unloading of the material during cyclic loading
[32, 33, 39, 40]. Under static loading, elongation (and eventually breakdown) of the
highly oriented fibril within the craze will be caused by creep processes, originating
from the disentanglement of polymer chains within the fibril [22, 32, 33]. When a
cyclic load is applied, the highly oriented craze fibrils will bend or buckle during the
unloading stage of the load cycle [32, 33, 39]. This will generate a highly localized
stress in the sections where the largest amount of curvature is applied to the fibril,
which accelerates failure within these sections [32, 33]. Despite the difference in load
pattern, the chain disentanglement mechanism shown for static crack growth can be
assumed to apply to cyclic (fatigue) crack growth as well [32, 33]. This is confirmed
by experimental observations [6, 11, 29–31] and therefore, both static and fatigue
crack growth are likely to be controlled by the same (molecular) parameter. Hence,
the correlation shown between the crack growth kinetics and the width corrected
Mw under fatigue loading would also be expected for static loading.
As mentioned in the introduction, excessively long testing times can be expected
at room temperature for highly crack growth resistant grades under static loading
[6, 11]. Since the time-to-failure (and, hence, the duration of the test) is inversely
proportional to the crack growth kinetics parameter pre-factor A, the value of prefactor A under static loading has to be extrapolated for these grades from the value
found from the respective cyclic (fatigue) experiments [7, 11, 29–31, 35]. In order
to perform this extrapolation, the phenomenological equation proposed by Kanters
et al. was used to describe the load ratio (R) dependence of the Paris law pre-factor
A [2]:
log(Am (R, f )) = (1 − Rα ) · log(Ac (f )) + Rα · log(As )
(4.4)
Where Am is the (predicted) pre-factor A as function of load ratio R and frequency
f, Ac (f ) is the pre-factor at R = 0 (the cyclic pre-factor), As is the pre-factor at R
= 1 (the static pre-factor) and α describes the non-linearity of the load ratio dependence [2]. As can be seen, both Am and Ac show a dependency on frequency, while
the static pre-factor As is inherently independent of frequency [2, 35, 41]. Hence,
it can be expected that measurements performed at different frequencies extrapolate to the same (static) value of the pre-factor A [2] and therefore measurements
performed at one frequency suffice to determine the crack growth kinetics under
static loading. Nevertheless, even though the prediction of the static pre-factor As
doesn’t necessarily require determination of the frequency dependency, it is useful
to determine the effect of frequency on the crack growth kinetics in order to compare the measurements performed in previous studies (chapter 3) with fatigue crack
growth measurements performed in literature. Hence, a brief study of the frequency
dependence will be given in appendix 4A. Equation 4.4 can be rewritten in order to
obtain the (extrapolated) pre-factor at R = 1 (the static pre-factor):
log(As ) =

log(Am (R)) − (1 − Rα ) · log(Ac )
Rα

(4.5)

As can be seen from equation 4.5, the (extrapolated) value of the static pre-factor
depends strongly on the load ratio dependence described by Am (R), in particular
when an extrapolation is performed for a low value of R. However, as mentioned
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before, it’s rather time-consuming to accurately obtain the load ratio dependence
experimentally for highly crack growth resistant grades [6, 11]. Therefore, in order
to obtain accurate approximations of Am (R) for these grades, two complementing
experimental approaches can be used. The first approach would be to determine
the load ratio dependence of the less crack growth resistant HDPE grades at room
temperature in order to identify a general trend for Am (R) for all HDPE grades. If
a general trend can be observed from the load ratio dependence of various "brittle"
grades, it can subsequently be applied to extrapolate As for the entire range of
HDPE grades. This would, however, require the assumption that the general trend
seen for brittle grades applies for these highly crack growth resistant grades. To test
this, a second (complementary) approach would be to accelerate crack growth of a
wide range of grades under static loading conditions by raising the temperature to
80 °C in order to identify a trend for the load ratio dependence at this temperature.
If the load ratio dependence seen at 80 °C is similar over the entire (MWD) range of
the investigated grades, the assumption of a general load ratio dependence at room
temperature can be rendered plausible. Additionally, the measurements for different
load ratios at elevated temperatures can be used to determine if temperature has
an influence on the load ratio dependence, which would allow for a more accurate
comparison with measurements at elevated temperatures.

4.3
4.3.1

Experimental:
Materials:

The HDPE grades used in this research were a subset of the materials used in
chapter 3. The most important material characteristics for these grades are listed in
Table 4.1. Here, Mn , Mw and Mz are the number-, weight- and Z-average molecular
2
are
weights respectively. The test temperature is denoted by T, while A3.9 and R3.9
2
the (optimized) pre-factor A and R -value when an exponent m of 3.9 is used. The
PE grades have been coded through a system that focuses on the molecular aspects
the tested grades. Within the code APE-X -Y -Z, A stands for the incorporated
molecular architecture (H for homo-polymer, B for bimodal copolymers), while X,
Y and Z indicate, respectively, the Mn , Mw and Mz of the grade in kDa. Hence, a
grade with the code HPE-15-88-450 is a homopolymer grade with an Mn of 15 kDa,
an Mw of 88 kDa and an Mz of 450 kDa.
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Grade code:

Mn M w
Mz
T
[kDa] [kDa] [kDa] [°C]

R = 0.1

HPE-15-88-450
HPE-12-75-350
HPE-8.4-51-230
HPE-4.4-197-1790
HPE-9.4-136-1010
HPE-22-121-380
HPE-24-282-2100
HPE-30-128-460
HPE-85-166-540
HPE-6.5-207-1990
HPE-12-75-350
HPE-4.4-197-1790
HPE-24-282-2100
HPE-21-320-1920

15
12
8.4
4.4
9.4
22
24
30
85
6.5
12
4.4
24
21

88
75
51
197
136
121
282
128
166
207
75
197
282
320

450
350
230
1790
1010
380
2100
460
540
1990
350
1790
2100
1920

23
23
23
23
23
23
23
23
23
23
80
80
80
80

6.0 · 10−7
5.7 · 10−7
2.9 · 10−6
1.1 · 10−7
2.1 · 10−7
6.1 · 10−8
1.1 · 10−8
7.3 · 10−8
4.7 · 10−8
6.8 · 10−8
9.3 · 10−5
1.5 · 10−5
6.6 · 10−7
1.1 · 10−6

0.962
0.941
0.919
0.958
0.953
0.952
0.963
0.978
0.959
0.966
0.940
0.976
0.983
0.881

R = 0.3

HPE-15-88-450
HPE-12-75-350
HPE-8.3-49-230
HPE-4.4-197-1790
HPE-9.4-136-1010
HPE-22-121-380
HPE-24-282-2100
HPE-30-128-460
HPE-85-166-540
HPE-6.5-207-1990

15
12
8.3
4.4
9.4
22
24
30
85
6.5

88
75
49
197
136
121
282
128
166
207

450
350
230
1790
1010
380
2100
460
540
1990

23
23
23
23
23
23
23
23
23
23

2.7 · 10−7
2.5 · 10−7
6.2 · 10−7
5.0 · 10−8
1.2 · 10−7
3.0 · 10−8
5.0 · 10−9
3.5 · 10−8
2.2 · 10−8
3.4 · 10−8

0.912
0.963
0.834
0.969
0.954
0.972
0.944
0.954
0.909
0.973

R = 0.5

HPE-15-88-450
HPE-12-75-350
HPE-4.4-197-1790
HPE-9.4-136-1010
HPE-22-121-380
HPE-6.5-207-1990
HPE-12-75-350
HPE-4.4-197-1790

15
12
4.4
9.4
22
6.5
12
4.4

88
75
197
136
121
207
75
197

450
350
1790
1010
380
1990
350
1790

23
23
23
23
23
23
80
80

2.1 · 10−7
1.1 · 10−7
2.4 · 10−8
8.6 · 10−8
2.1 · 10−8
1.5 · 10−8
4.8 · 10−5
7.4 · 10−6

0.920
0.943
0.972
0.947
0.984
0.955
0.995
0.939

R = 0.75

HPE-15-88-450
HPE-12-75-350
HPE-4.4-197-1790
HPE-9.4-136-1010

15
12
4.4
9.4

88
75
197
136

450
350
1790
1010

23
23
23
23

5.3 · 10−8
6.2 · 10−8
1.4 · 10−8
5.2 · 10−8

0.953
0.913
0.895
0.945

R=1

4.3. Experimental:
A3.9
[m/s]

HPE-12-75-350
HPE-12-75-350
HPE-4.4-197-1790
HPE-24-282-2100
HPE-21-320-1920

12
12
4.4
24
21

75
75
197
282
320

350
350
1790
2100
1920

23
80
80
80
80

4.9 · 10−8
8.1 · 10−5
1.0 · 10−5
2.8 · 10−6
5.1 · 10−9

0.874
0.908
0.962
0.959
0.888

2
R3.9
[-]

Table 4.1: Crack growth kinetics at different load ratios
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4.3.2

Sample preparation:

The compression moulding procedure has been described in greater detail in chapter
3. The precursor plaques generated for the experiments in this research were produced with the regular and picture frame mould methods given for the 6 mm thick
samples in chapter 3. All of the produced plaques were cooled at a controlled cooling
rate of 10 °C/min. The precursor samples were manufactured into CT-specimens
(see figure 4.2) with a total length of 40 mm and a height (H) of 38 mm. The thickness B of the samples was consistently between 5 and 6 mm and measured with 0.01
mm precision for each sample. The CT-specimen dimension W was typically 32 mm.
The machined CT-specimens were pre-cracked by tapping in a razor blade with a
pendulum dropped from a constant, predetermined height. A new razor blade was
used in the preparation each specimen. The procedure to measure the length of the
pre-crack and the sawed notch is also given in chapter 3. The nominal length of a
pre-crack was approximately 1.25 mm, while the nominal length of the sawed notch
was roughly 7 mm, resulting in a combined initial crack length (a) of 8.25 mm. The
lengths of both notches were measured with a precision of 0.01 mm.

Figure 4.2: Schematic representation of a Compact Tension (CT) specimen.

4.3.3

Specimen testing:

CT-specimens were tested under either static (R = 1) or cyclic (R < 1) loading
on various mechanical testing machines. For the cyclic (fatigue) measurements, a
sinusoidal load pattern was used in order to accelerate the the crack growth kinetics
[2, 4, 6, 11, 16, 24, 25, 32, 33, 35, 37, 38]. The samples were tested at different
load ratios R, where R = Kmin /Kmax . For the measurements in this publication,
load ratios with R equal to 0.1, 0.3, 0.5, 0.75 and 1 were used. When R was
adjusted, the maximum load was kept constant. Measurements were carried out at
test temperatures varying between 5 °C to 92 °C. A macrolens with a 2× (maximum)
magnification was combined with a high speed, monochrome camera to track the
growth of the crack front. The pixel to mm ratio was obtained by use of a calibration
sample. A field of view of approximately 10 mm was observed for the 6 mm thick
samples. To capture the crack opening at maximum load, a movie of 5 consecutive
cycles was recorded at a set time interval and the frames in which the crack was at
maximum opening were analysed to determine the position of the crack front. The
time interval between the moments of data capture was adapted to the (expected)
duration of the measurement. The amount of frames per second (fps) captured by
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the camera depended on the frequency used in the measurement, which was 5 Hz
for all of the measurements, with exception of the measurements that were used
to derive the frequency dependence (see appendix A). The frame rate was taken
such that there were (at least) 20 frames per cycle (e.g. 100 fps at 5 Hz). For
static measurements, only one frame was shot at a set time interval, since the crack
was always at maximum opening. From the difference between the position of the
crack front and the position of the end of the pre-crack, the crack length (in number
of pixels) was determined at maximum opening as a function of time (calculated
from the time interval). This crack length (in number of pixels) was, subsequently,
converted to the crack length in mm using the pixel to mm ratio obtained earlier
and added to the combined length of the pre-crack and sawed notch found in section
4.3.2. This yielded the evolution of crack length (in mm) as a function of time.

4.3.4

Analysis of the crack length vs. time data:

In order to obtain the crack growth kinetics as a function of stress intensity factor,
the crack propagation rate had to be derived from the crack length versus time
curves. To achieve this, the (linear) slope over a range of crack length versus time
data points was determined through linear interpolation at various intervals of the
curve, as shown in figure 4.3a. The exact procedure that was used to determine the
span of these intervals has been given in a previous publication. The data points at
the initial stage of the measurement were rejected as they did not represent stable
slow crack growth, since the crack had to propagate through the initial plastic zone.
The R2 -value of the interpolated intervals was generally above 0.95 and the 95%
confidence interval was, in general, smaller than ± 10% of the determined crack
propagation rate. The stress intensity factor Kmax at every crack propagation rate
was calculated from the value of the crack length in the middle of the range:
Fmax 2 + α/W
α
α
2
α
3
α
4
√
3 [0.866+4.64( /W )−13.32( /W ) +14.72( /W ) −5.60( /W ) ]
B W (1 − α/W ) 2
(4.6)
Here, Fmax is the maximum applied load, B and W have been defined in section 4.3.2
and α is the length of the crack, measured from the centre of the pinholes. Both the
stress intensity factor and the crack length are obtained at maximum load, which is
indicated by the subscript of Kmax . The Paris-Erdogan law parameters (see equation
4.1) can be obtained from a double logarithmic plot of the crack propagation rate
(da/dt) as a function of Kmax , as shown in figure 4.3b [2, 4, 11, 21]. As can be
seen from figure 4.3b, the Paris-Erdogan exponent m is equal to the slope of the
fitted line, while the Paris-Erdogan pre-factor A is equal to the (predicted) crack
propagation rate at Kmax = 1.
Kmax =
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10-5
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10-6

da/dt [m/s]

Crack length [mm]
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16
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da,3
dt,3

12

slope = m

10-8

da,2
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intersect = A

dt,2
da,1
dt,1

8
0
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2

3

4
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(a) Crack length versus time

6

7

10-9

da/dt = A×K m
max

0.5

0.6 0.7 0.8 0.9 1

1.5

Kmax [MPa×m1/2]

104

(b) Crack growth rate versus stress intensity factor

Figure 4.3: A plot of crack length versus time (a) and crack growth rate versus stress intensity
factor (b). The blue markers are data points. The blue line in figure b is the optimized fit of the
Paris-Erdogan law.

4.4

Results and discussion:

4.4.1

Load ratio dependence of HDPE grades:

4.4.1.1

Influence of load ratio R on the Paris-Erdogan law parameters:

As mentioned in section 4.2.1, the crack growth kinetics of HDPE are controlled
by the elongation and breakdown of craze fibrils [8, 10, 20, 22, 32, 33]. According
to literature, this process is accelerated by applying a cyclic load [2, 4, 6, 11, 16,
24, 25, 32, 33, 35, 37, 38], without a (visible) change in the underlying mechanism
[32, 33]. In order to verify the observations made in literature, the influence of the
load ratio on the Paris-Erdogan law curves was investigated, as has been shown for
HPE-12-75-350 at room temperature and 80 °C in figures 4.4a and 4.5a respectively.
From both figures, it can be seen that the Paris-Erdogan law curves show a comparable slope at every load ratio R, which has been observed in literature as well
[2, 7, 25, 31]. Furthermore, all of the curves can be described with a Paris-Erdogan
exponent m of 3.9, which is consistent with previous publications and literature
values [4, 14, 15, 22–25]. Since the slope of the crack growth kinetics curves can
be assumed constant, it can be inferred that the load ratio solely influences the
pre-factor A. The curves in figures 4.4a and 4.5a therefore imply that the pre-factor
A is the governing parameter with regards to crack growth kinetics, irrespective of
load ratio.
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0.9
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1.2

10
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HPE-24-282-2100
HPE-85-166-540
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10-8
10-9
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1
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(b) Pre-factor A versus load ratio: 23 °C

Figure 4.4: A plot of crack growth rate versus stress intensity factor for HPE-12-75-350 (a) and
a plot of the pre-factor A versus load ratio for a variety of grades (b) at room temperature. The
markers are data points, while the dashed lines are the optimized fits of the Paris-Erdogan law and
equation 4.4 for figures (a) and (b) respectively.

Since it was shown in figures 4.4a and 4.5a that the Paris-Erdogan exponent m
can be considered independent of load ratio, the load ratio dependence of the crack
growth kinetics can be shown by plotting the pre-factor A against the load ratio,
as is shown for a series of grades at room temperature and 80 °C in figures 4.4b
and 4.5b respectively. As can be seen from figure 4.4b, the pre-factor A decreases
with increasing load ratio R at room temperature. This is consistent with the
observations in literature that cyclic (fatigue) loading accelerates the crack growth
kinetics [2, 4, 6, 11, 16, 24, 25, 32, 33, 35, 37, 38]. Moreover, the influence of load
ratio on the crack growth kinetics can be accurately described with the same (nonlinear) curve shape for all of the investigated HDPE grades at room temperature,
which is reflected by a fairly high average R2 -value (R2 = 0.927). This implies that
the MWD dependence of the crack growth kinetics at R = 0.1 can be translated (or
extrapolated) to a value under static loading (R = 1) with relatively good precision
for the tested grades. Extrapolation from the predicted values at R = 0.1 to R = 1
yields an acceleration factor of 9.22, meaning that slow crack growth will be roughly
one order of magnitude slower under static conditions as compared to fatigue crack
growth at R = 0.1. The curves in figure 4.4b show a (rather strong) non-linear
dependence of the crack growth kinetics on the load ratio, which also shown by the
value of the non-linearity parameter α (α = 0.341). A similar non-linear dependency
has been observed in literature [2, 11] and could probably be attributed to both the
visco-elastic behaviour of the material and the triangular shape of the craze zone.
An entirely different trend can be found in figure 4.5b, where it can be observed
that the pre-factor A at 80 °C is nearly independent of the load ratio. This type
of behaviour has also been reported in literature, where it was attributed to the
increasing importance of the creep component on the crack growth kinetics [42].
Furthermore, a slight decrease in the crack propagation rate (at constant Kmax ) can
be noticed for a load ratio of 0.5, which could suggest a local minimum in the prefactor A as a function of load ratio. Nevertheless, a similar load ratio dependence
can also be observed for all of the investigated grades at 80 °C. This would imply
that the load ratio dependence is largely independent of MWD at 80 °C as well (and
vice versa). Hence, it seems that the load ratio dependence is factorisable with the
MWD dependence, regardless of temperature, despite the difference in load ratio
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dependence between 23 and 80 °C. This would make the load ratio dependence a
powerful tool to predict the creep crack growth kinetics for highly crack growth
resistant (homopolymer) grades.
10-4

10-2

da/dt [m/s]

10-5

Pre-factor A [m/s]

R = 0.1
R = 0.5
R = 1.0

10-6
10-7
10-8
0.2

0.4

Kmax [MPa*m1/2]

0.8

10

HPE-12-75-350
HPE-4.4-197-1790
HPE-24-282-2100

-3

10-4
10-5
10-6
10-7

0.1

0.5

1

load ratio R [-]

(a) Crack growth rate versus Kmax : 80 °C

(b) Pre-factor A versus load ratio: 80 °C

Figure 4.5: A plot of crack growth rate versus stress intensity factor for HPE-12-75-350 (a) and
a plot of the pre-factor A versus load ratio for HPE-12-75-350 and HPE-4.4-197-1790 (b) at 80
°C. The markers are data points, while the dashed lines are the optimized fits of the Paris-Erdogan
law and equation 4.4 for figures (a) and (b) respectively.

4.4.1.2

Comparison of the temperature dependence between cyclic and
static loading:
T
[°C]

A3.9
[m/s]

HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350

5
23
30
40
60
70
80
92

1.4 · 10−7
5.7 · 10−7
6.2 · 10−7
3.0 · 10−6
7.2 · 10−6
2.9 · 10−5
9.3 · 10−5
4.6 · 10−4

0.960
0.941
0.978
0.988
0.937
0.994
0.940
0.965

HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350
HPE-12-75-350

5
23
30
40
50
60
70
80
92

7.5 · 10−7
4.9 · 10−8
2.4 · 10−7
8.3 · 10−7
1.7 · 10−6
7.1 · 10−6
2.7 · 10−5
8.1 · 10−5
2.5 · 10−4

0.947
0.874
0.962
0.947
0.957
0.987
0.917
0.908
0.970

R=1

R = 0.1

Grade code:

2
R3.9
[-]

Table 4.2: Cyclic and static crack growth kinetics over a range of temperatures

As can be seen from figures 4.4b and 4.5b, a drastic change in load ratio dependence can be observed as a function of test temperature. This would imply that
the temperature dependence also varies as a function of load ratio. This would be
of significance, since two different deformation processes have been observed over a
76

4.4. Results and discussion:
temperature range of 23 to 92 °C (see chapter 3) [24, 25]. Since these deformation
processes could have different load ratio dependencies, the transition point (where
both processes meet) could also shift as a function of load ratio. In order to investigate this, the temperature dependence of one homopolymer grade (HPE-12-75-350)
has been determined for R = 0.1 and R = 1 over a temperature range of 5 to 92
°C, which is shown in table 4.2 and figure 4.6. As can be observed from figure 4.6,
the temperature dependence at elevated temperatures (above 60 °C) is almost the
same for both load ratios, with only a moderate change in activation energy (125
kJ/mole at R = 0.1 compared to 111 kJ/mole at R = 1). This would imply that
the high temperature process (α-relaxation) has little to no load ratio dependence,
which is in agreement with the results seen in the previous section. On the other
hand, a downward shift can be observed for the low temperature process when the
load ratio is increased, as well as a shift of the transition point towards lower temperatures. This would imply that the rate constant of the low temperature process
is strongly influenced by load ratio, while that of the high temperature process is
only mildly influenced. Moreover, the change in temperature dependence observed
for static loading in figure 4.6 would also imply a shift in the governing deformation process from the unidentified amorphous process seen at ambient temperatures
in fatigue to the α-relaxation process under static loading conditions. This is of
great relevance, since the creep crack growth performance found for grades studied
at elevated temperatures in standardized testing should, therefore, translate rather
straightforwardly to the creep crack growth performance at ambient temperatures:



1
1
Ea
−
(4.7)
As (T ) = As,23 ◦ C · exp
8.314 296 T
Where Ea is equal to 111 kJ/mole. Hence, in addition to the load ratio, the temperature dependence can be a powerful tool to predict the creep crack growth performance under service conditions as well. As a final note, it has to be mentioned
that the results shown in figure 4.6 should, for now, only be considered accurate
for homopolymer grades, since a difference in temperature dependence between homopolymer and bimodal copolymer grades could definitely be plausible. Further
investigation into the load ratio and temperature dependence of bimodal copolymer
grades is currently in progress.
Pre-factor A [m/s]

10-2
R = 0.1
R=1

10-3
10-4
10-5
10-6
10-7
10-8
10-9
2.7 2.8 2.9

3

3.1 3.2 3.3 3.4 3.5 3.6

1/T [K-1]

10-3

Figure 4.6: A plot of prefactor A versus the reciprocal temperature (1/T) for HPE-12-75-350 at
R = 0.1 (blue) and R = 1 (black). The markers represent data points, while the dashed lines are
optimized fits using the Arrhenius equation.
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4.4.2

Prediction of creep crack growth kinetics for homopolymers:

As can be observed in the previous section, the temperature dependence of homopolymers changes drastically as a function of load ratio at temperatures below
60 °C. This change in temperature dependence leads to a corresponding change in
load ratio dependence at those temperatures, which was observed in section 4.4.1.1
as well. However, it was shown in this section that the load ratio dependence is
factorisable with the MWD dependence (e.g. independent of the MWD). Hence,
this would imply that the temperature dependence at static loading would be independent of the MWD as well (comparable to the cyclic loading case, see chapter
3) and that all three dependencies would, hence, be factorisable with each other.
In order to verify this factorisability, as well as the obtained (empirical) relations
found for the MWD in chapter 3 and the load ratio and temperature dependences
found in section 4.4.1, data on the creep crack growth kinetics of single edge-notch
tension (SENT) and single edge-notch bending (SENB) experiments performed on
a homopolymer grade over a large temperature range were obtained from a study
by Chan and Williams [15]. The molecular moments for this grade (Rigidex 006-60)
weren’t found in the article by Chan and Williams, but could instead be obtained
from several other literature sources [43, 44]. However, since only Mn and Mw were
given in these publications, the formula given by equation 4.2 could not be used in
this case. Hence, an alternative width corrected Mw (Mw,corr,n ) obtained in chapter
3, which uses (Mw/Mn ) to correct for the width of the MWD, was employed to predict
the (cyclic) pre-factor A as a function of molecular weight:
q

Mw
Mw,corr,n = Mw
Mn
(4.8)
p
Ac,pred = C23 ◦ C · (Mw,corr,n )
Where C23 ◦ C is the rate constant at 23 °C, while q and p are the exponents. The
values for C23 ◦ C , q and p are 1.366, -0.161 and -3.58 respectively. Even though the
width correction using (Mw/Mn ) is slightly less accurate compared to using (Mz/Mw )
(see chapter 3), it still yields a good correlation with the crack growth kinetics
derived under dynamic loading, as is shown by the R2 -value of the correlation (R2
= 0.967). While the molecular moments deviated quite significantly between the
consulted sources [43, 44], this only had a minor effect on the width corrected Mw
(Mw,corr,n ≈ 80 kDa). The predicted pre-factor under cyclic loading (Ac,pred ) could,
subsequently, be converted to the predicted pre-factor under static loading with the
acceleration factor found in section 4.4.1.1:
As,pred = 9.22 · Ac,pred

(4.9)

Where As,pred is the pre-factor predicted for creep crack growth at 23 °C from the
MWD and load ratio dependence.
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Figure 4.7: Results reproduced from Chan and Williams [15] as shown by a plot of crack growth
rate versus stress intensity factor for SENT (a) and SENB (b) specimens. For SENT (figure (a)),
the markers are data points at 23 °C (blue), 40 °C (red) and 80 °C (black). For SENB (figure (b)),
the markers are data points at 19 °C (blue), 40 °C (red) and 75 °C (black). The dashed lines are
the predicted crack growth kinetics curves using Mw,corr,n (equation 4.8), load ratio (equation 4.9)
and temperature (equation 4.7) dependences found in this study.

Since Mw,corr,n , the load ratio dependence at room temperature and the temperature
dependence are known, a comparison can be made between the creep crack growth
kinetics predicted from the Mw,corr,n (see equation 4.8 and 4.9), adjusted to the test
temperatures used in [15] through the use of the temperature dependence in equation
4.7, and the experimental crack growth kinetics observed by Chan and Williams for
both SENT and SENB, which is shown in figure 4.7a and 4.7b for SENT and SENB
respectively [15]. It can be seen from this figure that the experimental curves can
be described with a Paris-Erdogan exponent m of 3.9 and that the predicted crack
growth kinetics curves found for the Rigidex 006-60 grade (dashed lines) fall near
the experimental curves of Chan and Williams over the entire range of temperatures.
This is also shown by the predicted Paris-Erdogan pre-factor A, which lie relatively
close to the optimized values determined by fitting the Paris-Erdogan law with a
slope of 3.9 on the experimental curves (see As,pred vs. A3.9 in table 4.3). This would
imply that the dependence on Mw,corr,n , as well as the load ratio dependence at room
temperature and the temperature dependence found in section 4.4.1, are relatively
accurate, since these dependences were used cooperatively to yield the predictions
seen in figures 4.7a and 4.7b.
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Pre-factor A [m/s]
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3.2

3.4
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10-3
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Figure 4.8: A plot of pre-factor A versus 1/T for measurements on SENT (red) and SENB (blue)
specimens taken from [15]. The markers are the values of pre-factor A derived from optimized fits
of the Paris-Erdogan law. The dashed line is the predicted temperature dependence using the the
corrected Mw (equation 4.8), load ratio (equation 4.9) and temperature (equation 4.7) dependences
found in this study.

Further evidence supporting the factorisability of the different dependences found
in this chapter and chapter 3 can be found when the optimized pre-factor A derived for the SENT and SENB measurements of Chan and Williams (see table 4.3)
is plotted against 1/T, which is shown in figure 4.8. From this figure, it can be
observed that the temperature dependence can be described quite well with the
temperature dependence found in 4.4.1.2. Furthermore, since both Mw,corr,n and the
load ratio dependence were used to vertically shift the position of the temperature
dependence, this curve also shows the accuracy of those two dependencies. As a final
note, the results shown in figures 4.7a, 4.7b and 4.8 also show that test geometry has
a relatively minor effect on the crack growth kinetics (at most a factor two between
SENB and SENT), which is comparable to the experimental error seen within the
measurement data [15]. Since the empirical relations used to predict the creep crack
growth kinetics of these measurements were obtained from CT-specimens, the (relatively) high accuracy of these predictions would also suggest that the shift from the
SENT and SENB geometries to the CT geometry would have almost no significant
influence on the crack growth kinetics. Hence, the influence of test geometry can be
assumed to be (nearly) negligible.
Code:

test
type:

T
[°C]

006-60-19C-SENB
006-60-19C-SENT
006-60-40C-SENB
006-60-40C-SENT
006-60-75C-SENB
006-60-75C-SENT

SENB
SENT
SENB
SENT
SENB
SENT

19
23
40
40
75
80

Mn Mw Mw,corr
[kDa] [kDa] [kDa]
6.0
6.0
6.0
6.0
6.0
6.0

130
130
130
130
130
130

80
80
80
80
80
80

As,pred
[m/s]

A3.9
[m/s]

1.2 · 10−8
2.3 · 10−8

1.5 · 10−8
2.6 · 10−8
2.3 · 10−7
4.5 · 10−7
1.0 · 10−5
2.8 · 10−5

2.6 · 10−7
1.8 · 10−5
3.1 · 10−5

Table 4.3: Molecular moments and predicted values of pre-factor A for SENT and SENB specimens reproduced from [15].
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4.5

Conclusions:

In this study, the (extrapolated) creep crack growth kinetics of homopolymers were
predicted by combining the MWD dependence found in a previous study with the
load ratio and temperature dependence (under static loading) obtained from experiments here. In order to derive the creep crack growth kinetics from accelerated,
cyclic experiments, the influence of load ratio (Kmax /Kmin ) is investigated over a
range of temperatures and subsequently used to estimate the extrapolated crack
growth kinetics under static loading. From the crack growth kinetics curves, it can
be observed that neither load ratio or temperature has a significant influence on the
slope of the curve (Paris-Erdogan exponent m), which implies that the crack growth
kinetics are governed by the pre-factor A. Furthermore, the pre-factor A of all the
investigated grades shows a similar load ratio dependence at room temperature (e.g.
the load ratio and MWd dependencies were factorisable). From this dependence, an
acceleration factor (AR=0.1 /AR=1 ) of 9.22 could be found between cyclic loading (R
= 0.1) and static loading (R = 1). This acceleration factor, however, is not found
at 80 °C, where the load ratio dependence of the pre-factor A is (almost) negligible,
which could be attributed to a change in the temperature dependence between measurements performed under cyclic and static loading. Upon comparison of the temperature dependence of the pre-factor A under cyclic (R = 0.1) and static loading, a
downward shift is seen for the low temperature process under static loading as compared to the cyclic loading case. For the high temperature (α-relaxation) process,
only a moderate change in activation energy could be observed, which indicated that
the high temperature process remains largely unaffected. Subsequently, the MWD,
load ratio and temperature dependences found earlier were used to predict the creep
crack growth kinetics found for SENT and SENB by Chan and Williams. Here, it is
observed that test geometry has a relatively small influence on the obtained crack
growth kinetics. Furthermore, the MWD, load ratio and temperature dependences
are shown to be factorisable with each other and are verified by these literature
findings as well.
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Grade code:

f
[Hz]

A3.9
[m/s]

R = 0.1

HPE-6.5-207-1990
HPE-6.5-207-1990
HPE-6.5-207-1990
HPE-6.5-207-1990
HPE-6.5-207-1990

0.04
0.2
1.0
5.0
10.0

1.2 · 10−8
2.1 · 10−8
4.9 · 10−8
9.8 · 10−8
1.3 · 10−7

0.938
0.979
0.973
0.953
0.826

R = 0.3

Appendix 4A: frequency dependence of pre-factor A
at room temperature:

HPE-6.5-207-1990
HPE-6.5-207-1990
HPE-6.5-207-1990
HPE-6.5-207-1990
HPE-6.5-207-1990

0.04
0.2
1.0
5.0
10.0

1.2 · 10−8
1.6 · 10−8
2.4 · 10−8
4.4 · 10−8
6.0 · 10−8

0.998
0.973
0.981
0.977
0.989

2
R3.9
[-]

Table 4.4: Frequency dependence as observed for HPE-6.5-207-1990-23C.

As mentioned earlier, determining the effect of frequency on the crack growth kinetics can be convenient, if a comparison with literature measurements at different
experimental frequencies has to be made. Hence, for one grade (HPE-6.5-207-199023C), the influence of frequency was more extensively studied for several load ratios
(see figure 4.9 and table 4.4. The pre-factor A was plotted as a function of frequency
for R = 0.1 and R = 0.3 in figure 4.9. Here, it can be seen that the pre-factor shows
a power law dependency on the frequency with a fairly high coefficient of determination (R2 = 0.989 and 0.968 for load ratios of 0.1 and 0.3 respectively). The slope
(e.g. the exponent) is seen to decrease as a function of load ratio, which is quite logical, since the contribution of the static and dynamic component (see equation 4.4)
varies with the load ratio [2]. Hence, at higher load ratios, the dynamic component
is smaller as compared to the static one, which leads to a more shallow frequency
dependence. The effect of load ratio on the frequency dependence can be captured
with the following formula:
Am (R, f ) ∝ f q(1−R)
(4.10)
Where q is the frequency dependence of the dynamic component (R = 0) of the prefactor. The value of q was determined through an optimization procedure performed
on both data sets (R = 0.1 and R = 0.3), which yielded a value of q = 0.449. As can
be seen from figure 4.9, the cross-over point for the optimized fits of R = 0.1 and R
= 0.3 lies at a relatively low frequency (< 0.01), which would be expected, since the
contribution of load ratio diminishes with decreasing frequency. Since the cross-over
should technically be found at f = 0 Hz, the non-zero position of the cross-over
is most likely related to (small) experimental errors. Nevertheless, the fairly high
R2 -values, combined with the relatively low cross-over frequency, indicate that the
frequency dependence is rather accurately captured by the exponent q.
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5

Influence of the degree of
co-polymerization on
fatigue crack propagation
in bimodal co-polymers of
high-density polyethylene

Abstract:
In this work, the influence of the concentration of short chain branches (SCB) on
the fatigue crack growth kinetics is investigated for bimodal copolymers of highdensity polyethylene over a broad range of temperatures. From the crack growth
kinetics curves, it is shown that the Paris-Erdogan pre-factor A is the governing
parameter for the crack growth kinetics. Furthermore, it is observed that both the
MWD and the SCB content have an effect on the fatigue crack growth kinetics
of the bimodal copolymers. Upon elimination of the influence of the MWD, it is
shown that the SCB concentration has no significant influence on the fatigue crack
growth kinetics at ambient temperature, while a significant deviation is observed at
elevated temperatures. This variation in the temperature dependence as a function
of SCB concentration could be attributed to a decrease in the activation energy of
the low temperature process with increasing SCB concentration, combined with the
decelerating effect of SCB on the high temperature (α-relaxation) process. Finally,
it is hypothesized from literature data, that the extension of the high temperature
(α-relaxation) process, observed for the creep crack growth kinetics of homopolymers, might apply to the creep crack growth kinetics of bimodal copolymers as well.
However, experimental evidence of this requires further investigation.

Reproduced from: R.R.J. Cerpentier, T. van Vliet,
T.A. Tervoort, M.J. Boerakker, L.E. Govaert. In preparation
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5.1

Introduction:

Since its initial development in the 1950’s, high-density polyethylene (HDPE) has
become one of the main thermoplastics used in (high pressure) pipe applications
[1–3]. Concerning their long-term use in these applications, the ability to predict
lifetime under stress is essential, since a service life at ambient temperatures of at
least 50 years is expected for HDPE pipes [1, 4–6]. The lifetime of HDPE, under
service conditions, is governed by two failure processes: I) plasticity-controlled failure and II) crack-growth-controlled failure, which both act simultaneously on the
material until ultimate failure is initiated by one of them [1, 5, 7–12] (self-citation
1 and 2). In the past, virtually all failure at long timescales could be attributed to
the crack-growth-controlled failure process [2, 9, 12–16]. However, since the introduction of bimodal copolymer grades, which placed the short chain branches (SCB)
on the longest chains, lifetime related to crack-growth-controlled failure in (temperature accelerated) standardized testing has increased tremendously [16, 17]. This
improvement is suggested to be linked to the inability of the SCB to be incorporated
into the crystalline lamella, which would lead to more chain segment connections
between the lamella (so-called tie-molecules) [13, 16–19]. However, while the introduction of SCB in the longest chains led to a vast improvement in crack growth
resistance, it also reduced the crystallinity of the bimodal copolymer grades, which,
in turn, led to a lower resistance to plasticity-controlled failure [17, 20, 21] (see chapter 2). This has led to a situation where optimization of one failure process leads to
suboptimal behaviour of the other process [12]. Hence, simultaneous optimization
of both failure processes requires an alternative approach.
In chapter 3, the crack growth kinetics of HDPE homopolymers were investigated
in order to obtain a baseline which could be compared to the bimodal copolymer
grades. An important finding was that the temperature dependence was virtually
independent of the molecular weight distribution (MWD) for the HDPE homopolymers. However, when the temperature dependence of the investigated homopolymers
was compared to the ones found by the group of Baer [22, 23], discrepancies were
observed between the experiments performed on the homopolymer grades in chapter 3 and the fatigue measurements performed on the literature grades. Since both
of the literature grades were copolymers (one MDPE [22] and one bimodal copolymer [23]) and no influence of MWD on the temperature dependence was observed
for homopolymers in chapter 3, these discrepancies have led us to believe that copolymerization has an influence on the temperature dependence of the crack growth
kinetics. Moreover, when the temperature dependence of the two literature grades
are compared to one another [22, 23], it is observed that the Arrhenius temperature
activation factor between 21 and 80 °C is more than two orders of magnitude (of
the natural logarithm) smaller for the bimodal copolymer compared to the MDPE
grade. This suggests that a substantial improvement in fatigue crack growth resistance for (bimodal) copolymers at 80 °C doesn’t necessarily have to correspond
to a substantial improvement at ambient temperatures. However, the influence of
the concentration of SCB on the temperature dependence of the crack growth kinetics cannot be readily identified from the results of the group of Baer [22, 23].
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5.2. Background:
Furthermore, as has been observed for homopolymers in a previous study (see Background), the temperature dependence is (strongly) dependent on load ratio as well
(see chapter 4). Since most accelerated testing is performed under static loading at
elevated temperatures [1, 24, 25], the influence of the load ratio on the temperature
dependence will have to be taken into account as well. Hence, a more thorough
investigation into the temperature dependence of (bimodal) copolymers, both under
cyclic and static loading, is prudent to elucidate the influence of SCB content on
the crack growth kinetics at ambient and elevated temperatures.
In this chapter, the temperature dependence of several (bimodal) copolymer grades
will be evaluated extensively and compared to the temperature dependence found
for HDPE homopolymers in chapter 3. Variation in SCB content with the MWD for
the studied grades was observed via SEC-IR and used to interpret the variation in
temperature dependence. In order to make a proper comparison to the homopolymer
grades, a temperature range similar to the one used in chapter 3 was applied to the
(bimodal) copolymer grades as well. Furthermore, to isolate the influence of the
SCB content, we will make use of the molecular parameter found in chapter 3, the
width corrected Mw (Mw,corr ). This parameter, in combination with the temperature
dependence found for homopolymers, will be used to demonstrate the influence of
SCB content as a function of temperature.

Background:
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Figure 5.1: A plot of pre-factor A versus Mw × (Mz /Mw )−0.312 at 23 °C (blue), 40 °C (green),
60 °C (red), 80 °C (purple) and 92 °C (black) (a) and a plot of the rate constant CT (see equation
5.2) versus the reciprocal temperature. The markers are data points, while the solid and dashed
lines are optimized fits.

As mentioned in the introduction, a molecular parameter with a strong connection to
the fatigue crack growth kinetics of homopolymers (Mw,corr ) was found in chapter 3,
which is shown in figure 5.1a. This parameter can be described through the following
formula:

−0.312
Mz
Mw,corr = Mw
Mw
(5.1)
−3.3
Apred = CT (T ) · (Mw,corr )
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As can be seen from figure 5.1a, the molecular weight dependence is comparable
over the entire range of temperatures and, therefore, the temperature dependence
is contained in the rate constant CT . Hence, a plot of CT as a function of reciprocal temperature, depicted in figure 5.1b, reveals the temperature dependence for
homopolymer grades under cyclic loading. The temperature dependence of CT in
figure 5.1b is given by:



1
1
Ea,1
−
(T < 55 ◦ C)
CT (T ) = 0.26 · exp
8.314 296 T



(5.2)
Ea,2
1
1
◦
CT (T ) = 3.8 · exp
−
(T > 55 C)
8.314 333 T
Two processes, with activation energies Ea,1 and Ea,2 (50 and 125 kJ/mole respectively), can be observed as a function of reciprocal temperature in figure 5.1b. These
processes can be related to an unidentified process in the amorphous phase and αrelaxation respectively. Upon comparison of fatigue measurements with experiments
performed under static loading (see figure 5.2a), an extension of the alpha-relaxation
process to higher reciprocal temperature (e.g. lower temperatures) was observed (see
chapter 4). This extension also caused a drastic difference in load ratio dependence
between ambient and elevated temperatures. While no significant variation was
seen between static and cyclic measurements at 80 °C, a considerable influence of
load ratio (nearly one decade between R = 0.1 and R = 1) can be observed for
homopolymer grades at 23 °C (see figure 5.2b), which can be described with the
following formula [1]:
log(Am (R)) = (1 − Rα ) · log(Ac ) + Rα · log(As )
α = 0.314

(5.3)

Where Am (R) is the (predicted) pre-factor A as a function of load ratio R at 23 °C,
while Ac and As are the (extrapolated) pre-factors at R = 0 and R = 1 respectively
(the so-called cyclic and static pre-factors). The extension of the α-relaxation process to ambient temperatures, observed in figure 5.2a, suggests that the same process
governs the creep crack growth kinetics at ambient and elevated temperatures for
homopolymers. Hence, it is to be expected for homopolymers that the performance
rankings found under static loading at elevated temperatures would translate well
to performance rankings at room temperature. Whether this observation will apply
to bimodal copolymer grades will be discussed further on in this study.
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Figure 5.2: A plot of prefactor A versus (a) reciprocal temperature at load ratios R = 0.1 and R
= 1 and (b) load ratio at 23 °C for HPE-12-75-350. The frequency for the cyclic measurements was
5 Hz. The markers are data points, while the dashed lines are the optimized fits of the Arrhenius
equation for (a) and equation 5.3 for (b).

5.3
5.3.1

Experimental:
Materials:

Several bimodal copolymer grades, with (strong) variations in molecular weight
distribution (MWD) and SCB distribution, were used in this research. The most
important material characteristics for these grades are listed in Table 5.1. Here, Mn ,
Mw and Mz represent the number average, weight average and Z-average molecular
weight respectively. The concentration of short chain branches (SCB) is given in
2
represent
SCB/1000C. The test temperature is denoted by T, while A3.9 and R3.9
2
the pre-factor A and the R -value of the optimized Paris-Erdogan law fit using an
exponent m of 3.9 (see self-citation 2). The PE grades have been coded through
a system that incorporates the molecular aspects the investigated grades. Within
the code APE-X -Y -Z, A stands for the incorporated molecular architecture (H for
homo-polymer, B for bimodal), while X, Y and Z represent the Mn , Mw and Mz of
the grade in kDa respectively. Hence, a grade with the code BPE-7.1-316-2880-23C
is a bimodal copolymer grade with an Mn of 7.1 kDa, an Mw of 316 kDa and an Mz
of 2880 kDa.

91

Chapter 5: Influence of branching content on FCP in bimodal copolymers

Grade code:

M n Mw
Mz
[kDa] [kDa] [kDa]

HPE-4.4-197-1790
HPE-4.4-197-1790
HPE-4.4-197-1790
HPE-4.4-197-1790
HPE-4.4-197-1790
HPE-4.4-197-1790
BPE-6.5-233-2280
BPE-6.5-233-2280
BPE-6.5-233-2280
BPE-6.5-233-2280
BPE-6.5-233-2280
BPE-6.5-233-2280
BPE-6.5-233-2280
BPE-9.5-242-1280
BPE-9.5-242-1280
BPE-9.5-242-1280
BPE-9.5-242-1280
BPE-9.5-242-1280
BPE-9.5-242-1280
BPE-7.1-316-2880
BPE-7.1-316-2880
BPE-7.1-316-2880
BPE-7.1-316-2880
BPE-7.5-415-2950
BPE-7.5-415-2950
BPE-7.7-276-3240
BPE-9.2-222-1840

4.4
4.4
4.4
4.4
4.4
4.4
6.5
6.5
6.5
6.5
6.5
6.5
6.5
9.5
9.5
9.5
9.5
9.5
9.5
7.1
7.1
7.1
7.1
7.5
7.5
7.7
9.2

197
197
197
197
197
197
233
233
233
233
233
233
233
242
242
242
242
242
242
316
316
316
316
415
415
276
222

1790
1790
1790
1790
1790
1790
2280
2280
2280
2280
2280
2280
2280
1280
1280
1280
1280
1280
1280
2880
2880
2880
2880
2950
2950
3240
1840

SCB /
1000C [-]

T
[°C]

A3.9
[m/s]

0
0
0
0
0
0
1.3
1.3
1.3
1.3
1.3
1.3
1.3
2.5
2.5
2.5
2.5
2.5
2.5
4.5
4.5
4.5
4.5
2.0
2.0
-

23
40
50
60
80
92
23
40
50
60
70
80
92
23
50
60
70
80
92
5
23
70
92
23
92
23
23

1.1 · 10−7
3.2 · 10−7
5.9 · 10−7
1.8 · 10−6
1.5 · 10−5
6.3 · 10−5
3.6 · 10−8
9.2 · 10−8
2.0 · 10−7
4.6 · 10−7
1.4 · 10−6
3.3 · 10−6
1.8 · 10−5
2.8 · 10−8
8.1 · 10−8
1.2 · 10−7
3.2 · 10−7
8.8 · 10−7
4.6 · 10−6
7.2 · 10−9
1.1 · 10−8
1.3 · 10−8
3.6 · 10−7
4.0 · 10−9
4.2 · 10−7
2.7 · 10−8
3.2 · 10−8

2
R3.9
[-]

0.958
0.975
0.979
0.978
0.976
0.938
0.993
0.992
0.992
0.978
0.989
0.989
0.983
0.969
0.970
0.991
0.984
0.970
0.996
0.969
0.974
0.988
0.984
0.877
0.921
0.950
0.951

Table 5.1: Material and crack growth kinetics parameters for different bimodal copolymer grades

5.3.2

Size exclusion chromatography:

In order to acquire the molecular weight distributions SEC-DV measurements using
universal calibration were performed at SABIC. The equipment used for these measurements has been described in chapter 3. The mobile phase was trichlorobenzene.
Calibration of the molar mass was accomplished with linear standards ranging from
0.5 to 2800 kg/mole. Measurements within one run displayed a nominal variation
of 10%, 8% and 11% for Mn , Mw and Mz respectively between the different measurements, while measurements of different runs showed deviations 15%, 10% and
13% for Mn , Mw and Mz respectively (confidence interval: 95%). For the detection
of SCB, a Polymer Char IR5 infrared detector was used, calibrated for a range of
1-75 SCB/1000C.
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5.3.3

Sample preparation:

The compression moulding procedure has been described in greater detail in chapter
3. The precursor plaques produced for the measurements in this study were created
with the regular and picture frame mould methods given for the 6 mm thick samples
in chapter 3. All of the generated plaques were cooled at a controlled cooling rate
of 10 °C/min and were machined into CT-specimens with a width of 40 mm and
a height of 38 mm (see figure 5.3). The thickness B of the samples typically fell
between 5 and 6 mm and was measured with 0.01 mm precision for each sample.
The distance between the centre of the pinholes and the end of the specimen (W) was
roughly 32 mm. Pre-crack were prepared in the machined CT-specimens by tapping
in a razor blade with a pendulum set at a predefined height. The razor blade was
replaced after each use. The procedure to measure the length of the pre-crack and
the sawed notch with microscopy is given in chapter 3 as well. The pre-crack had a
typical length of 1.25 mm, while the sawed notch had a typical length of roughly 7
mm. Hence, the nominal initial crack length of the CT-specimens was roughly 8.25
mm. Both lengths were measured with a precision of 0.01 mm.

Figure 5.3: Schematic representation of a Compact Tension (CT) specimen.

5.3.4

Specimen testing:

The (cyclic) testing procedure for CT-specimens is given in chapter 3. A sinusoidal
load pattern with a load ratio R of 0.1 (R = Kmin /Kmax ) was applied in order to
increase the crack growth rate and accelerate the measurements [1, 4, 16, 22, 23, 26–
29]. A temperature range of 5 °C to 92 °C was used during the measurements.
The frequency of the sinusoidal load was 5 Hz. For each material, at least two
measurements were performed. The crack front was tracked with a high speed,
monochrome camera used in combination with a 2× magnification macrolens. A
calibration sample was used to obtain the pixel to mm ratio. The crack opening
at maximum load was obtain from a movie of 5 successive cycles (at 100 frames
per second), from which the frames at maximum opening were isolated. These
frames were analysed to yield the position of the crack front as a function of time
interval. The duration of this interval was based on the duration of the measurement.
The position of the crack front was translated, with the pixel to mm ratio, into a
crack length, which was subsequently added to the initial crack length to yield the
progression of the total crack length as a function of time.
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5.3.5

Analysis of the crack length vs. time data:

The procedure to determine the crack propagation rate as a function of the stress
intensity factor was given in chapter 3. Data points obtained from the initial plastic
zone at the start of the measurement were discarded, since they did not represent
stable slow crack growth. The stress intensity factor Kmax was derived for each
crack propagation rate from the corresponding crack length values with the following
equation:
Fmax 2 + α/W
α
α
2
α
3
α
4
√
3 [0.866+4.64( /W )−13.32( /W ) +14.72( /W ) −5.60( /W ) ]
B W (1 − α/W ) 2
(5.4)
Here Fmax is the maximum applied load, B and W are defined in section 5.3.3 and
α is the total crack length. Both the stress intensity factor and the crack length are
determined at maximum load. A double logarithmic plot of the crack propagation
rate versus Kmax subsequently revealed the crack growth kinetics curve, which was
fitted with an optimized Paris-Erdogan law to obtain the exponent m and pre-factor
A:
da
m
= AKmax
(5.5)
dt
Within the double logarithmic plot, the slope of the curve is equal to the exponent
m, while the crack propagation rate at Kmax = 1 is equal to the pre-factor A.
Kmax =

5.4
5.4.1

Results and discussion:
Crack growth kinetics curves:

The crack growth kinetics curves for all the bimodal copolymer grades measured at
room temperature and a load ratio of 0.1 are shown in figure 5.4a. As can be observed
in figure 5.4a, all of the curves can be properly described on a log-log scale by a
Paris-Erdogan law curve with the same slope that was found for the homopolymer
grade (exponent m = 3.9). This can be linked to the same reasoning given for the
homopolymer grades (applicability of the Dugdale model [14, 15, 22, 23, 30]) and
implies not only that the Paris-Erdogan pre-factor A is the governing parameter
for the bimodal copolymer, but also that the values for pre-factor A in this article
can be compared directly to the ones found for the homopolymers in chapter 3
as well. When the crack growth kinetics curves of a single grade (BPE-6.5-2332280) are shown as a function of temperature (see figure 5.4b), it can be seen that
the slope of the curves remains constant and equal to 3.9. This would imply that
temperature solely influences the pre-factor A, similar to the observed behaviour
of the homopolymer grades in chapter 3. Hence, the pre-factor A can be used to
describe the crack growth kinetics for both homopolymer and bimodal copolymer
grades over the entire range of temperatures used within this study.
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Figure 5.4: A plot of crack propagation rate versus stress intensity factor (a) for a variety of
bimodal copolymer grades at room temperature and (b) for BPE-6.5-233-2280 as a function of
temperature. The markers are data points, while the dashed lines are the optimized fits of the
Paris-Erdogan law.

5.4.2

Temperature dependence of bimodal copolymer grades:

As mentioned in the background section, a strong correlation was found between
the fatigue crack growth kinetics of homopolymer grades and the width corrected
Mw (Mw,corr ). In order to investigate if a similar correlation is present between the
crack growth kinetics of the bimodal copolymers and Mw,corr , the pre-factor A of
the bimodal copolymer grades was plotted alongside the pre-factor A of the homopolymers (reproduced from chapter 3), as a function of Mw,corr at 23 and 92 °C
(see figure 5.5a). As can be seen from figure 5.5a, the data points of the bimodal
copolymer grades at 23 °C fall on the same curve as the ones of the homopolymer
grades. This result is quite remarkable, as it would imply that Mw,corr is the governing parameter for fatigue crack propagation at 23 °C, while SCB content has a
negligible effect. A much more striking difference between the homopolymer and
bimodal copolymer grades is observed at 92 °C, where the pre-factor A of all of the
bimodal copolymer grades fall significantly below the correlation with Mw,corr found
for the homopolymer grades. Moreover, the magnitude of the decrease (compared
to the Mw,corr correlation) differs for each bimodal copolymer grade. This variation
in temperature dependence as a function of SCB concentration is also clearly visible
from the Arrhenius plots shown in figure 5.5b. From this figure, it can be observed
both the activation energy of the low temperature process and the inflection point
(where both processes meet) are influenced by the SCB concentration, while the
activation energy of the high temperature process (125 kJ/mole) corresponds to the
activation energy found for the α-relaxation process in polyethylene [1, 31–33] and
seems to be largely independent of the presence (and content) of SCB. The shift
of the inflection point to higher temperatures with increasing SCB concentration
implies that the low temperature process provides an expanding contribution to the
temperature dependence with increasing branching concentration. Furthermore, the
decrease in activation energy (see figure 5.6), from 50 kJ/mole for the homopolymer
grades to 8.5 kJ/mole for the bimodal copolymer with the highest SCB concentration (BPE-7.1-316-2880), implies that the energy barrier of deformation mechanism
that governs the low temperature process decreases with increasing concentration of
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branches.
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Figure 5.5: A plot of (a) prefactor A versus the width corrected Mw for homopolymer (blue) and
bimodal copolymer (red) grades and (b) a plot of pre-factor A versus reciprocal temperature for HPE4.4-197-1790 (0 SCB/1000 C, blue), BPE-6.5-233-2280 (1.3 SCB/1000 C, red), BPE-9.5-242-1280
(2.5 SCB/1000 C, black) and BPE-7.1-3162880 (4.5 SCB/1000 C, green). The markers represent
data points. For figure a, the dashed lines are optimized power law fits for the homopolymer grades.
for figure b, the dashed lines are the optimized fits using the Arrhenius equation.

Activation energy [kJ/mole]

All of the above mentioned observations, with exception of the constant activation
energy observed for the high temperature (α-relaxation) process, correspond well
to results reported by the group of Baer [22, 23], where comparable effects were
observed between the MDPE and BMPE materials. Furthermore, a difference in
the natural logarithm of the crack growth kinetics constant of more than an order
of magnitude was observed between the MDPE and BMPE grades at 21 °C, which
is similar to the variation in pre-factor A found for our grades at 23 °C in figure
5.5b [22, 23]. This variation between MDPE and BMPE at ambient temperatures
can, most likely, be attributed to the influence of the MWD (Mw,corr ) on the crack
growth kinetics, as was observed for the grades investigated in chapter 3 and figure
5.5a in this chapter. However, since no data is present on the MWD of these two
grades, this theory could not be verified for the grades employed by the group
of Baer. Nevertheless, this observation signifies the importance of separating the
influence of the MWD and SCB content on the temperature dependence. This will
be demonstrated even further in the following section.
60
45
30
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5

SCB concentration [SCB/1000C]

Figure 5.6: A plot of the activation energy of the low temperature process (in kJ/mole) versus
the average SCB concentration (in SCB/1000C).
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5.4.3

Influence of SCB on the temperature dependence of
bimodal copolymer grades:

As shown in the previous section, the fatigue crack growth kinetics of both homopolymer and bimodal copolymer grades are governed by the width corrected Mw
(Mw,corr ) at ambient temperatures, while a significant difference in performance (related to SCB content) can be seen between the homopolymer and bimodal copolymer
grades at 92 °C. Hence, two different contributions to the pre-factor A (as a function of temperature) can be identified: a contribution related to the MWD (Mw,corr )
and a contribution related to the SCB concentration. In order to demonstrate the
influence of the SCB content on the temperature dependence, a comparison was
made between the temperature dependence of BPE-7.1-316-2880 and the predicted
temperature dependence of a "numerical" homopolymer grade with the same MWD
(HPE-7.1-316-2880), which is shown in figure 5.7a. From this figure, it can be observed that the presence of SCB slows the fatigue crack growth kinetics down considerably at elevated temperatures (compared to the homopolymer prediction), while
an acceleration of the pre-factor A is found at sub-ambient temperatures (again,
in comparison with the homopolymer prediction). Furthermore, it can be observed
that the (predicted) decrease in pre-factor A at elevated temperatures can be attributed to both the change in activation energy of the low temperature process and
the deceleration of the high temperature (α-relaxation) process due to the presence
of SCB. The latter seems to be consistent with the α-relaxation mechanism [31],
where a greater effort would be required to propagate a branch through the crystal
lamella as compared to a hydrogen atom. The (predicted) increase of the pre-factor
A at sub-ambient temperature, on the other hand, would solely be a consequence
of the decrease in activation energy of the low temperature process with increasing
SCB concentration.
BPE-7.1-316-2880
HPE-7.1-316-2880 prediction

10-6

HPE-4.4-197-1790
BPE-6.5-233-2280
BPE-9.5-242-1280
BPE-7.1-316-2880
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(b) Temperature shift factor versus 1/T

Figure 5.7: A plot of (a) pre-factor A and (b) temperature shift factor aT versus reciprocal
temperature. The markers and the dashed lines in figure (a) are the data points and the optimized Arrhenius fits of BPE-7.1-316-2880 respectively, while the dotted line is the prediction for
a homopolymer with the same MWD as BPE-7.1-316-2880 (HPE-7.1-316-2880). For figure b, the
markers are data points, while the dashed lines are the optimized fits using the Arrhenius equation. The SCB concentration of the grades are 0 SCB/1000C (blue), 1.3 SCB/1000C (red), 2.5
SCB/1000C (black) and 4.5 SCB/1000C (green)

In order to eliminate the influence of the MWD from the temperature dependence
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of pre-factor A, the curves in figure 5.5b were shifted vertically to the same reference
value at room temperature, since it was observed in figure 5.5a that the same MWD
dependence governs the fatigue crack growth kinetics of both homopolymers and
bimodal copolymers at that temperature. The results of this vertical shifting are
given in figure 5.7b and show the isolated influence of SCB on the temperature
acceleration of the crack growth kinetics as a function of (reciprocal) temperature.
The curves in figure 5.7b can, therefore, be used to obtain the SCB contribution
(the shift factor aT ) at elevated temperatures. It can be observed from figure 5.7b
that this shift factor is up to 25 times lower at elevated temperatures (80 °C and
higher) for the bimodal copolymer with the highest SCB concentration compared
to the homopolymers. This is a considerable effect compared to the influence of
the MWD, since Mw,corr would have to increase by a factor of 2.7 to yield a similar
change in pre-factor A. Nevertheless, the greatest difference in performance is seen
in the temperature range where the crack growth kinetics are governed by the high
temperature process, while little variation is seen at ambient temperatures. Hence,
these results would suggest that most of the difference in pre-factor A perceived at
elevated temperatures for bimodal copolymers under cyclic loading can be attributed
to deceleration of the high temperature process (as opposed to a change in the
low temperature process). However, it was observed under static loading that the
high temperature (α-relaxation) process also governed the crack growth kinetics of
homopolymers near ambient temperatures (see Background). This would imply that
slowing down this process would decrease the (static) pre-factor A both at ambient
and elevated temperatures for bimodal copolymers as well. In the next section, it
will be discussed what this observation would mean for bimodal copolymer grades
under static loading.

5.4.4

Extrapolation of crack growth kinetics to static loading:

As mentioned in the previous sections, the α-relaxation process is slowed down
considerably as the SCB content increases. While it was shown in figure 5.7a and
5.7b that this deceleration of the α-relaxation process had no significant effect on the
fatigue crack growth kinetics at ambient temperature, it was observed for homopolymers in chapter 4 that the influence of this process extends to ambient temperatures
for creep crack growth. The results of this are shown schematically by the dotted
blue line in figure 5.8a. If the same temperature dependence would be assumed for
the bimodal copolymer grades (the green dotted line in figure 5.8a), a considerable
improvement in performance would be expected for the creep crack growth kinetics
at ambient temperatures, where no significant difference was seen for the fatigue
crack growth kinetics. If the extrapolation to room temperature for the bimodal
copolymer grade (the green dotted line in figure 5.8a) would be correct, than this
would imply that the load ratio dependence should be considerably stronger for bimodal copolymer grades as compared to homopolymer grades (as is illustrated by
difference between the open and solid markers at 23 °C). This would mean that
the load ratio dependence (described by equation 5.3) could give an indication if
homopolymer and bimodal copolymer grades show a comparable temperature dependence. While measurements to determine the load ratio dependence of bimodal
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copolymers as a function of temperature are still in progress at the moment, it can
be observed from literature data by Zhou et al. [23] (see figure 5.8b) that the load
ratio dependence of pre-factor A observed by them at 50 °C is (far) greater than
the difference between static and cyclic (R = 0.1) measurements observed for our
homopolymer grades at 50 °C (a factor 100 for BMPE compared to a factor 2 for the
homopolymer grades) [23]. Hence, while the results of Zhou et al. [23] do not provide conclusive evidence, the load ratio dependence does give an indication that the
alpha-relaxation process might extend to ambient temperatures for bimodal copolymer grades as well, hinting to a substantial improvement of the creep crack growth
resistance for bimodal copolymers at ambient temperatures.
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Figure 5.8: A plot of (a) temperature shift factor aT versus reciprocal temperature for HPE-4.4197-1790 (blue) and BPE-7.1-316-2880 (green) and (b) pre-factor A versus load ratio at 50 °C for
measurements reproduced from Zhou et al. on a bimodal copolymer grade (BMPE). For figure a,
the markers are data points, while the dashed lines are the optimized fits for R = 0.1 using the
Arrhenius equation. The dotted lines are schematic extrapolations of the temperature dependence
found for static loading in chapter 4. For figure b, the markers are data points reproduced from
the crack growth kinetics obtained from Zhou et al., while the dashed line is the optimized fit using
equation 5.3.

5.5

Conclusions:

In summary, it can be concluded that the temperature dependence of the (fatigue)
crack growth kinetics in HDPE depends strongly on the concentration of short chain
branches (SCB). It is observed that the governing parameter for the crack growth
kinetics, the pre-factor A, displays a similar dependence on the molecular weight distribution (MWD) as the homopolymer grades at room temperature, while a drastic
decrease in pre-factor A (at equal Mw,corr ) can be discerned at elevated temperatures. Upon investigation of the temperature dependence, two notable changes can
be observed as the SCB concentration increases: 1) a decrease in activation energy of the low temperature process and 2) a (vertical) downward shift of the high
temperature process. The former implies a lower activation barrier for the low temperature process with increasing SCB concentration, while the latter implies that
the presence of SCB retards the high temperature process (α-relaxation). When the
temperature shift factor aT of the homopolymer grades is compared with that of the
bimodal copolymer grades, a decrease up to a factor of 25 is observed for the bimodal
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copolymer grades compared to the homopolymer grades at 80 °C, while performance
is comparable at room temperature. Finally, it could be inferred from literature data
that the extension of the α-relaxation to ambient temperatures, found for the creep
crack growth kinetics of homopolymer grades, might apply to bimodal copolymer
grades as well. Further investigation is necessary to provide experimental evidence
for this hypothesis.
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6

Influence of e-beam irradiation
on plasticity-controlled and
crack-growth-controlled failure
in high-density polyethylene

Abstract:
In the present study, the influence of electron-beam irradiation on plasticity-controlled
and crack-growth-controlled failure in high-density polyethylene (HDPE) is investigated and the effect of both molecular weight distribution (MWD) and short chain
branching (SCB) content are taken into account. Size exclusion chromatography
(SEC) is used to study the evolution of the MWD as a function of irradiation dose.
Here, it is seen that chains shorter than the percolation threshold (5 kDa) are largely
unaffected by electron beam radiation, while the fraction of longest chains (M > 300
kDa) is nearly entirely incorporated into the cross-linked network. Both yield stress
and Young’s modulus increased with radiation dose, where the magnitude of the
increase appears to be connected to the gel fraction. The (fatigue) crack growth
kinetics of the grades changed relatively little with irradiation dose, which is unexpected. Furthermore, convergence of the crack growth kinetics parameter to a
narrow range of values could be observed for the investigated grades at relatively
high gel fractions. This would imply that the crack growth kinetics become increasingly independent of the MWD upon irradiation cross-linking, which could be
attributed to a shift in the underlying crack growth mechanism from chain slip to
chain scission.

Reproduced from: R.R.J. Cerpentier, M.J. Boerakker,
T.A. Tervoort, L.E. Govaert. In preparation
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6.1

Introduction:

High-density polyethylene (HDPE) is a subclass of polyethylene that has seen increasing use in pressure pipe applications since its conception in the 1950’s [1–3].
Since a service life-time of more than 50 years is expected for HDPE used in these
applications, it’s important to determine which molecular and morphological parameters govern the long-term performance [1, 4–6]. As discussed extensively in
literature, long-term failure under service conditions is predominantly caused by
two failure processes: plasticity-controlled failure and crack-growth-controlled failure [1, 5, 7–10]. In previous research, it was shown that plasticity-controlled failure
is predominantly governed by the crystallinity of the material, regardless of short
chain branching content (see chapter 2). In further studies, it was shown that crackgrowth kinetics under dynamic loading conditions at room temperature displayed a
strong correlation with Mw corrected for the width of the molecular weight distribution (MWD) through the ratio Mw/Mz (also called Mw,corr ) for both homopolymers
and bimodal copolymers at room temperature, while bimodal copolymer grades, remarkably, only showed improved crack growth resistance at elevated temperatures
(see chapters 3 and 5). This correlation with Mw,corr could be attributed to various chain slip processes (such as α-relaxation) taking place within the craze (see
chapter 3). Hence, since there is evidence that links long-term plasticity-controlled
and crack-growth-controlled failure resistance to crystallinity and Mw,corr respectively (see the previous chapters), the use of homopolymers with a sufficiently high
Mw,corr could lead to good long-term failure resistance for both failure processes
[11–13].
While the use homopolymer grades would certainly raise the crystallinity of HDPE
compared to bimodal copolymer grades [11–13], the magnitude by which it is increased also depends on Mw [14]. This might become an issue if extraordinarily high
values for Mw,corr are required, since Mw,corr is smaller than (or equal to) Mw by
definition (see chapter 3). Consequently, a new stagnation point could be reached
where attempting to improve plasticity-controlled failure by raising the crystallinity
would lead to worse slow crack growth resistance due to a decrease in Mw . In chapter 2, it has been briefly mentioned that cross-linking of HDPE increases the yield
stress and, therefore, the resistance to plasticity-controlled failure [15–18]. Since
cross-linking also raises the average molecular weight by combining multiple chains,
this should technically lead to a higher Mw,corr and, therefore, to a corresponding increase in resistance to crack-growth-controlled failure. However, this would assume
that the crack growth kinetics are governed by chain slip processes in cross-linked
polyethylene as well. This might not be the case at (relatively) high gel contents,
since chains cannot slip along one another when they are part of a cross-linked network. This could lead to a shift from the chain slip process to another process (most
likely chain scission) as the governing process for slow crack growth. Hence, investigating the crack growth kinetics as a function of gel content is crucial to determine
the evolution of the transition from chain slip to chain scission.
Even though polyethylene can be cross-linked through various different methods
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[19–22], irradiation cross-linking would be the most useful method in this case, since
it modifies the amorphous layer without altering the (crystalline) morphology of the
material [23–25]. Hence, a pre-defined morphology can be given to the material,
which remains the same regardless of cross-link density. While various publications
have been written about the influence of both electron-beam (β-radiation) and γradiation on the mechanical properties of polyethylene [15–18, 26, 27], most of these
publications have focussed almost exclusively on the influence of radiation dose on
the mechanical properties, while other variables have seen relatively little (or even
no) investigation. For instance, the effect of morphology (crystallinity, lamellar
thickness) on irradiation cross-linking in HDPE has seen relatively little exploration
[26]. However, the crystallinity in particular can have a significant effect on the formation of cross-links in HDPE, since cross-links cannot be formed in the crystalline
lamella [23–25]. In addition, the influence of MWD of the un-cross-linked material
on the cross-linkability has also not been clarified, even though changes in MWD
could have a particularly strong influence on the dose required to reach the gel point.
Furthermore, most (modern) HDPE grades contain a certain degree of short chain
branching (SCB) due to co-polymerization. These branches can have an adverse
effect on (irradiation) cross-linking, since they serve as sites where β-scission can
take place [28, 29]. However, the influence of SCB on the cross-linking efficiency has
only been sparsely investigated [27].
Therefore, in this publication, greater emphasis will be placed on the influence
of these sparsely investigated variables on the mechanical properties of irradiation
cross-linked HDPE, with the prime focus being placed on the influence of MWD and
SCB content. This will be achieved by irradiating HDPE grades, with variations in
these molecular parameters, with several (relatively low) doses of electron-beam (ebeam) radiation. The influence of MWD and SCB content on the long-term failure
properties will subsequently be compared as a function of dose. Both plasticitycontrolled failure and crack-growth-controlled failure will be investigated in this
publication, since it has been shown that both failure processes can govern longterm failure [9, 30]. Furthermore, size exclusion chromatography (SEC) will be used
to analyse the changes in MWD (as far as they can be observed) as function of
irradiation dose. These results will subsequently aid in clarifying the changes in
the structure of the amorphous phase that cause the difference in long-term failure
behaviour.

6.2
6.2.1

Theory:
Irradiation cross-linking and degradation through βscission:

As mentioned in the introduction, high energy radiation (β- and γ-radiation) can be
used to cross-link polyethylene [15–18, 23–25, 31]. The cross-linking mechanism, in
this case, is comparable to free-radical cross-linking achieved with (organic) radical
initiators [20, 22], with the crucial difference that polymeric radicals are generated through interaction with radiation instead. During the first step (see figure
105

Chapter 6: Influence of e-beam irradiation on failure processes in HDPE
6.1), (polymeric) radicals are generated predominantly through scission of carbonhydrogen bonds [26, 31]. These bonds can be disrupted either through (1) interaction
with radiation, which causes excitation of one of the electrons in the bond, or (2)
hydrogen abstraction, which converts hydrogen radicals generated by radiation induced bond scission to molecular hydrogen [26, 31]. Subsequently, the polymeric
radicals migrate by abstracting hydrogen from nearby chains, until they come in
close proximity of another polymer radical [26, 31]. Thereupon, the polymeric radicals recombine (3) during the final step to form a cross-link between the polymer
chains [26, 31]. It should be noted here that migration of radicals is significantly
faster in the amorphous phase compared to the crystalline phase, due to the higher
chain mobility of the amorphous phase. Furthermore, recombination of radicals is
strongly inhibited within the crystalline phase, due to (grave) distortions of the crystalline lattice upon bond formation between two adjacent stems [23–25]. Hence, the
bulk of the cross-linking caused by irradiation should take place in the amorphous
phase [23–25].

H

H

(1)

H

H

H2

(2)

(3)

Figure 6.1: Schematic representation of irradiation cross-linking: (1) bond scission caused by
interaction with high energy radiation, (2) hydrogen abstraction by a hydrogen radical and (3)
recombination of radicals leading to the formation of a cross-link.

While HDPE predominantly tends to cross-link upon irradiation, chain scission also
tends to occur to a certain degree [31]. This form of degradation is mainly caused by
the β-scission reaction [28, 29, 31], as shown in figure 6.2. Here, the carbon-carbon
bond between the carbon atoms in α and β position (with regard to the radical) is
cleaved, producing a vinyl group and a (terminal) radical (see figure 6.2a) [28, 29].
While β-scission can occur in HDPE homopolymers, the terminal radicals that are
generated in this case are primary carbon radicals, which are relatively unstable due
to lack of hyperconjugation (source). Therefore, the energy barrier for the β-scission
reaction is relatively high in this case (source). When short chain branches are added
to polymer chain due to co-polymerization, these branches can facilitate β-scission
when they’re located on the β-carbon, since a much more stable, secondary carbon
radical will be formed upon scission (see figure 6.2b) (source). This will significantly
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lower the energy barrier for β-scission in HDPE copolymers as compared to HDPE
homopolymers (source). Hence, a greater degree of β-scission is expected in chains
containing short chain branches. While additional chain scission will occur due to
the presence of SCB, these branches will also be consumed during the β-scission
reaction. Hence, the contribution of these branches to the degree of β-scission will
remain largely constant as a function radiation dose. This would imply that SCB
have a stronger inhibiting effect on cross-linking at (relatively) low doses.
(a)

(b)

C

Figure 6.2: Schematic representation of the β-scission reaction: (a) β-scission within a linear
polyethylene segment and (b) β-scission adjacent to a short chain branch.

6.3
6.3.1

Experimental:
Materials:

Three HDPE grades were selected for irradiation cross-linking: HPE-8.4-51-230,
HPE-12-75-350 and HPE-4.4-197-1990. The PE grades have been coded through
a system that focuses on the molecular aspects of the tested grades. Within the
code HPE-X -Y -Z -D, X, Y and Z indicate, respectively, the Mn , Mw and Mz of the
unirradiated grade in kDa, while D indicates the irradiation dose. Hence, a sample
with the code HPE-12-75-350-150 is a homopolymer grade with an Mn , Mw and Mz
of 12, 75 and 350 kDa respectively, irradiated with a dose of 150 kGy. Additional
information about these grades is given in table 6.1, where both the molecular
weight averages (Mn , Mw and Mz ) and the crystallinity χv are given. Moreover,
the optimized pre-factor A for an exponent m of 3.9 (A3.9 ), as well as the R2 value
of this optimization, are also given in table 6.1. It has to be mentioned here that
the molecular weight averages shown by table 6.1 belong to the soluble fractions
of the (irradiated) grades. Hence, these averages do not represent the MWD of
the entire material when irradiated samples are regarded. Furthermore, it has to
be noted that PE-8.4-51 contains an SCB concentration of roughly 2 SCB/1000C,
which is approximately constant over the entire width of the MWD. This grade
should, therefore, respond differently to irradiation cross-linking compared to the
other grades.
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Grade code:

M n Mw
Mz
χv
[kDa] [kDa] [kDa] [% v]

Dose
[kGy]

A3.9
[m/s]

HPE-12-75-350-0
HPE-8.4-51-230-0
HPE-4.4-197-1790-0
HPE-12-75-350-50
HPE-8.4-51-230-50
HPE-4.4-197-1790-50
HPE-12-75-350-100
HPE-8.4-51-230-100
HPE-4.4-197-1790-100
HPE-12-75-350-150
HPE-8.4-51-230-150
HPE-4.4-197-1790-150

12
8.4
4.4
7
9
8
6
8
5
8
5
3

0
0
0
50
50
50
100
100
100
150
150
150

4.2 · 10−7
2.6 · 10−6
7.0 · 10−8
2.5 · 10−7
2.8 · 10−6
8.0 · 10−8
2.1 · 10−7
3.9 · 10−6
1.6 · 10−7
1.8 · 10−7
1.1 · 10−6
2.4 · 10−7

75
51
197
120
74
130
59
105
44
37
82
21

350
230
1790
880
610
700
340
1000
195
145
750
77

74.4
71.4
74.2
75.2
71.8
73.8
75.1
71.2
73.9
74.9
71.0
73.0

2
R3.9
[-]

0.974
0.927
0.973
0.919
0.892
0.893
0.923
0.856
0.911
0.935
0.812
0.875

Table 6.1: Material parameters and crack growth kinetics at different irradiation doses

6.3.2

Small and wide angle X-ray measurements:

Details of the X-ray setup and the performed experiments have been given in chapter
2. The intensities of the patterns obtained for WAXD and SAXS were background
subtracted and radially integrated and plotted as a function of scattering angle 2θ
and scattering vector q for WAXD and SAXS respectively. The scattering vector q
was obtained from 2θ through Bragg’s law [32]:
q=

4π
sin (θ)
λ

(6.1)

Where q is a function of the wavelength λ and the scattering angle divided by two
(θ). The crystallinity of the polyethylene samples, derived from WAXD measurements, was calculated from the integrated intensity of the crystalline fraction. The
crystalline weight fraction (χw ) was derived in the following way [32]:
χw =

Cc
Ctot − Ca
=
Ctot
Ctot

(6.2)

Where Ctot is the total integrated intensity, while Cc and Ca are the integrated
intensities of the crystalline fraction and the amorphous halo respectively [32]. The
following equation was used to calculate the long period [32, 33]:
Lp =

2π
qmax

(6.3)

Here, qmax is the scattering vector q at the peak of the Lorentz corrected intensity.
The lamellar thickness was subsequently derived as the product of the long period
and the crystalline volume fraction [32]:
Lc = χv × Lp
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The crystalline volume fraction χv is, subsequently, determined from the crystalline
weight fraction by [32]:
χv =

χw
ρc

χw
ρc
w)
+ (1−χ
ρa

(6.5)

Where ρc and ρa are, respectively, the crystalline and amorphous phase densities
(approximated at 1 and 0.855 kg/m3 ).

6.3.3

Sample preparation:

For the materials used in irradiation cross-linking, compression moulded plaques
of 2.5-3 mm thick were prepared in a 161×161×3 mm3 mould, according to the
method used for compression moulded plaques previously described in chapter 3. A
controlled cooling rate of 10 °C/min was used for all the plaques prepared in this
publication. The plaques were then stored in a glove box, which was flushed with
nitrogen for at least two weeks to create an oxygen-free atmosphere. The samples
were then placed in heat-sealable bags, which were sealed inside the glovebox. The
plaques were subsequently sent to Beta-Gamma-Service GmbH, where they were
irradiated with electron beam irradiation (β-irradiation) at doses of 50, 100 and
150 kGy (5, 10 and 15 Mrad). After irradiation, samples were placed in an oven
at 80 °C for one hour to ensure that the majority of free radicals produced during
the irradiation process were consumed/reacted away. For their use in crack growth
experiments, both neat and irradiated plaques were machined into 2 mm thick CTspecimens with a width of 20 mm and a height of 19 mm. The CT-specimen dimension W was 16 mm. The pre-crack of the 2 mm thick specimens was created
using the procedure given in self-citation 2. The length of the pre-crack and sawed
notch were determined with an optical microscope, details of which have been given
in self-citation 2. Average lengths for the pre-cracks and sawed notches were 1 and
3.5 mm respectively, resulting in a (nominal) initial crack length of 4.5 mm.
Tensile samples of the irradiated plaques were prepared by milling of the plaques
into 1.5 mm thick sheets. Un-irradiated tensile samples were prepared according to
the compression moulding procedure given for 1.5 mm thick sheets in chapter 2. The
cooling rates of un-irradiated HPE-12-75-350 sheets was kept at 10 °C/min, while
the cooling rates of HPE-8.4-51-230 and HPE-4.4-197-1790 sheets was adjusted to
5 °C/min in order to better match the crystallinity of the un-irradiated samples
with the irradiated samples. Variation in volume percentage crystallinity between
irradiated and un-irradiated samples of the same grade was nominally around 1 %
for each grade. Both irradiated and un-irradiated samples were subsequently diepunched into dog-bone shaped samples with a gauge length of 54 mm and a nominal
width of 5 mm. The exact thickness and width were measured with a caliper with
a precision of 0.001 mm.
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6.3.4

Tensile testing at constant stress and constant strain
rate:

A Zwick Z010 tensile testing machine equipped with a temperature chamber was
used to perform constant strain rate tests. The testing temperature was maintained
at 65 °C for all of the measurements, while the strain rates was varied between
10−5 and 10−3 s−1 . The samples were allowed to adjust to the test temperature for
at least 5 minutes before the start of the experiment. The initial clamp-to-clamp
distance of 54 mm was adjusted before the measurements to remove any tensile or
compressive stresses imposed during the clamping of the sample. At the start of the
measurement, a pre-load of 0.1 MPa was applied. A video extensometer was used
to optically measure the strain in the narrow section of the tensile bar and locally
control the applied strain rate. Two round markers were deposited on the narrow
section of the tensile specimen, roughly 25-30 mm apart. An Ethernet camera with
a 25 mm, 1:1.6 magnification C-mount lens was used, in combination with a light
source, to detect the movement of the markers. The strain was calculated using the
Zwick VideoXtens software, which was used to control the strain rate of the tensile
tester. The yield stress and Young’s modulus were subsequently obtained through
the approach given in chapter 2.

6.3.5

Fatigue testing of CT-specimens:

The CT-specimens were tested under cyclic (fatigue) loading on mechanical testing
machines capable of accurately providing a sinusoidal load pattern in order to accelerate the crack growth kinetics [1, 4, 34–40]. Measurements were performed at
room temperature (23 °C), a frequency of 5 Hz and a load ratio of R = 0.1, where
R = Kmin /Kmax . At least two measurements were performed for each material. A
Bresser macrolens (60 mm, F/2.8) with a maximum magnification of 2× was used
in combination with a high speed, monochrome camera (Pixelink PL-D725MU) to
follow the growth of the crack front. A calibration sample was used to obtain the
pixel to mm ratio. A field of view of roughly 7 mm was used for the 2 mm thick
CT-specimens. At a set time interval, a movie was made of 5 consecutive cycles and
the frames in which the crack was at maximum opening were captured and analysed
to determine the position of the crack front. The employed time interval depended
on the duration of the measurement. The frame rate was 100 fps, which ensured
20 frames per cycle. The crack length (in number of pixels) at maximum opening
was determined as a function of time from the difference between the position of
the crack front and the position of the end of the pre-crack. This crack length was,
subsequently, converted to mm and added to the length of the pre-crack and sawed
notch, yielding the evolution of the crack length as a function of time.

6.3.6

Size exclusion chromatography:

The molecular weight distributions were obtained from SEC-DV performed at SABIC.
The equipment used to perform the measurements has been given in chapter 3.
Trichlorobenzene was used as the mobile phase. Linear PE standards in the range
of 0.5-2800 kDa were used to calibrate the system. An average deviation of 10%, 8%
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and 11% for Mn , Mw and Mz respectively were seen for data obtained from different
measurements within one run, while the deviations for Mn , Mw and Mz between
measurements of different runs were 15%, 10% and 13% respectively (confidence
interval: 95%). For the irradiated samples, a significant fraction of the material
did not dissolve in the mobile phase, leading to a reduced recovery. Therefore, the
gel fraction of the irradiated grades could be estimated from the fraction derived
from this recovery. Additionally, since not all the material was recovered, the MWD
curves obtained for the SEC measurements of the irradiated samples were normalized based on the recovered fraction. These curves were then compared to the MWD
curves of the unirradiated material.

6.4
6.4.1

Results and discussion:
Size exclusion chromatography (SEC) of untreated and
irradiated material:

As mentioned in the introduction, SEC measurements can be used to reveal some
of the changes in the amorphous phase structure. Hence, the MWD of the soluble
fraction was determined as a function of irradiation dose, as is shown in plots a-c of
figure 6.3. As can be seen from these figures, the weight fractions of the low molecular weight part of the MWD (M < 5 kDa) remain largely the same regardless of
irradiation dose. This implies that radiation doesn’t really affect the shorter chains
of the material. This is quite logical, since these chains are expected to be incorporated into the crystalline lamella entirely due to their short length [14]. Therefore,
since cross-linking is strongly inhibited in the crystalline phase, these chains cannot
be cross-linked [23–25]. It should be noted here, that 5 kDa is approximately equal
to the percolation threshold found for polyethylene (assuming the molecular weight
between entanglements (Me ) equal to 1.25 kDa) [41]. This would therefore suggest
that chains shorter than the percolation threshold would be entirely incorporated
into the crystalline phase.
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Figure 6.3: plots of corrected weight fraction versus the logarithmic molar mass (log M) as a
function of irradiation dose for the soluble fraction of (a) HPE-12-75-350, (b) HPE-8.4-51-230
and (c) HPE-4.4-197-1790. The curves show data at 0 kGy (blue), 50 kGy (green), 100 kGy (red)
and 150 kGy (black)

The weight fraction of chains longer than the percolation threshold seems to generally decrease with increasing irradiation dose. An exception to this can be seen
for the low molecular weight grades (HPE-12-75-350 and HPE-8.4-51-230), where
a high molecular weight shoulder seems to appear (in particular at lower doses).
These results indicate that chains longer than the percolation threshold are incorporated into the cross-linked network, as chains can only be removed from the soluble
fraction through cross-linking. The appearance of a high molecular weight shoulder
can also be attributed to cross-linking, since this fraction will most likely exist of
several shorter chains connected to one another (but not to the network). This is
also revealed by the Mark-Houwink plots (see appendix 6A), which show the presence of (long chain) branching at high molecular weight through a deviation from
linearity. For HPE-4.4-197-1790, it can be observed that the high molecular weight
fraction (M > 300 kDa) has completely disappeared from the soluble fraction at
the highest irradiation dose. This implies that chains from this fraction have to
be, at least, partially incorporated in the amorphous fraction. Since these chains
are of significant size (and radius of gyration) to span several crystalline lamella
[12, 41, 42], this would also imply that these chains will be part of the tie-molecule
fraction. The chains with a molecular weight between the percolation threshold and
the high molecular weight threshold (5 < M < 300 kDa) seem to have a certain
probability to be incorporated in the cross-linked network. While this could be related to (a fraction of) these chains being entirely incorporated into the crystalline
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phase, it could also be postulated that these chains simply weren’t incorporated into
the network by chance. The chance of a chain not being incorporated into the crosslinked network would logically become lower as the chain becomes longer and more
spread out over the material, as is shown by the high molecular weight fraction.
Additionally, some of these chains could cross-link with other short chains, leading
to long chain branching instead of network incorporation, which is also shown by
the Mark-Houwink plots.
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Figure 6.4: A plot of gel fraction versus irradiation dose for HPE-12-75-350 (blue), HPE-8.4-51230 (red) and HPE-4.4-197-1790 (black).

Since both the soluble and insoluble fractions are known for the irradiated grades,
the cross-linking efficiency can also be described with the gel fraction obtained from
the SEC measurements, as is shown in figure 6.4. As can be seen from this figure,
the gel fraction increases with increasing irradiation dose for all of the investigated
grades. This implies that cross-linking is the dominant process taking place, which
confirms the other results in this section. Furthermore, the grade with the greatest
SCB content (HPE-8.4-51-230) also shows the lowest gel fraction over the entire
range of irradiation doses, despite possessing the largest amorphous fraction. This
can be attributed to an increased degree of β-scission caused by the presence of
SCB. It can also be observed that the grade with the highest Mw (HPE-4.4-1971790) shows the highest gel fraction, which can be related to the greater amount of
(very) long chains present in this grade. Hence, HPE-4.4-197-1790 will incorporate
more chains into the cross-linked network (and create less branched material that
isn’t incorporated) when compared to HPE-12-75-350, which is also shown by the
MWD and the Mark-Houwink plots. Furthermore, the crystallinity for HPE-4.4197-1790 is also slightly lower than that of HPE-12-75-350, which would increase
the cross-linking efficiency. This implies that the cross-linking efficiency for HDPE
grades is determined by the SCB content, the MWD and the morphology of the
material.

6.4.2

Influence of irradiation on plasticity-controlled failure:

As mentioned earlier, it has previously been shown that cross-linking of HDPE improves the resistance to plastic deformation [15–18]. This can also be seen when the
yield stress at varying irradiation doses is shown for HPE-4.4-197-1790 as a function
of strain rate in figure 6.5a (see appendix 6B for the results of the other grades).
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As can be seen from this figure, yield stress increases as a function of irradiation
dose over the entire range of strain rates. The increase in yield stress, as well as the
corresponding increase in time-to-failure as a function of applied stress (see figure
6.5b), can solely be attributed to cross-linking of the amorphous phase, since crosslinks can only be formed in the amorphous phase (see section 6.2.1). The influence
of the increasing cross-link density (as shown by the increase in gel content in section 6.4.1) on the yield stress can, furthermore, be rationalized by a corresponding
decrease in the mobility of the amorphous phase [33]. This decrease in amorphous
phase mobility has an indirect influence on the crystal slip mechanism by inhibiting
processes such as inter-lamellar separation and stack rotation [43, 44]. An increase
in cross-link density of the amorphous phase can also be deduced from the Young’s
modulus results shown for HPE-4.4-197-1790 in figure 6.6a (see appendix 6C for the
results of the other grades), where it can be observed that the Young’s modulus
generally increases with irradiation dose. Since only the amorphous phase is modified, this implies that the increase in Young’s modulus originates from an increase in
stiffness of the amorphous phase, which, in accordance with rubber elasticity theory,
can only be caused by a decrease in molecular weight between cross-links (Mc ) and,
therefore, an increase in cross-link density. Moreover, since the crystallinity of the
grades remains approximately the same during irradiation cross-linking, this parameters can be eliminated entirely in this case. Hence, the experiments shown in this
section prove that the mobility of the amorphous phase has an influence on yield
stress and Young’s modulus that can be separated from the influence of crystallinity
observed in chapter 2.
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Figure 6.5: A plot of (a) the yield stress versus strain rate and (b) the time-to-failure versus
applied stress of HPE-4.4-197-1790 at 0 kGy (blue), 50 kGy (green), 100 kGy (red) and 150 kGy
(black). The markers are data point, while the solid lines are modelled using the modified ReeEyring equation.

In order to compare the evolution of yield stress with increasing cross-link density,
the yield stress (taken at a strain rate of 10−5 s−1 ) is plotted against the gel fraction
for all of the investigated grades in figure 6.6b. It can be observed for the grades in
figure 6.6b that the slope of the increase in yield stress as a function gel fraction is
comparable for all of the investigated grades, which shows that the influence of gel
fraction on the yield stress is largely factorisable. Furthermore, it can be observed
that the larger increase in yield stress with irradiation dose for the non-branched
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grades (HPE-12-75-350 and HPE-4.4-197-1790) can be predominantly related to
their (significantly) higher gel content when compared to their branched counterpart
(HPE-8.4-51-230). This can be related to a lower cross-linking efficiency in the
branched grades due to β-scission, which was also observed in the gel fraction of PE8.4-51-230 shown in the previous section. Hence, it can generally be concluded for
cross-linked HDPE that the gel content governs the yield stress when the crystallinity
remains constant and that the increase in yield stress with gel content is largely
factorisable with the influence of crystallinity.
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Figure 6.6: A plot of (a) Young’s modulus of HPE-4.4-197-1790 versus strain rate at 0 kGy (blue),
50 kGy (green), 100 kGy (red) and 150 kGy (black) and (b) the yield stress at a strain rate of 10−5
s−1 as a function of gel fraction for HPE-12-75-350, HPE-8.4-51-230 and HPE-4.4-197-1790.

6.4.3

Influence of irradiation on slow crack growth resistance:

The crack growth kinetics curves of all grades are shown as a function of radiation
dose in plots a-c of figure 6.7. As can be seen from these figures, the crack propagation rate as a function of Kmax can be properly described by a Paris-Erdogan law
curve with an exponent m equal to 3.9, which corresponds with the results found in
the previous chapters. This, therefore, implies that irradiation dose solely influences
the Paris-Erdogan pre-factor A. Furthermore, it can be seen from the curves that
irradiation dose has a limited effect on the crack propagation rate, which is also
reflected by the Paris-Erdogan pre-factor A shown as a function of irradiation dose
in figure 6.8a. This is rather remarkable, since it has been shown in section 6.4.1
that a considerable weight fraction of chains (0.3 < wf < 0.65 at 150 kGy) has
been incorporated in the cross-linked network, while the soluble fraction shows very
few signs of chain scission. This implies that the molecular moments (in particular
Mw and Mz ) should strongly increase with irradiation dose, which should lead to
a drastic increase in Mw,corr . This drastic increase in Mw,corr , however, does not
correspond to a strong change in pre-factor A, as was seen for the un-irradiated
grades in the previous chapters. This would suggest that the crack growth kinetics
observed for (highly) cross-linked HDPE grade are not governed by the chain slip
processes found in chapter 3.
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Figure 6.7: plots of crack propagation rate (da/dt) versus Kmax as a function of irradiation dose
for (a) HPE-12-75-350, (b) HPE-8.4-51-230 and (c) HPE-4.4-197-1790. The curves show data at
0 kGy (blue), 50 kGy (green), 100 kGy (red) and 150 kGy (black). The markers are data point,
while the dashed lines are optimized fits. The logarithmic slope of the lines is equal to 3.9.

When the evolution of pre-factor A as function of the irradiation dose is compared
for the selected polyethylene grades, a rather remarkable division can be observed
between the grades with relatively low Mw (HPE-8.4-51-230 and HPE-12-75-350)
and grades with relatively high Mw (HPE-4.4-197-1790). As can be seen from figure
6.8a, the grades with low Mw show a slight improvement of crack growth resistance
(lower pre-factor A) at 150 kGy as compared to 0 kGy. The inverse is observed for
the high Mw grade, where a slight deterioration in crack growth resistance is seen
as a function of irradiation dose. As mentioned in the previous paragraph, crosslinking of the polyethylene grades does not cause a tremendous change in the crack
growth resistance, despite the drastic shift in Mw and MWD. This would imply
that the crack growth kinetics of the irradiated materials at large irradiation doses
become largely independent of Mw and, by extension, the MWD. This becomes
even clearer when the pre-factor A is shown as a function of gel fraction (see figure
6.8b). Here, three different regions can be discerned as a function of gel fraction:
at low gel fractions, the crack growth kinetics are governed (exclusively) by chain
slip processes, which expresses itself with a relatively strong dependence of the prefactor A on the MWD. At intermediate values of the gel fraction, the pre-factor A of
the investigated grades seem to converge to a singular value, which would suggests
a transition from a chain slip to a chain scission process. This would be logical,
since a chain wouldn’t be able to move freely along other chains once it becomes
part of a cross-linked network. At the highest gel fractions, the pre-factor A values
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of two of the grades (HPE-12-75-350 and HPE-4.4-197-1790) seem to fall on the
same curve (starting from a gel content of 0.5). This would suggest that the crack
growth kinetics in this region would be governed solely by chain scission, since the
pre-factor A shows no dependence on the (initial) MWD any more. Nevertheless,
verification of the chain scission process, through determination of the activation
energy, still requires further (ongoing) investigation. As a final note, it should be
stated here that, since accelerated crack propagation (or fracture) will dominate at
excessively high gel fractions [27], a steep increase in pre-factor A will be expected
at even higher values of the gel content.
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Figure 6.8: A plot of pre-factor A versus (a) irradiation dose and (b) gel fraction for HPE-1275-350 (blue), HPE-8.4-51-230 (red) and HPE-4.4-197-1790 (black).

6.5

Conclusions:

Within this study, the effect of electron beam irradiation on plasticity-controlled and
crack-growth-controlled failure in HDPE is investigated. The influence of the MWD
and the SCB content on irradiation cross-linking is studied by systematically varying
the irradiation for several different grades. The evolution of the MWD is studied
as a function of irradiation dose using size exclusion chromatography (SEC). From
the MWD curves it can be seen that chains shorter than the percolation threshold
(5 kDa) are largely unaffected by electron beam radiation, likely due to complete
incorporation into the crystalline phase. The fraction of chains with a molar mass
greater than 300 kDa, on the other hand, is almost completely incorporated into
the cross-linked network, as these chains have a (relatively) large presence as tiemolecules in the amorphous phase. The low Mw grades (PE-8.4-51-230 and PE-1275-350) showed a high molecular weight shoulder at low irradiation doses due to
significant amounts of long chain branching. The gel fraction, obtained from SEC
recovery, is the lowest for PE-8.4-51-230, due to the presence of SCB, while PE4.4-197-1790 showed the highest gel fraction, which could be attributed to a larger
fraction of long chains, as well as a lower crystallinity. An increase in both yield
stress and Young’s modulus is observed as a function of gel fraction, which could be
attributed to an increase in the cross-link density of the amorphous phase, since the
crystalline phase remains unaltered. This increase in cross-link density leads to a
decrease of mobility in the amorphous phase, which raises the yield stress. Relatively
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small differences are observed in the crack growth kinetics as a function of irradiation
dose, which is quite remarkable, since Mw,corr changes drastically with irradiation
dose. Moreover, it can be observed that the crack growth kinetics parameter (prefactor A) converges as a function of gel fraction. This would suggest that the crack
growth kinetics become independent of the MWD at higher gel fractions. Since it
has been shown that the crack growth kinetics of chain-diffusion-governed slow crack
growth have a strong dependence on MWD, crack growth of cross-linked HDPE will
take place through a different underlying mechanism, most likely governed by chain
scission. The shift from the chain-diffusion-governed mechanisms to this chainscission-governed mechanism seems to be finalized at a gel content of approximately
0.5.
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Appendix 6A: Mark-Houwink plots
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Figure 6.9: plots of the logarithmic intrinsic viscosity versus the logarithmic molecular weight as
a function of irradiation dose for (a) PE-12-75-350, (b) PE-8.4-51-230 and (c) PE-4.4-197-1790.
The curves show data at 0 kGy (blue), 50 kGy (green), 100 kGy (red) and 150 kGy (black).

Appendix 6B: Yield stress curves PE-12-75-350 and
PE-8.4-51-230
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Figure 6.10: A plot of yield stress versus strain rate as a function of irradiation dose for (a)
PE-12-75-350 and (b) PE-8.4-51-230. The curves show data at 0 kGy (blue), 50 kGy (green), 100
kGy (red) and 150 kGy (black). The markers are data point, while the solid lines are modelled
using the modified Ree-Eyring equation.
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Appendix 6C: Young’s modulus curves PE-12-75-350
and PE-8.4-51-230
750

Young's modulus [MPa]

Young's modulus [MPa]

750
150 kGy
100 kGy
50 kGy
Unirradiated

500

500

250

0
10-6

150 kGy
100 kGy
50 kGy
Unirradiated

250

10-5

10-4

10-3

strain rate [s-1]

10-2

(a) Yield stress versus strain rate PE-12-75-350

0
10-6

10-5

10-4

10-3

strain rate [s-1]

10-2

(b) Yield stress versus strain rate PE-8.4-51-230

Figure 6.11: A plot of Young’s modulus versus strain rate as a function of irradiation dose for
(a) PE-12-75-350 and (b) PE-8.4-51-230. The curves show data at 0 kGy (blue), 50 kGy (green),
100 kGy (red) and 150 kGy (black).
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7

7.1

Main conclusions:

This work has focussed on investigating which molecular and morphological parameters govern long-term stress-induced failure in high-density polyethylene (HDPE).
The effect of these parameters on the failure processes in HDPE (plasticity-controlled
failure and crack-growth-controlled failure) was evaluated through short-term testing, the results of which, in turn, could be used in predictive modelling in order to
obtain the long-term failure stress. An assortment of HDPE and LLDPE grades
were used to assess the effect of morphology on plasticity-controlled failure, while a
wide variety of HDPE homopolymers were used to investigate the influence of the
molecular weight distribution (MWD) on crack-growth-controlled failure. Furthermore, a comparison was made between the crack growth kinetics of homopolymer
and bimodal copolymer grades in order to determine the influence of short chain
branching (SCB) on this failure process. In addition, the crack growth kinetics of
homopolymers under cyclic loading are extended to static loading. Lastly, the influence of irradiation cross-linking on both failure processes was investigated.
The main conclusions were the following:
• The yield stress of HDPE correlates linearly with the degree of crystallinity
(or density), which suggests that crystallinity is a governing parameter for
plasticity-controlled failure in polyethylene.
• The correlation between yield stress and crystallinity is significantly better
than the correlation with lamellar thickness. This improved correlation with
crystallinity can be explained by the (additional) influence of the amorphous
phase mobility on the crystal slip processes, which is affected solely by crystallinity.
• The crack growth kinetics of all HDPE grades under cyclic and static loading
can be described, on a log-log scale, with a crack growth kinetics (or ParisErdogan law) curve with a slope of 3.9. This slope lies close to the theoretical
value of 4.0 given by the Dugdale model. Furthermore, the fixed slope of
the curves implies that the crack growth kinetics are governed by the ParisErdogan pre-factor A.
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• While a rather poor correlation was found between the crack growth kinetics
and the tie-molecule fraction as derived by Huang and Brown, a considerably
better correlation was found with Mw . Moreover, this correlation could be
improved further when Mw is adjusted for for the fraction of ineffective (nonconnecting) chains through a correction for the width of the MWD (given by
the fraction Mz/Mw ).
• The existence of two crack growth processes was revealed upon investigation
of the temperature dependence of the fatigue crack growth kinetics: a high
temperature process with an activation energy of 125 kJ/mole, related to αrelaxation in the crystalline phase, and a low temperature process with an
activation energy of 50 kJ/mole, related to an unspecified deformation mechanism in the amorphous phase. Both processes are, most likely, related to chain
slip mechanisms, since the activation energies of both processes lie far below
the one required for chain scission. This notion is also supported by the slope
of the molecular weight dependence.
• The observed temperature dependence was found to be independent of the
MWD under cyclic loading in the case of homopolymers.
• The influence of load ratio R (Kmin /Kmax ) was found to be similar for all of the
investigated homopolymer grades at room temperature. The (somewhat nonlinear) load ratio dependence yielded an acceleration factor of 9.22 between
static loading (R = 1) and cyclic loading at R = 0.1.
• A change in temperature dependence is observed between cyclic and static
loading in HDPE homopolymers. For static loading, this results in an extension of the high temperature (α-relaxation) process towards lower temperatures (when compared to cyclic loading). This would imply that α-relaxation
is (relatively) more dominant at ambient temperatures under static loading.
• It was observed that the influence of test geometry (both sample thickness
and shape) has relatively little effect (within experimental error) on the crack
growth kinetics in polyethylene. This supports the applicability of linear elastic
fracture mechanics (LEFM) on the crack growth kinetics of polyethylene.
• A drastic change in the temperature dependence was observed upon comparison of homopolymer grades with bimodal copolymer grades under cyclic loading. Both a decrease in the activation energy of the low temperature process
and a decrease in the rate constant of the high temperature (α-relaxation) process were observed with increasing concentration of SCB. The latter of these
implies an inhibiting effect of SCB on the high temperature process.
• Literature data for bimodal copolymer grades gave an indication that the
extension of the α-relaxation to ambient temperatures, observed for HDPE
homopolymers, could apply to bimodal copolymers as well. Further (experimental) investigation is required to verify this.
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7.2. Recommendations:
• Upon electron beam irradiation, the yield stress of HDPE increases with irradiation dose. This increase can be attributed to a reduction of amorphous
phase mobility, since solely the amorphous phase is cross-linked when HDPE
is irradiated.
• Furthermore, it was observed that HDPE chains shorter than the percolation
threshold (5 kDa) are largely unaffected by electron beam radiation. This can
be related to their complete incorporation in the crystalline lamella.
• Electron beam irradiation had a (relatively) minor influence on the crack
growth kinetics of the investigated grades. Moreover, the crack growth kinetics parameter, pre-factor A, converges for the investigate grades as irradiation
dose (and gel fraction) increased. This would suggest that the crack growth kinetics become governed by chain scission at high gel fractions, since the MWD
dependence disappears. Further investigation of the temperature dependence
could verify this.

7.2

Recommendations:

In this thesis, the influence of molecular and morphological parameters on plasticitycontrolled and crack-growth-controlled in HDPE has been investigated through
short-term experiments, with the purpose to find the core parameters that influence these two failure processes. While these experiments have greatly improved
our understanding of these processes and provided several new insights, there are,
nevertheless, various questions and hypotheses that have remained unanswered and
untested respectively, especially with regards to the crack-growth-controlled failure
mechanism. These questions and hypotheses will be brought to attention in this
section of the thesis.
First and foremost, while the research in this thesis has exhaustively studied the
influence of the MWD, temperature and load ratio on the crack growth kinetics of
HDPE homopolymers, the investigation of HDPE bimodal copolymers is still somewhat lacking when the influence of load ratio is concerned. This is mostly attributed
to the excessive testing times required for these bimodal copolymer grades at load
ratios greater than R = 0.1. Nevertheless, investigation of the load ratio dependence of these grades is of great relevance, especially near room temperature, since
it has been revealed that the observed temperature dependence of HDPE homopolymers is strongly affected by the load ratio. Furthermore, it has also been shown for
homopolymers that the load ratio dependence is a powerful tool in the accurate prediction of the crack growth kinetics under static loading. These predictions could,
subsequently, be used to estimate the crack-growth-controlled time-to-failure under
service conditions. However, these estimates will only be accurate if the proper load
ratio dependence is used, which emphasizes the importance of these experiments.
In addition, while the influence of the SCB concentration (# of SCB/1000C) has
been investigated under cyclic loading, the influence of branch length hasn’t been
taken into account. Since the branch length will have a considerable influence on
the α-relaxation process (due to the additional steric hindrance supplied by longer
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branches), increasing the branch length should have an inhibiting effect on the crack
growth kinetics of this process. The influence of branch length on the low temperature process (observed under cyclic loading) is not deduced so straightforwardly.
Moreover, while additional measurements at R > 0.1 would be interesting from a
practical point of view (as the degree of required extrapolation towards static loading becomes smaller), measurements at R < 0.1 would be fascinating as well, since
it would allow us to extend the load ratio dependence significantly. While expansion towards tensile-compressive experiments would be intriguing, it would be more
beneficial to first start with R = 0, since this doesn’t require the incorporation of
compressive effects, while these measurement would also provide us with the cyclic
component of the Paris-Erdogan pre-factor A. Another avenue that could use further
examination is the frequency dependence of measurements performed under cyclic
loading. While the frequency dependence has been studied to a certain degree at
room temperature, additional measurements at different temperature should still be
performed, since the frequency dependence can also be used to estimate the crack
growth kinetics under static loading (akin to the load ratio). Therefore, investigating the temperature dependence as a function of frequency would be an interesting
supplement to the investigation of the temperature dependence as a function of load
ratio.
Furthermore, the influence of both the processing conditions and irradiation crosslinking on the crack growth kinetics has been studied at room temperature in this
thesis. It would, however, also be interesting to investigate the temperature dependence as a function of lamellar thickness and irradiation dose. For the former, the
hypothesis would be that the α-relaxation process would have a stronger effect at
greater lamellar thicknesses, since a definite link is seen between the two in literature. For the latter, it was hypothesized that chain scission becomes the process
that governs the crack growth kinetics upon irradiation cross-linking of HDPE. This
would also suggest that the activation energy would significantly increase upon crosslinking, which would be visible in the temperature dependence. In addition to the
temperature dependence, investigation of the load ratio dependence as a function of
lamellar thickness and irradiation dose would be interesting for similar reason, as it
has been shown that the temperature dependence depends on the load ratio as well.
Additionally, the influence of the MWD on the processability during extrusion has
to be investigated in order to apply the aforementioned insights in practice. While
the influence of the MWD on the crack growth kinetics has been investigated thoroughly in this thesis, relatively little attention was paid to the effect that such
drastic changes to the MWD would have on the various, relevant rheological parameters. An investigation into these parameters was originally planned, but had
to make way due to time constraints. Furthermore, since HDPE pipes are extruded
at an intermediate shear rate, an investigation into the effect of orientation on the
crack growth kinetics could be intriguing, as it would be of practical relevance for
pressure pipe applications. This could, possibly, lead to a different correlation of
the crack growth kinetics with the MWD, since the degree of orientation depends
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greatly on the polymer chains with the highest molecular weight and the fraction of
these chains changes significantly with the width of the MWD.
Moreover, while the results obtained in this work have been compared to experimental results of several other works, a more thorough comparison with contemporary
methods of (standardized) long-term testing would be beneficial. This would include
(but not be limited to) comparison with pressurized pipe testing, FNCT and PENT.
Furthermore, strain hardening experiments are a relatively quick method used by
industry to probe the crack growth resistance of HDPE pipe grades. Since these
measurements require little material and relatively straightforward test equipment,
it should be manageable to perform these measurements for a broad range of materials and testing conditions. In addition, a comparison of the results obtained in
this thesis with strain hardening experiments on the same materials would not only
yield additional data, but it would also bridge the gap between our study and the
research performed in the industry.
Furthermore, while this thesis has focussed solely on polyethylene, further investigation can be extended to other materials as well. While many materials could benefit
from additional research with regard to crack growth kinetics, (isotactic) polypropylene would be the most interesting material to investigate next, since it is closely
related to polyethylene and sees use in pressure pipe applications as well. Nevertheless, the more complicated microstructure (in comparison with polyethylene),
combined with the relatively low crack propagation rates observed for this material
at room temperature, would make this a challenging material to investigate. This
would be particularly true in the case of polypropylene pipes, since the orientation,
induced by the extrusion process, could lead to differences in polymorphism and
morphological architecture (creation of shish-kebab structures).
As a final note, it was observed in this thesis that the crack-growth-controlled timeto-failure increases with increasing width corrected Mw . However, the width corrected Mw can only be increased up to a certain point before the processability
during extrusion starts to suffer. This would imply that the crack growth resistance
(as a function of the MWD) would eventually be restrained by the limitations of the
extrusion process. One way to circumvent this would be to use a modified HDPE,
where the polymer chains could be linked to one another through functional groups
on the chain ends of the polymer. This would allow processability in the melt,
while linking the chains in this way would increase the (linear) length of the chains.
Furthermore, these reactive end groups could be made thermoreversible in such a
way that they would dissociate above the melting point, which would improve the
(re-)processability of the material. While this would certainly be an amusing idea,
it is entirely uncertain, for now, if this concept would be feasible in practice.
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Hoge dichtheid polyetheen (HDPE) is een thermoplast die voornamelijk gebruikt
wordt in pijp- en buizensystemen voor gas en water onder hoge druk. De levensduur
van deze systemen onder (hoge) belasting van groot belang, aangezien een minimale
gebruiksduur van 50 jaar wordt geëist, wat ook valt af te leiden uit de definitie van
de parameter die door de industrie gebruikt wordt om buizensystemen te ontwerpen, de Minimum Required Strength (oftewel MRS). Deze parameter beschrijft de
(maximale) druk die een buis bij kamertemperatuur gedurende 50 jaar zou moeten
kunnen weerstaan zonder te falen. Voor HDPE wordt de hoogte van deze druk
bepaald door twee verschillende faalmechanismen: plastisch gedomineerd falen (wat
ook wel ductiel of taai falen wordt genoemd) en scheurgroei gedomineerd falen (wat
ook wel bros falen wordt genoemd). Toen HDPE nog maar pas ontwikkeld was, lag
de zwakte van het materiaal in zijn scheurgroeibestendigheid, waarbij de MRS enkel
werd bepaald door scheurgroei gedomineerd falen. Echter, door de vele ontwikkelingen die HDPE gedurende meer dan een halve eeuw heeft doorgemaakt, zijn er
momenteel HDPE varianten op de markt die geen scheurgroei meer laten zien in
gestandaardiseerde metingen gedurende meer dan een jaar bij hoge temperaturen.
Deze resultaten hebben geleid tot de aanname dat scheurgroei niet meer in moderne
buizensystemen voorkomt gedurende de (minimale) gebruiksduur van 50 jaar.
Voor HDPE is de significante verbetering in scheurgroeibestendigheid vooral te
danken aan de ontwikkeling van zogeheten "bimodale" polyetheen varianten. De
weerstand tegen scheurgroei wordt in deze varianten voornamelijk versterkt door
de aanwezigheid van korte zijtakken ("short chain branches" of "SCB") die door
co-polymerisatie worden toegevoegd aan de polymeerketens. Een nadeel van het
toevoegen van zijtaken is, daarentegen, dat de keten minder goed kan kristalliseren, wat leidt tot een verslechtering van plastisch gedomineerd falen. Dit is vooral
nadelig omdat dit faalmechanisme tegenwoordig de beperkende factor is voor de
levensduur van moderne buizensystemen. Het verminderen van het aantal zijtakken
zorgt echter voor een lagere scheurgroeibestendigheid, waardoor optimalisatie van
beide faalmechanismen leid tot een bovengrens in de MRS. Het is, om deze limiet
te kunnen doorbreken, dus noodzakelijk om voor beide processen in kaart te brengen welke moleculaire en morfologische eigenschappen deze processen domineren in
HDPE. Dit is tevens het doel van deze thesis.
De invloed van morfologie op plastisch gedomineerd falen wordt in hoofdstuk 2
onderzocht door te kijken naar de invloed van kristalliniteit en lameldikte op de
vloeispanning (die beïnvloed wordt door dezelfde moleculaire processen als plastische gedomineerd falen) van HDPE en LLDPE grades. Aangezien kristalliniteit en
lameldikte aan elkaar verbonden zijn, moet de invloed van beide parameters eerst
van elkaar gescheiden worden. Hiervoor wordt gebruik gemaakt van de analytische
methode van Furmanski et al. Door middel van deze methode kan bepaald worden
dat de kristalliniteit de vloeispanning controleert, terwijl er geen secondaire invloed
van lameldikte te zien is als kristalliniteit wordt gebruikt als primaire parameter.
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Tevens wordt dezelfde observatie gemaakt voor de Young’s modulus, waarbij opviel
dat de vloeispanning en de Young’s modulus met elkaar verbonden konden worden
door de correlatie met kristalliniteit.
De invloed van de molecuulgewichtsverdeling (MWD) op de scheurgroeibestendigheid
wordt in hoofdstuk 3 bij verschillende temperaturen onderzocht voor HDPE varianten zonder SCB (HDPE homopolymeren). Uit de scheurgroei metingen onder
cyclische belasting komt naar voren dat de scheurgroei kinetiek beschreven kan worden met een machtsfunctie (de Paris-Erdogan law) en dat de exponent voor deze
machtsfunctie hetzelfde is voor alle onderzochte varianten (namelijk 3.9). Dit betekend dat de voorfactor A, die in de machtsfunctie gebruikt wordt, dus de scheurgroei
kinetiek bepaald. Wanneer de voorfactor A vervolgens gecorreleerd wordt met een
aantal moleculaire parameters uit de literatuur, waaronder de fractie tie-molecules,
levert dit nogal zwakke correlaties op. Een veel betere correlatie wordt gevonden
tussen pre-factor A en het gewichtsgemiddelde molecuulgewicht Mw . Deze correlatie
kan daarnaast nog verder verbeterd worden door Mw te corrigeren voor de breedte
van de MWD via de ratio Mz/Mw , wat een corrgieerde Mw , Mw,corr , oplevert. Als vervolgens de voorfactor A van verscheidene varianten bij hogere temperaturen wordt
bepaald, dan valt daar niet alleen uit af te leiden dat de temperatuursafhankelijkheid
onafhankelijk is van de MWD, maar ook dat deze wordt beïnvloed door twee onderliggende processen. Deze twee processen, met activeringsenergieën van 125 en 50
kJ/mol, vinden respectievelijk bij temperaturen boven en onder de 55 °C plaats. De
activeringsenergie van het process dat boven 55 °C actief is, is tevens identiek aan de
activeringsenegie die voor α-relaxatie gevonden wordt in de literatuur. Daarnaast
geven de activeringsenergieën van deze processen, in combinatie met de exponenten
die gevonden werden voor de correlaties met Mw en Mw,corr , een indicatie dat de
scheurgroei kinetiek gedomineerd worden door ketenslip processen in de amorfe en
kristallijne fase, aangezien geen van beide activeringsenergieën hoog genoeg is voor
ketenbreuk.
In hoofdstuk 4 wordt vervolgens de scheurgroei kinetiek van HDPE homopolymeren
onder contante (statische) belasting onderzocht. Tevens wordt er een voorspelling
gedaan voor de statische scheurgroei kinetiek op basis van empirische relaties voor de
temperatuur-, belastibgsratio- en molecuulgewicht afhankelijkheden. Om de eerste
twee empirische relaties te kunnen bepalen, wordt bij verschillende temperaturen de
belastingsratio (minimale belasting/maximale belasting) gevarieerd. Hieruit blijkt
dat de scheurgroei metingen bij verschillende belastingsratio’s eveneens beschreven
kunnen worden met een Paris-Erdogan exponent van 3.9, waardoor de voorfactor A
voor deze metingen de scheurgroei kinetiek beschrijft. De belastingsratio afhankelijkheid is tevens hetzelfde voor alle onderzochte homopolymeer grades bij kamertemperatuur, waardoor voor eender welke homopolymeer grade de statische voorfactor
A voorspeld kan worden. Als de temperatuursafhankelijkheid van de voorfactor A
onder statische belasting vervolgens vergeleken wordt met die onder cyclische belasting, dan valt op dat alle meetpunten tussen kamertemperatuur en 92 °C beschreven
kunnen worden met één helling die grotendeels overeenkomt met het hoge temperatuursproces (T > 55 °C) uit hoofdstuk 3. Dit suggereert dat de scheurgroei kinetiek
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onder statische belasting bij hoge temperaturen door hetzelfde proces (α-relaxatie)
gecontroleerd wordt als bij kamertemperatuur. Nadat alle empirische relaties zijn
vastgesteld, worden deze gebruikt om succesvol de statische scheurgroei kinetiek
van een homopolymeer variant uit de literatuur te voorspellen als functie van temperatuur en molecuulgewichtsverdeling. Deze voorspelling bevestigd tevens dat de
empirische relaties (uit dit hoofdstuk en hoofdstuk 3) accuraat genoeg zijn om binnen
de foutmarge van de metingen (statische) scheurgroei kinetiek te kunnen voorspellen.
De invloed van korte zijtakken (SCB) op de scheurgroei kinetiek onder cyclische
belasting wordt voor bimodale varianten van HDPE als functie van de temperatuur
onderzocht in hoofdstuk 5. Hier wordt opnieuw geobserveerd dat de scheurgroei
metingen beschreven kunnen worden met een Paris-Erdogan exponent van 3.9, waardoor de voorfactor A van deze metingen tevens direct vergeleken kan worden met die
van de HDPE homopolymeren. Daarnaast is er een groot verschil in het verloop van
de temperatuur afhankelijkheid zichtbaar, als deze voor scheurgroei van bimodale
varianten onder cyclische belasting vergeleken wordt met die van de homopolymeer
varianten. Bij de bimodale varianten wordt voor het hoge temperatuur proces een
verlaging van de voorfactor gezien als functie van de SCB concentratie, terwijl de activeringsenergie ongeveer gelijk blijft, wat suggereert dat dit proces (sterk) vertraagd
wordt door de aanwezigheid van zijtakken aan de hoofdketen. Voor het lage temperatuur proces wordt dan weer een verlaging in de activeringsenergie waargenomen
wanneer de SCB concentratie toeneemt. Aan het einde van dit hoofdstuk wordt de
hypothese bediscussieerd dat de scheurgroei kinetiek onder statische belasting, net
als bij homopolymeren in hoofdstuk 4, enkel beïnvloed zou worden door α-relaxatie.
Bevestiging voor deze hypothese kan in de literatuur gevonden worden, waar een veel
sterkere load ratio afhankelijkheid zichtbaar is voor bimodale grades dan voorspeld
voor de homopolymeer grades. Desalniettemin zijn meer metingen bij verschillende
load ratio’s noodzakelijk om dit eenduidig te kunnen verifiëren.
De invloed van cross-linking, door middel van bestraling met β-straling, op plastisch
en scheurgroei gedomineerd falen wordt onderzocht in het zesde hoofdstuk. Hier
wordt zowel de MWD als de SCB concentratie (beperkt) gevarieerd. Hier worden
zowel een toename van de vloeispanning als van de Young’s modulus waargenomen
als functie van de bestralingsdosis. Overigens correleert deze toename vrij goed
met de gel fractie. De bestralingsdosis had, daarnaast, een relatief kleine invloed
op de scheurgroei kinetiek van de onderzochte grades. Als de voorfactor A tegen
de gel fractie uitgezet wordt, kan voor een aantal van de onderzochte HDPE varianten convergentie van de curves naar één punt geobserveerd worden. Dit suggereert
dat de scheurgroei kinetiek geleidelijk minder afhankelijk van de MWD wordt naarmate de gel fractie toeneemt. Dit kan toegeschreven worden aan de verandering
van het onderliggende mechanisme van een ketenslip mechanisme (zoals in de vorige
hoofdstukken) naar een ketenbreuk mechanisme. Verder onderzoek naar de activeringsenergie moet uitwijzen of dit daadwerkelijk klopt.
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