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Summary 

Silicon is a powerful material pervading our everyday lives. Silicon-based microchips are 

the basis of nearly every electronic device used in our houses, cars, smart gadgets, and 

even in the human body. These microchips are the cornerstone for computers, phones, 

surfing the Internet at any time, sending and receiving data quite fast, regulating the 

elderly heart beating, and other life-matter devices. Despite being cheap, with superior 

electronic properties and mature processing technology, silicon has been widely known 

as optically handicapped. It is an extremely inefficient light emitter, hindering it from 

being employed in laser devices which is the basis of fast computing and high-speed 

communications. Solving this paradox would revolutionize computing, as chips will 

become faster than ever. We succeeded in achieving efficient light emission from silicon 

by forcing it into a new shape other than its natural form.  

Silicon germanium (Si1-xGex, x > 0.6) alloys, with a hexagonal crystal structure, have been 

theoretically predicted to exhibit a direct band gap nature, i.e., efficient light emission in 

the infrared wavelengths range of 3.5-1.8 μm. This wavelength range is of technological 

interest for the optical telecommunications window, which is the basis for fast 

communication. This prediction qualifies SiGe to be an ideal material for uniting the 

electronic and optoelectronic functionalities on a single chip, opening new frontiers 

towards silicon-based integrated device concepts. The fundamental bottleneck is that Si, 

Ge, and their binary alloys exist naturally in the optically inactive cubic structure. On the 

other hand, it is extremely challenging to achieve the hexagonal structure in this class of 

materials.  

This doctoral research work establishes on the epitaxy of high-quality hexagonal silicon 

germanium (Hex-SiGe) alloys with the aim of achieving direct band gap emission. 

Despite the strenuous efforts exerted to achieve Hex-SiGe of premium quality, their 

crystal quality and volume were compromised due to structural defects and impurities, 

hindering fabricating them in large volumes and the achievement of efficient light 

emission. During this project, we have developed high-quality hexagonal Si-based alloys 

in big volumes, which proved to be capable of emitting light efficiently and having 

excellent optoelectronic properties. The nanowire geometry offers a unique platform for 

realizing new crystal structures inaccessible except under extreme conditions. We have 

demonstrated that by changing the arrangement of the atoms of the natural cubic Si 

structure to the promising hexagonal one. We used hexagonal nanowire templates of 

nearly matching structural properties to Hex-SiGe to transfer the crystal structure to SiGe 

in a core-shell nanowire geometry by utilizing the crystal transfer technique. By 

proposing and developing a new hexagonal nanowire core material, wurtzite  GaAs 



 

 

nanowires in Chapter 4, large volumes of single-crystalline Hex- Si1-xGex alloys ranging 

from pure Ge (x = 1) up to high Si contents (x = 0.6) have been achieved, as presented in 

Chapter 5. We have examined the fabricated material's quality via several structural and 

optical characterization techniques, confirming its premium quality. We demonstrate the 

emission wavelength's tunability over a broad range while preserving the superior 

optical properties by controlling the Si Ge alloy composition. The achieved experimental 

findings are in excellent quantitative agreement with theoretical calculations. 

Furthermore, the Hex-SiGe emission yield is similar to that of direct-bandgap group-III–

V semiconductors, the current state-of-the-art laser materials. Besides, We managed to 

identify an unconventional type of crystal defect (I3 basal stacking faults) in this novel 

material as explained in Chapter 6. Electronic band structure calculations, coupled with 

optical measurements, conclude that the I3 stacking fault and its terminations do not 

create states within the band gap of Hex-Ge and Hex-Si. Therefore, the defect does not 

significantly degrade the optoelectronic properties of the hexagonal SiGe materials 

family. Finally, shedding light on this novel defect's structural and optical properties 

might be of great interest to the community of hexagonal-III-N materials, in which this 

defect is also present. In Chapter 7, we provide an understanding of the defect’s 

formation mechanism, which is revealed to be mostly related to instabilities in the growth 

kinetics that stimulate the formation of these defects. The understanding of the formation 

mechanism helps avoid its occurrence and produce high-quality crystals. 

Having proved efficient light emission in silicon-based material, demonstrating lasing in 

this novel material is the next important milestone. The findings of this work could 

potentially lead to the development of the first silicon-based laser or mid-infrared light 

detectors, both of which would be compatible with the current silicon technology. At the 

end of this work, in Chapter 8, we discuss five main future research directions to 

maximize the electronic and optical performance of this novel material system. These 

directions involve doping reduction to probe the material's intrinsic properties, 

maximizing the radiative efficiency by passivation, scalability, and planarity of the 

fabricated material, extending the emission wavelength range towards the telecom-band 

window, ultimately the fabrication of a laser. These lasers could be deployed in several 

applications such as telecommunications, LiDAR, a radar with laser for self-driving cars, 

and chemical sensors for medical diagnosis or measuring air and food quality. 
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1.1 Smaller, Cheaper, Faster: The Future of Computing and 
Communication 

Novel materials have been one of the main drivers for human civilizations throughout 

history1,2. One can understand the significance of materials by looking at the classification 

of the prehistoric periods in human civilizations based on the materials that shaped that 

age: Stone Age, Bronze Age, and Iron Age. Following that, the technologically advanced 

era we are witnessing nowadays, in nearly all sectors of life, has been enabled by the 

wealth of materials and the functionalities they offer. Among these key materials are 

semiconductors, especially silicon (Si)—a unique class of materials that have remarkably 

revolutionized the quality of life to the extent that the 20th century has been called the 

silicon age. 

Over the past decades, Si and its sister material germanium (Ge) have been the workhorse 

of the electronics-based semiconductor industry. They were a game-changer in the 

invention of the transistors in 1947 and later the integrated circuits (ICs), named chips, in 

19593. For more than half a century, ICs have shaped the microelectronics industry 

leading to a transformation in our daily life. One not only finds Si chips in computers but 

also in mobile phones, televisions, cars, washing machines, and nearly every other 

electronic device we use in our day-to-day activities. The continuous technological 

advancements in this field have enabled the downscaling of these devices and enhanced 

their complexity, speed, and efficiency, leading to an interconnected digital world—a 

groundbreaking concept that has been introduced in 19604. 

Ever since the invention of microprocessors, ‘smaller, cheaper, faster’ has been the driver 

criteria of the microelectronics industry. To imagine the leap in this field, the first 

microprocessor manufactured by Intel in 1971 had just above 2000 transistors-the 

building block of chips- and nowadays, a smartphone has billions of transistors. 

Furthermore, top-notch smartphones nowadays have similar computing capacity 

comparable to the most powerful supercomputers in the early 1990s. The sustained 

advancement in the microelectronics industry and the exponential performance growth 

of the information industry resulted in the dramatic increase of global data traffic, as 

illustrated in Figure 1.15. The data traffic trend exhibits an exponentially increasing trend. 

This trend indicates that data has been the new oil of this era that fuels nearly all aspects 

of life6. If data are to be considered the new fuel of this digital age, chips are the engines 

that can handle them7. Hence, fast computing and communication systems capable of 
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processing huge amounts of data in nearly all sectors of life have been the prime goal of 

the microelectronics industry. 

However, with this ongoing miniaturization trend and the high-speed computing 

demand, the current technology is reaching its fundamental physical limits. Electronic 

component sizes have become comparable to the dimensions of a few atoms. In addition, 

data signals are communicated on-chip and from chip-to-chip via electrical interconnects 

that suffer from latency, i.e., a time delay in communication. This delay in electrical 

interconnects is equivalent to the product of the resistance and capacitance of the 

interconnection lines. In addition, higher currents cause more power dissipation by Joule 

heating.  This speed-power limitation is known as the interconnect bottleneck. 

This bottleneck could be overcome by using photonic instead of electronic signals. 

Photonic signals do not experience resistance and are able to operate at higher 

bandwidth, which allows for higher data rates (multiple Terabits per second (Tbit/s)), 

and dissipate less power (in the range of attojoule/bit) compared to their conventional 

electrical counterparts8,9. A transition towards optical, i.e., light-based, interconnects is 

inevitable in order to address the exponentially increasing data rates and related energy 

 

Figure 1.1. Data Traffic Worldwide from 2017-2022: A plot of the worldwide data volume of consumer 

IP traffic in exabytes per month (1 EB= 106 TB)) within years 2017-2020 and the forecast for years 2021-

2022 at a 27% compound annual growth rate (CAGR) of 26%. This figure is generated from data 

provided by Statista5. 
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consumption. Accordingly, the challenge is to develop high-speed, high-density, and 

broadband interconnections on-chip and from chip-to-chip, which are cost-effective and 

compatible with the current technology infrastructure. 

1.2 Light-Emitting Silicon: The Holy Grail of Silicon Photonics 

Si has been the par excellence material in the microelectronics industry due to its 

outstanding electronic properties, low cost, abundance in nature, mature fabrication 

processing technology in addition to its related high-quality oxide. Therefore, the quest 

for Si photonics has been a long-sought dream in optical communications ever since the 

demonstration of the first laser in the early 1960s. The past decades have witnessed a 

growing interest to get efficient light emission from Si for Si-based optoelectronic 

devices10–16. However, these efforts have been limited to the realization of waveguides, 

detectors, modulators, interferometers, and switches which are optically passive 

components that cannot stimulate light emission. The main bottleneck is that Si and Ge 

are incapable of emitting light efficiently due to their indirect band gap nature, see Figure 

 

Figure 1.2. Band Structures of Common Cubic Group IV and III-V Semiconductors Ge, Si, and GaAs: 
The energy dispersion relations highlight the nature of the energy gap (Eg) in Ge, Si, and GaAs, 

exhibiting the indirect gap of Ge and Si in comparison to the direct gap of GaAs. Electrons at the 

conduction band minimum (CBM) (minus signs) are not at the same wave vector (k) as the holes (plus 

signs) at the valence band maximum (VBM) in the indirect gap case. Hence, the assistance of phonons 

is required to conserve the momentum and let the electrons relax into the VBM, which happens in the 

form of released heat into the crystal. On the contrary, the direct gap case as in GaAs, both CBM and 

VBM are aligned at the same k value. This figure is from Ref.17. 
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to Si-based optical communication.  

There have been various promising attempts to realize efficient luminescence from Si or 

group IV-based light sources in general. Three main approaches14,17 have been utilized so 

far: 

(1) Impurity-mediated luminescence where an impurity with an energy level in the 

band gap of the semiconductor material mediates the electron-hole recombination. 

This concept has been utilized in the Erbium (Er)-doped light sources18–21. Optically 

pumped Er-based lasers on Si have been demonstrated, but not electrically 

pumped Er-lasers, limiting their use for integrated devices. 

(2) Band structure engineering approaches such that the energy bands shift and 

facilitate direct gap transitions. This has been achieved, for example, in 

germanium tin (GeSn) alloys—one of the recently booming and promising 

materials to demonstrate group IV-based lasers22. Optically22,23 and electrically24 

pumped GeSn-lasers have very recently been demonstrated. However, they have 

been suffering from materials structural quality and very high threshold currents. 

Ongoing research is  carried out to lower their current threshold23. 

(3)  Quantum confinement which can be realized by spatially confining carriers in nano-

sized structures such as quantum wires and quantum dots. This has been 

demonstrated in porous-Si and Si-nanocrystals. However, the applicability of 

these structures is limited due to their wavelength mismatch with the optical 

communications window and their ultralow optical efficiency. Another approach 

is zone folding which has been proposed in the early 1970s25 where an extremely 

short-period superlattice structure of periodicity comparable to the lattice constant 

can lead to direct gap transitions in indirect gap semiconductors. So far, the 

utilization of this technique has resulted in weak transitions in Si-based 

superlattice structures26,27.   

Due to the limited success of the above-mentioned approaches, the current optoelectronic 

integration technology utilizes group III-V semiconductor materials as the winning 

candidate to be integrated with Si chips.  III-Vs-based photonic integration has been 

achieved either by the monolithic integration, i.e., direct epitaxial growth of the optically 

active III-V layer on Si, or heterogeneous integration where the III-V photonic dies are 

fabricated separately and then attached, i.e., bonded to the Si chip28. The monolithic 
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integration approach faces challenges with the structural defects arising in the optically 

active layers due to the differences in structural and physical properties of III-Vs and Si. 

Antiphase boundaries arise from the growth of a polar III-V compound on the non-polar 

elemental Si. The crystal lattice mismatch among both materials families, as clearly visible 

in the chart shown in Figure 1.3, promotes a high density of threading dislocations. For 

instance, Si has nearly 4% lattice mismatch with GaAs and 8% with InP –the most widely 

deployed III-V materials in the fabrication of light-emitting components– which degrades 

the performance of the light-emitting components. In addition, the thermal expansion 

coefficient mismatch may lead to the formation of micro-cracks upon thermal cycling 

during processing. Among the various investigated heterogeneous integration 

techniques, direct bonding and adhesive bonding have shown great promise by utilizing 

low-temperature processes which avoid damaging the III-V layers. Yet, III-V materials 

remain expensive and scarce in comparison to Si. Hence, III-V integration lacks the low 

cost and CMOS compatibility advantages inherent to the Si monolithic integration 

technology.  

1.3 The promise of Hexagonal SiGe Alloys 

Si and Ge, as utilized in the current CMOS technology, are crystallized in the cubic 

structure, which is the stable form of these materials in nature. The characteristic band 

structure of the cubic crystal structure of these materials is of indirect nature where 

radiative transitions are less likely to happen, as shown in Figure 1.1. Intriguingly, in 

1973, it has been theoretically anticipated by Joannopoulos et al. that Ge crystallizing in a 

different structure called hexagonal diamond (lonsdaleite), hexagonal in short, exhibits a 

direct band gap, qualifying it to be a promising CMOS compatible light source29. More 

theoretical calculations have followed later, confirming this hypothesis30–33. These 

theoretical calculations are based on the zone folding concept introduced in the early 

1970s, as discussed before. Instead of altering the atomic potential by combining different 

elements in a superlattice structure, this approach alternates the atomic positions in the 

crystal lattice, yielding the hexagonal structure. The hexagonal stacking, as a result, has 

a different symmetry than cubic stacking, which leads to a change in the periodic 

potential that electrons interact with. Interestingly, the unit cell of the hexagonal structure 

–the smallest repeating unit containing all symmetries of the crystal—has nearly twice 

the volume of the cubic structure in real space. 
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Accordingly, in the reciprocal momentum space, the Brillouin zone (BZ) of the hexagonal 

unit cell, describing the periodic potential and the behavior of electrons, will be half the 

size of the cubic cell, leading to electronic band folding in the hexagonal case. This simply 

means that if we are to look at the overlap of both BZs, given that their Γ-points i.e., the 

centers of the BZs coincide, we will find the L-point in the cubic BZ is mapped onto the 

Γ- point of its hexagonal counterpart along the <111> direction34. This L-valley folding 

concept changes an indirect gap semiconductor materials, with an L-valley CBM, to a 

direct band gap nature30. Accordingly, hexagonal Ge has been predicted to be of direct 

bandgap nature unlike Si that remains indirect. Band structures of hexagonal Si and Ge 

are explained in detail in Figure 2.7 in Chapter 2. The interpolation between the 

theoretically calculated high symmetry points in the band structures of both Si and Ge 

 

Figure 1.3. Chart of the Energy Gap and Lattice Parameter of Common Semiconductor Materials: The 

band gap energy of semiconductor materials, crystallized in the zinc blende i.e., cubic phase, is plotted 

as a function of their lattice parameter a. Connecting lines between data points represent ternary 

compositions between constituent binary alloys. Colored lines represent the conduction band valley 

with minimum energy involved in determine the type of the band gap whether direct or indirect. (Γ-

valley indicates the direct band gap and X- and L- valleys refer to the indirect band gaps). Solid lines are 

based on the available experimental data and dashed lines indicate estimated compositions based on a 

linear interpolation. This figure is courtesy of the Woodall Research Lab in University of California (UC 

Davis). 
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suggests that alloying Si with a certain percentage of Ge results in a CBM at the Γ-point, 

with tunable direct bandgap nature, as discussed in Figure 2.8 in Chapter 2. 

Potential Applications—An ideal light source should emit close to the low loss 

wavelength range of the fiber optical communication window (1550 nm) and be 

integrated on Si with a CMOS-compatible fabrication technique for large-scale 

manufacturing. Hence, Hexagonal SiGe-based efficient light sources can transform 

electronics into a new era where thousands of light sources are monolithically integrated 

with electronics for intra-chip and chip-to-chip communication at an attojoule/bit energy 

consumption. This can allow large-scale optoelectronic devices, which are capable of 

transmitting, routing, and receiving optical data streams. Data centers would benefit 

from photonic chips with faster data traffic and less energy consumption. In addition, it 

can be used to fabricate mid-infrared (IR) lasers and light detectors which could be used 

in light detection and ranging (LiDAR) platforms — a laser-based surveying technology 

that could be utilized in the autonomous driving industry for object detection. Mid-IR 

light does not damage the human eye, which means that mid-IR lasers could be used at 

high power in LiDAR systems; this enables object detection at long distances, thus 

allowing self-driving vehicles to travel safely at high speeds. Furthermore, it can be 

utilized in chemical sensors for medical diagnosis or for measuring air and food quality.  

State of the art—Hexagonal SiGe alloys represent a novel class of materials with nearly 

unexplored structural properties and, accordingly, unknown mechanical, electrical, and 

optical properties. Yet, the fundamental bottleneck is that Ge and its alloys crystallize 

naturally in the cubic structure, which is optically inactive. Achieving the hexagonal 

structure in this class of materials is extremely challenging. Despite extensive efforts 

throughout the past decades, achieving the pure hexagonal phase in large crystals of Si, 

Ge, and their alloys has been of limited success. Hexagonal Si was first observed under 

certain pressure and temperature conditions in the early 1960s by Wentorf and Casper35. 

The ever-growing interest in group IV (especially Si) -based photonics, along with the 

predictions of direct band gap emission from hexagonal group IV materials, have 

stimulated research in this area.  

Several techniques have been investigated to produce hexagonal Si and Ge. Among these 

techniques are high pressure35–38, laser ablation39, strain to induce the phase transition40–42, 

and the vapor-liquid-solid (VLS) growth technique in a nanowire geometry43–46. The 

strain method has been among the recently adopted techniques in Si and Ge 
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nanowires40,42 and nanofins41 in an attempt to produce larger hexagonal areas with better 

control compared to the other techniques. Figure 1.4 shows an example of the strain-

driven crystal change in nanowires. Cubic nanowires grown on a substrate are 

surrounded by a dielectric stressor layer that is densified differently by the growth 

conditions and the type of the dielectric layer. This densification results in the formation 

of thin hexagonal stripes along the nanowire growth direction. Yet, all these fabrication 

techniques of hexagonal group IV materials still lack full control and phase purity and 

result in tiny volumes which are not large enough to characterize their optical properties.  

Recently, the crystal transfer technique has emerged as a promising candidate to overcome 

the uncontrollability and phase purity issues of the previously reported techniques47.  In 

this technique, the core/shell nanowire geometry is used to transfer the hexagonal crystal 

structure from a hexagonal nanowire core template to the desired group IV shell. Pure 

hexagonal Si has recently been demonstrated by Hauge et al.48 and Ren et al.49 by 

epitaxially growing Si on hexagonal gallium phosphide (GaP) nanowires, see Figure 1.5. 

The close lattice match between Si and GaP has enabled the fabrication of large volumes 

of pure hexagonal Si. The utilization of hexagonal GaP has also been extended to the 

realization of hexagonal SiGe alloys of low Ge content50. Yet, the higher the Ge content in 

the alloyed shell, the higher the lattice mismatch with the GaP core and the more the 

induced strain in the shell, leading to a defected hexagonal structure. This hinders the 

realization of pure hexagonal Ge and Ge-rich SiGe alloys, which constitute the desired 

range of materials to achieve efficient light emission. Here comes the niche of the work 

demonstrated in this thesis—the realization of hexagonal Ge and Ge-rich SiGe alloys. 

 

Figure 1.4. Strain-induced Crystal Phase Change Technique: (a) Schematic illustration of cubic Ge 

nanowires embedded in an envelope of a dielectric stressor layer inducing the transformation to the 

hexagonal phase in thin stripes along the nanowires. (b) TEM image showing one cubic-Ge (3C) 

nanowire with tilted hexagonal (2H) domains along the growth direction <111>. (c) High angle annular 

dark field scanning TEM (HAADF-STEM) image showing the difference in atomic stacking. This figure 

is adapted from Refs. 40,42. 



1. Introduction 

10 

1.4 Scope of the Thesis 

This thesis focuses on the epitaxy of hexagonal Ge and Ge-rich SiGe alloys via the crystal 

transfer technique in a core/shell nanowire geometry by utilizing a lattice matching 

hexagonal core nanowire template. For this purpose, hexagonal, i.e., wurtzite (WZ) GaAs 

nanowires, can be the ideal template for the epitaxy of Ge and Ge-rich alloys due to the 

very close lattice matching (0.07% with pure Ge and < 2% with Ge-rich SiGe alloys) as 

clearly visible in Figure 1.3.   This thesis consists of seven chapters: 

 Chapter 2 lays the theoretical foundation of the discussed concepts in the 

following experimental chapters. 

 Chapter 3 discusses the fabrication procedure of the growth templates to be 

utilized in the epitaxy of hexagonal Ge and SiGe materials in addition to the 

functional experimental techniques employed in this thesis. The experimental 

techniques include metal-organic vapor epitaxy (MOVPE) for the epitaxial growth 

of the nanowires and scanning and transmission electron microscopy (SEM and 

TEM) for morphological and structural characterization.  Other techniques have 

also been implemented, such as x-ray diffraction (XRD), atom probe tomography 

(APT), Raman spectroscopy, and photoluminescence (PL). 

 

Figure 1.5. The crystal Transfer Technique utilized in this thesis to chieve Hexagonal Group IV 
Materials: (a) Scanning electron microscope (SEM) image of an array of Au-catalyzed core/shell 

nanowires, WZ- GaP core nanowires grown in the <0001> direction and hex-Si shells grown in the 

direction orthogonal to it. (b) HAADF-STEM image exhibiting the hexagonal atomic stacking transfer 

from the WZ-GaP nanowire to the SiGe shell. (c) HAADF-STEM image of a GaP/Si/SiGe core/shell/shell 

nanowire, verifying the validity of the technique for SiGe alloys. The inset display a fast Fourier 

transform (FFT) pattern corresponding to the shown GaP/Si/SiGe structure, confirming the high-quality 

hexagonal structure. This figure is based on Refs. 42, 43. 
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nanowires to be employed as hexagonal core templates for the epitaxy of 

hexagonal Ge and SiGe shell alloys that will be discussed in Chapter 5. 

 Chapter 5 tackles the epitaxy of hexagonal Ge and Ge-rich shells around the 

fabricated WZ GaAs nanowires. In addition, the direct bandgap nature of pure 

hexagonal Ge is established. The tunability of the direct bandgap is demonstrated 

via alloying Ge with Si with concentrations of Ge above 60% as predicted by the 

density functional theory calculations (DFT). In this chapter, we demonstrate a 

tunable direct gap emission in the near-infrared wavelength range of 1.8-3.5 μm. 

The radiative emission of the fabricated materials in this chapter is compared 

against the direct gap emission from III-V semiconductor materials, the state-of-

the-art materials utilized in efficient light emitters. 

 Chapter 6 unveils a new type of planar defects, namely I3 basal stacking faults in 

hexagonal group IV materials. In this chapter, the experimental realization of this 

in hexagonal Si and Ge, is demonstrated. The understanding of its atomic 

arrangement is achieved via extensive TEM characterization. Complementary 

atomistic modeling via molecular dynamics and ab initio support the TEM findings 

and study the defect’s influence on these materials’ electronic and optical 

properties. 

 Chapter 7 discusses the potential formation mechanisms of the I3 defect reported 

in Chapter 6, considering the ex-situ growth results via MOVPE and in situ TEM 

growth experiments, in light of the investigated growth conditions and growth 

regimes. 

  Chapter 8 sketches the future research directions beyond the status quo 

demonstrated in this thesis. In this chapter, five main research directions are 

proposed to maximize the performance of this novel material system. These 

directions involve doping reduction in the fabricated hexagonal shells, 

maximizing the radiative efficiency by passivation, scalability, and planarity of the 

fabricated material, extending the emission range towards the 

telecommunications window, and ultimately the fabrication of a SiGe-based laser. 
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2
Theoretical Background of 
Hexagonal Crystal Growth

Abstract—This chapter lays the theoretical foundation for the concepts discussed in the 
following experimental chapters. This chapter is divided into three main sections.  It 
starts by discussing the concept of crystalline materials, especially those of cubic and 
hexagonal crystal structure, the main structures discussed in this thesis. The atomic 
arrangement of the pure phase of both structures, the polytypism, and the types of 
possible defects in these structures are tackled. As a result of the periodicity of the 
structure of these materials, their optoelectronic properties are defined in the following 
sections by so-called band structures, which are understood by introducing the concept 
of the Brillouin zone. The band structure properties of cubic and hexagonal Si and Ge, 
the focal material of this thesis, are discussed in detail where we explain the concept of a 
direct and indirect band gap, a key concept in (opto) electronic applications that are the 
main driver of this work. Eventually, the experimental realization of the metastable 
hexagonal Si and Ge is discussed based on the epitaxial crystal transfer technique, in 
which the hexagonal phase of Si and Ge is copied from a hexagonal material template in 
a core/shell nanowire geometry. In this part, the fundamentals of the nanowire core 
template and shell growth are presented. Every introduced concept in this chapter is 
first defined generally, then it is discussed in light of the experimental work in this 
thesis.
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2.1 Cubic and Hexagonal Crystal Structures 

Studying the microscopic structure of materials has been a key element in exploring their 

physical properties. The underlying microscopic atomic arrangements in the different 

materials and the different possible structures of the same material have been a game-

changer in the resulting electronic and optical properties of these materials, offering a 

plethora of electronic and optoelectronic functionalities. Materials have been classified as 

being crystalline if the atomic (or ionic, or molecular) arrangement in these materials 

exhibits long-range periodic order, unlike the random arrangement in amorphous 

materials. 

The ordered arrangement in a crystalline structure is based on repetitive three-

dimensional units where the smallest repeating unit (also containing all symmetry 

elements of the crystal structure) is called a ‘unit cell’.  The term lattice in the context of 

crystals refers to an ordered array of points describing the arrangement of atoms that 

form a crystal. The translation of the repeating unit cells can be described by lattice 

vectors (a, b, and c) that connect two lattice points and are equivalent to the unit cell 

edges. The non-integer combination of the lattice vectors provides the atomic position in 

the crystal basis. Here are some terminologies that will be repeatedly used in this thesis: 

 A crystal direction is parallel to the direction passing through the origin and a lattice

point in the crystal of coordinates (ua, vb, wc). A certain direction can be denoted

with three digits contained in a square bracket [uvw], and a family of

symmetrically related directions is indicated by this notation <uvw>.

 A crystal plane is described by Miller indices in rounded brackets (hkl) such that

the plane intercepts the edges of the lattice at three points (a/h, 0, 0), (0, b/k, 0), and

(0, 0, c/l). A family of symmetrically related planes is denoted by {hkl}.

 The cubic and hexagonal crystal structures are central to this thesis, as discussed

later. Cubic structures can be described by the Miller indices (hkl), unlike hexagonal

structures that are commonly denoted by the Bravais-Miller four-digit indexing

system (hkil). The indices h, k, and l are identical to the Miller indices, and i is a

redundant index such that h + k + i = 0. This notation facilitates the visualization of

symmetries in hexagonal structures.

The main focus of this thesis is the synthesis of the hexagonal crystalline structures of Ge, 

and Ge-rich SiGe alloys, via the utilization of hexagonal GaAs semiconducting templates, 
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for achieving the ultimate goal of direct band gap emission from this group IV -based 

material family. Hence, a profound understanding of the metastable hexagonal crystal 

structures of these materials is crucial to have precise control over their formation, the 

understanding of their properties, and how the metastable structure differs from its stable 

cubic counterpart. 

In this thesis, we focus on the study of the cubic and hexagonal crystal structures of the 

above-mentioned materials. These two specific crystal structures are the two most 

common crystal phases in this material family. In bulk group III-Vs 0F0F0F

* and group IV 

materials, it is known that the cubic structure is the thermodynamically stable crystal 

phase, except for the III-nitrides (III-Ns) family, where hexagonal is the stable phase. 

However, in low-dimensional geometries, such as nanowires -the main geometry 

discussed in this work- and with special crystal growth techniques, as will be discussed 

in detail in the following chapters, the metastable hexagonal phase can be realized. 

2.1.1 Atomic Arrangement of Pure Cubic and Hexagonal Crystal Phases 

The cubic structure is known in compound III-Vs as zincblende (ZB) and in elemental 

Group IV materials as cubic diamond, diamond in short. The atoms in the diamond/ZB 

lattice are positioned at the corners of the cube, the centers of the cube facets and in 

interstitial positions inside the conventional cell. In this structure, all sides are equivalent, 

thus described with one lattice constant a equivalent to the side length of the cube. The 

exact position of the atoms within the cube defines the type of cubic structure. The 

diamond/ZB structure can be thought of as two interpenetrating face-centered-cubic 

(FCC) lattices with a basis of either two atoms - identical in case of Group IV materials 

and different in case of III-Vs - translated ¼ of a conventional cell with respect to each 

other along the cube body diagonal, i.e., the <111> direction, as illustrated in Figure 2.1a. 

In this structure, every atom is bound to the other four atoms of the same type in 

elemental semiconductors and of another type in compound semiconductors. 

On the other hand, in the hexagonal structure, known as wurtzite (WZ) in III-Vs and 

hexagonal diamond or lonsdaleite in Group IV materials, atoms are arranged in a 

hexagonal stacking. Unlike its cubic counterpart, the hexagonal unit cell, as depicted in 

                                                 

* Group III-V semiconductor materials are comprised of Group III and Group V elements in the periodic 

table such as the binary GaAs semiconductor material system. Similarity, Group IV semiconductors are 

form Group IV elements such as Si, Ge and their alloys. 
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Figure 2.1b, is described with two lattice constants: an in-plane lattice constant a and an 

out-of-plane lattice constant c, along the <0001> crystallographic direction. Similar to the 

cubic unit cell, the atoms are arranged in tetrahedral coordination, where every atom is 

bonded to the other four atoms. 

Despite being of fundamentally different crystal families, the cubic and hexagonal 

structures have common aspects in the atomic arrangement. They are built up using the 

same bilayers and differ in the way these bilayers are stacked in a close-packed manner 

along the <111>3C/<0001>2H directions, yielding cubic and hexagonal close-packed 

structures (ccp and hcp). A bilayer, in the context of this thesis, is comprised of ordered 

pairs of group IV atoms or group III and group V atoms. The stacking difference between 

ZB and WZ can be simply understood by imagining a first bilayer positioned at site A. 

The second bilayer can be placed on top of one of the two available interstitial void sites, 

namely B, among the close-packed atoms. The atoms in the third layer can be stacked 

either on top of the other interstitial site other than B, namely C or can be aligned with 

the first layer A. Figure 2.2 gives an overview of the atomic stacking of both structures. 
In the first case, the cubic structure exhibits a stacking of –ABCABC—and the hexagonal 

structure exhibits an –ABAB— stacking sequence. Hence, the bilayers are repeated every 

third layer for the cubic structure and every second layer for the hexagonal structure, 

rendering both structures similar in their atomic stacking except for the third nearest 

neighboring atomic layer. 

 

Figure 2.1. Conventional Cubic and Hexagonal Cells: (a) Cubic (3C) and (b) hexagonal (2H) crystal 

structures with their lattice parameters indicated with arrows. Red and grey atoms (atom type 1 and 

atom type 2) represent either group III and V atoms in case of a compound III-V structure or group IV 

atoms in case of an elemental group IV structure. 
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Common cubic and hexagonal notations in this thesis—To visualize the crystal directions 

mentioned in this chapter in light of the nanowires’ geometry -the core of this thesis-, 

Figure 2.3a schematically illustrates a nanowire with a hexagonal cross-section, identical 

to the experimentally realized nanowires in this work. The most common 

crystallographic families of planes discussed in this work are highlighted in Figure 2.3 

(b-e). In this thesis, we focus on the growth of pure hexagonal crystal phase nanowires in 

a core/shell geometry; WZ-GaAs nanowires grown along the <0001> direction and 

hexagonal Si1-xGex shells grown orthogonal to that direction. All the characterization done 

by Transmission Electron Microscopy (TEM) to check the structural quality of our 

hexagonal nanowires has been performed by imaging the nanowires in the <11-20> zone 

axis, which is equivalent to the <110> zone axis in cubic nanowires, except otherwise 

 

Figure 2.2. Overview of the Atomic Stacking of Cubic and Hexagonal Structures: (a) A schematic 

representation of the atomic bilayerz positions in a close-packed structure along the stacking layers axis. 
(b,c) Close-packed structures of spheres representing atoms packing in cubic/ZB and hexagonal/WZ 

crystals, respectively. The first layer (layer A - grey) is arranged in a hexagonal close-packed pattern, 

the second layer of atoms (layer B - red) is arranged on top of the gaps among the spheres in the 1st layer. 

The third layer (C – blue) can be stacked either on top of the first layer, yielding a stacking sequence of 

ABA resulting in a hexagonal structure lattice , or can be stacked on top of a position different than the 

first two layers A and B, yielding a sequence fo ABC, which corresponds to  the cubic structure lattice. 

Layers A, B, C represent a bilayer of group III and group V atoms or group IV atoms. 



2. Theoretical Background of Hexagonal Crystal Growth 

22 

mentioned. This specific zone axis unambiguously enables the characterization of the 

atomic stacking as hexagonal or cubic and the identification of stacking faults1. 

2.1.2 Hexagonal Crystal Polytypes 

As clarified in the previous section, along the <111>3C/<0001>2H direction, the atoms can 

stack in either sequence ABC or ABA. A crystal phase switch, resulting in WZ-ZB 

polytypism, is powered in III-V compound semiconductors by the associated small 

difference in formation energies between both structures2. Figure 2.4 exhibits the 

different possible atomic stacking configurations along the <111>3C/<0001>2H 

crystallographic directions, showing the cubic stacking in addition to another three 

different hexagonal stacking structures, called polytypes. In Ramsdell Notation3, the ZB 

and WZ structures are named as 3C and 2H, denoting three stacked cubic bilayers and 

two hexagonal bilayers filling the unit cells, respectively. The number denotes the 

repeating bilayer segments, and the letter indicates the overall symmetry of the lattice.  

More complicated stackings, namely polytypes with longer repetitive segments as 

indicated in Figure 2.4, have been experimentally observed in III-V4,5 nanowires and other 

 

Figure 2.3. Projection of Crystallographic Directions on the Nanowire Geometry discussed in this 
Thesis: (a) A schematic illustration of a hexagonal nanowire of length L and diameter D, with three 

coordinate axes. (b) The coordinate axes in panel (a) are normal to three different crystallographic planes 

in the hexagonal lattice ([0001], [10-10], and [11-20]). These axes indicate the growth directions of the III-

V core nanowire and the group IV shell in addition to the zone axes i.e., the viewing directions we use 

through the entire thesis to view our nanowires using TEM. For comparison, the cubic unit cell is 

indicated also. 
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group IV materials such as SiC3. The commonly observed higher polytypes are 4H and 

6H, with four and six repeated bilayers along the <0001> direction. These polytypes 

exhibit a combination of both the cubic and hexagonal bilayer stacking such that the ratio 

of the hexagonal bilayers number to the total number of bilayers in the polytype 

determines the percentage of hexagonality in the polytype structure, which is 0% for 3C 

(pure cubic), 33.3 % for 6H, 50% for 4H and 100% for 2H (pure hexagonal). Hereafter, the 

term hexagonal will be utilized to denote the 2H crystal structure in the rest of the thesis, except 

otherwise mentioned. 

The discovery of polytypism in semiconductor nanowires and the possibility of its 

engineering opens new frontiers towards new physics concepts and potential nanowire-

based electronic and optoelectronic applications. Based on the same chemical 

composition of the semiconductor, same tetrahedral coordination, nearly the same bond 

length, and only a difference in the rotation/stacking of the atomic bilayers in the 

<111>3C/<0001>2H crystallographic direction, one can tune the electronic and optical 

properties by tailoring the polytype combination, periodicity, and thickness of the 

domains of the different phases in the structure6. It has been theoretically and 

experimentally proven that in the majority of III-Vs, and some Group IV materials, the 

nature of band structures, band alignment, ordering, and splitting can differ for the 

different polytypes giving rise to different electronic and optical properties4. For example, 

periodic polytypic homo-structures in nanowires have been advantageous for quantum 

 

Figure 2.4. Crystal Polytypes: A side view projection, on the {110}3C/{11-20}2H plane, of the atomic 

stacking of the cubic 3C structure and the hexagonal polytypes  iH (i = 2,4,6). The stacking sequence of 

the bilayers is indicated by the symbols A, B, or C. The stacking sequence is along the <111>3C/<0001>2H 

direction. This figure is adapted from Ref.82. 
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confinement of electrons and holes in quantum well geometries, avoiding the 

conventional problems of alloy fluctuations and intermixing, poor interface quality, 

residual strain in hetero-structured materials7. In addition, some hexagonal ionic 

polytypes such as III-Ns show another key advantage which is the built-in electric field 

due to polarization that influences their electronic properties, qualifying them for 

utilization in high mobility and high-frequency electronic applications8. Furthermore, a 

key property central to this thesis is the concept of zone folding of electronic bands between 

the different cubic and hexagonal polytypes, which proved to be effective in inducing a 

transition between the indirect to direct bandgap4,9 which will be discussed in detail in 

the following section. This is not an exhaustive list yet representative for the promise of 

controlled polytypism in semiconductor materials in the fields of electronic and 

optoelectronic applications. 

2.1.3 Defects in Hexagonal Crystals 

Perfect crystals are produced by repeating a basic unit cell of a certain crystallographic 

structural family in a three-dimensional arrangement. However, crystals, in reality, like 

everything in the universe, have imperfections to a certain extent, described by structural 

or crystallographic defects. These defects can be classified based on their dimensionality 

and extension in the crystal matrix to the following types: point defects, line defects, 

planar defects, and volume defects. The different possible types of defects in a crystal can 

all occur in principle. However, their free energy of formation is what determines the 

predominance of a certain type over others in a crystal. The concentration of defects in a 

crystal is a function of the crystal growth temperature in addition to other crystal growth 

variables and conditions. In this section, we will define these types and discuss the 

relevant kinds of hexagonal crystal structures discussed in this work. 

Point Defects—A point defect is an anomaly in the crystal lattice associated with a 

missing atom (vacancy) or an extra atom (self-interstitial), or an impurity atom 

(interstitial or substitutional). This anomaly occurs around a single point in the crystal 

without extending in the lattice space. That is why it is regarded as a zero-dimensional 

(0D) defect. Impurities are one of the main types of defects discussed in this work in 

Chapter 5. An impurity is a defect by itself and can also be a trigger to the perturbation 

of the atomic stacking, causing other types of crystal defects, as discussed in Chapter 7. 

A high concentration of impurities that can dope the host material can have a substantial 
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impact on the electronic and optical properties of this material, as discussed in Chapter 
5. 

Line Defects—A line defect is a one-dimensional (1D) extension in the crystal along which 

a whole row of atoms is arranged anomalously such that the crystallographic registry is 

lost. Line defects can be of edge or screw-type dislocations based on the shift of atomic 

planes perpendicular or parallel to the dislocation line, respectively. Edge dislocations 

are relevant to this work and will be addressed in Chapter 6. An edge dislocation is 

usually terminated within the crystal such that it does not completely pass through it. 

Planar Defects—A planar defect represents a long-range disruption of the atomic 

stacking in a crystal in a two-dimensional (2D) extension. These defects include grain 

boundaries, twinning boundaries, and stacking faults (SFs). A stacking fault is the type 

of crystal imperfection that is relevant for the cubic and hexagonal crystal structures 

discussed in this work. At an SF, an atomic plane is stacked in the wrong position. SFs in 

these structures can simply be regarded as the occurrence of thin segments of cubic 

stacking in the hexagonal lattice and vice versa. SFs can be intrinsic (I) when an atomic 

plane is missing or extrinsic (E) when an atomic plane is added as compared to the 

unfaulted stacking sequence. In hexagonal crystal structures, there are three elementary 

types of basal stacking faults 1F1F1F

* (BSFs)  (I1, I2, E) and a fourth one (I3) which is regarded as 

a combination of two elementary I1 where it consists of two twinned I1 SFs. BSFs in 

hexagonal structures can be regarded as the local formation of a number of cubic layers 

of the -ABC- stacking within the hexagonal -ABAB- sequence10. These four defects, as 

shown in Figure 2.5, have the following stacking sequences with the cubic sequence 

underlined and highlighted in bold: 

 I1: —ABABCBC— with one cubic segment. 

 I2: —ABABCACA— with two cubic segments 

 E: —ABABCABABAB—with three segments. This defect is bound by partial 

dislocations 

 I3: —ABABCBABA— with two cubic segments and one hexagonal segment in 

between. This can be regarded as a combination of two I1 BSFs.  

                                                 

* Basal Stacking faults in hexagonal structures are planar defects occurring in the stacking sequence of the 

hexagonal structure along the c-axis, <0001>2H 
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In the case of III-Ns where WZ is the thermodynamically stable structure, it has been 

reported that the BSFs formation energy is proportional to the number of formed cubic 

layers, such that the formation energy of I1 < I2 < E11.  I3 has been theoretically predicted to 

have the second-lowest formation energy after I1.  The relative formation energies can be 

different for hexagonal materials whose stable structure is cubic. For the context of this 

thesis, I1 and I2 BSFs will be discussed in Chapter 4, and I3 BSF will be addressed in 

Chapter 6 and 7. A dislocation, as previously discussed, is a linear defect separating the 

displaced and nondisplaced regions. It is worth noting that if the SF is terminated inside 

the crystal, then it is bound by either partial dislocations or other prismatic defects. 

Prismatic defects in hexagonal structures are SFs along crystallographic directions other 

than the <0001> direction have also been reported in the literature11,12. However, we didn’t 

observe prismatic defects in the studied materials systems in this work so far, so they are 

outside the scope of this thesis. 

Volume or Bulk Defects—As the name suggests, volume or bulk defects are three-

dimensional (3D) defects that are present at a macroscopic scale compared to other types 

of defects. This type of defects includes voids, cracks, foreign inclusions and precipitates. 

They can be considered as aggregates of atoms or vacancies. This type of defects has not 

 
Figure 2.5. Types of Basal Stacking Faults in a Hexagonal Crystal Structure: Atomic models of parts 

of a hexagonal crystal structure, viewed in the <11-20> direction, showing the ABAB hexagonal stacking 

containing different types of planar stacking faults highlighted in blue: (a) Type I1 defect with an 

ABABCBCB stacking sequence, (b) Type I2 defect with ABABCACA, (c) Type E defect with 

ABABCABA, and (d) Type I3 defect with ABABCBAB stacking sequence. The black and blue lines trace 

the atomic stacking change from the hexagonal phase (in black) to the defected stacking (in blue) and 

back to the hexagonal phase again. 
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been observed in our experimentally realized materials in this work and it is outside the 

scope of this thesis. 

2.2 Electronic Band Structures of Cubic and Hexagonal Si1-xGex 

Semiconductors 

The concept of electronic band structure, or band structure in short, is one of the central 

concepts in the solid-state physics field. Band structures are fundamental for the 

understanding of the electronic, optical and even some magnetic properties of crystalline 

materials. They are characterized with two quantum numbers, the Bloch vector (k) and 

the band index (n). They describe the range of energy levels, referred to as energy bands, 

electrons can occupy and the energy gaps, referred to as band gap. The band structures 

are given in reciprocal space, which is also known as the momentum space, or k-space 

due to the conjugation of the momentum and position. The Bloch vector is a unit vector 

that represents points in the reciprocal space and the energy of the electron at a certain 

level En(k) can be considered as a continuous function of k yielding a range of continuous 

energy bands. Of utmost importance is the position of the Fermi level within the band 

structure, up to which the energy bands are occupied such that if it falls within the 

bandgap, the crystalline material is insulating (or semiconducting) and it is conducting 

otherwise. 

If atoms are arranged periodically in a crystal as explained in the previous sections, the 

crystal structure can be constructed from the unit cell and translating it in the different 

directions. Hence, the understanding of the unit cell is sufficient for the understanding of 

the crystal structure. Similarly, all the information needed for the construction of a 

material’s band structure can be attained from the first Brillouin zone, referred hereafter 

as the Brillouin zone (BZ), which is a unique representation of the primitive cell in 

reciprocal space. As the real space in crystal structures is made up of unit cells, the 

reciprocal space is made of BZs. The origin, i.e., center point of the BZ is the Γ point that 

has a full point group symmetry according to group theory. Other high symmetry points 

lying within the BZ, referred to with Greek letters, are subgroups of this group with a 

certain number of symmetry operations (i.e., rotations, mirroring… etc.) of the point 

group at the Γ point. Hence, this concept of symmetry is important since it allows for 

studying an even smaller region of the BZ that contains all the reciprocal space 
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information, referred to as the irreducible BZ. The path along these high symmetry points 

construct the x-axis of the band structure. Figure 2.6 shows the BZ of the ZB and WZ 

lattices. 

In the BZ of the ZB and WZ structures, the following symmetry points are the most 

relevant. In the ZB BZ, X, K, and L are the intersection points with the {100}, {110} and 

{111} planes. Similarly, for the hexagonal structure, A, M, and K intersect with {0001}, {1-

100} and {11-20}. For the visualization of the energy bands, they are represented as 

continuous lines at a certain energy En (k) as a function of the path connecting the high 

symmetry points. These paths are labelled as ∆, Σ and Λ, corresponding to the connecting 

lines between Γ at the origin and X, K, and L for the FCC-cubic and A, M, and K for the 

hexagonal crystal, respectively. The nearest energy bands to the band gap are called the 

conduction and valence bands that can be populated with electrons and holes, 

respectively.  For example, Figure 2.7 exhibits the band structures of cubic and hexagonal 

Si and Ge semiconductor materials, the main focus of this thesis.  

Semiconductor materials can be classified based on the type of the bandgap in the band 

structure to two categories, direct band gap and indirect band gap materials; an important 

property of semiconductor materials to be utilized in optical devices. A band gap (Eg), by 

definition, is the minimum energy difference between the top edge of the valence bands 

 
Figure 2.6. Brillouin Zones of Cubic and Hexagonal Lattices: First Brillouin Zone of (a) a cubic (3C) 

lattice in the form of a truncated octahedron and (b) a hexagonal (2H) lattice in the form of a hexagonal 

prism. The Γ-point is the origin point at the center of both BZs. The rest of the Greek letters represent 

labels for the high symmetry points and lines of the BZ, and the dashed lines indicate the path along the 

symmetry points. The solid blue arrows indicate the stacking direction of close packed planes in these 

lattices. This figure is adapted from Ref. 83. 
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and the bottom edge of the conduction bands. However, the maximum energy state of 

the valence band and the minimum energy state of the conduction band do not 

necessarily have the same momentum, i.e., are not at the same k vector in the BZ. 

Therefore, in a direct gap material, both bands edges have the same value of momentum, 

and otherwise is classified as an indirect gap material. 

A photon with an energy equivalent to Eg can excite an electron from the valence band to 

the conduction band producing an electron-hole pair efficiently in a direct gap material. 

However, in an indirect gap material, this is much less likely to happen because the 

electron needs to undergo a change in momentum, either by losing or gaining, for the 

photon to produce an electron-hole pair. Such a change is necessary for the conservation 

 

Figure 2.7. Calculated Band Structures of Si and Ge: Band Structures of (a) Cub- Si, (b) Cub-Ge (c) Hex-

Si, and (d) Hex-Ge based on DFT calculations. This figure is adapted from Ref.9. The band gap (Eg) in all 

band structures is highlighted in grey and the tilted arrows indicate the indirect band gap nature. The 

dashed lines are guides to the eye at the high symmetry points. This figure is adapted from Ref.9. 
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of momentum and can be possible via the interaction with lattice vibrations called 

phonons. Similarly, the recombination of an electron-hole pair leading to the emission of 

a photon, readily happens in direct gap materials unlike phonon mediated recombination 

in indirect gap materials where part of the momentum difference is overcome by lattice 

vibrations in the form of heat. Hence, the electron-hole pair generation (absorption) or 

recombination (emission) process is efficient in direct gap materials, qualifying them to 

be utilized in optical devices such as laser emitting diodes (LEDs) or lasers. 

2.2.1 Band Structures of Si and Ge 

Si and Ge are the focal materials of this work; hence it is crucial to understand their band 

structures. The band structure of cubic (Cub) Si, calculated based on ab initio density 

functional theory (DFT), presented in Figure 2.7a, is very well known, having the lowest 

conduction band minimum close to the X-point and a second lowest minimum at the L-

point. As such, it is the archetypal example of an indirect band gap semiconductor. 

Interestingly, looking at the BZ of a hexagonal structure, we can see that the L-point that 

lies on the <111> axis in the cubic BZ is mapped on to the Γ- point in the hexagonal BZ, 

lying on the <0001> axis. Thus, by modifying the crystal structure from cubic to 

hexagonal, the symmetry along the <111> crystal direction changes fundamentally, with 

the consequence that the L-point bands are folded back onto the Γ-point. As shown in 
Figure 2.7b, for hexagonal (Hex) Si, this results in a local conduction band minimum at 

the Γ-point, with an energy close to 1.7 eV13–15. Clearly, Hex-Si remains indirect since the 

lowest energy conduction band minimum is at the M-point, close to 1.1eV. Cub-Ge also 

has an indirect band gap of 0.66 eV and, unlike Si, the lowest conduction band minimum 

is situated at the L-point, as shown in Figure 2.7c. As a consequence, for Hex-Ge the band 

folding effect results in a direct band gap at the Γ-point with a magnitude close to 0.3 eV, 

as shown in the calculated band structures in Figure 2.7d16. Binary Si1-xGex alloys and their 

electronic structures will be discussed in Chapter 5. 

2.2.2 Alloying of Ge with Si 

Theoretical calculations have been extended to examine the possibility of achieving direct 

band gap via alloying Ge with Si9. The band structures of Hex-Si1-xGex (for 0<x<1) has been 

calculated using ab initio DFT calculations for isostructural 2F2F2F

* hexagonal binary alloys9. 

                                                 

* Isostructural materials refer to materials with similar crystal structures but not necessarily the same 

crystal cell size or the chemical composition.  
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Selected results of the calculations, presented in Figure 2.8a, show the composition-

dependent size of the emission band gap for random Hex-Si1-xGex alloys at high symmetry 

points in the BZ. Clearly, a direct band gap is predicted at the Γ-point for x > 0.65 (red 

curve) with a magnitude that is tunable across the energy range 0.3-0.7eV. This spectral 

interval is of technological interest for many potential applications including optical 

interconnects in computing17,18, silicon quantum photonic circuits19 and optical 

sensing20,21, among others22,23. 

Figure 2.8b shows the calculated radiative lifetime 3F3F3F

* of selected Hex-Si1−xGex alloys of 

different compositions. Remarkably, the radiative lifetimes of Hex-Si1- xGex alloys are 

substantially lower than that of pure Hex-Ge, for which the lowest-energy transition has 

been reported to be dipole forbidden at the Γ-point24. This observation can be traced to 

the reduced symmetry in the random Hex-Si1−xGex alloys, which leads to mixing of Ge s-

states into the lowest conduction-band wave function. Remarkably, the calculated 

lifetimes of the Hex-Si1−xGex alloys are approaching those of semiconductors from group 

III–V materials such as GaAs. Ge-rich alloys of Hex-Si1−xGex are thus highly appealing 

because they are theoretically predicted to combine a direct bandgap, strong optical 

transitions and wavelength tunability. 

                                                 

* The lifetime calculations have been performed for 1019 cm−3 n-doped SiGe alloys since the synthesized 

SiGe alloys in this thesis are heavily n-doped as a result of the utilization of a GaAs template. 

 
Figure 2.8. DFT Calculations of Hex-Si1-xGex Alloys: (a) Calculations of the minimum conduction-band 

energy for the selected high-symmetry points Γ, M, L and U on the M–L line, fitted with parabolas as a 

function of the Ge content (x) in the Hex-Si1-xGex alloy. (b) Calculated radiative lifetime of different Hex-

Si1–xGex compositions for recombination events, with n-doping of 1019 cm−3, as compared to the radiative 

lifetime of the direct band gap cubic GaAs. This figure is adapted from Ref. 9. 
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2.3 Realization of Metastable Hexagonal Crystal Phases in 
Semiconductors 

This work focuses on the crystal growth of semiconducting nanomaterials in a 1D 

geometry i.e., nanowires. Semiconducting nanowires are a unique platform for the 

realization of new crystal phases that might not be achievable in their planar counterparts 

except under extreme fabrication conditions, yet without control. Hence, nanowires are 

among the most promising routes to achieve the hexagonal crystal structure in group IV 

materials i.e., Si, Ge and their alloys; the route towards the ultimate frontier of direct band 

gap emission from Si-based materials. 

Recently, nanowires have been utilized as a template for transferring the crystal structure 

in a core/shell nanowire geometry achieving new crystal phases25–27. This ‘crystal transfer’ 

technique demonstrated a generic route to grow defect-free hexagonal Hex-Si, -Ge and -

-Si1-xGex alloys. This technique involves a two-step growth process: (1) the growth of a 

suitable hexagonal nanowire core template, and (2) the transfer of the hexagonal structure 

from the nanowire core template to the Si1-xGex shell. The suitable template is chosen to 

be the Au-catalyzed hexagonal III-V nanowire system; in this thesis it is chosen to be WZ-

GaAs. The growth of WZ-GaAs is discussed in detail in Chapter 4 followed by the growth 

results of Hex-SiGe in Chapter 5. In the following sections in this chapter, we focus on 

the fundamentals of the hexagonal nanowire core growth (section 2.3.1) and the 

hexagonal shell growth (section 2.3.2). 

2.3.1 Hexagonal Nanowire Core Growth 

2.3.1.1 Fundamentals of Nanowires VLS Growth 

Various techniques have been reported in the literature to fabricate bottom-up 

nanowires, including foreign metal-assisted or self-catalyzed vapor-liquid-solid (VLS) 

growth, vapor-solid-solid (VSS) growth, selective area growth, and solution-liquid-solid 

growth (SLS). Among these techniques, metal-assisted VLS has been among the well-

understood and versatile techniques, especially with crystal phase control. 

The VLS mechanism has been introduced by Wagner and Ellis in 196428. This technique 

utilizes the catalytic effect of a liquid metal droplet, most commonly gold (Au), to 

synthesize nanowires on a substrate with a controlled position and width, predetermined 

by the location and size of such droplet. The utilization of a liquid catalyst is 
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advantageous for the growth of nanowires due to the reduced activation barrier i.e., lower 

formation energy of 2D nuclei due to the low free energy of the solid-liquid interface. In 

addition, in vapor-phase epitaxy (VPE) techniques such as metal-organic vapor-phase 

epitaxy (MOVPE), the catalyst enhances the cracking i.e., the decomposition of the 

molecules of the metal-organic or hydride gas precursors. On the other hand, in 

techniques like molecular beam epitaxy (MBE), the catalyst serves as a reservoir for the 

growth species, promoting the axial growth of the nanowire. Among the different 

possible epitaxy techniques, MOVPE is utilized in this thesis, as discussed in detail in the 

Chapter 2. The cracking of the gas precursors in MOVPE is influenced by the 

temperature, the presence of the growth substrate, and the carrier gas29,30. The higher the 

temperature within the allowed growth temperature window, the higher the cracking 

efficiency up to the temperature at which the precursors are fully cracked. In this thesis, 

trimethylgallium (TMGa) and arsine (AsH3) are the gas precursors utilized for the growth 

of GaAs nanowires. TMGa and AsH3 have been reported to be fully cracked at 

temperatures above 475°C and 535°C, respectively in the presence of a GaAs substrate 

and hydrogen (H2) as a carrier gas29–31. The reported temperature window for the epitaxy 

of Au catalyzed GaAs nanowires via MOVPE is in the range of 375- 550°C32–35. 

By optimizing the growth process conditions, the elongation of nanowires is enhanced 

and the parasitic growth on the undesired regions is suppressed or proceeds with a 

slower rate than the nanowire growth. The VLS technique usually includes the following 

three main steps, exemplified in Figure 2.9a: 

 Deposition of the chosen metal catalyst on a substrate either in patterned arrays 

with controlled size and position defined by lithography or arranged in a random 

manner by utilizing metal colloids or annealing a metal film to form metal droplets 

on the substrate. 

 Annealing the substrate with the metal catalysts at a temperature above the 

melting temperature of the substrate/catalyst alloy to form a liquid alloy droplet. 

i.e., eutectic alloy. 

 Introduction of the desired materials precursors at controlled conditions to 

achieve the desired nanowires length, width, and crystal structure. 

The eutectic temperature and catalyst alloy composition can be identified from phase 

diagrams. In the case of Au-catalyzed GaAs nanowires, the binary phase diagrams of Au-

Ga, Au-As and the ternary diagram of Au-Ga-As are of great help to identify the eutectic 
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temperature and the possible intermetallic solid phases among them36–40.The growth 

process is greatly influenced by two main factors that include many knobs that can be 

utilized to tune this process: 

 Growth Template Design: this includes the material of the substrate and its 

crystallographic orientation, the type of the metal catalyst, the arrangement of the 

metal catalyst on the substrate either randomly or in arrays where the size of the 

catalyst (D) and their inter-spacing (P) plays a key role in the nanowires growth 

process. 

 Reaction chamber conditions and growth process scheme: precursors flow rate i.e., 

concentration of the supplied materials precursors (group III and V elements in 

the case of III-V nanowires, growth temperature (T), the reaction chamber pressure 

(p), and the growth duration (t)). The combination of precursors concentration and 

temperature contribute to the chemical potential (Δµ), which is a key measure of 

the supersaturation in the growth system that plays a major role in defining the 

nanowire crystal structure41,42, as discussed in detail in section 2.3.1. 

As the name of the technique suggests, it involves three phases, Vapor (V), liquid (L), and 

solid (S). The materials precursors are introduced as gases in the reaction chamber. A 

continuous supply of the gas precursors (V) towards the catalyst/substrate alloy results 

in a supersaturation of the liquid droplet (L). Supersaturation means that the droplet has 

an actual concentration of the precursors higher than the equilibrium concentration, 

leading to the nucleation of solid, crystalline material (S) at the L-S or the V-L-S interface 

and the crystal growth is initiated. Supersaturation is a thermodynamically unstable 

state; accordingly, it drives the precipitation in a solid phase from the supersaturated 

liquid alloy to minimize the energy of the system. The nanowire growth in a non-

equilibrium process proceeds via maintaining supersaturation with a continuous supply 

of materials precursors. With every new formed layer of atoms, the metal catalyst is lifted 

away from the substrate and the nanowire growth proceeds layer-by-layer.  

The supplied gas precursors follow the subsequent path identified in Figure 2.9b until 

being incorporated in the crystal growth as highlighted by Givargizov43. The process 

comprises four main steps: (1) mass transport in the gas phase, (2) chemical reaction at 

the vapor-liquid interface, (3) diffusion through the liquid droplet, and (4) incorporation 

of the reactant species in the crystal phase. There are several paths the gas reactants can 

follow before getting incorporated in the liquid catalyst. The reactants can directly 
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impinge on the metal catalyst where they get incorporated and contribute to the 

nucleation of a crystal layer. They can also impinge on the substrate or the nanowire 

sidewalls where they diffuse on either before getting incorporated on the substrate, or 

the nanowires sidewalls or diffuse until they are eventually incorporated at the growth 

front and contribute to the layer growth, as illustrated in Figure 2.10. 

The interplay between direct impingement, substrate diffusion, and sidewall diffusion, 

as a result of the previously mentioned various growth conditions, influence the growth 

kinetics that impacts the axial and radial growth rates of nanowires in addition to the 

resulting crystal structure as will be discussed in the following sections. Several models 

 
Figure 2.9 A Schematic Illustration of the VLS Growth Mechanism:  (a) A simplified schematic 

illustration of the VLS growth prcoess of nanowires.  A metal catalyst is deposited on the substrate and 

then the substrate is loaded into the growth chamber. The substrate is heated to a temperature higher 

than the eutectic temperature of the metal catalyst (Au in the case of this thesis) to form an alloy with 

the substrate. Since a GaAs substrate is used for the growth of GaAs nanowires in this thesis, the 

substrate is heated up under a high pressure of AsH3 to prevent the thermal decomposition of the 

substrate. Afterwards, the materials precursors (TMGa and AsH3 in the case of GaAs nanowires) are 

introduced in the gas phase. When the metal catalyst is supersaturated with the growth species (Ga and 

As), the crystal growth is initiated at the interface between the solid crystal and the liquid catalyst. The 

1D crystal growth proceeds in a layer-by-layer manner lifting the catalyst from the substrate. While 

growing vertically, planar growth on the substrate is unavoidable if the substrate is unmasked. (b) A 

scheme of the precursors path from the vapor phase until being incorporated in the crystal of the 

nanowire. The gas precursors in the VLS process pass through four stages: (1) mass transport in the gas 

phase, (2) incorporation from the gas phase into the liquid catalyst, (3) diffusion through the liquid 

phase, and (4) incorporation from the liquid phase into the solid nanowire crystal. Before being 

incorporated in the droplet or the substrate to contribute to the axial or planar growth, respectively, the 

precursors are thermally decomposed by stepwise removal of the methyl groups and the hydrogen 

atoms. 
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have theoretically provided an explanation for the VLS growth based on adsorption28,43, 

diffusion44–48 and nucleation42,49,50. 

2.3.1.2 Axial and Radial Growth Modes of VLS Nanowires 

Nanowires grown by metal assisted MOVPE commonly have two different growth 

modes during the VLS growth process: axial and radial growth modes, as illustrated in 

Figure 2.11. The axial growth rate (Raxial) is defined as the incremental increase in the 

nanowire length along the nanowire’s growth direction (dl), which corresponds to the 

<0001> direction in the case of our study, during the growth process duration (dt) as 

shown in eq. 2.1. 

 
Raxial=

dl

dt
 ≈

𝐿

t
 (2.1) 

Where L is the total nanowire length of the nanowire and t is the total growth process 

duration. 

In analogy, the radial growth in general is defined as the lateral growth or deposition of 

material on the nanowires side walls as the growth process evolves leading to an increase 

in the nanowire diameter. The increase in the nanowire diameter can result in either a 

conformal or a tapered (conical like) morphology51.The conformal morphology will result 

in a homogeneous increase in the nanowire diameter along the whole length of the 

nanowire resulting in a bigger diameter than the size of the Au seed52. The tapered 

nanowires morphology exhibits a wider nanowires base and a narrower tip, as a result 

of radial growth53. The radial growth in tapered morphology, which is the relevant case 

to this thesis as discussed in Chapter 4, can be described by eq. 2.2 and later in eq. 2.3 
and eq. 2.4: 

 
Rradial=

1

2

dD

dt
 ≈

Dbottom-Dtop

2t
 (2.2) 

Where Dbottom is the nanowire diameter at the bottom, Dtop is the nanowire diameter at the 

interface between the Au catalyst and the nanowire crystal. Here, the assumption is that 

Dtop is equal to Dbottom at t = 0.  
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The tapered morphology is the effect of two independent factors. Firstly, the base of the 

nanowires is grown at the beginning, leading it to be exposed to the growth precursors 

for a longer period than the more recently grown tip. Secondly, owing to its position in 

the vicinity of the substrate, the base may collect a greater fraction of precursor materials 

diffused from the substrate than the tip. The magnitude of this latter effect is strongly 

dependent on the precursor diffusion length on the nanowire sidewalls. Longer diffusion 

lengths result in a homogenous diameter along the nanowire diameter. Shorter diffusion 

lengths along the side walls result in a tapered morphology, as depicted in Figure 2.11.  

The conformal morphology on the other hand is the result of a significant side wall 

growth rate that competes with the vertical, VLS growth rate. The formation of atomically 

 

Figure 2.10. A Sketch of the Gas Reactants Routes during the VLS Growth: The VLS growth of Au-

catalyzed GaAs nanowires on an unmasked GaAs substrate is achieved by collecting materials 

precursors from the gas phase via several routes: (1) direct impingement of Ga and As species on the 

surface of the Au particle where they get directly incorporated and contribute to the nucleation of a 

GaAs layer, and (2) diffusion of impinging species on the substrate defined by the substrate diffusion 

length (λS) and on nanowires sidewalls defined by the side wall diffusion length (λW). Impinging species 

on the substrate can either be directly incorporated on the substrate surface promoting layer growth 

due to limited diffusion length or diffuse until reaching the nanowire sidewall. Species reaching the 

nanowires sidewalls can have two possible diffusion routes on the sidewalls: upward diffusion of 

species ending up being incorporated in the catalyst particle at the growth front promoting vertical 

layer-by-layer growth, and downward diffusion where species contribute to the layer growth on the 

substrate. A short diffusion length of growth species on the nanowire sidewalls can promote radial 

growth. This figure is adapted from Ref. 84. 
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flat facets is energetically favorable, resulting in the conformal radial layer-by-layer 

growth. 

The tapered morphology, which is more common among III/V nanowires and the case 

tackled in this study, can be quantified with a tapering parameter. The tapering 

parameter is defined as the change in the nanowire diameter (nm) per unit of length (µm), 

see eq. 2.3. In other words, the tapering parameter can be regarded as the ratio of the 

radial growth to the axial growth in the nanowires. 

 
Tapering Parameter =

dD

dl
 ≈

Dbottom-Dtop

2L
 (2.3) 

With a tapering angle (θ) defined as shown in eq. 2.4: 

 θ = arctan (Tapering Parameter) *180*π (2.4) 
Where (180*π) is a conversion factor from radians to degrees. 

 

Figure 2.11. Axial and Radial Growth: Schematic illustration of two different nanowire morphologies as 

a result of the growth kinetics: (a) an untapered morphology with constant diameter along the nanowire 

length. Here, the growth species do not stick to the nanowire sidewalls and they rather diffuse all the 

way to the growth front at the nanowire-catalyst interface. (b) A tapered morphology leading to a 

diameter shrinkage along the nanowire length. This can be caused by different mechanisms related to the 

evolution of the growth in time and the diffusion length of the gas precursors on the nanowires sidewalls 

leading to a competition between axial and radial growth. In the tapered morphology, the nanowire has 

a base that is wider than the top part, characterized by the tapering angle 𝜃. 
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A third growth mode, planar growth on the substrate surface, competes with VLS growth, 

since it incorporates adatoms on the substrate surface. This may result in a reduction of 

the number of adatoms diffusing along or adsorbing on the nanowires sidewalls.  

2.3.1.3 Influence of Nanowires Density on the Growth Rate 

The nanowire density on the substrate may play an important role in radial and axial 

growth rates in MOVPE-grown VLS nanowires depending on the diffusion length of the 

gas precursors on the substrate surface. Depending on the inter-wire spacing i.e., the pitch 

(P), growth regimes can be classified into three main categories: competitive, 

intermediate (synergetic) and independent growth regimes54–56. This classification is 

based on the diffusion length of supplied materials precursors on the growth substrate. 

The amount of gas precursors available for the growth of each nanowire can be defined 

by the size of the surrounding surface collection area (SC) for each nanowire. The size of 

Sc is defined by the diffusion length of the gas precursors in the vicinity of the nanowires. 

These regions can be visualized as circular areas around the nanowires as illustrated in 

Figure 2.12. The overlap of these areas is pitch dependent and the size of the overlap 

defines the growth regime as shown in Figure 2.12 (a-c). Accordingly, the axial growth 

rate of nanowires grown in these different regimes can be represented by the graph 
Figure 2.12c. Here is a summary of the three main growth regimes: 

Competitive growth regime—In this regime Figure 2.12a the nanowires are closely 

spaced to each other such that the supplied precursors are shared among neighboring 

nanowires. In such regime, the diffusion length of precursors on the substrate surface is 

larger than half of the pitch (𝜆S > P/2). Hence, the axial growth rate of nanowires in this 

regime is pitch-dependent, the larger the overlap of collection areas, the more the 

materials competition and the slower the growth rate. 

Intermediate growth regime—As the nanowires inter-spacing increases, the materials 

competition decreases until the overlap of neighboring collection areas is minimal, see 

Figure 2.12b. A special intermediate growth regime, namely Synergetic growth exists54.  In 

this regime, the axial growth rate is enhanced by nearest neighboring nanowires. The 

collection areas in this case are neither overlapping as in the competitive regime nor 

independent as in the independent regime. However, the nanowires are still in proximity 

where they can still interact through diffusion. This enhanced growth rate is due to the 

increased catalyst surface fraction that improves the gas precursors cracking efficiency 

producing more growth species, rendering this regime unique to the MOVPE technique 



2. Theoretical Background of Hexagonal Crystal Growth 

40 

where metal organic precursors, that need to be cracked for the growth initiation, are 

utilized. 

Independent growth regime—In this regime the growth of individual nanowires proceeds 

in a manner independent from neighboring nanowires. Neighboring nanowires in this 

case cannot interact through diffusion and are be treated as isolated islands, as depicted 

in Figure 2.12c.  

 

Figure 2.12. VLS Nanowire Growth Regimes: The axial growth rate of nanowires can be described by 

a pitch-dependent growth model that discriminates three different regimes: (a) competitive, (b) 
intermediate, and (c) independent growth. (d) A symbolic representative graph describing the pitch-

dependent growth rate of VLS nanowires, such that the axial growth rate (considering radial growth is 

negligible as in our case as discussed in Chapter 4) increases up to a certain pitch, after which the growth 

rate saturates and becomes pitch-independent. A special case for the MOVPE growth, not represented 

in figure d, can occur at certain growth conditions: the intermediate regime can merit from a synergetic 

effect, where the growth rate of nanowires in vicinity of each other is enhanced due to the increase of 

the surface catalyst fraction that enhances the cracking of the gas precursors. 
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2.3.1.4 Wurtzite Crystal Structure Control in VLS Nanowires 

Cubic diamond and ZB are the stable crystal forms in Si, Ge their alloys and GaAs 

semiconducting materials, compared to their metastable hexagonal diamond and WZ 

crystal structure counterparts. This is clearly seen in the reported formation energy 

difference between both crystal phases in the bulk form of these materials such that ΔEZB-

WZ ≈ 12, 14, and 12 meV/atom for Si, Ge and GaAs, respectively57. 

Remarkably, VLS III-V nanowires have shown the possibility of favoring the metastable 

WZ crystal structure over the stable ZB phase in a certain range of growth parameters i.e., 

temperatures, precursors flux ratio of group V to Group III species, metal catalyst 

composition and accordingly the catalyst volume and contact angle with the growing 

crystal34,58,59. However, the VLS approach has shown limited success in achieving the 

hexagonal crystal phase in Group IV nanowires as will be discussed in the next section60–

62. To understand why this approach is suitable for Group III-Vs. Glas et al50 proposed a 

comprehensive nucleation-based model in 2007 based on post-growth observation to 

explain why WZ forms in metal-assisted III-V nanowires. The model suggests that 

depending on the interface energies of the three phases (V-L-S), the WZ formation can be 

favored at high liquid supersaturation which was experimentally proved to be achieved 

by high temperature combined with a low V/III ratio. It has been shown based on this 

model the WZ phase nucleation is favored at the so called, triple phase line (TPL) i.e., at 

the interface between the (V-L-S) phases involved in the VLS growth unlike the 

nucleation of the ZB phase at the center of the L-S interface, see Figure 2.13.  

Changes in the interfacial energies of the V, L and S phases, which in turn are controlled 

by the basic growth parameters of temperature and V/III ratio, are the basis of the 

nucleation-based model proposed by Glas50. The model assumes nanowires to grow by 

repeated growth of a 2D layer, which has nucleated at the TPL. Once, a nucleus is formed, 

a bilayer propagates over the remainder of the interface until it has covered the entire 

nanowire-catalyst surface. The model considers an interface between the nanowire’s solid 

crystal (referred in the model as substrate) (S) and the liquid Au catalyst (L). 



2. Theoretical Background of Hexagonal Crystal Growth 

42 

The free enthalpy of formation of a 2D solid epitaxial island i.e., a nucleus (N) of one GaAs 

monolayer of height h surrounded laterally along its perimeter P and its upper surface 

area A with liquid at a central position ( i.e., at a position on the growth surface away 

from the edge), can be expressed according to eq. 2.5: 

 ΔG = −  A h Δμ + P h γ
lL

+ A (γ
NL

−  𝛾SL+ γ
SN

) (2.5) 

Where Δµ > 0 is the chemical potential difference of the III-V pair in the liquid and solid 

phases per unit volume of nucleus; γ
lL

 is the energy per unit area of the lateral interface 

of the nucleus with liquid;  γ
NL

, γ
SL

and  γ
SN

 are the energies per unit area of nucleus-

 

Figure 2.13.  Nucleation Based Growth Model of ZB and WZ Nanowires: Schematic illustrations of (a) 
a nucleus (N) with height h and a top surface area A at the liquid (L)-solid (S) nanowire interface 

promoting the growth of a ZB nanowire, and (b) a nucleus at the TPL (the vapor-liquid-solid (VLS) 

interface) making a contact angle of (β) with the nanowire crystal, yielding a WZ nanowire. The surfaces 

involved in the growth process process are indicated. The metal catalyst is in yellow, the solid nanowire 

crystal is in red and the nucleus is in light blue. (c-f) Bright Field TEM images of the top part of GaAs 

nanowires captured from in situ TEM characterization: (c, e) Gold (Au)-catalyzed and (d, f) Ga-catalyzed 

WZ- GaAs nanowires showing a range of contact angles ~ 90°-120° as reported by Harmand et al66, 

Maliakkal et al85, and Panciera et al68. 
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liquid, substrate-liquid, and substrate-nucleus interfaces, see Figure 2.13a. Δµ is 

influenced by the growth temperature and V/III ratio according to the relation in eq. 2.6: 

 Δμ =𝐾𝐵𝑇 𝑙𝑛
𝑐𝐼𝐼𝐼𝑐𝑉

𝑐𝐼𝐼𝐼,𝑒𝑞𝑐𝑉,𝑒𝑞
 (2.6) 

Where 𝐾𝐵is Boltzman constant, and 𝑐𝑥 and 𝑐𝑥,𝑒𝑞  are the concentrations of the reactants 

during growth and at equilibrium. 

The nucleus mentioned in eq. 2.5 cannot be referred to as ZB or WZ since it is a single 

monolayer where only its orientational position with respect to the previous ZB- 

GaAs(111)B substrate monolayers can tell if it follows the ZB or the WZ stacking. WZ and 

ZB have the same atomic configurations where GaAs atoms are tetrahedrally 

coordinated, only differing in the orientation or the rotation of the layers with respect to 

each other, as previously discussed in section 2.1.1. Therefore, we can conclude that 

γ
NL

=  𝛾SL. In addition, the model considers a certain nucleus with given lateral edges, 

hence γ
lL

is the same in both WZ and ZB positions. However, the WZ nucleation position 

costs substrate-nucleus interfacial energy (γ
𝑆𝑁
𝑊𝑍), which is equal to the twin energy, whereas the 

ZB position costs nothing (γ
𝑆𝑁
𝑍𝐵 = 0). Hence, the nucleation at the substrate-liquid interface, 

away from the TPL, results preferentially in the ZB phase. The formation enthalpy of the 

nucleus in case of the ZB and WZ can be deduced from eq. 2.5 as expressed in eq. 2.7 and 
eq. 2.8: 

 ΔG𝑊𝑍,𝑍𝐵 = − 𝐴 ℎ Δ𝜇 +  𝑃 ℎ 𝛾lL +  𝐴 𝛾SN (2.7) 
 ΔG𝑊𝑍 − ΔG𝑍𝐵 =  𝐴 𝛾SN > 0 (2.8) 

Similar to eq. 2.5, the nucleation at the TPL in the WZ position can be expressed as 

explained in eq. 2.6 based on distinguishing between the lateral nucleus-liquid interface 
γ

lL
 and the lateral nucleus-vapor interface γ

lV
. The key factor of this equation is that the 

nucleation at the TPL compared to the nucleation at central position in eq. 2.5 at a constant liquid 

volume, costs the removal of the liquid-vapor interface and replaces it with nucleus-vapor interface, 

which can be expressed by the fraction of the nucleus perimeter in contact with the vapor 

phase as in eq. 2.9: 

 ΔG(𝛼) = −  A h Δμ + P h [(1−𝛼)γ
lL

+ 𝛼(γ
lV

− τ γ
LV

)] +A γ
SN

 (2.9) 

Where 𝛼 is the fraction of the nucleus perimeter in contact with the vapor phase and τ is 

a geometrical factor that can be expressed as (sin𝛽). This is assuming an axisymmetric 

nucleus, where 𝛽 is the contact angle between the liquid droplet and the nanowire, as 

illustrated in Figure 2.13b. 
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Hence, from eq. 2.9, the difference in formation enthalpies between nucleation at the TPL 

and the central position Figure 2.13 (a, b), can be expressed as in eq. 2.10: 

 ΔG(𝛼) − ΔG(0) =   𝛼 𝑃 ℎ(𝛾lV − γ
lL

−  γ
LV

 sin𝛽) (2.10) 
Hence, a nucleus forming at the TPL tends to follow the inequality in eq. 2.11: 

 (γ
lV

− γ
lL

−  γ
LV

 sin𝛽) < 0 (2.11) 

Taking GaAs, the nanowire core material in our work, as an example, experimental post-

growth TEM observations of WZ GaAs nanowires have shown that 90° < β <125° (as 

shown in Figure 2.13 (c-f)) leading to sinβ ≈ 0.82-1. In addition, Young’s equation for the 

contact angle of a droplet on a solid surface in the range of 90° - 125° yields γ
lV

< γ
lL

.  γ
LV

 

has an intermediate value between that of liquid Ga and Au, where Au-Ga alloys exhibits 

a positive value63,64. These findings confirm that this equality holds proving the TPL 

nucleation model for WZ formation. 

An extended nucleation model based on Glas’s  model has been proposed by Joyce et al 

in 201042. Joyce’s model tackles the orientation and facet related nucleation aspects that 

determine the probability of twin formation leading to the WZ phase. Furthermore, 

Assali et al.58 has proposed a kinetic nucleation model as an extension for Glas’s model 

where they take into account the number of nucleation sites available for ZB nucleation 

at the center of the L-S interface and WZ nucleation at the TPL, confirming the required 

high supersaturation required for WZ formation. These models prove that changes to the 

vapor-nucleus surface energy, which occur with changes in growth conditions, especially 

temperature and V/III ratio, are critical for achieving phase purity.  Further experimental 

research results have confirmed the nucleation at the TPL for the growth of WZ 

nanowires, supported by real time in-situ TEM studies of WZ-GaAs nanowires by 

Jacobsson et al.65 in 2016 and Harmand et al.66 in 2018, Maliakkal et al.67 in 2019 for Au-

catalyzed III-V nanowires and Panciera et al.68 in 2020 for self-catalyzed III-V nanowires. 

These experimental results have shown the importance of the contact angle of the metal 

catalyst with respect to the solid crystal of the nanowire, beyond which, i.e., lower or 

higher, ZB formation is favored59. Similar results have been reported for Au-catalyzed 

GaP58 and InAs42 nanowires as well as for self-catalyzed GaAs68,69 nanowires. These results 

confirm that this model can serve as a general model to explain the VLS growth of metal 

catalyzed WZ- III-V nanowires. 
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2.3.2 Epitaxy of Hexagonal SiGe Shell 

Over the past decades, several attempts have been reported in the literature aiming for 

the realization of pure hexagonal phase Si-based nanostructures70–76. However, these 

trials had limited success either with respect to the phase purity or to the tiny volumes of 

the fabricated structures. These limitations hindered probing the intrinsic optical and 

electronic properties of the hexagonal phase. VLS growth of hexagonal group IV 

nanowires has not shown promising results compared to III-V nanowires60–62. As 

previously mentioned, the crystal transfer technique has been the most promising so far 

in achieving pure phase hexagonal group IV materials25–27,77. Hence, we will adopt this 

technique in this work to fabricate Hex- SiGe crystals in a core/shell geometry by 

adopting the hexagonal structure from a hexagonal nanowire core template. 

 
Figure 2.14. Crystal Stacking Transfer and Phase Change with Respect to Different Crystallographic 
Directions: (a) A schematic of a typical WZ-III-V core nanowire (blue) structure grown along the <0001> 

crystallographic direction on a Cub (111) substrate (grey). Utilizing the ‘crystal transfer’ technique, a Hex-

SiGe shell (red) can be epitaxially grown on the {1-100} side facets of the WZ core. An axial growth of a 

tiny defected cubic segment is unavoidable in the <0001> direction, on top of the III-V/SiGe core/shell 

structure, as indicated in yellow. (b) A ball and stick model exemplifying the atomic stacking of part of 

the structure illustrated in panel (a) such that the region highlighted in blue, red and yellow, represent 

the core, shell and top cubic part, respectively. The crystallographic directions of the core and shell growth 

are indicated by arrows. The stacking of the atomic bilayers is indicated by letters A, B and C such that 

ABAB refer to the WZ/Hex stacking and ABC to the ZB/Cub. This figure is adapted from Ref. 86. 
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For the hexagonal crystal transfer to be effective, the growth of Hex-SiGe materials is 

favorable in crystallographic directions orthogonal to the <0001> axis. This is mainly 

because the occurrence of planar defects is frequent in the <111>3C/<0001>2H crystal growth 

directions since the growth of either cubic or hexagonal phase is geometrically possible 

without producing mis-coordinated atoms, as explained in Figure 2.14.  However, the 

availability of suitable substrates with matching crystal structure, lattice constants elastic 

properties and the right crystallographic orientation poses a grand challenge for the 

crystal transfer technique to be implemented in planar structures. Here comes the 

advantage of the nanowire geometry where lattice matching templates with accessible 

<1-100 >and <11-20> crystallographic directions are available. In this section, we will 

discuss the fundamentals of epitaxial thin films via the vapor-solid (VS) mechanism. 

Epitaxy, by definition, refers to a type of crystal growth where materials are deposited in 

an ordered manner following a certain crystallographic orientation defined by the 

underlying substrate. Epitaxy of materials can be achieved via homoepitaxy or 

heteroepitaxy. In homoepitaxy, the epitaxially deposited material is of the same type as the 

substrate material, whereas in heteroepitaxy both the deposited material and the 

substrate are of different types. The latter is the relevant case to this thesis where it is 

utilized to fabricate Hex-Ge and Ge-rich SiGe alloys on a WZ-GaAs substate, as will be 

discussed in detail in Chapter 5. In the case of heteroepitaxy, there is a very crucial 

criterium to be fulfilled to obtain high quality films and minimize the occurrence of 

structural defects, which is the extent of matching of lattice parameters between both the 

deposited and the substrate materials. The degree of lattice mismatch (f) is defined as the 

difference in the lattice constants a and c, in case of epitaxially (epi) deposited hexagonal 

materials and the substrate (sub) with respect to the deposited material as shown in in eq. 
2.12: 

 f
a
=

aepi - asub

asub
,  f

c
=

cepi - csub

csub
 (2.12) 

At the early stages of epitaxy, the epitaxially grown material will get strained to adapt to 

the lattice spacing of the substrate, referred to as pseudomorphic growth. For small lattice 

mismatches, elastic deformation can accommodate the induced strain. Above a certain 

level of lattice mismatch and a certain critical layer thickness, plastic deformation occurs 
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where defects are introduced. These defects are undesirable since they may compromise 

the structural, electronic and optical properties of the deposited material. 

In the mid-20th century, three main modes of epitaxy of materials have been defined, each 

based on experimental observations: Frank-van der Merwe78, Volmer-Weber79, and 

Stranski-Krastanov80. The unification of the three approaches  by Bauer81 has provided a 

comprehensive thermodynamic-based predication for the  epitaxial growth of materials 

based on the competition between the surface tensions 4F4F4F

* of the epitaxial film (𝛾𝑒𝑝𝑖), the 

substrate (𝛾𝑠𝑢𝑏) and their interface (𝛾𝑖𝑛𝑡), and the lattice constant mismatch. The three 

approaches, schematically illustrated in Figure 2.15, are summarized as follows:  

 Frank van der Merwe (FM) (layer-by-layer or step-flow growth): the growth 

proceeds in a 2D morphology where there is a stronger affinity of the deposited 

atoms to the substrate than to bonding to each other leading to the minimization 

of the surface energy and complete wetting of the epitaxial film to the substrate. 

Hence, 𝛾𝑒𝑝𝑖 < 𝛾𝑠𝑢𝑏and therefore the adlayer tends to wet the substrate. In this 

growth mode, minimum lattice strain is present.  

 Volmer-Weber (VW) (island growth):  the growth proceeds with islands instead 

of layers, since the layer growth in this mode increases the interface and epitaxial 

film energy (𝛾𝑒𝑝𝑖>𝛾𝑠𝑢𝑏). This leads the deposited atoms to have a stronger affinity 

                                                 

* Surface tension (𝛾) here is defined as the free energy per unit area of the interface between two surfaces. 

𝛾𝑒𝑝𝑖 and 𝛾𝑠𝑢𝑏 is concerned with the epitaxial film/ vacuum and substrate/vacuum interfaces, whereas 𝛾𝑖𝑛𝑡 

is concerned with the substrate/epitaxial film interface 

 
Figure 2.15. Epitaxy of Thin Films Growth Modes based on Thermodynamics: (a) The Frank-van der 

Merwe mode where atoms arrange a layer by layer during epitaxy. (b) The Volmer-Weber mode in 

which adsorbing atoms tend to stick to each other and the film growth proceeds by the formation and 

expansion of island. (c) The Stranski-Krastanov mode in which the film growth starts by layer growth 

and then proceeds with island growth. 
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to bind together than the substrate leading to growth in 3D initially until the 

islands coalesce and form a complete layer.  

 Stranski-Krastanov (SK) (layer-then-island growth): a mode in which 𝛾𝑒𝑝𝑖<𝛾𝑠𝑢𝑏  

but with a considerable lattice mismatch.  Growth starts with FM where the initial 

layers wet the surface completely. When more material is deposited, islands are 

formed in order to relieve the strain energy. 

The wetting behavior of the epitaxial material on the substrate in the three growth modes, 

FM and VW can be described by Young’s equation as shown in the inequalities in eq. 2.13 
and 2.14, respectively:  

 FM: 𝛾𝑠𝑢𝑏 ≥ 𝛾𝑒𝑝𝑖+𝛾𝑖𝑛𝑡 (2.13) 
 VW: 𝛾𝑠𝑢𝑏 < 𝛾𝑒𝑝𝑖+𝛾𝑖𝑛𝑡 (2.14) 

The interplay between the surface and interface energies can be influenced by the flux of 

the deposited material and the temperature in addition to the residual strain in the film, 

when growth occurs far from thermodynamic equilibrium. However, some materials -

such as metals- naturally grows in a certain mode and cannot be easily influenced to grow 

in one of the other modes. The layer-by-layer growth mode is the desired mode for the 

epitaxial Hex-SiGe shells on the WZ-GaAs nanowire cores leading to very smooth 

surfaces as will be shown in Chapter 5. The influence of the flux and growth temperature 

will come into play in Chapter 7 where the explanation of the defect formation 

mechanism in Hex-Ge reported in Chapter 6 is tackled. 
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Crystal Growth and 
Characterization Techniques

Abstract—This chapter provides an overview of the sample fabrication protocol, crystal 
growth, and functional characterization methods implemented in the 
following experimental chapter. The chapter starts with an explanation of the full 
substrate fabrication procedure applied in the nanowires growth experiments. Following 
that, an overview description of the used metal-organic vapor phase epitaxy (MOVPE) 
system is provided in addition to its relevant specifications for the nanowire growth 
experiments. Despite the many characterization techniques that have been used in this 
work, electron microscopy techniques have played a central role in the morphological 
and structural characterization of the fabricated materials. A detailed description 
of the required resolution and imaging modes of the electron microscopy is 
provided for the characterization of the different crystal phases and stacking faults. 
This is supplemented with a brief explanation of supporting characterization 
techniques such as  x-ray diffraction (XRD) to map the lattice parameters of the 
fabricated materials and examine their structural quality, atom probe tomography 
(APT) to map the incorporated impurities in the materials, and eventually 
photoluminescence (PL) for the investigation of their optical properties.

3
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3.1 Samples Fabrication Protocol 

This section describes all processing steps leading to the epitaxial growth of Au-free 

hexagonal SiGe shells. The first step in the fabrication process is preparing substrates 

patterned with arrays of gold (Au) disks for the vapor-liquid-solid (VLS) growth of Au-

catalyzed wurtzite (WZ) GaAs nanowires. These Au-catalyzed WZ-GaAs nanowires are 

subsequently utilized as hexagonal nanowire core templates for the epitaxial SiGe 

growth. The fabrication protocol of the substrates utilized in the nanowires’ growth 

experiments discussed in this thesis is summarized in Figure 3.1. This protocol follows 

multiple processing steps starting from the preparation of the substrate for the growth of 

GaAs nanowires, and then preparing the GaAs nanowires for the growth of SiGe shells. 

The steps in chronological order are: 

 Wafer Cleaning: An epi-ready GaAs wafer of (111) B crystallographic orientation is

utilized throughout the thesis. The wafer first undergoes a cleaning procedure with

an aqueous ammonia solution (NH4OH) diluted with deionized water (DI) with a

ratio of 1:10 for 5 mins to remove the native GaAs oxides. Then it is rinsed thoroughly

with deionized water to flush away the ammonia residues.

 Resist Spinning: The wafer is then spin-coated with an electron-sensitive polymer

layer i.e., resist 5F5F5F

*  in preparation for the following patterning steps.

 Electron Beam Lithography: The substrate with the resist layer is patterned with

electron beam lithography (EBL) such that an electron beam is exposed to the polymer

layer in the areas we want to pattern gold disks. The chemistry of the exposed areas

changes and polymer chain scission weakens the polymer molecules' crosslinking. In

this type of lithography, the polymer layer is called a positive resist.

 Resist Development: The substrate with the EBL patterned positive resist is rinsed in

a solution, called developer6F6F6F

† , which selectively removes the EBL-exposed resist areas,

resulting in a pattern with nano-sized holes in the polymer layer. The development

step is stopped by rinsing the substrate sufficiently in isopropanol (IPA).

* In this work, we used a poly methyl methacrylate (PMMA) resist of molecular weight 950K in anisole with

2% (A2) concentration as a positive resist layer at a spinning rate of 5000 rpm for 30 sec. 

† Diluted methyl isobutyl ketone (MIBK) in IPA with a ratio of 1:3 is utilized as a developer for the 

PMMA resist. The development process lasts for 90 sec and the rinsing in IPA for another 90 s. 
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 Au Evaporation: Directly after the development step, the substrate is loaded into an 

electron beam metal evaporator for the directional, i.e., perpendicular deposition of a 

thin layer of gold. The gold is deposited inside the nanoholes pattern directly on the 

GaAs substrate and on top of the surrounding resist layer. 

 Au Lift-off: In this step, the coated substrate with the resist and the deposited Au film 

is immersed in a positive resist stripper (PRS) solution for a short period (10 mins) at 

room temperature. This process is called Au lift-off. When the polymer layer is 

dissolved, and the Au film is stripped off the substrate completely, the substrate is 

rinsed in acetone for 10 mins followed by IPA for another 10 minutes to dissolve the 

polymer residues. Enough rinsing is required since the substrate is unmasked, and 

tiny Au particles/flakes from the Au film lift-off process can redeposit on the 

substrate. This can initiate the growth of parasitic, thin GaAs nanowires later. 

 Oxygen Plasma Cleaning Step: A final cleaning step is employed. The GaAs substrate 

with the Au pattern is treated mildly with oxygen plasma to eliminate any remaining 

organic residues from the chemical processing steps. This step has been proven to be 

 

Figure 3.1. Substrates Fabrication Protocol: The samples for the growth of WZ-GaAs/Hex-SiGe 

core/shell nanowires undergo several processing steps (a) Resist spinning, (b) Electron beam 

lithography, (c) Resist development, (d) Au evaporation, (e) Au lift-off, (f) Growth of the WZ-GaAs core 

nanowires, (g) Au particles Etching, and (h) Growth of Hex-SiGe shells. 
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very crucial for the suppression of parasitic GaAs nanowire growth on the substrate, 

as discussed in Figure 4.20 in Chapter 4. 

 Growth of Au-catalyzed GaAs nanowires: In this step, the patterned GaAs substrate

with Au disks is loaded into the MOVPE reactor chamber to initiate the GaAs core

nanowire growth. After the growth, the sample is stored in a glove box under nitrogen

(N2) ambient if the subsequent steps are not performed immediately.

 Wet Chemical Etching of Au Particles: Prior to the SiGe shell growth, the substrate

with Au-capped GaAs nanowires is unloaded from the reactor/glovebox and

transported in the air to a wet bench for removal of the Au particles. The removal is

crucial to avoid Au contamination in the subsequent shell growth step. Au is known

to act as a deep level trap for silicon-based materials; therefore, it is undesirable1. The

Au particles on top of the GaAs nanowires are chemically removed, i.e., etched in a

dilute aqueous potassium cyanide solution (KCN: DI –1:10) for around 15-20 mins.

The Au etching via KCN is an electrochemical process aided by the atmospheric O2,

where Au dissolves in KCN by forming the water-soluble cyano-complex Au(CN)22,3.

The overall reaction can be summarized in eq. 3.1:

4𝐴𝑢 + 8𝐾𝐶𝑁 + 𝑂2 + 2𝐻2𝑂 → 4𝐾[𝐴𝑢 (𝐶𝑁)2] + 4KOH (3.1) 

To ensure the complete removal of the Au and the etching process residues, the 

substrate with the etched GaAs nanowires is immersed in a bath of running DI water 

for a sufficiently long period (> 20 mins). It is worth noting that the water flow should 

be adjusted to be running at quite a slow rate such that it does not cause the breakage 

of the nanowires from the substrate. Following that, the etched nanowires sample is 

immersed in a diluted ammonia solution (NH4OH: DI—1:10) for a few minutes (2 

mins). Then, it is rinsed with DI water for enough time (5 mins) to ensure the removal 

of any residual native GaAs oxides. The sample is then dried by centrifuging at high 

speed (7000 rotations per minute (rpm) for 30 sec). The centrifuge drying method is 

preferred over blowing off the water using an N2 gun to help the nanowires restore 

their upright position by centrifugal force after sticking together due to capillary 

forces during the wet processing steps. 

Challenges—A few steps in the fabrication protocol can be problematic for the GaAs/SiGe 

core/shell nanowire growth process if not properly optimized. Here is a list of the 

challenges we faced throughout the experiments: 
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 GaAs substrate etching during lift-off process step: We have observed that the longer 

the substrate with Au pattern is immersed in the PRS solution, the more the substrate 

is prone to Au-assisted etching, the loss of the Au disks is clearly visible in Figure 3.2. 

The exact etching mechanism of the patterned GaAs substrate with Au in the PRS 

solution is outside the scope of this work. However, the result seems to be related to 

metal-assisted chemical etching (MacEtch) that has been reported in the literature by 

Li and Bohn for silicon and was utilized later for etching III-V substrates4,5. We have 

conducted several experiments to make sure that it is the combination of the GaAs 

substrate with Au in PRS that stimulates the substrate etching. This behavior has not 

been observed for III-V substrates other than GaAs. 

 Au contamination: The wet chemical etching step has another challenge. The 

optimized Au removal process results in clean, well-defined, flat faceted shell 

structures. With an un-optimized process, irregularities in the shell structure can 

occur, disrupting the growth of high-quality hexagonal shells as discussed in detail in 

the Appendix of Chapter 5. Therefore, the process requires an optimized etching time 

in the KCN aqueous solution and enough rinsing time to flush the Au etching residues 

with running DI water. 

 

Figure 3.2. Challenging Lift-Off Process of GaAs Substrates in Presence of Gold and Positive Resist 
Stripper: A masked GaAs(111)B substrate with a pattern of nanoholes in the SiO2 dielectric mask. The 

images display the effect of the duration of immersion in a positive resist stripper (PRS) solution. The 

pattern in (a) is after optimized lift-off process for a short period (10-15 mins) in PRS, displaying Au 

discs in every nanohole, (b, c) the effect of prolonged PRS exposure, when the substrate starts to get 

etched and the Au disks start to detach from the substrate as a result of the etching, and (c) after a quite 

a long period (a few hours). The anisotropic etching of the substrate results in {111}A facets in the etch 

pits in the (111)B substrate. 
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 Design parameters of the Au pattern: We observed some limitations on the substrate 

pattern design parameters, such as the Au disks size and disks interspacing, i.e., pitch 

which later determines the GaAs core nanowires’ length and inter-wire spacing, 

respectively. These parameters can have a substantial impact on the subsequent 

process steps. The combination of very thin and long nanowire dimensions enhances 

the nanowire elasticity. During the wet processing steps before the SiGe shell growth, 

the nanowires may bend and stick to the substrate without returning to their upright 

positioning afterwards. Minimal inter-wire spacing for long nanowires result in a 

similar effect where the nanowires stick together. Hence, very small spacing and 

extremely thin diameters should be avoided when using very long GaAs nanowires. 

3.2 Metal-Organic Vapor Phase Epitaxy 

In this thesis, the metal-organic vapor phase epitaxy6 (MOVPE) technique is employed 

for the growth of the GaAs/SiGe core/shell nanowires. Epitaxy techniques are notable for 

the growth of single-crystalline materials such as group III-Vs and group IV 

semiconductor materials. A high vacuum (50 mbar) Aixtron close-coupled showerhead 

(CCS) reactor system is used. A simplified schematic representation of the reactor is 

provided in Figure 3.3. For III-V semiconductors, metal-organic (MO) precursors are 

used as a source for group III elements, such as trimethylgallium (TMGa). For group V 

and group IV elements, hydride sources such as arsine (AsH3), disilane (Si2H6), and 

germane (GeH4) are mostly used. In our case, a high purity non-reactive carrier gas, 

hydrogen (H2) is used to carry the gas precursors from their source containers to the 

reactor chamber. The MO sources are contained either as liquids or solids in a metal 

container, called a bubbler, in a thermostatic bath. The MO precursors are extracted from 

the bubblers in the form of gas by injecting H2 through an inlet, bubbling through the MO 

liquid, and then carried away to the reactor chamber. On the other hand, hydrides (AsH3, 

GeH4, Si2H6) are mostly available as gasses and are carried directly from their source gas 

bottles to the reactor via H2 in gas lines. The gas lines carrying the precursors to the reactor 

chamber are heated to prevent the condensation of the gases. Both MOs and hydrides are 

further diluted with H2 before flowing into the reactor. 

The gas precursors enter the reactor chamber through inlet holes in the so-called 

showerhead part of the chamber and flow top-down towards the substrate. The volume 

flow rates in standard cubic centimeters per minute (sccm) of the MO precursors in the 

growth chamber can be controlled by adjusting: (1) the flow rate of the carrier gas (H2) 
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flowing through the MO bubbler (𝑄𝑉
𝐻2), (2) the total pressure in the bubbler (pbubbler), and 

(3) the bubbler temperature (T), which determines the vapor pressure of the MO 

precursor (pMO), as explained in eq. 3.2 and eq. 3.3:  

 
𝑄𝑉

𝑀𝑂[𝑠𝑠𝑐𝑚] = 𝑄𝑉
𝐻2

𝑝𝑀𝑂(𝑇)

𝑝𝑏𝑢𝑏𝑏𝑙𝑒𝑟 − 𝑝𝑀𝑂(𝑇)
 

(3.2) 

Where pMO is a function of T, and the MO-specific coefficients (A and B), as shown in eq. 
3.3: 

 
log( 𝑝𝑀𝑂(𝑇))[𝑚𝑏𝑎𝑟] =  A–

𝐵

𝑇(K)
 

(3.3) 

In the case of TMGa, A and B coefficients are equivalent to 8.07 and 1703, respectively. 

Taking the volume of the reactor into account, the precursor flows are expressed as a 

volume flow fraction (𝑄𝑉
𝑀𝑂/𝑄𝑉

𝑟𝑒𝑎𝑐𝑡𝑜𝑟), which is equivalent to 8200 sccm in our system. 

Usually, 𝑝𝑀𝑂(𝑇) and 𝑝𝑏𝑢𝑏𝑏𝑙𝑒𝑟 are kept constant, and the flow of H2 determines the flow of 

the precursor (𝑄𝑉
𝐻2). A mass flow controller (MFC) can adjust the gas flow. 

In the reactor chamber, quartz parts cover the chamber's inside walls: a top plate covers 

the showerhead part, a liner for the chamber sidewalls, and a bottom ring for the bottom 

of the chamber. The growth substrate is loaded facing up on top of a rotatable graphite 

 

Figure 3.3. Simplified Schematic Representation of a CCS-MOVPE System: This system is utilized for 

the growth of group III-V and group IV materials. The materials precursors are either contained in 

bubblers such as TMGa or gas bottles such as AsH3, GeH4, and Si2H6. The flow rates of the gas precursors 

are regulated with mass flow controllers (MFC) and controlled with valves. The gas precursors are 

transported from their source containers to the reactor chamber via a carrier gas (H2). The gases are let to 

flow inside the reactor chamber via inlets in the showerhead part. The substrate is held on a rotating 

susceptor that is heated to the desired growth temperature. The substrate surface temperature is 

monitored via a pyrometer. The gas byproducts are flushed out of the reactor through the exhaust. 
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holder named susceptor, which is heated via a multi-zone tungsten heater controlled by 

a thermocouple. The distance between the top surface of the susceptor and the 

showerhead is adjustable. It has been set to 18 mm throughout all the experiments in this 

thesis. The susceptor in this system can be heated up to 1300°C set temperature and 

rotated at high speeds for the materials deposition's homogeneity. The substrate surface 

temperature is real-time monitored by a pyrometer. Excess gases are pumped away 

through the exhaust outlet. This type of reactor has a cold-wall type of growth chamber 

that is cooled with water such that the gas precursors are not supposed to decompose 

before reaching the substrate. The susceptor is the only deliberately heated part in the 

chamber. The radiation from the susceptor can indirectly heat the reactor walls, yet they 

will always remain colder than the susceptor. For these reasons, the susceptor is made of 

a radiation absorbing material such as graphite, and the sidewalls are covered with an 

electromagnetic radiation transparent material such as quartz. In this thesis, dedicated 

quartz kits (top plate, liner, bottom ring) and dedicated susceptors are used for the 

growth of different materials families such as group III-V materials and group IV 

materials. 

Among the most important parameters influencing the nanowire growth process - 

besides the reactor pressure and the flow rates of the gas precursors - are the ratio of the 

precursors and the substrate temperature during the growth process. The V/III ratio is a 

crucial parameter for the crystal phase selection in MOVPE grown III/V nanowires, as 

discussed in Chapter 4. In Chapter 5, we will see that the flow ratio of group IV elements 

(Si and Ge) determines the composition of the SiGe alloy. Group III, IV, and V atoms are 

extracted from their respective metalorganic or hydride precursors by thermally 

activated stepwise decomposition processes, so-called cracking. The pyrolysis of the 

precursors can happen homogenously in the gas phase or heterogeneously on the 

susceptor and the substrate surfaces7–9. The latter dominates the overall process6. The 

cracking efficiency of the precursors increases with increasing the substrate temperature 

until they are fully cracked. 

3.3 Main Structural and Morphological Characterization Techniques 

The morphology and the crystal structure of the WZ-GaAs/Hex-Ge core/shell nanowires 

are mainly characterized in this thesis via electron microscopy (EM) techniques: scanning 

electron microscopy (SEM) and transmission electron microscopy (TEM). This section 

focuses on the main features of each technique that enabled the characterization process. 
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EM techniques utilize a beam of electrons to analyze the sample. As a result, several 

signals are generated due to the interaction of the electrons with the specimen. The 

relevant generated signals to the utilized techniques in this thesis are summarized in 

Figure 3.4. Each signal can be specific to a different analytical technique responsible for 

the extraction of certain types of information. 

3.3.1 SEM 

An SEM uses a focused beam of electrons to scan the surface of a specimen. The 

interaction between the electrons and the specimen generates various signals that contain 

information about the topography of the specimen, its composition, and its crystal 

structure. Secondary electrons (SE) and backscattered electrons (BSE) are among the main 

SEM imaging signals in this thesis. The SE signal has been valuable for investigating the 

topography and the morphology of the structures. In contrast, the BSE signal importance 

lies in identifying the materials contrasts based on the Z-number contrast, reflecting 

differences in composition. 

SEM has been regularly used in the following experimental chapters as a fast feedback 

method to check the quality of both the substrate's patterning process and the nanowire 

growth.  For the substrate fabrication protocol, the pattern fidelity (Au disks sizes, 

positions, and interspacing), quality of the lift-off process, and the substrate surface 

quality are checked after each fabrication cycle. Based on this check, the process is 

continued to the next stage, which is the WZ-GaAs core nanowires' growth. At this stage, 

the SEM technique has played an extremely vital role in discriminating high-quality WZ 

nanowires from defective ones. This has been achieved by qualitatively checking the 

flatness of the nanowires' side facets and the size of the Au particles and quantitatively 

by the statistical analysis of the nanowire diameters and lengths, as discussed in detail in 

Chapter 4. Utilizing the SEM has enabled time-efficient sample processing, saving the 

TEM feedback step only for the detailed crystal structure, defect density, and elemental 

composition studies for the structures of interest. Therefore, a high-resolution SEM 

system is required to identify these nano-sized features. In this thesis, a Zeiss Sigma 

system has been utilized with resolutions down to ~ 2 nm. Acceleration voltages between 

3-8 kV have been employed; the used voltage is optimized for the type of imaged 

structures. 
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To identify the surface features precisely, lower acceleration voltages were used, while 

high voltages were used for higher resolutions and less surface features. Figure 3.5 (a-e) 
shows representative SEM images of high-quality WZ nanowires and defected 

nanowires. In addition, an example of SEM imaging based on the material composition 

is provided in Figure 3.5f.  

3.3.2 TEM 

TEM is another electron microscopy technique that is frequently used in the 

characterization of nanomaterials. TEM offers a much higher spatial resolution and 

magnifications than SEM, facilitating the analysis of a specimen's structure at an atomic 

scale.  This enables the precise determination of the atomic stacking in a structure, 

enabling identifying its inner crystal structure and the presence of different types of 

defects. In contrast to SEM, where the electron beam is scanned over the specimen, and 

the image is constructed via SE and BSE, the beam of electrons in TEM is transmitted 

Figure 3.4. Relevant Signals generated from the Interaction of a Specimen with an Electron Beam: A 

‘pear model’ explaining the interaction of an incident electron beam with a specimen in electron 

microscopes. Several signals are generated. However, we are highlighting here only the ones relevant to 

this thesis. Secondary and backscattered electrons are used in SEM imaging for topography and materials 

contrast imaging. Transmitted and elastically forward scattered electrons are crucial for the TEM and 

STEM imaging which is useful in the determination of the crystal structure. Characteristic X-rays are 

utilized in the EDX for compositional mapping. This figure is courtesy of ATRIA Innovation. 
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through a thin specimen. The interaction between the specimen features and the 

transmitted electrons yields different signals that help in constructing the TEM image. 

In addition to SEM, TEM has been central to the characterization of the synthesized 

nanowires in this work for several reasons, as listed below.  

 The GaAs/SiGe nanowires studied in this thesis are of the metastable hexagonal 

crystal structure where the formation of defects, mainly cubic stacking faults, is 

frequent.  

 

Figure 3.5. Representative SEM images of the Main Features Identified by SEM: SEM is used in this 

thesis as a rapid diagnostic tool to roughly decide whether the synthesized structures are of the desired 

quality or not, based on checking the Au particle shape, the roughness of the nanowire sidewalls and the 

materials composition contrast. (a-b) Au particle shape: (a) 30°tilted-view SEM image of two 

representative Au-catalyzed GaAs nanowires: one of a defected structure and the other of a pure WZ 

structure. An inflated Au particle on top of the nanowire, coupled with the shrinking nanowire diameter 

towards the top and the rough sidewalls, indicates a defected nanowire. In contrast, the hemispherical 

shape of Au particles with atomically flat sidewalls of the nanowire are indicative of the purity of the 

hexagonal crystal structure of the nanowire. (b) A top view SEM image of the shape of the Au particle 

framed in black in panel (a) on top of a WZ-GaAs nanowire enables the identification of its shape and 

size and correlating it with the crystal structure of the nanowire. (c- e) Nanowire surface roughness: 

30°tilted SEM images of: (c) a mixed phase GaAs nanowire, (d) a WZ nanowire defected at the top part 

only, and (e) a pure WZ-GaAs nanowire with atomically flat sidewalls from bottom to top. (f) 
Identification of the stacked materials in the heterostructure based on the composition contrast: 30°tilted-

view SEM image of a GaAs/Ge/SiO2 core/shell/shell structure. The identification of the three materials is 

enabled by the Z-number contrast of the materials in the heterostructure. The extremely rough surface 

of the SiO2 layer indicate its amorphous nature. These SEM observations have been verified with TEM 

imaging enabling SEM in the future to be used as a reliable fast check technique. Note that the view on 

the cross-sectional surface was facilitated by breaking the nanowire. 
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 The nanowires' heterostructure nature can lead to defect formation if the lattice

mismatch between the constituent materials is beyond what the one-dimensional

(1D) geometry of nanowires can accommodate.

 The anisotropic shape of the SiGe shell, which consists of an alloy of two different

elements, can give rise to spatial variations in the alloy material composition.

Frequent TEM checks have been performed on the GaAs/SiGe nanowires to understand 

this material system's growth kinetics and accordingly guarantee the optimization of 

premium-quality structures for probing their intrinsic optical and electronic properties, 

as discussed in Chapter 4 and Chapter 5. For these reasons, we have used the TEM in 

different imaging modes to extract different types of crystallographic and composition 

information to fully understand our materials' structure. A probe corrected JEM 

ARM200F TEM, operated at 200 kV, has been used for all the TEM imaging in this thesis. 

Additionally, we have performed chemical analysis by employing energy dispersive x-

ray (EDX) spectroscopy to complement the crystallographic information. These 

measurements have been carried out using the same TEM microscope equipped with a 

100 mm2 EDX silicon drift detector. This microscope has two main operating modes based 

on the shape of the emitted electron beam: conventional TEM where the beam is parallel 

and scanning TEM utilizing a converging beam, as explained in Figure 3.6. 

Conventional TEM Mode—Conventional TEM imaging is based on two modes 

determined by selecting scattered and/or transmitted electron beams via an objective 

aperture. Choosing the main transmitted beam is used for the bright field (BF) imaging 

and one or more diffracted beams are used for the dark field (DF) imaging. The electron 

wave interaction with the atomic ordering in the specimen and its composition provides 

imaging contrast due to the change of the amplitude or the wave phase. The amplitude 

contrast originates from the difference in the thickness or mass (based on the atomic 

number of atoms—Z-number) across the imaged specimen. The thicker the region or the 

higher the Z-number, the darker it appears in BF images and vice versa. On the other 

hand, the phase-contrast results from different electron diffraction events due to the 

structure's crystallinity. This phase contrast allows for high resolution (HR) TEM 

imaging. In this thesis, we have utilized the amplitude contrast to differentiate between 

the GaAs and SiGe in the core/shell structures and the phase contrast to identify the pure 

hexagonal phase segments from their defected counterparts. Figure 3.7 (a,b) exhibits BF-

TEM images of Au-catalyzed GaAs nanowires of different crystal structures. 
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Scanning TEM Mode—In this mode, the TEM operates similar to the SEM such that the 

electron beam is raster-scanned across the specimen. The wide variety of detectors for the 

scattered electrons is what gives STEM imaging its strength. The different detectors are 

spaced at different angles, as illustrated in Figure 3.6c allows a variety of imaging modes 

giving complementary information to the conventional TEM mode. The most relevant 

modes for this thesis are the high angle annular dark field (HAADF-STEM) mode and the 

annular bright-field (BF-STEM) mode. In HAADF, an image is formed by electrons 

scattered over large angles.  The higher the Z-number of the atoms in the sample, the 

more electrons scattered at higher angles. The intensity on the HAADF detector is 

roughly proportional to Z2. As a result, the brightness distribution in the HAADF images 

provides a direct, qualitative image of the elemental distribution in the imaged area10. 

HAADF-STEM has been very useful for imaging the atomic stacking of hexagonal GaAs, 

SiGe and the stacking faults in the hexagonal nanowire structures. On the other hand, BF-

TEM has been invaluable for quantifying stacking faults in very thick nanowire samples 

(> 200 nm thick) where conventional BF-TEM was not possible. 

STEM-EDX Mode—Another advantage of the STEM mode is that it can be combined 

with the EDX acquisition allowing for the elemental composition mapping of structures 

in a high spatial resolution. In this thesis, EDX has enabled the mapping of the core/shell 

nanowires compositions and helped in the calibration of the alloy composition as a 

function of our MOVPE input gas fluxes, as will be discussed in Chapter 5 in detail. 

Thanks to EDX we were able to identify the alloy enrichments in some regions of the 

core/shell nanowire structure. This yielded an understanding that is crucial for the 

interpretation of the performed optical and electronic characterization experiments.  
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Figure 3.6. Comparison of TEM and STEM Imagining Modes: (a, b) Schematic representation of a 

parallel incident beam of electrons on a specimen. An objective aperture is used to select either the 

transmitted main beam or a scattered beam for the BF or the DF TEM imaging modes, respectively. (c) 
In contrast, the STEM mode uses a converging incident beam of electrons and annular detectors to detect 

the scattered beams instead of apertures. The angle of the detectors determines the STEM mode. 

Transmitted electrons leaving the specimen at low angles with respect to the optical axis are used for 

the BF-STEM mode. Relatively high angles are used for the ADF-STEM mode. High angle transmitted 

electrons contribute to the HAADF-STEM mode. This figure is adapted from Ref.17. 
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Figure 3.7 Representative TEM Images based on Different TEM Imaging Modes: (a, b) BF-TEM 

images of two GaAs nanowires, one is of pure WZ phase and the other is of mixed phase as indicated 

by the dark lines running across the nanowire diameter. Pure WZ-GaAs nanowires commonly have 

hemispherical Au particles on top with contact angles close to 90° unlike inflated droplets. The latter is 

a characteristic of mixed phase or cubic nanowires. (c, d) A comparison of the BF-TEM mode and the 

HAADF-STEM mode. Both modes give useful information about the contrast between different 

materials in a heterostructure such as the contrast between the GaP core nanowire and the Si shell. The 

HAADF-STEM mode seems unsuitable for the identification of partial defects in the Si shell, as 

diffraction contrast from the defects is minimal. (e) HAADF-STEM image exhibiting the atomic stacking 

of part of a hexagonal Ge shell.  The zigzagged atomic stacking i.e., (ABAB) stacking is a characteristic 

of the hexagonal structure. The region highlighted in white has a stacking different from the rest of the 

image, indicating a stacking fault in the hexagonal Ge structure. (f) An EDX elemental map of a cross-

sectional lamella of a GaAs/Si0.26Ge0.74 core/shell structure. The map gives information about the 

uniformity of the composition across the structure. The different imaging modes give complimentary 

information about the investigated structure. 
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3.4 Other Complementary Characterization Techniques 

In addition to SEM and TEM, there have been several complementary characterization 

methods that helped us to understand our material system better. Among these methods 

are atom probe tomography (APT), x-ray diffraction (XRD), and Raman spectroscopy for 

further structural characterization, and photoluminescence (PL) for optical 

characterization. 

APT—APT is a powerful three-dimensional (3D) imaging technique that employs atom-

by-atom analysis. Atoms are extracted from a specimen via high voltage biasing 

combined with laser pulsing. The extracted atoms are projected on a position-sensitive 

detector (PSD) with high sensitivity. Based on atoms' flight time from the specimen to the 

PSD, we can construct a 3D image of the analyzed specimen. APT has a high detection 

sensitivity at atomic parts per million (ppm) level and spatial resolution in angstroms 

(~0.1-0.3 nm resolution in-depth and ~0.3-0.5 nm laterally), which allows the 

determination of the purity of the synthesized crystals and the level of incorporated 

impurities11. 

APT has been employed in Chapter 5 and Chapter 7 to investigate the spatial distribution 

of impurities in our hexagonal GaAs/SiGe core/shell nanowire structures. It has been a 

key method to check the quality of the Au etching process to ensure that the nanowires 

are free of Au contamination in the SiGe shells. Moreover, it enabled the extraction of the 

impurities level in the hexagonal SiGe shells. Accordingly, the doping concentration is 

essential for understanding the materials’ optical and electronic properties. 

APT measurements in this thesis have been performed by our colleague, Dr. Sebastian 

Kölling at TU/e.  Individual nanowires were isolated from as-grown nanowire samples 

as described in Ref. 12 with a Kleindiek nano-manipulator inside an FEI Nova Nanolab 

600i Dual-beam SEM. APT analyses were carried out in a LEAP 4000X-HR from 

Cameca. Details of the APT sample preparation procedure and measurement are 

explained in Ref.13. 

XRD—XRD is based on the constructive interference of monochromatic x-rays with a 

crystalline sample. Parallel atomic planes with a spacing of dhkl in a crystalline material 

act as diffraction grating such that incident x-rays with a certain angle (𝜃) and a 

characteristic wavelength (𝜆) constructively interfere with one another when the Bragg 

diffraction condition is met (𝜆 = 2𝑑ℎ𝑘𝑙 𝑆𝑖𝑛𝜃). In this thesis, XRD has been used as a 
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supporting structural characterization method to determine the crystal structure quality 

in addition to extracting the structures’ lattice parameters. This method has been 

employed in Chapter 5. As compared to TEM, the main advantage offered by XRD is the 

rapid scan of the as-grown samples with quite large-sized nanowire structures. It gives 

an overall impression of the crystal quality across the whole sample: the crystal phase 

and defect density. It has also given us an insight into the strain levels in the core/shell 

nanowire structures. The XRD measurements in this thesis have been carried out by our 

collaborator Dorian Ziss from Johannes Kepler Universität (JKU) Linz, Austria at the 

Deutsches -Elektronen - Synchrotron (DESY) in Hamburg, Germany at the high-

resolution-diffraction beamline P08. Further details of the XRD experiments are  

provided in Ref. 14.  

Raman Spectroscopy—It is a versatile non-destructive technique that provides insightful 

information about the materials’ band structure, lattice dynamics, composition, crystal 

phase, polytypism, strain, doping, and molecular interactions15,16. It is based on the 

interaction of light with the vibrational modes of atoms in a material structure. In a typical 

Raman experiment, the material is excited by incident light from a monochromatic laser 

source. The frequency of the scattered light is collected and analyzed. The scattered light 

will contain the frequency of the incident light (elastic Rayleigh scattering), and higher 

and lower frequencies will be detected (inelastic scattering). The inelastic scattering peaks 

will appear at frequencies different from the elastic scattering by a quantity called Raman 

shift, which is the primary information extracted from Raman experiments.  This 

technique has been employed to identify a new type of stacking faults, called I3 in 

hexagonal group IV materials in Chapter 6. Our collaborators have performed Raman 

spectroscopy experiments in Basel University, Switzerland, in the research group of Prof. 

Ilaria Zardo and theoretical Raman calculations have been performed by Dr. Riccardo 

Rurali at the Institut de Ciencia de Materials de Barcelona (ICMAB-CSIC), Spain. More 

details about the experimental setup are provided in Ref. 15. 

PL—It is the primary optical characterization method used in this thesis. As the name of 

the technique (photoluminescence) indicates, light emission from semiconductor 

materials is generated when the material is excited by a light source of energy higher than 

the band gap energy of the material. When the material is irradiated with light, electrons 

get excited from the valence band to the conduction band leaving behind hole states. The 

relaxation of the excited electrons to the ground state, i.e., electron-hole recombination 

after a specific time, called lifetime, is accompanied by photon emission. Steady-state and 
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time-resolved PL are among the main PL methods employed in this thesis to probe the 

radiative characteristics of our hexagonal SiGe alloys. PL experiments in this thesis have 

been performed mainly by our colleague Alain Dijkstra at TU/e. Further experimental 

details of this technique are discussed in Ref.14. 
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Abstract—Wurtzite GaAs nanowires serve as the ideal candidate for the epitaxy of 
hexagonal SiGe via the crystal transfer technique due to the close lattice matching of 
both materials—the route pursued in this thesis to achieve pure phase wurtzite GaAs 
nanowires. This chapter explores the sweet spot in the growth parameter space to 
achieve defect-free, high aspect ratio, hexagonal GaAs nanowires. We study the growth 
kinetics of wurtzite GaAs nanowires in the light of the experimented growth conditions 
and substrate design parameters to fully control the purity of the phase with the desired 
nanowire dimensions. Here, we report the successful growth of defect-free wurtzite 
GaAs nanowires up to 18 µm length, which is significantly improved compared to the 
reported results in the literature. We also report the behavior of the wurtzite GaAs 
nanowires turning polytypic after a transitional nanowire length—A behavior that is 
nearly unexplored in the literature for this material system. We investigate the possible 
mechanisms leading to such behavior and provide a plausible explanation that is 
supported by experimental results. Eventually, we list some of the challenges of 
the growth process of these nanowires.

Chapter Contributions—Samples Fabrication and Nanowires Growth: Elham 
Fadaly, Data Analysis: Elham Fadaly and Marco Vettori, TEM: Marcel 
Verheijen, Experimental Data Interpretation: Elham Fadaly, Modelling: 
Marco Vettori and Alexandre Danescu (École Centrale de Lyon).

Growth of High Aspect Ratio Pure 
Phase Wurtzite Nanowires
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4.1 Introduction 

In the past few decades, group III-V semiconductor materials grown in the one-

dimensional geometry (i.e., nanowires) have triggered a substantial amount of attention 

due to their unique intrinsic properties. Thus, crystal structure quality has been of utmost 

importance for the reliability and performance of III-V materials-based devices. III-V 

nanowires are naturally known to have many crystal polytypes and the tendency to form 

stacking faults. However, this inherent polytypic nature can offer an extra degree of 

crystal design freedom enabling new device concepts and studying new physics 

phenomena. These different crystal polytypes can have different electronic band 

structures leading to different electronic and optical properties. On the other hand, 

uncontrolled faulty stacked atomic planes in the crystal of a particular structure can act 

as scattering centers for the majority carriers and deteriorate the material electronic 

properties. Therefore, understanding the crystal growth process to produce III-V 

nanowires of premium quality has been among the most extensively researched topics in 

the field. 

III-V nanowires can exhibit the zinc blende (ZB) structure, the stable phase for most of

the III-V bulk materials, but III-Nitrides whose naturally stable crystal structure is 

wurtzite (WZ-2H)1–3. III-V nanostructures can also exhibit the hexagonal WZ-2H crystal 

structure and even its higher polytypes (4H and 6H) under certain growth conditions. 

Among these III-V nanostructures are GaAs nanowires which are very promising 

candidates for optoelectronic applications and solar cells due to their superior electronic 

and optical properties combined.  Apart from their promising intrinsic properties, the 

main objective of being focused on GaAs in this work is that its hexagonal phase can act 

as a perfect core template for realizing hexagonal (Hex) Group IV materials (i.e., SiGe). 

GaAs' choice is intuitive due to the well-matched unit cell dimensions with Ge-rich SiGe 

alloys, which is the ultimate objective of this work. 

To realize high-quality Hex- SiGe alloys of properties meeting the requirements for 

achieving efficient light emission and eventually lasing, the hexagonal GaAs nanowires 

template should fulfill specific criteria. Ordered arrays of thin enough high aspect ratio WZ-

GaAs nanowires are required for achieving homogenous enough volumes of hexagonal SiGe alloys 

suitable for the optical characterization and achieving lasing. Thin diameters of the GaAs core 
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nanowires will help accommodate the lattice mismatch with the SiGe alloys and the 

induced strain allowing for extending the accessible range of SiGe alloys for growth. 

The successful growth of Au catalyzed WZ-GaAs nanowires on unmasked substrates has 

been demonstrated using different epitaxial techniques such as MOVPE4–7 and MBE8–10 

mainly. The existing literature of WZ-GaAs nanowires growth focuses primarily on the 

nanowires crystal phase control by mapping the optimum space of growth parameters. 

There is a consensus in the literature that the WZ phase formation is related to the triple-

phase line (TPL) mono-nucleation at high chemical potentials in the gold (Au) droplet 

compared to low chemical potentials related to the nucleation of ZB11,12. These high 

chemical potentials are typically realized at high temperatures, and low V/III ratio as 

experimentally reported in MOVPE, achieving high-quality WZ crystal phases in Au 

catalyzed Ga- based III-V nanowires5,6,13. Also, the WZ crystal phase predominance has 

been experimentally observed in thin diameters of  GaAs nanowires4,14,15. Numerous 

reports utilized the reported plausible growth temperature window (≈ 550 °C)to 

experimentally achieve controlled switching between ZB and WZ phases in the GaAs 

nanowires and vice versa in axial heterostructures by only controlling group V and III 

flow at a single temeprature16,17. 

From a theoretical perspective, the crystal phase selection in Au mediated growth of III-

V nanowires in addition to polytypism have been extensively modeled to understand the 

underlying kinetics and thermodynamics. These models are based on nucleation theory 
11,12, mass transport through the Au particle18,19, and stochastic simulations considering 

the influence of chemical potentials20–24 and surface energies25,26. Nucleation-based models 

are further extended to include the influence of the surface area of the Au particles12,27 

and nearest neighboring layers interactions28, to name a few. However, the literature lacks 

systematic studies of the growth kinetics of pure WZ GaAs nanowires based on the 

variation of the Au particle size, their interspacing, and the evolution of the grown 

nanowire morphology with time. Besides, to our knowledge, all the reported WZ GaAs 

nanowires are of short lengths (a few hundred nanometers to 2-3 µm) and no reports of 

high aspect ratios up to tens of microns and no control over their position.  

It is worth mentioning that the WZ phase growth parameters window is relatively small 

for GaAs nanowires such that group V and III precursors need to be nearly balanced, as 

confirmed by Lehman et al.7 Much higher or smaller V/III ratios result in the ZB regime.  

Given the small window of parameter space to achieve WZ GaAs nanowires, small 
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deviations from this parameter space can lead to the switch from the WZ crystal phase to 

the mixed-phase or ZB regime.  

Outline of the Chapter—In this chapter, we are systematically studying the growth 

evolution of WZ-GaAs nanowires to obtain defect-free high aspect ratio nanowires 

arranged in arrays. The chapter starts with the experimental growth details of the studied 

material system in section 4.2. Then, the experimental results are discussed in section 4.3. 

The influence of the Au particle diameter and inter-wire spacing, i.e., pitch on the 

nanowire morphology and crystal structure, is explored. The evolution of the nanowire's 

morphology, in light of the different developing growth modes during the growth 

process, is monitored for prolonged growth intervals. The chapter is concluded with a 

summary of the challenges we faced during the growth of pure phase WZ-GaAs in 

section 4.5. 

4.2 WZ-GaAs Nanowires Experimental Growth Details 

The GaAs nanowires studied in this work are grown in low pressure (50 mbar) metal-

organic vapor phase epitaxy (MOVPE) reactor via the Vapor-Liquid-Solid (VLS) 

mechanism utilizing gold (Au) catalyst seeds, as explained in detail in Chapter 3, section 
3.2. Nanowire growth kinetics can be dependent on several different parameters. This 

study adopts the well-established single temperature scheme and low V/III flow ratio, 

reported by Lehman et al.7 and Joyce et al.29, to achieve pure phase WZ GaAs nanowires. 

For this purpose, Au disks designed with different diameters (DAu = 20-300 nm) were 

positioned in arrays with varying pitches (P = 0.25-3 µm) employing electron beam 

lithography (EBL) on GaAs (111)B substrates, as displayed in the SEM image in Figure 
4.1a. Figure 4.1 (b, c) shows typical SEM images of EBL defined 60 nm wide and 10 nm 

thick arrays of Au disks before and after annealing; the disks are designed as a square for 

the simplicity of the pattern generation for the EBL machine, but they become disks after 

annealing. A typical SEM image for the resulting GaAs nanowires is shown in Figure 
4.1d. This growth process yields uniform arrays of WZ-GaAs nanowires, as shown in 

Figure 4.1e, in which the wires are uniform in morphology and crystal structure. 

Extended discussions on the nanowires morphology as a function of growth time and 

pitch are explained in the following sections conferring the WZ-GaAs nanowires material 

system's growth kinetics.  
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The standard growth scheme of the WZ-GaAs nanowires studied in this work is 

summarized in Figure 4.2. Prior to the growth, the patterned GaAs substrate is annealed 

at a high temperature (Tann). This temperature is set by a thermocouple at Tset = 635 °C 

corresponding to a surface temperature Tsubstrate= 569°C, as real-time monitored by a 

pyrometer. We employ this annealing step to eliminate the organic residues from the 

fabrication process and form a eutectic alloy between the Au catalyst and the GaAs 

substrate. The annealing step is performed under an arsenic-rich background (AsH3/H2) 

while the AsH3 flow is set to a molar fraction of χAsH3
= 6.1 ×10-3. Following the annealing 

step, the growth is performed at a thermocouple temperature of Tset = 615 °C (Tsubstrate = 

535 °C) using Trimethylgallium (TMGa) and AsH3 as material precursors, set to molar 

fractions of χTMGa=1.90× 10-5,  χ
AsH3

= 4.55 ×10-5, respectively, with a total flow of 8.2 

standard liters per minute (slm). A total input of TMGa/AsH3 ratio, namely hereafter as 

V/III ratio, of 2.4 is maintained during the growth. Eventually, the growth is terminated, 

and the temperature is quenched. It is worth noting that hereafter we will refer to the set 

thermocouple temperature when referring to the growth temperature for simplicity. 

 In our study, the GaAs nanowires growth is terminated by switching off both TMGa and 

AsH3 sources simultaneously. Then the nanowires are chosen to be cooled down rapidly 

under the H2 atmosphere instead of AsH3. This rapid cooling down is mainly to freeze 

the Au particle, stop the crystal growth and avoid additional crystal growth during 

cooling down from excess Ga in the particles and the AsH3 ambient. The nanowire in 

Figure 4.3a is cooled down under H2 ambient, and it clearly shows no change in the WZ 

crystal phase underneath the Au particle. However, when the cooling down was 

experimented with AsH3/H2 ambient by keeping the AsH3 source open after growth, a 

noticeable ZB neck is grown under the Au particle, as shown in Figure 4.3b. The extra 

grown ZB neck under AsH3 is grown by consuming excess Ga in the particle before 

growth interruption, unlike the WZ crystal that was not affected by interrupting AsH3. 

Numerous reports support this experimental result by employing cooling down of 

predominantly WZ GaAs nanowires under AsH3 background, where nanowires are 

grown with the different epitaxial techniques such as MOVPE5,17, MBE9, and CBE30. It is 

also consistent with the reports of crystal phase switching of Au catalyzed GaAs 

heterostructure nanowires from ZB-WZ during the same growth window using a single 

temperature procedure by increasing the Ga concentration in the Au droplet17 and vice 

versa16. The growth conditions used of the GaAs NWs in this study as described above 
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are considered hereafter the standard growth conditions (SGC), except otherwise 

mentioned. 

 

 

Figure 4.1. Nanowires Growth Template: (a) Top view SEM image of a representative array of gold disks 

of nominal diameters DAu = 20-300 nm and thickness of 8 nm, positioned in a square lattice at distances 

of P = 0.25-3 µm away from each other on a GaAs (111) B substrate, prior to introduction to the MOVPE 

for the growth process. (b) An enlarged 30° tilted-view SEM image of an array of Au disks of DAu = 60 

nm and P = 1 µm. (c) The same gold array presented in (b) after being introduced in the MOVPE reactor 

and annealed at 635 °C for 10 mins under AsH3 atmosphere. The gold disks de-wet and form an alloy 

with the underlying GaAs substrate at this temperature resulting in a hemispherical shape. (d) WZ-GaAs 

nanowires grown using the same template in (a, b). The insets in (b, c) indicate enlarged tilted-view SEM 

images for the individual Au disks before annealing, and after annealing. The inset in (d) presents a top 

view SEM image for a representative WZ-GaAs nanowire after growth showing the hexagonal cross 

section of the nanowire. (e) A low magnification SEM image of GaAs nanowires array showing the 

periodicity and homogeneity of the growth over a large area. 



4.2 WZ-GaAs Nanowires Experimental Growth Details 

85 

C
h

ap
te

r 
4 

 

 

 

Figure 4.2. WZ GaAs nanowires Growth Scheme: The growth scheme starts with ramping up the 

temperature to annealing temperature under an AsH3 /H2 ambient with (χAsH3 = 6.1 x 10-3) to avoid the 

thermally activated damage of the GaAs substrate. The substrate is let to anneal for few mins to get rid 

of residual organic contaminants and to form a eutectic alloy between Au disks and the GaAs substrate. 

Then, the substrate temperature is decreased to the growth temperature (Tset = 615°C, except otherwise 

mentioned) and the AsH3 flow is decreased to the desired molar fraction (χAsH3 = 4.55 × 10-5) for the 

growth process and let to stabilize. Afterwards, TMGa of a molar fraction of (χTMGa = 1.9 × 10-5) is 

introduced to start the growth process for the specified growth interval achieving a total V/III flow ratio 

of 2.4 and eventually, the growth process is ended by stopping both TMGa and AsH3 flows 

simultaneously.  The substrate with the grown nanowires is cooled down under a H2 ambient. 

 

Figure 4.3. Cooling Down Nanowires under Different Ambient: BF-TEM images of pure WZ-GaAs 

NWs grown under identical conditions and cooled down under (a) H2 ambient showing no change in 

the crystal phase, and (b) AsH3/H2 ambient showing the formation of ZB region due to the cooling down 

step as indicated by the black arrow. Insets in (a) and (b) display enlarged BF-TEM for the framed 

regions in the nanowires for better visualization of the neck regions. 
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4.3 Experimental Results  

The interplay between the growth substrate design parameters and the evolution of the 

nanowires' axial and radial morphology facilitates understanding the growth kinetics. In 

the following sections, we will investigate the influence of the gold disk diameter and 

their interspacing on the axial and radial growth of GaAs nanowires as the growth 

process evolves. Every section will explain the experimental results, followed by a brief 

commentary discussion on the obtained results, followed later with an extended 

discussion in section 4.4. 

The different aspects of the nanowire morphology such as length, diameter, tapering 

angle, sidewall roughness, and the homogeneity within the pattern have been 

investigated by scanning electron microscopy (SEM). The nanowires' structural quality 

in terms of the purity of the phase and the density of stacking faults has been inspected 

by transmission electron microscopy (TEM).  

For the data presented in the following sections, it is worth mentioning that each data 

point in the plots of (Figure 4.4, Figure 4.9, Figure 4.10, Figure 4.11, and Figure 4.14) 
represents the average value as determined from SEM images for the investigated 

variable. The sample size per data point is 30 nanowires, and the error bars represent the 

standard deviation among the 30 analyzed nanowires per field in one sample in these 

figures. Analyzed nanowires in the following sections are chosen randomly without bias 

unless specified. Every experiment has been repeated more than three times to guarantee 

the reproducibility of the results. The stacking faults density data as represented in 

(Figure 4.4, Figure 4.11, Figure 4.12, and Figure 4.16) represent the average stacking 

faults (SFs) density measured from different segments along the length of a single 

nanowire or directly from the whole length of the nanowire. Otherwise, more details 

about the sample size and calculating the average per data point are provided in the 

corresponding figure's caption. 

4.3.1 Typical Morphology and Crystal Quality of Pure Phase WZ-GaAs Nanowires 

This section is concerned with the morphology and crystal quality of pure WZ phase 

GaAs nanowires grown in this study. Mixed WZ/ZB phase nanowires exhibit a different 

morphology than the pure WZ phase ones, an aspect that will be presented and discussed 

later in this chapter. As depicted in the SEM images in Figure 4.1 (d, e), the GaAs 
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nanowires grow vertically on a GaAs (111)B substrate, corresponding to the 

<111>3C/<0001>2H direction the preferential growth direction for III/V nanowires31. These 

nanowires are uniform in morphology across all the diameters and inter-wire spacing.  

To correlate the morphology observed by SEM with the crystal structure of these 

nanowires, Figure 4.4a displays the crystal structure of five representative pure-phase 

WZ GaAs nanowires of diameter (DNW ≈ 50-60 nm), constructed from individual low 

magnification bright field (BF) TEM images taken across the whole length of the 

nanowires. The nanowires are confirmed to be of single-crystalline WZ structure with six 

atomically flat {1-100} facets as clearly identified in Figure 4.4b. The aberration-corrected 

high angle annular dark-field scanning TEM (HAADF-STEM) images in Figure 4.4 (c-e)  

 

Figure 4.4. Crystal Quality of the WZ- GaAs Nanowires: (a) Individual BF-TEM images acquired along 

the nanowires entire length of five representative GaAs core nanowires, recorded in the <11-20> zone axis. 

The wurtzite phase purity is evidenced by the low average stacking-fault density of 0-6 SFs/µm; SFs are 

indicated by red lines. (b) A zoomed-in BF-TEM image of the top part of one of the nanowires (framed by 

a black circle), for a clearer view of the nanowire crystal, and (c-e) HAADF-STEM images of the pure WZ 

phase GaAs nanowires showing the ABAB stacking except for the regions highlighted in red that represent 

the different types of SFs present in the crystal. These SFs exhibit types I1 and I2 SFs stacking. 
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reveal the ABAB bilayer stacking of the atoms in the GaAs nanowires; the hallmark of 

the WZ, i.e., hexagonal 2H crystal structure. Every layer of A and B refers to an ordered 

pair of GaAs. Furthermore, only a few stacking faults (SFs) are observed extending across 

the nanowire diameter. SFs extend across the whole diameter of the GaAs nanowires and 

are observed randomly along the nanowire length with a low density of 0-6 SFs/µm on 

average. These SFs are identified to be of types I1 and I2, which are typical intrinsic basal 

stacking faults (BSFs) in WZ crystals with single and double units of cubic stacking32, 

respectively within the WZ stacking, as explained in detail in Chapter 2, section 2.1.2.  

The Au-catalyzed WZ GaAs nanowires in this work are shown to be of untapered 

morphology, i.e., with no noticeable change in the diameter of the nanowires along the 

whole length of the nanowire as shown in the SEM images in Figure 4.1 (d, e) and the 

TEM images in Figure 4.4a. The nanowires are proven to be of six-fold symmetry with 

{1-100} facets. Moreover, the diameters of the nanowires in this study are shown to be of 

almost the same diameter as the Au particle diameter, as evident from the SEM and TEM 

images discussed in this chapter. The untapered morphology and the well-defined flat facets are 

characteristic of the WZ phase of the GaAs wires and allow discriminating WZ GaAs wires from 

mixed-phase wires easily by SEM images. 

4.3.2 Axial Growth Mode 

4.3.2.1 Influence of the Pitch and Diameter on the Axial Growth Rate 

The average axial growth rate, i.e., along the nanowire length, of GaAs nanowires, is 

studied as a function of inter-wire spacing and nanowires diameter. Figure 4.5 (a-e) 
presents SEM images of nanowire fields of a fixed diameter of DAu = 80 nm and varying 

pitch of (P = 0.5–3 µm), grown for 1 hr. The axial growth rate (Raxial) of the nanowires is 

plotted as a function of the varied pitch (0.25–3 µm) in Figure 4.5f. Likewise, the diameter 

dependence of the axial growth rate is studied in Figure 4.6. From the statistical studies 

in Figure 4.5f and Figure 4.6f, a constant axial growth rate (Raxial = 0.49 ± 0.02 nm.s-1 and 

0.49 ± 0.01 nm.s-1) is observed over the whole range of pitches and diameters, respectively. 

We can deduce that WZ-GaAs nanowires under the SGC grow independently, i.e., there 

is no shared collection area of precursors among neighboring nanowires. Such behavior 

indicates that the axial growth rate is neither substrate surface diffusion-limited nor mass 

transport limited. Otherwise, in a substrate diffusion-limited regime,  the growth rate is 
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supposed to decrease as P decreases due to sharing the available precursor materials 

among neighboring nanowires, known as materials competition regime33.  

Thus, we can conclude that WZ-GaAs nanowires under the SGC grow independently from each 

other under these growth conditions. This result confirms a short substrate diffusion length (λS) 

of precursors, which can be approximated to be smaller than 125 nm. The λS value is deduced 

as being half of the smallest studied P in our experiment, representing the radius of the 

maximum collection area of precursors around grown nanowires.  

The independence of the axial growth rate of the nanowire diameter for a 1 hour growth 

time, as illustrated in Figure 4.6f, is intriguing. In the literature of GaAs nanowire growth 

as well as other III/V nanowire systems, three diameter-dependent axial growth rate 

trends are reported. The first trend is that thinner nanowires grow faster than thicker 

nanowires following the typical growth relation driven by the surface diffusion of growth 

species (LNW ∝ 1/DNW), implying a mass-transport limited growth regime. This regime is 

 

Figure 4.5. Axial Growth as a Function of Inter-wire Spacing: (a-e) 30° tilted SEM images of WZ-GaAs 

nanowire arrays of DNW = 80 grown for tgrowth= 1 hr, spaced at different distances with respect to each 

other (P), (a) 0.5 µm, (b) 0.75 µm, (c) 1 µm, (d) 2 µm, (e) 3 µm. (f) A plot of the axial growth rate (Raxial) as 

a function of the inter-wire spacing. 
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the most frequent case experimentally realized and modeled in ZB III/V nanowire growth 

by the different growth techniques using typical ranges of nanowire diameters (DNW <200 

nm) 8,34–39. In the second regime, thicker nanowires grow faster than thinner nanowires 

due to Gibbs-Thomson (G-T) effect40. This trend is not frequently observed in GaAs 

nanowires with intermediate diameters since the G-T critical diameter of GaAs nanowires 

is estimated by Dubrovskii et al.23 to be relatively small in the range of (17-25 nm) under 

common growth conditions. Hence, the G-T effect can be neglected under our typical 

SGC and ranges of used diameters. The third regime shows increased growth rates for 

very thick nanowires grown by MBE due to the bulk diffusion in sufficiently large Au 

particles39,41. This regime can be neglected in our study since our diameters range is 

smaller than the reported range for this regime.42.  

Therefore, we can conclude that the axial growth rate of WZ GaAs nanowires under SGC is 

neither limited by mass transport from the gas phase nor by the G-T effect nor the surface diffusion. 

It is possibly limited by interface kinetics, as will be discussed in more detail below, where the 

formation of a growth nucleus at the triple-phase line is the limiting factor.  

 

Figure 4.6. Axial Growth as a Function of Nanowires Diameter: (a-e) 30° tilted SEM images of WZ-

GaAs nanowire arrays of different diameters DNW = 30-150 nm grown for tgrowth= 1 hr, spaced at a fixed 

pitch P = 1 µm. (f) A plot of the axial growth rate (Raxial) as a function of the nanowires diameter. 
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4.3.2.2 Influence of the Catalyst Surface Area on the Axial Growth Rate 

In MOVPE, it is known that the pyrolysis of materials precursors occurs on surfaces such 

as the heated substrate holder ‘susceptor’, the growth substrate, and hot reactor walls43. 

Also, in the case of catalyst-assisted epitaxy, metal catalysts are known for their catalytic 

effects accounting for enhanced material precursor decomposition and a larger 

adsorption rate44,45. To investigate the axial growth rate dependence on the presence of 

Au catalysts in our experiment, Raxial is plotted as a function of the catalyst surface fraction 

in Figure 4.7, given by eq. 4.1: 

 
Catalyst Surface Fraction =

πDAu
2

2P2  (4.1) 

Where DAu is the half sphere approximated particle diameter, which is approximately the 

same as the nanowire diameter DNW, P2 is the unit pattern area determined by the wire-

to-wire spacing in a square lattice.  Figure 4.7 can be considered a different representation 

for the same data sets, presented in Figure 4.5 and Figure 4.6, which provides us with 

more insights. Figure 4.7 exhibits a stable axial growth rate around (Raxial = 0.49 ±0.02 nm.s-

1) as the catalyst surface fraction increases (taking into account all diameters and all 

pitches), unlike similar Au-catalyzed GaP nanowires grown at relatively low 

temperatures (420-500°C) in MOVPE33. Hence, we can conclude that there is no catalytic 

effect of nearest neighboring Au catalysts on enhancing the materials precursors cracking 

or improving materials' adsorption as the catalyst surface fraction increases in this study. 

The absence of the Au catalytic effect is not surprising considering our high growth 

temperature (Tset = 615°C). The group III and V materials precursors, TMGa and AsH3, 

are fully decomposed above 475°C and 525°C, respectively, in an H2 ambient and the 

between TMGa and AsH3 accelerates their decomposition, suggesting TMGa and AsH3 

presence of GaAs substrates as reported in literature46,47. Moreover, the kinetic reaction in 

our experiment are fully decomposed at even lower temperatures48. 

According to the literature, the dominant surface adsorbed precursors are mostly 

monomethyl-gallium (MMGa) and AsH, under the utilized growth temperature in this 

study49,50. 
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Based on the above-discussed results, the growth of WZ-GaAs under these growth 

conditions follows the independent growth regime, where individual nanowires are 

treated as isolated independent islands that cannot interact through diffusion, as 

illustrated in Chapter 2, Figure 2.11c. Hence, we can conclude that the Raxial is independent of 

the inter-wire spacing, the Au catalyst size, and accordingly the nanowire diameter, as highlighted 

in Figure 4.7. 

 

Figure 4.7. Axial Growth Rate Dependence on Gold Surface Fraction: (a) axial growth rate (Raxial) of 

WZ-GaAs nanowires grown for 1 hr plotted as a function of gold catalyst surface fraction which is a 

function of inter-wire spacing (P) and the gold catalyst diameter which is approximately equivalent to 

the nanowire diameter (DNW). The different data points per pitch represent the different catalyst surface 

fraction values for different catalyst diameters.  The constant Raxial ≈ 0.5 nm. s-1 in the plot indicates no 

catalytic/synergetic effect of the gold particles on the axial growth of WZ-GaAs nanowires. The error 

bars representing the standard deviation in the measured Raxial are so small such that they are contained 

within the symbol size, (b) 30° tilted SEM images of representative individual WZ-GaAs nanowires 

corresponding to the inter-wire spacing range (0.5-3 µm) and diameters range (60 - 170 nm) presented 

in the plot in (a). The SEM images confirm the constant growth rate by showing a similar length for 

nanowires of all diameters and inter-wire spacing. 
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4.3.2.3 Evolution of Nanowire Morphology with Growth Duration 

The nanowire length and, accordingly, the axial growth rate evolution as a function of 

the growth time has been systematically studied by performing a growth time series. 

Figure 4.8 (a, b) presents the measured nanowires length (LNW) versus growth time and 

the axial growth (Raxial) as a function of the diameter of the nanowires (DNW). The nanowire 

lengths reported in this work are measured from the base, where the nanowire is attached 

to the substrate, to the interface between the Au catalyst and the nanowire crystal. The 

nanowire diameter is measured at the top of the nanowire from the vertex between two 

facets to the opposite vertex, i.e., SEM imaging has been performed along a <1-100> 

direction and TEM along the <11-20> zone axis. 

During the early stage of the growth process (for example for tg = 15 mins), we observe 

that nanowires of all diameters (DNW= 30 – 170 nm) have a similar average length (L30 nm= 

470 ± 25 nm, and L170 nm= 410 ± 13 nm) and thus a similar average axial growth rate (Raxial-

30 nm = 0.52 ± 0.02 nm/s, and Raxial-170 nm = 0.47 ± 0.01 nm/s) as also shown in Figure 4.8b. As 

the growth time increases, thin and thick nanowires start to behave differently. Given a 

certain growth period, thick nanowires in the range of DNW≥ 90 nm exhibit a constant 

axial growth rate (for all diameters within the same period) for the whole range of the 

experimented growth periods. 

However, for extended growth periods, thin nanowires' axial growth rate in the range of 

DNW ≤ 80 nm becomes larger for thinner nanowire diameters. For example, after tgrowth = 5 

hrs, L30 nm = 10.4 ± 0.3 µm, and L170 nm = 7.9 ± 0.2 µm with Raxial-30 nm = 0.5 ± 0.3 nm/s, and Raxial-

170 nm=0.3 ± 0.1 nm/s, respectively. The reported axial growth rate of every data point is 

calculated by dividing the entire length of the nanowire over the total time of the growth 

period corresponding to this data point and averaged over 30 representative nanowires 

per sample.  It is worth highlighting the difference in growth rates among different 

growth intervals for the same diameters. This might be due to irregularities between the 

different growth runs and slight variances in each growth run's substrate fabrication 

quality.  

The fact that the growth rate increases after a certain length for thin nanowires 

substantiates that the growth rate was not mass transport limited before the transition to 

higher growth rates. The transition point, where the axial growth rate increases, differs 

according to the nanowire diameter. The thinner the diameter, the earlier the transition 

point is. 
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Complimentary SEM images, chosen from DNW = 80 nm (representative of thin diameters) 

and DNW = 170 nm for (representative of thick diameters) of the 1 hr and 5 hrs growth time 

series, are presented in Figure 4.9 (a-d). For the short growth period (1 hr), both thin and 

thick nanowires are of similar morphology and length; untapered nanowires with flat 

side facets.  For the long growth period (5 hrs), the thick nanowires are still of the same 

typical morphology; however, thin nanowires exhibit a different o. They start the growth 

with the same morphology of constant diameter with flat side facets. The nanowire 

diameter becomes unstable after a certain length, resulting in rough side facets and a total 

length of the nanowires longer than their thick counterparts. 

To understand this behavior of increasing the growth rate of thinner nanowires 

compared to thicker ones as the growth duration increases, a detailed crystal structure 

study via TEM of a representative thin nanowire  (DNW= 80 nm) grown for short and 

prolonged growth periods (1 and 5 hrs) is shown in Figure 4.10. The nanowire grown for 

1 hr (Figure 4.10a) displays well-defined flat facets and a pure WZ crystal structure with 

very few SFs.  The Au catalyst on top of the nanowire has a contact angle β close to or a 

little above 90°, complying with the contact angle range for pure WZ growth reported in 

the literature for WZ III/V nanowires11,51,52. 

 

Figure 4.8. Evolution of Nanowires Length with Time: (a) Average nanowires length (LNW) of different 

diameters (DNW = 30-170 nm) plotted as a function of growth time (tgrowth = 0.25-5 hrs). (b) Corresponding 

average axial growth rates (Raxial) to (a) as a function of DNW calculated by dividing the entire nanowire 

length over the entire growth duration of the corresponding data point. The error bars in (a) and (b) 

represent the standard deviation in LNW and Raxial. 
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Figure 4.9. Representative Morphology of Thin and Thick Nanowires for Short and Long Growth 
Periods:  30° tilted representative SEM images of thin and thick nanowire arrays (DNW = 80 nm and 170 

nm) grown for short and long growth periods (tgrowth = 1 hr and 5 hrs), respectively: (a) 1 hr and 80 nm, 

(b) 1 hr and 170 nm, (c) 5 hrs and 80 nm, and (d) 5 hrs and 170 nm. Insets in (a-c) show zoomed in SEM 

images of individual nanowires of their corresponding arrays with a focus on the top part of the 

nanowire. The insets show a clear difference in morphology between thin and thick nanowires when 

grown for quite long growth periods. Both thin and thick nanowires share a similar morphology when 

grown for 1 hr: well-defined atomically flat facets, a constant diameter from bottom to top and a similar 

contact angle. On the other hand, SEM images of thin and thick nanowires grown for several hours show 

different morphologies. Thick nanowires maintain a similar morphology to short wires, but thin 

nanowires exhibit two regimes. The morphology of the bottom part of the thin nanowires is similar to 

short ones with straight, flat facets, but the top part shows a diameter modulation leading to roughness 

of the nanowires sidewalls and a noticeable decrease in the DNW towards the top. 
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Figure 4.10. Comparison of the Crystal Structure of Thin, Similarly Sized Nanowires Grown for Short 
and Long Growth Periods: BF-TEM images of relatively thin nanowires of the same design diameter 

(DNW = 80 nm) grown for (a, b) 1 hr and (c-e) 5 hrs. (a) BF-TEM image of a representative 1.6 µm long 

and 81 nm wide nanowire, constructed from individual images. The crystal structure is shown to be of 

pure WZ phase with a very low SFs density of 4 SFs/µm. The SFs are indicated by red lines. (b) High 

magnification BF-TEM images of the framed regions in (a) confirming the WZ crystal structure. (c) A 

low magnification BF-TEM image of a 10 µm long nanowire. The bottom part of the nanowire (framed 

in solid green) exhibits a similar DNW = 82 nm in contrast to the top part (framed in solid Red) that is of 

DNW = 62 nm. (d) The nanowire in (c) exhibits three distinct regions with three different crystal qualities: 

pure WZ (solid green frame), heavily defected WZ (blue frame) and mixed WZ/ZB (solid red frame). 

The transition point between the latter two regimes is indicated by the black arrow. Defects are shown 

as dark horizontal lines running across the nanowire diameter. (e) High magnification BF-TEM images 

of the mixed-phase top part of the nanowire and the shape of the Au particle (framed in dotted red) and 

the WZ bottom part (framed in green dotted color). 
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This is a representative result for the whole range of grown nanowires (DNW= 40-170nm). 

However, unexpectedly, when the nanowires of the same diameter are grown for a longer 

period of 5 hrs (Figure 4.10b), it is observed that the nanowires show a pure WZ crystal 

structure and a morphology similar to the 1 hr sample only up to a certain length. 

Afterward, the SFs density increases progressively until the crystal structure switches to 

a heavily defected WZ or a mixed WZ-ZB phase part for the rest of the nanowire length. 

In our analysis, the transition point is chosen to be where the SFs density becomes 

uncountable in intermediate magnification TEM images. The morphology at this heavily 

defected or mixed phase part is different from that of the pure WZ part, as observed in 

SEM images. The defected part has rough side facets accompanied by variation in the 

nanowire diameter; usually, a shrinkage in the DNW compared to the WZ part. The Au 

catalyst at the top of the defected part of the nanowires is a bit inflated compared to the 

particle in the pure WZ case indicating a polytypic crystal structure (i.e., mixed-phase), 

as depicted from the TEM images. This result is consistent with the study performed by 

Lehman et al.7, which helps to correlate the crystal structure quality inferred from TEM 

characterization with the contact angle shown in the SEM image.  

Figure 4.11 summarizes the relationship between the phase purity of the WZ nanowires 

and their diameters as a function of time. The top panels of Figure 4.11 (a, b) display 

representative TEM images for the top part of the studied GaAs nanowires of varying 

diameters grown for 1 hr and 5 hrs, respectively. According to the performed TEM 

analysis, the SFs density reflecting the crystal quality is plotted as a function of the DNW 

for both growth periods (tgrowth = 1 hr and 5 hrs) at the bottom panels, respectively.  

From this analysis, we can conclude that the transitional length that indicates the end of 

the pure WZ segment in the NWs is longer for thick NWs than for their thinner 

counterparts. Despite not being reported in MOVPE grown III/V nanowires, this length-

dependent onset of polytypism is consistent with what is reported in the literature of 

MBE growth of InP nanowires by Cornet et al.53. Also, the diameter-dependent 

transitional length of the nanowires in our study is similar to what is observed by Dheeraj 

et al.49 for WZ-GaAs nanowires grown by MBE. Utilizing the obtained results, we have 

managed to achieve pure WZ crystals up LNW ≈ 15-18 µm by using thicker nanowire 

diameters of DNW ≈ 170 nm compared to LNW ≈ 2-3 µm with DNW ≈ 60 nm with the SGC in 
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this study, see Figure 4.12. This is a major improvement compared to the length of pure 

WZ- GaAs nanowires reported in the literature6,7,16,17,29,54,55. 

It is important to note that the transition point from pure WZ to polytypic GaAs coincides 

with the increase of the growth rate, strongly indicating that the change of the growth 

rate is indicative of a change in the growth kinetics leading to a different growth regime 

than that of the WZ phase in this material system. The contact angle here plays a major 

role such that a contact angle outside the reported range for the WZ phase leads to the 

formation of a mixed-phase/cubic segment. In our study, the length growth rate of pure 

 

Figure 4.11. Summary of the Time Dependent Crystal Quality as a Function of Nanowire Diameter: 
(a, c) BF-TEM images of the top parts of thin and thick nanowires showing representative shapes of the 

Au particles for different diameters grown for (a) a short growth period (1 hr), and (c) a long growth 

period (5 hrs). (b, d) Corresponding plots of the stacking faults density as a function of the nanowire 

diameter (DNW). The defect density is shown to be negligible (< 5 SFs/µm) for the whole range of grown 

diameters grown for a short period (1 hr). Similarly, thick nanowires (DNW ≥ 120 nm) grown for a long 

growth period ( 5 hrs) maintain the pure WZ crystal structure with a defect density < 2 SF/ µm unlike 

thinner nanowires (<100 nm) where the defects density starts to rapidly increase at the top part of the 

nanowire (highlighted in light blue) up to 1 SFs/ nm  and it turns to a mixed WZ/ZB phase (highlighted 

in light red). 
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WZ GaAs is lower than that of the mixed or ZB phase. This means that the nucleation 

kinetics of a new atomic bilayer is the rate-limiting factor and that the energy of formation 

of a WZ GaAs nucleus is higher than that of a ZB nucleus 8,50.  

  

 

Figure 4.12. Achieving High Aspect Ratio Pure Phase WZ Nanowires: (a) 30° tilted SEM image of a WZ-

GaAs nanowires array grown for tgrowth = 7.5 hrs with DNW = 170 nm achieving LNW = 11 µm. (b, c) BF-TEM 

images of the bottom and top parts of one of the GaAs nanowires in (a) with its few SFs indicated by the 

red lines. (d) An overview BF-TEM image of the crystal structure over the whole length of the nanowire 

from bottom to top constructed from individual images showing a consistent morphology and pure WZ 

crystal quality with a SF density of 1.6 SFs/ µm. (e) Representative selected area electron diffraction 

pattern (SADP) from a ~0.2 µm long segment of the nanowire verifying the defect-free WZ quality.  (f) 
HAADF-STEM image clearly showing the ABAB stacking of the GaAs pairs in the WZ crystal of this 

GaAs nanowire. 
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4.3.3 Competitive Growth Modes 

Vapor-solid (VS) driven growth on the substrate surface or the nanowires side facets can 

happen concurrently with the VLS-driven axial nanowire growth according to the chosen 

growth conditions. The following sections discussed the additional growth modes in our 

material system: the radial growth mode and the competitive layer growth on the 

substrate. 

4.3.3.1 Radial Growth 

The change in the nanowire diameter along the nanowire length and accordingly the 

resulting tapering angle of a nanowire grown for a specific growth period (tgrowth = 1 hr) 

is illustrated in a. The radial growth rate is explained in Chapter 2 in eq. 2.2 and the 

resulting tapering ratio and tapering angle are defined in eq. 2.3 and eq. 2.4.  

Figure 4.13a exhibits the average tapering ratio and tapering angle to be less than 0.01 

and 0.1°, respectively. This results in a negligible radial growth for the whole range of 

experimented diameters of pure WZ nanowires (DWZ-NWs = 75-165 nm). Smaller diameters 

(DNW < 75 nm) were not included in the study due to their very small lateral dimensions, 

which hinders accurate measurements from the SEM images.  

Further studies of the radial growth over the whole range of experimented growth 

periods (tgrowth = 0.25-5 hrs) have been performed to understand the radial growth 

evolution during each growth interval. Figure 4.13b shows a plot for the measured 

average nanowire diameter for different Au particle sizes as a function of the growth 

time. This analysis clearly shows that the WZ nanowire diameter remains constant as the 

growth interval increases, denoting neither observed radial growth nor tapering. 

The absence of radial growth for prolonged growth periods suggests a very low 

probability for nucleation of new layers on the WZ-GaAs nanowire sidewalls under the 

chosen growth conditions. This indicates a very long side wall diffusion length of the gas 

precursors exceeding tens of microns. In this scenario, the growth precursors landing on 

the nanowire sidewalls will either diffuse upwards along the nanowire sidewalls towards 

the catalyst and contribute to the nanowires' vertical growth or diffuse towards the 

substrate and contribute to the parasitic layer growth on the substrate. This scenario is 

consistent with the fact that the formation energy of a WZ crystal layer is higher than its 
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ZB counterpart, thereby promoting nucleation on the cubic substrate and not on the WZ 

nanowire sidewalls 2,11. 

4.3.3.2 Evolution of Parasitic Substrate Growth 

In addition to the axial and radial growth modes of our WZ-GaAs nanowires, an 

additional growth mode appears during our growth process. We observe parasitic layer 

growth evolving in between the bases of the axially grown nanowires as the growth 

process progresses in time. Figure 4.14 exhibits SEM images of the nanowires growth 

evolution of nanowire arrays of the same diameter and pitch as a function of growth time 

in the range of 0.25-3 hrs. All SEM images show a rough substrate surface due to the 

parasitic layer growth on the GaAs substrate. At very short growth periods (for example, 

tgrowth = 0.25 hr), the layer growth is very minimal and appears in the form of small, 

isolated islands, either centered around the nanowire position where attached to the 

substrate or between the nanowires. As the growth interval increases up to tgrowth = 3 hrs, 

 

Figure 4.13. Radial Growth in WZ-GaAs Nanowires: (a) A plot of the tapering ratio, which is the 

difference between the top and bottom diameter of the nanowire with respect to the total nanowire 

length, and the tapering angle of WZ-GaAs nanowires grown for 1 hr and inter-wire spacing of 1µm as 

a function of the nanowire diameter, as indicated in the inset sketch. This plot indicates minimal 

tapering ratio and tapering angle confirming that radial growth is negligible along the nanowires length 

within the same growth period. (b) Nanowire diameter (DNW) plotted as a function of the growth 

interval (tgrowth) for a different range of diameters (DNW = 88-167 nm). This plot shows the evolution of 

the nanowires diameters with time indicating no change in the diameter over the course of the growth 

interval no matter how long it is as long as it is pure crystal structure.  The dotted lines indicate the 

average value of the indicated diameter. The error bars represent the standard deviation of the plotted 

quantity. 
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the islands grow higher in the form of pyramids terminated by {111} facets. 

Simultaneously, the bases of the islands grow wider and extend to merge with 

neighboring islands, forming a complete layer. Then the same process goes on, leaving a 

rough substrate surface. This layer growth mode indicates that the substrate acts as a sink 

for the precursors impinging on the substrate. Due to the long diffusion length of 

precursors on the nanowire sidewalls, the substrate growth competes for precursors that 

may contribute to the nanowires’ axial growth. 

 

 

Figure 4.14.  Evolution of Parasitic Layer Growth with Prolonged Growth Periods: Representative 

30° tilted SEM images of GaAs nanowires of the same diameter (DNW) grown for (a) 0.25 hr, (b) 0.5 

hr,(c) 1 hr, and (d) 3 hrs showing an evolution of the substrate surface roughness as a result of the 

parasitic GaAs layer growth in between the grown nanowires. It evolves from separate small islands 

growing at the beginning as in the 0.25 hr case and then the islands proceed to grow wider and higher 

with time, forming connected pyramidal shaped islands on the GaAs substrate surrounding the grown 

nanowires. 
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4.4 Why WZ-GaAs Nanowires turn Polytypic after certain Length? 

WZ-GaAs nanowires' behavior turning polytypic after a certain length and having the 

transition point occurring earlier for thinner nanowires than thicker ones is intriguing. 

The diameter dependence of the WZ crystal quality along the nanowires' length for high 

aspect ratio nanowires is less reported in the III-V nanowire literature except for the 

growth kinetics of short nanowires lengths (LNW < 2-3 µm.  Thus, the trends we have 

observed for quite long nanowires (LNW >> 2-3µm) have not been reported for the growth 

of WZ-GaAs nanowires before. To the best of our knowledge, only two reports have 

discussed a similar effect in MBE-grown GaAs46 and indium phosphide (InP)49 

nanowires, and they proposed different explanations for the onset of polytypism. 

If we compare the growth behavior of short nanowires from our studies to the trends 

described in MOVPE GaAs growth in the literature, an entirely different trend is 

observed7F7F7F

*. In the literature, the crystal structure is strongly dependent on DNW under low 

or high V/III precursor ratio 4,14,56. In some reports, the pure WZ phase is achieved mostly 

in nanowires of very small diameters. The crystal progressively changes to a 

predominantly ZB phase for thicker diameters in the case of high V/III ratios4,14, and the 

opposite behavior is observed in the case of lower V/III ratios56. On the contrary, in our 

study, we observe a stable pure WZ phase over the whole range of nanowires diameters 

ranging from few tens of nanometers up to few hundreds of nanometers.   

Literature studies of Au-catalyzed WZ GaAs nanowires in MOVPE widely acknowledge 

that the imbalance of the effective group V to group III fluxes influences the crystal 

structure as experimentally observed 5–7,16 and modeled 21,24. The V/III ratio is either too 

large or too small, corresponding to a Ga-limited regime or an As-limited regime, 

respectively. However, the time-dependent crystal phase switching from the WZ regime 

is not well investigated to our knowledge. Mostly, growth models assume the nanowire 

growth to be a dynamic equilibrium such that the droplet composition changes 

throughout one nucleation cycle but stays the same on average over a larger time scale. 

                                                 

* In these literature studies the nanowires are grown at different growth conditions. However, we are 

showing the comparison for the sake of understanding our results in light of the reported results. To the 

best of our knowledge no report in the literature has systematically studied the growth kinetics of WZ Au- 

catalyzed III-V nanowires as a function of the growth substrate design parameters and nanowires 

dimensions. 
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Therefore, to understand the underlying kinetics leading to polytypism in our WZ-GaAs 

nanowires after a certain time during the same growth period and while keeping the set 

growth conditions in the MOVPE reactor constant, we will first summarize our 

experimental findings and conclusions: 

 Crystal phase-related morphology of nanowires: WZ GaAs nanowires are of 

constant diameter and have six atomically flat facets from bottom to top with a 

contact angle of the Au catalyst particle close to 90°. Heavily defected or mixed 

phase nanowires have rough irregular sidewalls with a change in the diameter 

across the length with a mostly tapered morphology and a contact angle different 

from 90°as clearly visible in Figure 4.9-Figure 4.11. 

 Short surface diffusion length (λS) of precursors on the GaAs (111)B substrate: The 

precursors’ diffusion length is estimated to be smaller than 125 nm supported by 

the pitch-independent axial growth rate confirming that WZ-GaAs nanowires 

growth is not substrate diffusion-limited. 

 The WZ GaAs growth rate is not Ga transport limited: in the first hours of growth, 

the axial growth rate is diameter-independent, suggesting that growth is limited 

by interface kinetics at the wire-catalyst particle interface. This is confirmed by the 

fact that the growth increases after the transition from WZ to polytypic growth. 

 No Au catalytic effect on enhancing the axial growth rate: dense areas of Au 

catalysts or Au catalysts of bigger sizes neither enhance the materials precursors 

cracking nor improve precursors' adsorption as compared to areas with a lower 

catalyst surface fraction. 

 Diameter-dependent length of the defect-free WZ segment in the nanowires: 

thicker nanowires can be grown much longer while maintaining WZ phase purity 

than thinner nanowires. Thinner nanowires turn polytypic at a certain transition 

point. 

 No radial growth for prolonged growth periods: this suggests a very low 

probability for the nucleation of new layers on the WZ-GaAs nanowire sidewalls 

under the chosen growth conditions.  

 Planar growth: layer growth on the substrate in between nanowires gets more 

pronounced as the growth time increases. 
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Based on these experimental findings, a deep understanding is required of the different 

possible mechanisms leading to instability in the growth conditions essential for WZ 

growth. Time-dependent changes in the Au droplet composition can influence the 

chemical potential20,21,57, surface energies25,26, the particle surface area, and its contact 

angle58–61, which in turn can affect the thermodynamic and kinetic processes of WZ and 

ZB formation. The most critical parameters for these variables are the proper effective 

V/III ratio at the nanowire growth front and the growth temperature. Hence, we can list 

the potential sources of the growth instability: 

 A non-constant thermal profile along the nanowire length leading to temperature 

variations as the growth proceeds. This can influence the Au droplet contents (Ga 

and As concentrations), leading to changes in the contact angle. The magnitude of 

this effect is discussed in section 4.4.1. 

 A change in the supply of group III or group V atoms affecting the effective V/III 

ratio at the axial growth front and the contact angle. In the summary of 

experimental findings listed above, it was stated that for the initial hours of the 

growth, we could exclude the mass transport limited growth regime. The influence 

of the growth for extended periods will be discussed in section 4.4.2. 

It can be even more complex and both parameters (T and V/III ratio) can be related to 

each other such that if the thermal gradient along the nanowire length is very 

pronounced, the precursor concentrations in the Au particle can be influenced and, in 

turn, the Au droplet size and shape can be changed, causing polytypism in the crystal 

structure. 

4.4.1 A Non-constant Thermal Profile along the Nanowires during Growth 

A non-constant thermal profile along the nanowires as the growth proceeds might affect 

the growth process on many levels. Changes in substrate temperature may produce 

changes in Ga and As concentrations in the droplet, but the change in the latter is almost 

negligible, as confirmed by in-situ TEM growth studies58. This can influence the Au 

particles composition and hence may produce changes in the chemical potentials,  surface 

energies, and Au contact angle, which is, according to nucleation-based models, the 

primary governing mechanism of polytypism in III-V nanowires11,20. It can also affect the 

rate of adsorption and desorption from the Au droplet. Hence, the degree of 

supersaturation in the liquid alloy droplet influences the crystal structure of the nucleated 

layers. Furthermore, nanowires' thermal conductivity might differ depending on the 
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nanowire diameter, as observed in III-V nanowires62. In this section, we focus on the 

possibility of diameter dependent decrease of the temperature across the length of 

nanowires as growth proceeds. 

The single temperature, fixed pressure, and fixed V/III total flow ratio growth scheme in 

our study are chosen initially to exclude any temperature dependency of the precursor 

decomposition and nucleation kinetics. Yet, realistically, there might be a temperature 

difference across the length of the nanowire. The bottom part of the nanowire is attached 

to the heated substrate. The nanowire's top part is away from the hot substrate and might 

experience a cooling effect due to being in contact with the non-heated gas precursors 

coming out of the showerhead inlets. 

Glas and Harmand63 modeled the thermal profile along GaAs nano-whiskers growing on 

a hot substrate in a high vacuum atmosphere, and they concluded that temperature drop 

along the length of the nanowires is negligible except if they are of extremely small 

nanometric radii ( few nanometers) and very long lengths (hundreds of microns). Other 

researchers reported that for longer nanowire lengths (4 um), the temperature difference 

between the cooled nanowire free top and the hot fixed bottom might exceed 25 ℃, which 

is dependent on the gas pressure64. These models give an estimate of the trend. However, 

other factors might influence the accuracy of the numbers, which might not be taken into 

account, such as the reactor's geometry, the path of flowing gases, the thermal 

conductivity of nanowires versus bulk material, the thermal conductivity of WZ versus 

ZB…etc. 

To experimentally approve or disapprove the influence of a small temperature drop 

along the nanowire on the Au particle contact angle and accordingly the crystal structure, 

we repeated the growth of GaAs nanowires using the SGC scheme but at a reduced 

substrate temperature than our optimal temperature (Tset = 590 ℃, ΔT = 25 ℃). The 

obtained results based on SEM images (not shown here) show that the nanowires 

morphology and the Au particle contact angle, at the reduced temperature, are not 

affected by this small temperature drop. TEM characterization has been performed as 

elucidated in Figure 4.15 to confirm the crystal structure quality. The BF-TEM images 

confirm the nanowires' high-quality WZ phase across the range of grown diameters with 
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a quite low defect density. Hence, we can conclude that a slight decrease in the growth 

temperature is probably not enough for the occurrence of polytypism and letting the 

growth happen outside the desired parameters space for achieving the WZ phase in Au-

catalyzed GaAs nanowires. 

4.4.2 A change in Supply of Group III or Group V Precursors during Growth   

The second hypothesis mentioned above for the reduced stability of the WZ nanowires 

growth is the change in effective V/III ratio at the axial growth front. To gain insight into 

 

Figure 4.15 Crystal Phase Quality of WZ-GaAs Nanowires Grown at a Tset = 590 ℃: (a-e) BF-TEM 

images of five nanowires of different diameters selected randomly from the range of DNW = 40-180 nm. 

The tilted red lines indicted the position of stacking faults in the nanowires. The images confirm a pure 

WZ crystal structure for the reduced growth temperature (Tset = 590 ℃) with a very low stacking fault 

density as summarized in (f). (f) A plot summarizing the stacking faults (SFs) density as a function of 

the average nanowires diameter as measured after growth. Every data point represents the average 

stacking SFs density per this average diameter, averaged over at least three nanowires. Vertical and 

horizontal error bars represent the standard deviation of the measured average SFs density and average 

nanowires diameter, respectively. The horizontal error bars are invisible because they are almost of the 

same size of the symbols. 
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the parameters affecting this ratio, we have to consider the three possible fluxes of 

precursors (group III and group V) that determine the final effective supersaturation and 

V/III ratio at the GaAs nanowire VLS growth, as summarized in Chapter 2, Figure 2.9: 

(1) Direct impingement: adsorption of (Ga) and (As) species from the vapor phase 

onto the surface of the Au droplet. This influx scales with the surface area of the 

Au droplet (I ∝ R2). In our experiments, there is a continuous supply of gas 

precursors, yielding constant flows of the III and V precursors (Ga-, As-based) 

reaching the catalyst particle. 

(2) Surface diffusion: diffusion of impinging precursors landing within the catalyst 

particle's collection area to get incorporated at the growth interface. The diffusion 

length of precursors on a solid surface (λ) is defined as the average distance the 

precursors travel before being incorporated on this surface, nucleate with other 

precursors, or re-evaporate from the surface. There are two possible surface 

diffusion contributions: 

a) Substrate diffusion: diffusion of impinging precursors on the unmasked 

GaAs (111)B surface in our growth studies. Since we concluded that the 

substrate diffusion length is very short, substrate diffusion can be discarded 

from contributing to the axial growth of the WZ-GaAs nanowires in our 

study. 

b) Nanowire Sidewall diffusion: diffusion of precursors on the {1-100} WZ 

GaAs nanowires sidewalls in our study. The net flux of precursors scales 

with the perimeter of the nanowires (∝ R). Only precursors impinging on 

the nanowire sidewalls with a distance less than the sidewall diffusion 

length can effectively contribute to the axial growth. Here, we are mainly 

considering Ga precursors since the solubility of As in Au is much lower 

than that of Ga65. Since there is no noticeable change in the growth rate of 

pure phase WZ nanowires up to tens of micrometers8F8F8F

* despite increasing the 

sidewall surface area when the nanowire becomes longer, we can conclude 

that the net flux of precursors incorporated by the droplet is limited, most 

likely by the rate-limiting step which is the nucleation of a new layer at the 

droplet-nanowire interface. It is worth noting that despite the stability of 

                                                 

* We achieved nanowires length up to 18 𝜇m. Longer nanowires were not experimentally tested. 
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the axial growth rate of the pure WZ phase, the wetting angle of the droplet 

might change during growth. 

(3) Layer Growth on the Substrate: this is a mechanism counteracting the net flux of 

material towards the catalyst particle. This process acts as a sink for supplied 

material precursors. It has a low material consumption at the beginning of the 

growth process but increases in magnitude as the substrate roughness increases. 

We assume a planar smooth surface at the beginning of the growth (tgrowth = 0). 

Then, the roughness of the substrate surface increases, creating more available 

sites for adatom incorporation66.  

Hence, we have two competing mechanisms: (1) the incorporation of growth species in 

the Au droplet promoting growth and (2) the layer growth on the substrate consuming 

part of the growth species as the growth process proceeds. Accordingly, the increase in the 

magnitude of layer growth can result in a net flux of precursors downwards the nanowire 

sidewalls. The direct impingement of growth units on the gold droplet may not be sufficient to 

maintain the Ga concentration in the Au droplet, leading to changes in the Au droplet contents 

and the occurrence of polytypism at a specific time.  

Having discussed the possible sources of growth species and sources of instability, we 

speculate that the polytypism happens in our WZ-GaAs nanowires mostly due to a 

decrease in Ga supply or an increase in As at a specific time during the growth. When the 

Ga concentration decreases in the Au particle, the particle’s volume decreases 

accordingly, as experimentally reported7,67. On the contrary, if the As concentration 

decreases, the Au particle volume does not decrease substantially due to the very low 

solubility of As in gold58.  By looking at the Au particle morphology and the contact angle 

of the polytypic nanowires in our study, we find that they resemble the morphology of 

the nanowires grown under a slightly higher V/III ratio than 2.4, reported by Lehman et 

al.7. Hence, a slight change in the Ga supply can influence the dynamic equilibrium 

composition of the catalyst particle, resulting in the promotion of ZB or polytypic WZ/ZB 

nucleation.  Note that thinner nanowires are more sensitive to this change since any small 

reduction in the fraction of precursors reaching the Au particle –beyond supersaturation- 

through diffusion or direct impingement will have a bigger influence on the catalyst 

contact angle. This is evident by looking at the contribution of the various sources of 

contributing precursors on the composition of the Au droplet: (1) direct impingement (I) 

is proportional to the surface area of the Au droplet (I ∝ R2), (2) diffusion on nanowires 

sidewalls (λW) is proportional to the lateral surface of the cylindrical nanowire (λW ∝ R) 
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and finally (3) the contact angle is proportional to the volume of the Au-Ga9F9F9F

* (β ∝ R3). This 

hypothesis of polytypic structures driven by Ga deficiency in the Au particle is 

experimentally tested in the following section. 

4.4.3 Ga Pulsing for Restoration of WZ Crystallinity 

Getting rid of WZ/ZB crystal phase switching related to instabilities in the effective V/III 

ratio has been achieved in the literature by either injecting more group- III element17 in 

the growth system or by interrupting the group III flow68 during the nanowire growth 

window. To verify if the polytypism occurring in the growth of WZ-GaAs nanowires in 

our study is induced by a Ga limitation, we use the Ga loading/injection technique during 

growth close to the transition point.  In this technique, growth is interrupted by closing 

the group-V (As) source, and an extra group-III material precursor (Ga) is introduced for 

a very short period. The growth is resumed by opening the As source again, aiming at 

achieving a prolonged defect-free WZ segment. 

To test this hypothesis, GaAs nanowires with DNW = 60-65 nm were used. Based on our 

experimental time series results, these nanowires are of pure WZ phase until reaching a 

LNW ~4 μm (corresponding to tgrowth= 3 hrs), and they turn to a tapered rough morphology 

with a mixed phase structure when they reach 7.5 μm length (corresponding to tgrowth = 

4.5 hrs). A sample with mixed-phase nanowires with tapered tops and rough side facets, 

grown for 4.5 hrs under the previously mentioned typical growth conditions, is used as 

a reference sample, see Figure 4.16a. Using an identical sample, an AsH3 interruption is 

performed for 60 seconds after 3 hrs of nanowire growth with the purpose of Ga loading 

into the Au particle during growth. This AsH3 flux interruption is performed while 

keeping the TMGa flux for 60 s. Then, the growth is resumed by opening the AsH3 flux 

again for another 1.5 hrs to achieve a total of 4.5 hrs growth similar to the reference sample 

as schematically explained in Figure 4.16b.  

Figure 4.16c shows an SEM image for an array of nanowires pulsed with TMGa for 60 

secs. The bottom part of the nanowires exhibits atomically flat faceted nanowires of DNW-

bottom = 60 nm. Further up the nanowire, a gradual increase in the nanowire diameter is 

noticed until a huge irregularly shaped segment is formed corresponding to the Ga-pulse. 

Then the diameter decreases again, resulting in a nanowire morphology similar to the 

                                                 

* The assumption of Au-Ga alloy particle is based on the fact that As content in the a alloy particle is 

almost negligible (<1-2%) as confirmed by in-situ TEM growth studies72 
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bottom part and a similar diameter, DNW-top = 64 nm. Decreasing the pulsing time to 30 s 

and 10 s as shown in Figure 4.16 (d, e) in a trial of decreasing the diameter of this 

unwanted wide segment in the middle, results in the absence of a local diameter increase 

for most of the nanowires and only a slight change in the diameter occurs after the 

pulsing. BF-TEM images of the 60 s and 10 s samples are shown in Figure 4.17 (a-d), 
exhibiting a single crystalline defect-free WZ structure from the bottom of the nanowire 

to the top except for the thick segment in the middle in the case of the 60 s Ga pulse.  

The fact that the defect density was increasing before the Ga-pulse and the pure WZ 

crystal structure was restored after the Ga-loading step confirms that the nanowires' 

polytopic top parts result from a Ga-limited or As-rich growth regime and not an As-

 

Figure 4.16. Influence of Ga pulsing on the Restoration of the WZ Crystallinity: (a) 30° tilted SEM 

image of a reference sample with GaAs nanowires array of DNW = 65 nm grown for 4.5 hrs. The top part 

of most of the nanowires exhibit a defected morphology where the top part is tapered and exhibit a 

rough surface as shown in inset framed in red. (b) A modified growth scheme where the Ga pulsing is 

achieved by interrupting the growth by closing the AsH3 source for the desired time of Ga loading and 

then the growth is restored by opening the AsH3 again. (c, d)  30° tilted SEM images of GaAs nanowires 

arrays grown for 3 hrs then Ga pulsed for (c) 60 s, (d) 30 s then grown for 1.5 hours more achieving a 

total growth interval of 4.5 hrs. (e) Similar nanowire arrays to those in (c and d) but of DNW = 50 nm, 

and grown for 1.5 hrs, then pulsed for 10 s and resumed growth for another 5 hrs achieving a total 

growth interval of 3 hrs which typically give a defected morphology without pulsing. This is performed 

as a proof of concept that the pulsing technique works for different diameters. 
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limited regime. The gradual decrease of the nanowires' diameter after Ga loading 

indicates that the Au droplets are capable of releasing excess Ga atoms in the form of an 

irregularly shaped segment until the catalyst reaches a stationary composition value that 

is maintained in the dynamic equilibrium producing an atomically flat faceted nanowire. 

This is confirmed by the absence of the irregularly shaped segment from the 30 s and 10 

s pulsed nanowires. 

Despite not being representative of the dynamic equilibrium growth conditions, the Ga 

loading experiment gives an insight into the influence of the change in the effective V/III 

ratio on the nanowire phase switching. We can deduce that when the Ga concentration 

in the Au particle is reduced below a critical value, the contact angle decreases too. 

According to nucleation-based growth models, the energy of forming a new nucleus at 

 

Figure 4.17. Corresponding Crystal Structure of Ga-pulsed Nanowires: BF-TEM images obtained in 

the <11-20> zone axis of samples pulsed for (60 s and 10 s), corresponding to the samples in Figure 4.16 

respectively. (a) A zoomed-out BF-TEM image of one representative nanowire of the 60 sec pulsed 

sample showing a constant nanowire diameter until the Ga pulsing and filling the Au droplet starts. 

Then a noticeable increase in the nanowire diameter until it reaches the maximum with the end of the 

pulsing duration as framed in solid yellow line, then the nanowire diameter gradually decreases until 

the droplet reaches a steady state composition. (b, c) High magnification BF-TEM images of the top 

(framed in solid green) and bottom (framed in dotted green) parts of the nanowire in (a) showing that 

the crystal structure and morphology of the nanowire before and after pulsing is pure WZ. The 

nanowire diameter after pulsing stays the same as before DNW ≈ 60 nm. (d) BF-TEM images constructed 

from individual picture across the length of many nanowires pulsed for 10 s showing that the pulsing 

for short enough period restores the WZ crustal structure without a noticeable diameter change. 
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the TPL is the lowest when the contact angle of the catalyst is aligned with the nanowire 

side facet. For WZ, {1-100} facets are formed, which are parallel to the nanowire growth 

direction, and thus a 90° contact angle is required for the formation of WZ. For ZB {1-

11}A or {1-11}B, side facets can be formed with a smaller or larger angle than 90°, 

respectively. This means that when the contact angle deviates from 90° the system tends 

to nucleate in the ZB phase.5,7,13. 

4.5 Challenges of WZ-GaAs Nanowires Growth 

Achieving ordered arrays of high aspect ratio pure phase WZ GaAs nanowires has been 

a challenging goal due to many aspects, as will be discussed in detail in this section. As 

previously discussed, the growth of a high aspect ratio pure WZ phase is quite 

challenging to be achieved in thinner nanowires under the SGC due to the onset of 

polytypism at a certain transitional height. Hence, thicker nanowires are preferred and 

used to achieve high aspect ratio pure phase core nanowire templates. 

One of the main challenges of growing thicker nanowires is the displacement of the Au 

particles during the annealing step before growth. Figure 4.18 shows two panels 

consisting of SEM images of two different diameters (DNW = 40, 170 nm); each represents 

small and large surface area Au particles. Figure 4.18 (a, d) displays the Au disks of 

diameters 40 nm and 300 nm, arranged in a square array with perfect control over their 

position after fabrication and prior to introducing the MOVPE reactor. After the 

annealing step at high temperature, it is observed that small Au disks de-wet and form 

an alloy by uptake of Ga from the substrate resulting in a similar size with minimal 

movements around their original position. On the contrary, wide Au disks shrink almost 

to half their size and become very mobile at this temperature, and undergo a bigger 

movement leading to a disorder of the Au disks' arrangement. Figure 4.18 (c, f) exhibits 

the ordered thin and disordered thick nanowires, respectively. This result is consistent 

with what has been reported in the literature for large surface area patterned Au arrays 

by nanoimprint for InP nanowire growth on unmasked substrates by Otnes et al.69.  

To help immobilize the Au disks before growth, a low-temperature nucleation step (Tnucl 

= 400 °C) is introduced before the high-temperature annealing (Tann = 635 °C) step for few 

minutes, using the same precursor flows used for WZ-GaAs nanowires growth. After the 

low-temperature nucleation step, the standard growth procedure for the GaAs nanowires 

growth followed in this work is resumed. The nucleation step refers to the nucleation of 
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few GaAs layers to help anchor the Au droplet to the GaAs substrate. Figure 4.19 (a, d) 
displays a reference sample for disordered thick nanowires resulting from high-

temperature annealing following the SGC. Figure 4.19 (b, e) shows the result of applying 

the low-temperature nucleation step directly after fabrication and the corresponding 

grown nanowires. Despite enhancing the order of Au particles in the square array, an 

undesirable effect of Au splitting occurs, promoting the nucleation of multiple nanowires 

per site of not pure WZ crystal structure as apparent from the contact angle of the Au 

particles in the SEM images. The Au splitting, given a suitable thickness of the Au disk, 

is believed to be due to organic residues existence resulting from an improper cleaning 

procedure after the lift-off process. The low-temperature nucleation further hinders the 

 

Figure 4.18. Disorder of Nanowires Arrangement: Two nanowire array fields of different diameters, 

grown on the same substrate under the SGC and underwent the same fabrication process. The thin 

nanowires array of DNW = 40 nm is presented in the top panels and the thick ones of DNW = 170 nm is in 

the bottom panels. (a, b) and (d, e) Array of Au disks before annealing, and after annealing at high 

temperature Tann = 635 ℃ (standard annealing T in this study), repectively, and (c, f) corresponding 

WZ-GaAs nanowires grown using the respective Au arrays. 
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coalescence of these small split droplets. The effect of organic residues mediated parasitic 

growth has been reported by Pierret et al.70. An extra oxygen (O2) plasma cleaning step is 

proposed after fabrication and prior to the low-temperature nucleation step to eliminate 

organic residues.  

Figure 4.19 (c, f) confirms the effectiveness of the O2 plasma step in reducing Au splitting. 

Hence, a combined plasma and low-temperature nucleation treatment prior to the 

standard growth scheme in this study promotes the order of the grown nanowires in their 

designated positions in the array. 

An additional challenge to the growth of high aspect ratio GaAs nanowires is the parasitic 

nanowire growth among the pure phase GaAs nanowires. This unwanted growth is 

negligible at short growth periods, as seen in Figure 4.20a. As the growth interval 

increases, the parasitic wires become pronounced and interfere with the pure phase 

 

Figure 4.19. Promotion of the Nanowires Array Periodicity: SEM images of Au particles after annealing 

following different treatments in the the top panels, and the corresponding grown nanowires in the 

bottom panels: (a, d) following the SGC after annealing at high temperature (Tann = 635 ℃) without extra 

treatments, (b,e) with an extra nucleation step at low temperature (Tnucl = 400 ℃) prior to the high 

temperature annealing, and (c, f) with an additional O2 plasma treatment in combination with the low 

temperature nucleation. 
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nanowires, as shown in Figure 4.20b. This will constitute an obstacle for the growth of 

high-quality hexagonal SiGe alloys later. Again, this parasitic growth results from 

improper surface cleaning of the substrate before the growth. An extra O2 plasma 

treatment step prior to the growth, as previously discussed, helps suppress parasitic 

growth and improves the order of the nanowires, as clearly shown in Figure 4.20c. A 

promising alternative can be utilizing a dielectric mask in combination with the VLS 

growth to suppress the parasitic growth resulting from both layer growth on the 

substrate and organic residues71. 

  

 

Figure 4.20. Parasitic Growth Evolution with Growth Time: SEM images of WZ-GaAs nanowires 

grown for (a) 3 hrs, representing short growth period where the parasitic growth is still negligible, (b) 
9 hrs, representing long growth periods leading to pronounced parasitic growth, and (c) 9 hrs with an 

extra O2 plasma treatment prior to the growth to suppress parasitic growth and enhance ordering of the 

nanowires. 
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4.6 Conclusion 

In this chapter, pure WZ phase, Au- catalyzed GaAs nanowires, grown by MOVPE on an 

unmasked GaAs (111)B substrate, have been systematically studied following a growth 

scheme with a fixed total V/III ratio and a single substrate temperature. The growth 

kinetics of this material system has been thoroughly investigated as a function of the 

nanowire diameter, interspacing, and length in addition to a variable duration of the 

growth interval. For short growth periods, i.e., short nanowires, untapered nanowires are 

obtained with flat side-facets and a pure WZ phase. Above a certain critical length, which 

is diameter-dependent, the onset of stacking faults is observed. The occurrence of 

polytypism is identified in this study to result from the instability in the effective local 

V/III ratio at the growth front. The crystal growth instability has been driven by a change 

in the Ga composition in the Au droplet during growth due to the competition between 

the axial growth and parasitic layer/island growth on the substrate. The growth 

instability and the resulting polytypism are more pronounced for thinner nanowires and 

almost negligible for thick enough nanowires. Hence, temporarily, thick nanowires have 

been employed to obtain high aspect ratio pure WZ GaAs nanowires to be utilized as a 

hexagonal core template in the following chapters. 
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Direct Band Gap Emission from 
Hexagonal Ge and SiGe Alloys

Abstract—Silicon crystallized in the usual cubic (diamond) lattice structure has 
dominated the electronics industry for more than half a century. However, cubic Si, Ge, 
and SiGe alloys are all indirect band gap semiconductors that cannot emit light 
efficiently. Accordingly, achieving efficient light emission from group-IV materials has 
been a holy grail in silicon technology for decades and, despite tremendous efforts, it has 
remained elusive. Here, we demonstrate efficient light emission from direct band gap 
hexagonal Ge and SiGe alloys. We measure a sub-nanosecond, temperature-
insensitive radiative recombination lifetime and observe a similar emission yield to 
direct band gap III-V semiconductors. Moreover, we demonstrate the tunability of the 
emission wavelength in a broad range by controlling the hexagonal SiGe alloy's 
composition while preserving a direct band gap. Our experimental findings are shown 
to be in excellent quantitative agreement with the ab initio theory. Hexagonal SiGe 
embodies an ideal material system to fully unite electronic and optoelectronic 
functionalities on a single chip, opening the way towards novel device concepts and 
information processing technologies.

This chapter is based on the following publications: 
Fadaly, E. M. T.; Dijkstra, A.; Suckert, J. R. et al. Nature 580, 205–209 (2020)
de Matteis. D.; De Luca, M.; Fadaly, E. M. T. et al. ACS Nano 14, 6845 6856 (2020)

Chapter Contributions—Samples Fabrication, Nanowires Growth and 
Materials Data Analysis: Elham Fadaly (TU/e), TEM: Marcel Verheijen (TU/e-
Eurofins), XRD: Dorian Ziss (JKU Linz), APT: Sebastian Kölling (TU/e), DFT 
Calculations: Jens Renè Suckert (Jena), PL: Alain Dijkstra, Marvin van Tilburg, 
Victor van Lange (TU/e).
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5.1 Introduction 

Over the past decades, silicon (Si) has been the workhorse of the electronics-based 

semiconductor industry and the most ubiquitous material due to its unique physical, 

electronic and technological properties. However, due to its indirect nature of the band 

gap where radiative transitions are unlikely, silicon cannot emit light efficiently– a 

property that has seriously constrained its applications to electronics and passive optical 

circuitry7–9. Silicon technology can only reach its full application potential when 

supplemented10 with an efficient, direct band gap light emitter. Extensive research has 

been performed to investigate the various possibilities of getting light out of Si and 

Germanium (Ge) for the end goal of fabricating an integrated optoelectronic microchip1–

7, yet it remained elusive. 

Remarkably, electronic structure calculations of group IV-Semiconducting materials, 

especially Ge-rich SiGe alloys, of a hexagonal crystal structure, have been theoretically 

predicted by multiple research groups to exhibit a direct bandgap nature11–17. They 

showed that it provides an opportunity of achieving a tunable direct bandgap in the 

wavelength window of 1.38-1.8 μm.  This is expected to allow hexagonal (Hex) SiGe to 

be a new light emitter in the important low-loss window for optical telecommunication 

(1.55 μm). Hence, Hex-SiGe would qualify to be an ideal material system to unite 

electronic and optoelectronic functionalities on-chip, thereby opening new frontiers for 

new device concepts. 

Various methods have been proposed to grow Hex-Si or -Ge, including vapor-liquid-

solid nanowire growth and strain-induced crystal transformation18–27, but with limited 

success. The reported hexagonal crystals were either very tiny volumes or heavily 

defected, which is not suitable for probing their intrinsic optical and electronic properties.  

Remarkably, the nanowire geometry offers a unique platform for realizing new crystal 

structures which might be inaccessible except under extreme fabrication conditions. 

Recently, nanowires have been utilized as a template for transferring the crystal structure 

in a core-shell geometry achieving new crystal phases28–30. This ‘crystal transfer’ technique 

demonstrated a generic route to grow defect-free Si-rich Hex-SiGe crystals. Wurtzite 

(WZ) gallium phosphide (GaP) nanowires have been utilized as a nearly lattice matching 

hexagonal template. However, the WZ-GaP nanowires core template couldn’t achieve 

similar defect-free structures of hexagonal Ge-rich SiGe compositions - the reported range 
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of interest for achieving the tunable direct band gap nature- due to strain-induced defects 

initiated by the lattice mismatch between GaP and Ge-rich SiGe31. 

In this study, we employ the ‘Crystal Transfer’ technique but utilizing WZ-GaAs 

nanowires instead of WZ-GaP as hexagonal templates. Theoretically, GaAs/Ge and 

GaAs/Si0.40Ge0.60 materials systems, representing the two endpoints of the predicted 

binary system of interest with a direct band gap (Figure 2.8 (Chapter 2)), exhibit 

reasonable lattice mismatches of Δa = 0.07 % and 1.5 % in the cubic phase at room 

temperature, respectively, see Figure 1.3 (Chapter 1). The unit cell dimensions of 

hexagonal SiGe alloys have not been reported thus far. Hence, we can consider that GaAs 

qualifies as the perfect hexagonal template for the epitaxy of Ge-rich SiGe compositions. 

Outline of the chapter—Ge-rich Hex-SiGe alloys is a new class of materials with 

unexplored structural, electronic, thermal, mechanical, and optical properties. In this 

chapter, we will explore the epitaxy of single-crystalline Hex-SiGe crystals in terms of 

their structural and optical properties. The chapter is divided into two segments: the first 

tackles the fabrication of material, and in the second one, we explore the optical 

properties of the fabricated materials. We start by investigating the epitaxy of high-

quality Hex- Ge and Hex-Si1-xGex with x> 0.6. We study the crystal structure and 

compositional uniformity of the fabricated structures utilizing electron microscopy. We 

further shed light on the challenges faced during the growth of these structures and the 

limitations of the fabrication technique. Then, we complement the performed structural 

characterization by x-ray diffraction (XRD) study to map the unexplored lattice 

parameters of the studied compositions and confirm the crystalline quality. Afterwards, 

we explore the optical emission properties of Hex-Ge and Hex-Si0.20Ge0.80 as two 

representative compositions with photoluminescence spectroscopy. Eventually, we 

compare the emission efficiency of our Hex-SiGe structures to the state-of-the-art III-V 

compounds of direct bandgap nature. The experimental results in this chapter are 

reported in an exploratory manner more than a systematic study to understand the 

opportunities and limitations of the material system. 

5.2 Experimental Details 

We fabricate Hex-Ge and -Si1-xGex crystals using WZ (2H) GaAs nanowire core templates. 

The epitaxy of the GaAs/SiGe core/shell structures has been performed in low pressure 

(50 mbar) close couple showerhead (CCS) metal-organic vapor phase epitaxy (MOVPE) 



5. Direct Band Gap Emission from Hexagonal Ge and SiGe Alloy 

128 

reactor using a total gas flow rate of 8.2 slm (standard liters per minute). The core/shell 

structure growth steps are schematically illustrated in Figure 5.1 (a-d). We grow Ge-rich 

Si1-xGex alloys around gold (Au) catalyzed GaAs nanowire cores on a GaAs (111)B 

substrate as shown in Figure 5.1 (a, b). The GaAs nanowires growth has been previously 

discussed in detail in Chapter 4. In this chapter, we utilize two GaAs core dimensions: 

thin short cores (DGaAs= 50 nm, LGaAs= 1-2 µm) and long thick ones (DGaAs= 185 nm, LGaAs= 

8-10 µm). Thin GaAs cores (few tens of nanometers thick) are preferred to further reduce 

lattice strain and strain-induced defects.  However, due to the limited achieved length of 

the pure wurtzite phase in thin cores, as discussed in Chapter 4, thick cores are exploited 

to achieve high aspect ratios. High aspect ratio structures are desired for the purpose of 

fabricating sufficient volume of Hex- Si1-xGex crystals to probe their optical properties. 

Prior to the Si1-xGex shell growth, the Au catalyst seeds are chemically etched with a 

cyanide-based (KCN) solution to avoid Au contamination in the shell, see Figure 5.1c. 

Eventually, Si1-xGex shells of the desired thickness are grown epitaxially around the GaAs 

nanowire cores using 1% diluted germane (GeH4) and 1% diluted disilane (Si2H6) gas 

precursors, see Figure 5.1d. 

The hexagonal shell growth starts by introducing the Au-free GaAs cores in the MOVPE 

growth chamber and ramping up the heater temperature to the desired growth 

temperature under a H2 ambient. Then, the Ge or both Si and Ge gas precursor sources 

(GeH4 and Si2H6), respectively, are switched on to initiate the growth at the desired gas 

flow rates. The growth is continued for the specified growth period, and then it is 

terminated by switching off the gas precursors and the heater, and the sample is cooled 

down under H2. 

For the growth of pure Hex-Ge, GeH4 molar fractions of χGe = 8.5×10-7 and 1.7×10-6 are used 

for the growth of the shells on thin and thick GaAs cores, respectively. In the case of Hex-

SiGe growth, the combined molar fraction of both Si2H6 and GeH4 used is χSiGe = 1.1×10-5. 

The optimum thermocouple set temperatures for the epitaxy of Hex-Ge and Hex-SiGe 

are found to be 650 °C and 700 °C, respectively, as will be discussed in detail in the coming 

sections. The growth period of the hexagonal shells was varied according to the desired 

thickness of the shell. 
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5.3 Epitaxial Growth of Hexagonal Shells 

The epitaxial growth of Hex-SiGe shells on WZ-GaAs nanowire cores in this study is 

explored by varying some of the growth conditions: the growth temperature (T), and the 

growth period (tgrowth). Initially, T is varied to probe the optimal growth temperature 

window for achieving high-quality single-crystalline shells. Then, we proceed by 

exploring the development of the crystal growth as a function of the growth period by 

conducting tgrowth series. Afterwards, we explore the compositional uniformity of the SiGe 

alloys as a function of the Ge content in the alloy.  

 

Figure 5.1. Schematic Illustration of the Nanowire Growth Process: (a) The WZ core nanowire growth 

starts with a GaAs (111)B substrate patterned with Au catalyst seeds, which is introduced in the MOVPE 

reactor and annealed at a temperature higher than the eutectic temperature allowing for the formation 

of an alloy between the catalyst seed and the substrate. (b) Next, the GaAs gas precursors (TMGa and 

AsH3) are introduced, and Au-catalyzed GaAs core nanowires are grown. (c) To proceed with the SiGe 

shell growth, Au seeds are chemically etched away from the GaAs cores. Subsequently, the cores are 

annealed at high temperature to desorb any residual contaminants from the GaAs surface and repair 

any nanoscale roughness that might have been introduced by the etching process. (d) The sample is 

reintroduced to the MOVPE reactor and a Hex-SiGe shell is epitaxially grown around the GaAs cores 

from precursors (Si2H6 and GeH4). (The molecules are drawn with the freely available MolView 

Software (http://www.molview.org/)). The 30° tilted SEM images in the bottom panels of a–d are 

representative of the results of the growth steps in the top panels, with insets in b and c displaying a 

magnified image of the nanowire. 

http://www.molview.org/
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In addition, the GaAs core dimensions (diameter (DGaAs) and length (LGaAs)) have been 

varied to examine their influence on the compositional uniformity and crystalline quality 

of the SiGe alloys, allowing for optimization of the dimensions. Hence, the experimental 

results will tackle the growth of Hex- Ge and Hex-SiGe shells on both thin and thick WZ-

GaAs nanowire cores. The thickness of the GaAs nanowire core, as will be discussed later, 

will show a significant difference in the growth of Hex-SiGe in terms of the alloy 

composition. However, it makes no difference for Ge. 

5.3.1 Morphology and Crystal Structure of Epitaxial Hex-Ge 

To examine the epitaxial crystal transfer between GaAs and Ge, a thin shell has been 

grown around an Au-free WZ-GaAs nanowire at a set temperature of 650 °C. Figure 5.2a 
displays an overlay of a HAADF-STEM image and an EDX profile indicating the 

positions of the interfaces of two core/shell nanowires acquired across their diameters as 

indicated by the red horizontal line. The image indicates the core/shell nanowires to be 

composed of a GaAs core in the middle (green and blue profiles) and a thin Ge shell 

around the GaAs core (red profile). The EDX compositional line profile plotted in Figure 
5.2b indicates that we have a GaAs core of diameter around 40 nm, despite starting with 

a 50 nm core prior to the growth, and a Ge shell of a thickness around 9 nm. The reduction 

of the GaAs core size after the growth is a signature of the evaporation of a part of the 

GaAs core during the early stage of the Ge shell growth. Figure 5.2c exhibits a low 

magnification HR-STEM image of a similar GaAs/Ge core/shell nanowire, acquired in the 

<11-20> zone axis. There is a minimal contrast between GaAs and Ge in the HAADF-

STEM images due to the quite similar atomic weights of the two materials. Yet, the Ge 

appears a little darker than GaAs in this imaging mode. A HAADF-STEM image focusing 

on the interface between GaAs and Ge is shown in Figure 5.2d. Having a clear continuous 

ABAB stacking of the atomic planes in both the GaAs and Ge parts signifies the perfect 

epitaxy of Hex-Ge on GaAs and the single-crystalline, hexagonal nature of Ge along the 

growth direction <0001>.  

As the Ge growth interval is extended for longer periods (6 hrs), the Ge shell gets thicker, 

preserving the core/shell geometry and the single crystalline nature, which is visible in 

the six maintained well-defined, atomically flat facets, see Figure 5.3a. Moreover, the 

cross-sectional Electron Dispersive X-ray (EDX) spectroscopy map shown in Figure 5.3b 

confirms the preservation of the expected core/shell geometry and the sharpness of the 
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interface between the GaAs core and the Ge shell.  Having a closer look at the crystal 

structure of a segment of the thick GaAs/Ge Core/shell structures as shown in Figure 5.3c, 

the selected area diffraction pattern (SADP) in Figure 5.3d confirms the high quality of 

the hexagonal crystal phase of the structure grown in the <0001> direction with {1-100} 

side facets.  

 

Figure 5.2. Epitaxy of Hex-Ge shells on WZ-GaAs Core Nanowire: (a) HAADF-STEM image of a pair 

of two parallel, representative WZ-GaAs/Hex-Ge core/shell nanowires, overlapped with an EDX profile 

of the elemental composition of the structure. (b) A radial profile of the elemental composition of the 

two core/shell wires shown in (a), acquired across the red horizontal line. The various elements are 

color-coded to elucidate the structure, green and blue for Ga and As, red for Ge and yellow for O. (c) 
High resolution low magnification HAADF-STEM image viewed in the <11-20> zone axis of a 

representative GaAs/Ge structure showing no clear contrast between Ge and GaAs, yet the Ge thickness 

is inferred from the EDX profile in (b). (d) An Aberration-corrected HAADF-STEM image of the framed 

region in a white box on (c), exhibiting the transfer of the ABAB hexagonal stacking of the atomic 

columns from the WZ-GaAs core to the Hex-Ge shell. 
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Despite the valuable elemental mapping information provided by EDX, its limited 

detection limit (0.1-0.3 wt% in bulk materials) hinders the detection of very small 

elemental traces in nanostructures (≈ 0.01 wt%)32.  Hence, we employ atom probe 

tomography (APT), which is a powerful technique due to its high sensitivity at atomic 

parts per million (ppm) level and spatial resolution in angstroms, to determine the purity 

of the synthesized crystals and the level of incorporated foreign impurities33. Figure 5.4 

 

Figure 5.3. Structural Quality of Hex-Ge Crystals: (a) 30° tilted-view SEM image of a representative 

array of high quality WZ-GaAs/Hex-Ge core/shell nanowires with core diameter/shell thickness of 

35nm/200nm with {1-100} side facets grown  on a GaAs(111)B substrate. (b) EDX elemental map of a 

radial cross-sectional lamella of a representative GaAs/Ge core/shell nanowire, exhibiting the WZ-GaAs 

nanowire core in the center in blue and the Ge shell around in red. (c) A BF-TEM image of a vertical 

cross-sectional lamella of a similar GaAs/Ge structure (160/180nm). The partial dark lines, visible across 

the Ge-Shell regions in the BF-TEM image in (c), represent a new class of planar defects in hexagonal 

group IV crystals. They are different from the conventional cubic and high order WZ-polytypic full 

planar defects commonly observed in hexagonal crystals; a topic that will be discussed later in Chapter 
6. (d) The corresponding diffraction pattern of the nanowire segment in (c) displaying a well-defined 

non-streaky diffraction pattern, indicating a high-quality hexagonal structure grown in the <0001> 

crystallographic direction. 
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exhibits APT characterization of Hex-Ge.  Figure 5.4a reveals an axial and radial three-

dimensional cross-sectional volume constructed from an APT characterized GaAs/Ge 

core/ shell segment of length, L = 1.4 μm, and core diameter, DGaAs= 35 nm, and a shell 

thickness, rGe = 80 nm. A radial line profile across the framed region, indicated by a dashed 

white box, is plotted in Figure 5.4b. Ge is shown to form a shell around the hexagonal 

GaAs core, which is consistent with the previously discussed EDX maps. In addition, a 

number of impurities are visible in the shell structure: arsenic (As), gallium (Ga), Oxygen 

(O), carbon (C) and nitrogen (N). O, C, and N impurities can be neglected since they most 

probably originate either from the surface of the nanowire which has been stored in a 

glove box under N2 atmosphere or from the vacuum background in the APT 

measurement setup. The more relevant impurities are Ga and As which may act as p-

type and n-type dopants, respectively, for Ge. A homogeneous concentration of As at a 

level of approximately 400 ppm is observed in the entire shell while the Ga concentration 

drops to a value below 100 ppm (close to the noise level) within 40 nm. The As and Ga 

 

Figure 5.4. APT Characterization of Hex-Ge: (a) A three-dimensional axial and radial volume 

reconstruction of part of a hex GaAs/Ge core/shell nanowire with radial thicknesses of 35 nm/80 nm. Ge 

(red) is shown to form a shell around the hexagonal Ga (green) and the As (blue) core. For clarity, in the 

radial 3D volume, only a slab of 50 nm thickness of the entire 1.4-μm-long analysis is shown.  (b) A plot 

of the atomic species concentration in the Ge shell in the dotted framed rectangular region (white) as a 

function of the radial distance across the core/shell structure. Every data point in the plot represents a 

2-nm slice taken parallel to the entire length of the nanowire excluding the cubic top part of the 

nanowire. A homogeneous concentration of As at a level of approximately 400 parts per million is 

observed in the entire shell while the Ga concentration drops after 40 nm of shell thickness to a value 

below the ~100 parts per million level.  
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impurities originate most likely from the species evaporated from the GaAs core and 

from the unmasked GaAs substrate. This has been evidenced partly by the shrinkage of 

the core diameter during the first few nanometers of the shell growth. Another potential 

source of impurities includes the ambient of the MOVPE reactor chamber since the same 

reactor chamber (despite using a different inner quartz kit per material family) is used 

for the growth of both Group III-Vs and Group IV materials, as discussed in detail in 

Chapter 3. Hence, we can conclude that our Hex-Ge shells are heavily n-doped of nearly 

1019 cm-3 impurity concentration.  

5.3.2 Optimization of Hex-Ge Growth Temperature 

In order to determine the optimal growth temperature window of Hex-Ge, the growth 

has been investigated by perfo rming a coarse series of growth temperatures, TGe, in the 

range of thermocouple set temperatures (500-800 °C) at a fixed GeH4  molar flow rate and 

a fixed growth period. Long enough growth periods are employed during the 

temperature series experiments to minimize the effect of any temperature-dependent 

growth delay at the beginning of the growth and to be able to distinguish the 

temperature-related differences in morphology and crystallinity. Figure 5.5 shows SEM 

images of the as-grown Hex-GaAs/Ge core/shell structures in the intermediate range of 

temperatures (550-650 °C) grown for 6 hrs with a constant GeH4 molar fraction  (χGe = 

1.7×10-6), utilizing a thick  WZ-GaAs core (LGaAs = 8-10 µm, DGaAs = 185 nm). 

The morphology and radial dimensions of the as-grown GaAs/Ge structures, shown in 

the SEM images in Figure 5.5 (b-d), clearly demonstrate Ge shell growth at all 

temperatures, compared to the bare GaAs cores in Figure 5.5a. This confirms the 

formation of a core/shell structure for the whole range of experimented temperatures. At 

TGe < 800 °C, well-defined smooth Ge-shells are formed with six {1-100} facets following 

the faceting of the WZ-GaAs cores, indicative of the crystalline nature. However, at TGe≈ 

800 °C, the resulting core/shell structures have a mixed hexagonal/cubic crystal phase, as 

evident from TEM studies, and they have been partly or completely evaporated, 

indicating a too high temperature; more details are discussed in the Appendix of Chapter 
7 and Supporting Figure 7.1. 
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The morphology and crystal structural quality of these (TGe < 800 °C) GaAs/Ge core/shell 

structures have been thoroughly investigated by SEM and TEM. Along the entire length 

of the structure, the GaAs nanowire core exhibits a constant diameter. At the bottom part 

of the nanowires, the core/shell structures have a pyramidal-like base which originates 

from the GaAs core growth and increases in size during Ge overgrowth. The wires exhibit 

a rod-like region of around 3.4 µm segment length in the middle, with a constant shell 

diameter. Towards the top, a gradual increase in the Ge shell thickness is clearly visible, 

resulting in an inversely tapered Ge shell of around 1.4 µm segment length, which is quite 

similar in morphology to the bottom pyramidal island. It is suggested that the increase in 

the shell thickness at the top and bottom parts of the structure is due to an enhanced 

collection of the Ge precursors from the gas phase and the substrate, where the concave 

parts act as preferential nucleation sites. The crystal structure of all these segments is 

found to be of pure hexagonal phase except the very top part. The top segment of the 

structure consists of a defected cubic Ge segment of a few hundred nanometers length 

(L~370 nm in this case), which is grown on top of the hexagonal core/shell structure. 

Hence, the working temperature window for the growth of single-crystalline Hex-Ge is 

found to be in the range of 500 °C ≤ TGe < 800 °C.  Lower temperatures than 500 °C are not 

investigated in this study. Despite the high-quality single-crystalline nature of the 

fabricated Hex-Ge shells in the range of 550-650 °C, the optimum TGe is found to be 650 

 

Figure 5.5 Temperature Series of Hex-Ge Shell Growth: 30° tilted-view representative SEM images of 

(a) an array of WZ-GaAs nanowires of DGaAs = 185 nm and LGaAs = 8 µm, grown in the <0001> 

crystallographic direction on a GaAs (111)B substrate.  The displayed GaAs nanowire array is imaged 

after the Au particles etching step and the core surface repair via annealing at high temperature under 

TMGa and AsH3 pressure prior to the Hex-Ge growth step. (b-d) Hex-Ge shells overgrown on the WZ-

GaAs core in (a) at various thermocouple set temperatures: (b) 550 °C, (c) 600 °C, (d) 650 °C. 
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°C, which will be discussed later in this chapter based on the characterized optical 

properties. 

5.3.3 Evolution of the Hex-Ge Shells over Time 

To understand the development of the Hex-Ge crystal growth over time, a growth time 

series is performed at the optimum TGe = 650 °C using a constant GeH4 flow rate. Figure 
5.6a shows a representative SEM image of the Au-free WZ-GaAs nanowires used as a 

core template for the growth of the Hex- Ge shells shown in Figure 5.6 (b-d).  These Hex-

Ge shells are grown for a variable growth period in the range of 2-8 hrs, exhibiting an 

increase in the Ge shell thickness as the growth time increases. Figure 5.6e yields two 

distinct regions. At the beginning, we find an incubation time where the growth of the 

Hex-Ge shell is delayed under these growth conditions for about 1.5 hrs. Such a growth 

offset has been reported for the epitaxy of the cubic GaAs/Ge heterostructure system34,35. 

In these works, the growth delay is explained by the higher energy barrier for bonding 

of Ge atoms to an As-terminated than a Ga-terminated surface. Tang et al.35 and Wang et 

al.36 report longer incubation periods for As desorption from the GaAs (100) and (110) 

surfaces, resulting in a Ga-rich surface, which enhances the formation of Ge-Ga bonds, 

which are more stable than Ge-As bonds. This kinetic behavior is consistent with our 

observation that the incubation time is much longer for lower temperatures and vice 

versa (for example, 3 hrs for 500 °C; data is not shown). 

After the incubation period, the shell thickness increases linearly with time. The linear 

behavior is consistent with what has been reported in the literature by Hauge et al. and 

Ren et al.30,37. regarding the epitaxy of hexagonal group IV crystals in a core/shell 

geometry.  Such linear dependence of the Ge shell thickness as a function of growth time, 

despite the increase of the active epitaxial surface area due to radial growth, designates 

that the growth is rather limited by interface kinetics, i.e., the nucleation of a new Ge layer 

than materials supply. Furthermore, the possibility of a limited supply of precursors can 

be ruled out by looking at the rapid radial evolution of the thickness of the cubic Ge part 

at the top and the hexagonal Ge bottom part of the structures in comparison to the 

hexagonal shell growing on the GaAs nanowire side facets. 
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5.3.4 Calibration of the Ge Molar Fraction in Hex- Si1-xGex 

To further study the growth of Hex- Si1-xGex alloys, it is useful to first map the Ge content 

in the alloyed SiGe shell as a function of the Ge molar fraction, at a constant total (Si2H6 

and GeH4) molar flow. In this study, a wide range of Hex- Si1-xGex compositions (0 < xinput 

≤ 0.50) are studied on a thin WZ-GaAs core (DGaAs = 50 nm). Figure 5.7 displays the 

incorporated Ge fraction in the solid SiGe shells as a function of the Ge fraction in the 

input flux, grown at 650°C. eq. 5.1 explains how the input Ge fraction (xGe-input) is 

calculated: 

 xGe-input=
χGe

2χSi+χGe

  (5.1) 

 

Figure 5.6. Growth time Series of Hex-Ge Shell Growth: 30° tilted-view representative SEM images of 

Hex-GaAs/Ge core/shell nanowires. The Hex-Ge shell growth in (a-d) has been performed at a fixed 

temperature (650 °C) and a fixed molar fraction of χGe = 1.7x10-6 and variable growth periods: (a) 2 hrs, 

(b) 5 hrs, (c) 6 hrs and (d) 8 hrs. (e) A plot of the average shell thickness of the grown Hex-Ge shells in 

(a-d) as a function of the growth period. Every data point is an average of the shell thickness over 10 

nanowires of its corresponding sample. The error bars represent the thickness variations among those 

10 nanowires. 
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Where χ
Ge

 and χ
Si

 are the GeH4 and Si2H6 molar fractions, respectively. The factor two 

in front of the Si2H6 molar fraction accounts for the fact that there are two silicon atoms 

in Si2H6 compared to one germanium atom in GeH4. 

Five compositions, represented by the solid black dots in Figure 5.7, covering the whole 

range of composition of interest, have been determined by STEM-EDX, and the rest of the 

data points have been estimated from the interpolation between the EDX data (blue 

triangles). Owing to the growth kinetics, the input percentage of gas precursors in the 

MOVPE reactor does not always match the actual incorporated atomic percentage in the 

grown Si1−xGex shell structures. We have also observed that the incorporation efficiency – 

and thus the ratio of incorporated Si: Ge - is temperature-dependent. This behavior is 

most probably due to the different cracking (i.e., thermal decomposition) efficiency of 

both precursors under the used growth conditions and the different incorporation 

kinetics. It has already been reported in the literature for the CVD growth of cubic SiGe 

growth by different techniques30,38,39 and for Hex-SiGe growth around GaP by Hauge et 

 

Figure 5.7. Ge Fraction Calibration Curve: A calibration curve for the incorporated atomic fraction of 

Ge in the as-grown SiGe shells.   To map the compositional output onto the input Ge fraction, the real 

content of four Si1−xGex shells was measured by STEM-EDX and plotted as solid black circles. The 

compositions of additional samples were determined based on their input Ge fraction by interpolating 

the STEM-EDX data points and are indicated by blue triangles. The error bars for the black data points 

represent the standard deviation in the composition across three different analyzed nanowires per 

sample. 
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al.30. However, quantitatively studying this temperature-dependent behavior is outside 

the scope of this thesis. We have selected one optimal temperature (TSiGe = 650°C) and 

performed the calibration of the Ge molar fraction at this temperature.  The absolute 

values of the Ge fraction as determined by STEM-EDX are confirmed by determining the 

composition of a single sample, corresponding to the MOVPE input Si0.10Ge0.90, with both 

STEM-EDX and APT. The APT data is provided in Supporting Figure 5.3 and represents 

three different nanowires. Both techniques yielded almost the same Ge composition—

0.74 and 0.75 respectively—which is within the standard deviation across the whole 

sample. The reproducibility of the calibration curve is confirmed by photoluminescence, 

which will be discussed later in section 5.4, where almost identical spectra are observed 

for two different samples grown with the same input Ge fraction. 

5.3.5 Structural Properties of Hex-Si1-xGex by XRD 

The crystal quality and lattice parameters of a range of GaAs/Si1-xGex compositions (x > 

0.50) were studied by XRD measurements using synchrotron radiation. Figure 5.8 and 

Figure 5.9 show sets of two-dimensional intensity maps of symmetrical and asymmetrical 

reflections referred to it later as symmetrical and asymmetrical reciprocal space maps 

(RSMs), respectively, for samples with Si1-xGex shells with Ge solid compositions of x=1.00, 

0.92, 0.86, 0.74, and x = 0.61. The symmetrical and asymmetrical RSMs show the shift of 

the (0008) and (-1018) reflections, respectively, as a function of the Ge-concentration. 

These reflections are exclusively allowed in the hexagonal crystal phase. The higher the 

Ge-concentration, the more the hexagonal reflections shift to lower values in the 

reciprocal space (RS) coordinate system, indicating an increase in the out-of-plane lattice 

parameter c and the in-plane lattice parameter a. From the narrow peak-widths along Qout-

of-plane, we can conclude that the overall crystal quality is very high. We estimate a stacking-

fault (SF) density of 2-4 SFs/µm by calculating the average peak-widths along the <0001> 

direction of the WZ reflections shown in Figure 5.9a. Due to the presence of SFs, the 

coherently diffracting domains along a given crystalline direction feature only a finite 

size. The limited size of these domains leads to crystal size effects when performing XRD 

measurements. The broadening of the diffraction peaks along a certain direction scales 

inversely proportional with the average size of a defect-free domain along the very same 

direction, which is a measure of the average distance between defects. Narrow peaks 

indicate the presence of long defect-free segments/domains in the nanowires. These 

results are in good agreement with the TEM measurements performed on the cores of the 

same samples, as shown in Chapter 4.  We determine the a and c-lattice parameters from 
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a set of symmetric and asymmetric RSMs as a function of the Ge composition, as 

summarized in Table 5.1. 

Table 5.1. Hexagonal in-plane (a) and out-of-plane (c) lattice parameters of all measured Hex-Si1−xGex 
samples with corresponding error-values extracted from synchrotron XRD measurements in comparison 
to the reported lattice parameter values for WZ-GaAs40 and Hex-Si29 in the literature. 

Ge content (x) in 
Hex-Si1-xGex 

Composition Characterization 
Technique 

Lattice Parameters 

a (Å) c (Å) 
1(Ge) EDX-STEM 3.9855 ± 0.0003 6.5772 ± 0.0003 

0.92 EDX-STEM 3.9789 ± 0.0001 6.5542 ± 0.0001 

0.86 Interpolated 3.9649 ± 0.0005 6.5431 ± 0.0004 

0.74 EDX-STEM 3.9505 ± 0.0008 6.5257 ± 0.0001 

0.61 Interpolated 3.9206 ± 0.0000 6.4790 ± 0.0005 

0 (Si) - 3.8242 ± 0.000629 6.3237 ± 0.000429 

WZ-GaAs - 3.9845 ± 0.001540 6.5701 ± 0.000840 

The determined lattice parameters of Hex- Si1-xGe x are fitted linearly with Vegard’s law 

based on a linear interpolation between Hex-Si (x = 0) and Hex-Ge (x = 1) as explained in 

eq. 5.2 and eq. 5.3:  

 𝑎𝑆𝑖1−𝑥𝐺𝑒𝑥
= (1 − 𝑥). 𝑎𝑆𝑖 + 𝑥. 𝑎𝐺𝑒 (5.2) 

 𝑐𝑆𝑖1−𝑥𝐺𝑒𝑥
= (1 − 𝑥). 𝑐𝑆𝑖 + 𝑥. 𝑐𝐺𝑒 

 

(5.3) 

Data points with x > 0.7 lie on the linear interpolation line in Figure 5.9, indicating that 

the lattice strain in the Si1-xGex shells is negligible. This is due to the fact that a relatively 

thin GaAs core (around 35nm) is surrounded by a thick (several 100 nm) Si1-xGex shell. 

Hence, the crystalline properties of the Hex-Si1-xGex shell dominate the whole structure. 

observations unequivocally confirm the single-crystalline nature of the nanowires and 

their hexagonal crystal structure. 
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Figure 5.8. XRD Characterization-Series of Symmetric (0008) Reflections of Hex-Si1-xGex: (a) 
Reciprocal Space Map (RSM) of as-grown WZ GaAs NWs on a Cub-GaAs substrate, containing the WZ-

GaAs (0008) reflection and the Cub-GaAs (444) reflection. (b) RSM for a similar sample as in (a) yet with 

a thick Ge-shell, including the Cub-GaAs (444) substrate reflection and the Hex-Ge (0008) reflection. (c-
f) Additional RSMs are shown for different Si1-xGex shells samples with different Ge fractions in (c) 0.92, 

(d) 0.86, (e) 0.74, (f) 0.61. A clear increasing shift of Qout-of-plane can be observed for increasing Si-content, 

corresponding to a decreasing lattice constant. For the RSMs in (d) and (e) also a reflection from a 

parasitic, epitaxial Cub-SiGe layer is found. 
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5.3.6 Morphological and Compositional Uniformity of Hex-SiGe 

Growth kinetics studies of Hex-SiGe utilizing the crystal transfer technique have already 

been reported by Hauge et al.30; hence it has not been the primary goal of this work. Yet, 

we have observed similar trends as those reported by Hauge et al. The development of 

Hex-Si1-xGex shell growth in this thesis has proceeded in a similar manner as the Hex-Ge 

shells reported in the previous sections in terms of the growth temperature and growth 

rates optimization. We have observed that low growth temperatures (TSiGe ≤ 600 °C) yield 

mixed phase crystals, unlike Ge (data are not shown here). Hence, higher temperatures 

have been adopted for the studies in this thesis. 

Due to the progress of the study, early experiments were performed on thin GaAs 

nanowire cores. However, these thin cores had a limited segment length of the pure WZ 

phase. Hence, we switched later in the study to thick GaAs cores, where we achieved 

much longer segments of pure phase WZ-GaAs nanowires, as previously discussed. In 

the chapter Appendix in Chapter 5, we will discuss the morphological and compositional 

uniformity of the Hex-Hex-Si1-xGex alloy crystals on both thin and thick GaAs nanowire 

cores, as discussed in (Supporting Figure 5.2, Supporting Figure 5.3, Supporting Figure 
5.4, and Supporting Figure 5.5), respectively. The morphology has been checked with 

SEM and the crystal structure with TEM. The compositional uniformity has been 

determined by EDX-STEM and APT. In summary, a clear difference of morphology and 

compositional homogeneity between SiGe shells grown on thin and thick GaAs cores 

could be observed. This suggests that the core size plays a crucial role, hinting towards 

different induced strain levels in the shells. It is observed that the smaller the core size, 

the more the shell can accommodate the induced strain levels, resulting in single-

crystalline and uniform Ge-rich compositions. Hence, as thin as possible cores are 

recommended to be utilized as the hexagonal template to further avoid induced strain 

defects and compositional non-uniformities at a higher Si content in Si1-xGex. Yet, there 

are still challenges facing the epitaxy of Hex-Si1-xGex as discussed in detail in the chapter 

Appendix in Chapter 5. These challenges are related to the growth of defect-free, high 

aspect ratio WZ-GaAs core nanowire templates, the Au etching process, the uniformity 

of the Hex-Si1-xGex shells morphology and achieving high aspect ratio, large volumes of 

this material. 
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5.4 Optical Properties of Hex-Si1-xGex 

We continue to explore the optical properties of the Hex-Si1-xGex nanowires probed using 

photoluminescence (PL) spectroscopy. We firstly discuss the temperature and power-

dependent PL response of this material system. Then, we examine its radiative lifetime 

by utilizing time-resolved PL (TRPL) spectroscopy. Eventually, we explore the possibility 

of the emission energy and wavelength tunability as a function of the alloy composition 

and compare the obtained experimental results to the theoretically calculated behavior. 

5.4.1 Power and Temperature-Dependent Photoluminescence 

In this section, we focus on two samples - pure Hex-Ge as the binary endpoint of the Hex-

Si1-xGex alloy and Si0.20Ge0.80 being representative of the binary alloy in the middle of the 

compositional range for which a direct band gap is expected, as shown in Figure 5.10 (a, 
b). PL Spectra discussed in this section are obtained for ensembles of as grown core/shell 

 
Figure 5.9. XRD Characterization- Series of Asymmetric Reflections:  (a) RSMs around the hexagonal 

(1̅018) NW reflections, which is allowed only in the hexagonal crystal symmetry, shown for five 

different Ge-fractions in the range of 0.61-1.00. (b) A plot of the Hex-Si1-xGex in-plane lattice parameter 

(a) and out-of-plane lattice parameters (c) as a function of the Ge-content, the error bars are smaller than 

the data symbols (black and blue dots) used in the plot, see Table 5.1 for more details. The composition 

of Hex-Si1-xGex crystals with, x = 1.00, 0.92 and 0.74 were determined by EDX-STEM and Atom Probe 

Tomography (APT) as shown in Table 5.1. The rest of the compositions, x= 0.86 and 0.61 have been 

determined based on interpolation as elucidated in Figure 5.7 
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nanowires. Figure 5.10c presents power-dependent PL spectra recorded in the range of 

(9.1 W- 5 kW) at a temperature of 4 K. The spectrum obtained from the Hex-Ge sample 

exhibits a narrow emission peak at the lowest excitation levels investigated. Excitonic 

effects are not observed due to degenerate n-type doping in both Hex-Ge and Hex-SiGe, 

as verified in Figure 5.4 and Supporting Figure 5.3, respectively. As the excitation density 

is increased, the emission peak broadens towards high energies, and the peak blue-shifts 

by 19 meV. In order to understand the recombination mechanism, we have fitted both 

the excitation and temperature-dependent data with the Lasher-Stern-Würfel (LSW) 

model41,42, which describes band-to-band (BtB) recombination in a semiconductor. The 

model fits, included in Figure 5.10 (c, d), confirm that the observed spectra of Hex-Ge can 

be explained by a BtB recombination process. From the fits, it can be concluded that the 

high energy broadening is due to an increase in the electron temperature, and the 

observed blue-shift is due to the Burstein-Moss43 effect. In comparison to the pure Hex-

Ge sample, the linewidth of the Hex-Si0.20Ge0.80 sample is larger due to alloy broadening 

(60 meV compared to 14 meV for Hex-Ge, at lowest excitation density) and can therefore 

not be fitted by the LSW model. Only a slight excitation-induced blue shift of 6 meV was 

observed for the Si0.20Ge0.80 sample. 

Figure 5.10d shows temperature-dependent PL spectra recorded from the Hex-Ge and 

Si0.20Ge0.80 samples. Clear asymmetric broadening is observed at high temperatures, 

which, from the LSW model fits, can be assigned to broadening of the Fermi-Dirac 

distribution tail, supporting our identification that the observed emission peak is due to 

a BtB recombination process. The band gap of Hex-Ge shifts from 3.5µm (0.353 eV) at low 

temperature towards 4.4µm (0.28 eV) at room temperature, confirming the expected band 

gap shrinkage for a BtB transition as depicted in Figure 5.10e. Figure 5.10f shows the 

temperature dependence of the integrated emission intensity of the samples on an 

Arrhenius representation. A decrease (factor 15-100) of the integrated emission intensity 

is observed upon increasing the lattice temperature. The ratio of the photoluminescence 

emission intensity at 4 K and 300 K compares favorably to many well-developed III-V 

semiconductors. 
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The decrease of the intensity with increasing temperature is suppressed for higher 

excitation powers, as elucidated in Figure 5.10f, due to saturation of non-radiative 

processes. The fact that the emission decreases with increasing temperature provides the 

first indication that Hex-Ge is a direct band gap semiconductor. In contrast, for an indirect 

gap semiconductor at low temperature, excited carriers accumulate in the indirect 

minimum and do not, therefore, efficiently emit light. As the lattice temperature 

 
Figure 5.10. Emission from Hex-Ge and Hex-Si0.20Ge0.80: (a, b) 30° tilted-view SEM images of the two 

studied samples, Hex-Ge and Hex-Si0.20Ge0.80, respectively. (c) Excitation density dependent 

photoluminescence (PL) spectra of Hex-Ge (red to black) and Hex-Si0.20Ge0.80 (blue to black) measured 

on ensembles of as-grown NWs, at 4K. All spectra are normalized to their own maximum. The LSW-fits 

of the Ge spectra are included as dashed lines. Vertical dotted black lines highlight the shift and 

broadening of the peaks, indicating BtB emission. (d) Temperature dependence of the PL spectra, 

normalized to their own maximum, measured at an excitation density of 1.9 kW/cm2. A clear redshift 

and broadening are observed with increasing temperature, both indicating BtB recombination. (e) 
Shrinkage of the band gap with temperature, fitted using the Vina equation. The open circles show the 

maxima of the PL as plotted in (d) while the closed circles represent the band gap determined by fits 

using the LSW model. (f) Arrhenius representation of the PL intensity as function of inverse temperature 

for Hex-Ge (red) and Hex-Si0.20Ge0.80 (blue). All intensities are normalized to their respective intensity at 

4 K. The reduced temperature dependence at higher excitation densities shows the approach towards 

the radiative limit. 



5. Direct Band Gap Emission from Hexagonal Ge and SiGe Alloy 

146 

increases, the photoluminescence intensity is expected to increase44 as carriers are 

thermally excited into the higher energy direct minimum from where they can recombine 

with a higher quantum efficiency.  

5.4.2 Radiative Lifetime of Hex-Si0.20Ge0.80 

We next deduce the radiative lifetime of single Hex-Si0.20Ge0.8010F10F10F

* nanowires. It is important 

to note that the measured decay lifetime is determined by the fastest recombination 

process, which can be either radiative or non-radiative in nature. It is, therefore, crucial 

to choose experimental conditions in which the measured recombination lifetime is 

exclusively governed by pure radiative recombination. To reach the radiative limit, we 

measure at low temperature since non-radiative processes are commonly thermally 

activated, see17. Moreover, we use a pulsed laser at high excitation density in order to 

saturate non-radiative processes. These experimental conditions are sufficient to reach 

the radiative limit, as will become clear when discussing the temperature dependence of 

the emission intensity. We have measured the lifetime of three different samples with 

varying dimensions and morphological and structural quality, as summarized in Table 
5.2. Figure 5.11 (a-c) exhibits representative SEM images of the three samples. Typical 

results from TRPL measurements on a single wire from the Si0.20Ge0.80 sample I are 

presented in Figure 5.11d as a function of temperature. We observe a clear mono-

exponential decay transient, characteristic of a single, dominant decay channel. For all 

investigated Hex-Si0.20Ge0.80 nanowires, the characteristic recombination lifetime is 

around 1 ns, very similar to conventional direct gap semiconductors such as GaAs or InP 

at low temperatures with similar doping levels45–47. Jiang et al.48 reported a temperature-

independent lifetime of 1 ns in core/shell GaAs/AlGaAs nanowires, very similar to our 

yet unpassivated Hex- Si0.20Ge0.80 nanowire shells. The comparison of the quenching ratio 

of the integrated photoluminescence intensity when increasing the temperature from 4 K 

to 300 K compares quite favorable for Hex-SiGe, where this ratio varies around a factor 

of 15-100 as shown in Figure 5.10f. 

                                                 

* The used 1350 nm long pass filter in the measurement setup in combination with the SM2000 optical 

fiber defined a spectral interval of 1350nm (0.9 eV) to ~2300 nm (0.53 eV). Hence, samples outside this 

interval were not possible to be characterized with this setup. 
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Figure 5.11. Time-resolved Photoluminescence Measurements of Single Hex-Si0.20Ge0.80 NWs: (a-c) 
30° tilted-view SEM images of the three studied Hex-Si0.20Ge0.80 samples (I, II, III) with different structural 

quality as summarize in Table 5.2. (d) Photoluminescence lifetime measurements of Hex-Si0.20Ge0.80 

recorded from a single wire for different temperatures from sample I, see sample details in Table 5.2. 

All decay traces show a single exponential decay and are vertically shifted for clarity. (e) Left panel: 

Temperature dependence of the lifetime for three Hex-Si0.20Ge0.80 wires representing three different 

samples (I, II, III) with decreasing quality represented by blue to green colors. The onset of the reduction 

in lifetime due to non-radiative recombination shift to higher temperature for higher quality wires, as 

emphasized by the dashed lines. The inset shows a representative SEM image of a single NW from 

sample I used for lifetime measurements. (f) Left panel: Integrated photoluminescence intensity at high 

excitation density as a function of temperature for the same wires as in panel (d), showing a nearly 

temperature independent radiative efficiency for the best sample (I, blue). The inset shows the excitation 

power dependence of the integrated photoluminescence intensity, exhibiting a slope very close to unity. 

(e) Right panel: Comparison of the low temperature (blue) and room temperature (black) lifetime for a 

set of ~60 wires from sample I. The average lifetime shows a small decrease from 0.98 ns at 4K to 0.46 

ns at 300K. (f) Right panel: Comparison of the integrated photoluminescence intensity at 4K and 300K 

of the same wires measured in (b), again showing a nearly temperature independent radiative 

efficiency. (g) The plots show the same data as presented in the left panel of (f), but here presented in 

an Arrhenius representation. For the lowest quality sample III, two non-radiative processes are found 

with activation energies of 16 meV and 91 meV. For sample II only a single activation energy is found 

of 34 meV where sample I does not show any decay in intensity over the full measured temperature 

range . The PL intensities at 4K are proportional to the absorption cross sections which approximately. 
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Lambkin et al.49 found a photoluminescence quenching ratio of the order of 105 for InGaP. 

Lourenço et al.50 observed a quenching ratio around 200 for GaAsSbN/GaAs quantum 

wells. Leroux et al.51 also observed quenching ratios above 100 for undoped GaN up to 

1000 for Mg-doped GaN. The PL quenching in Ge microstrips as obtained by Virgilio et 

al.52 are comparable to ours. 

We observe that the experimentally obtained lifetime is an order of magnitude smaller 

than the theoretically calculated lifetime in our study, which indicates that the crystal 

symmetry is broken16. The left panels of Figure 5.11 (e, f) show the temperature 

dependence of both the recombination lifetime and the integrated emission intensity as a 

function of temperature from single wires from the three samples. Figure 5.11g exhibits 

the Arrhenius representation of the same data presented in Figure 5.11f. 

Table 5.2. Growth parameters of the three studied different Hex-Si1-xGex samples with increasing quality 
and the dimensions of the nanowires presented in Figure 5.11a. 

Sample# TSiGe(°C) Ge at. %  RSiGe (nm) DGaAs (nm) LNW (µm) 

Sample #I 700 79 650 175 8 

Sample #II 700 80 400 35 2.5 

Sample #III 650 75 150 35 2.5 

The wires show comparable lifetimes at low temperature, but the intensity and lifetime 

both start to decrease at a temperature of around 40 K (100 K) for sample III (II), which 

contains the low (medium) quality wires. For the highest quality sample (I), we observe 

a constant, integrated photoluminescence intensity and lifetime as a function of 

temperature up to 220 K, which conclusively shows the absence of non-saturated 

thermally activated non-radiative recombination processes. Since it is highly improbable 

that non-radiative losses are already present at 4 K but do not further degrade the PL-

efficiency above 4 K, the constant PL-intensity up to 220 K provides strong evidence for 

pure radiative recombination over the full temperature window. 

scale with the volume fractions of the samples that fit within the 5 µm diameter laser spot. The volume 

ratios are 1 : 0.32 : 0.033 for samples I : II : III respectively, where only 5/8 of the volume of sample I was 

counted as explained in Table 5.2. The measured PL-intensities extrapolated to 4K are proportional to 

1 : 0.3 : 0.04 for the same samples, closely agreeing with the probed volumes. 
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In order to be sure that the data for an individual wire is representative, we analyzed 

more than 60 individual wires mechanically transferred from the high crystal quality 

sample I, which are presented in the right panels of Figure 5.11 (e, f). The analysis shows 

that both the photoluminescence efficiency and the lifetime are almost temperature-

independent up to room temperature. If we attribute the small difference between the 

lifetime at 4 K and 300 K to surface recombination, we obtain an upper bound to the 

surface recombination velocity of 𝑆 = 2.5 ∙ 104𝑐𝑚/𝑠 which is of similar magnitude53 as in 

cubic Ge NWs, but still much larger than the lowest achievable54 surface recombination 

velocity in Ge. We subsequently analyze the excitation power dependence of the emitted 

PL intensity in Figure 5.11f inset. Importantly, the plot shows a linear increase of the PL 

intensity with a slope very close to unity, which is consistent with a purely radiative 

decay mechanism. 

We compare the radiative transition rate of Hex-SiGe with other direct band gap 

semiconductors. The radiative transition rate 𝑅𝑟𝑎𝑑 is quantified by 𝑅𝑟𝑎𝑑 = 𝐵𝑟𝑎𝑑 ∙ 𝑛 ∙

𝑝where 𝑛 and 𝑝 are the electron and hole densities and 𝐵𝑟𝑎𝑑 is the coefficient for radiative 

recombination which is directly related to the transition dipole moments. The coefficient 

𝐵𝑟𝑎𝑑 can be deduced from a measurement of the pure radiative lifetime, 𝜏𝑟𝑎𝑑 by 𝐵𝑟𝑎𝑑 =
1

𝜏𝑟𝑎𝑑𝑛0
 where no is the donor density. Table 5.3 lists the radiative coefficients of Si0.20Ge0.80, 

GaAs, InP, and Cub-Si.The obtained Brad coefficient of Si0.20Ge0.80 at 300 K is comparable in 

magnitude to GaAs34 and InP35 and almost five orders of magnitude larger36 than that of 

cubic Si. Hex-Si1-xGex is thus, in principle, a fully silicon-compatible semiconductor with 

a radiative emission strength comparable to that of a direct band gap III-V 

semiconductor. 

Table 5.3. Radiative coefficient (B-coefficient) of Hex-Si0.20Ge0.80 as calculated and literature values for 
GaAs, InP, and cubic Si 

Material Hex-Si0.20Ge0.80 GaAs InP Cubic Si 

Brad (cm3 /s) 0.7×10−10  - 11×10−10   3.5 × 10−10   1.2 × 10−10  4.73 × 10−15  

 

5.4.3 Tunability of the Hex- Si1-xGex Energy Gap  

Now that we have established the direct nature of the band gap of Hex-Si1-xGex, we 

demonstrate how the size of the direct band gap can be tuned via compositional 

engineering. Figure 5.12a shows PL measurements recorded at T = 4 K from the series of 
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samples with x = 0.65 -1.00. Bright emission is observed that redshifts with increasing Ge-

content from 0.67 eV (x = 0.65) to 0.35 eV (x = 1.00). The peak energy of the emission is 

compared in Figure 5.12b with the calculated energy of the direct band gap at the Γ-point 

revealing excellent agreement. Clearly, the measured transition energies agree 

remarkably well with our theoretical predictions. The PL-intensity versus composition 

indicates a direct to indirect crossover at x~0.65 and efficient emission for Hex-Ge, as 

shown in Figure 5.12c. The excellent agreement between theory and experiment provides 

not only a verification of the calculated band gaps but also provides strong support for 

the existence of a direct band gap in Hex-Si1-xGex for x >  0.65.  

5.4.4 Comparison of Different Quality Hexagonal Crystals Generations 

Comparing the highest structural and morphological quality fabricated Hex-Si1-xGex 

crystals to previous lower quality generations shows a clear improvement of the PL 

 
Figure 5.12.Tunability of the Direct Band Gap of Hex-Si1-xGex Alloys: (a) Tunability of the PL spectra 

for different compositions. The spectra were recorded at 4K at an excitation density of 1.9 kW/cm2 on 

ensembles of as-grown samples. The spectra for Hex-Si0.30Ge0.70 and Hex-Si0.35Ge0.65 were measured on 

wires dispersed onto a silicon substrate capped with a gold (Au) layer. (b) Comparison of the measured 

peak energy as a function of the Ge content with the calculated emission band minima. (c) Relative PL 

intensities between compositions based on measurements on ensembles of as-grown standing wires are 

included where an equal number of wires is probed, therefore the Si0.35Ge0.65 sample is not included. For 

this comparison all the samples have been excited with and excitation density of 5 kW/cm2 at a 

temperature of 4K using the same MCT-detector and the same KBr beam splitter. The samples are found 

to be very similar in intensity despite the change in setup-efficiency, a variation in total excited volume 

due to thickness differences and potentially strain induced non-radiative recombination centers for high 

Si-content samples. Because of these additional factors no conclusive experimental argument can be 

made on whether the material becomes more efficient for higher Si-contents. Additionally, we 

acknowledge that, despite efforts, we have never been able to measure PL-spectra from wires with 

x<0.65, which gives the indication that the direct-indirect transition lies near this point. 
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spectra as elucidated in Figure 5.13. This figure shows SEM images of three generations 

of Hex-Ge crystals presented from the lowest to the highest quality in panels (a-c), with 

their corresponding temperature-dependent PL Spectra in panels (d-f). The spectra of 

Hex-Ge are considerably broadened when they were grown utilizing a WZ-GaP core NW 

where there is ~4% lattice mismatch, see Figure 5.13 (a, d). In addition, we were not able 

to observe a clear spectrum at room temperature. The photoluminescence spectra further 

 

Figure 5.13. Comparison between Different Hex-Ge Samples of Varying Quality: (a-c) 30° tilted-view 

SEM images of three different Hex-Ge samples of different structural quality and their respective PL 

spectra in (d-f). (a, d) PL spectra from the first Hex-Ge shells, which were grown using WZ-GaP cores, 

thus creating many defects due to the large lattice mismatch between the core and the shell. (b, e) The 

first Hex-Ge shells grown on lattice-matching GaAs cores where the Hex-Ge is grown at a temperature 

of 600°C. (c, f) Spectra of Hex-Ge shells grown at a temperature of 650°C further improving the optical 

quality. 
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improved by using a WZ-GaAs core to grow the Hex-Ge shell at growth temperatures of 

600 and 650 °C, where there is nearly no mismatch, as shown in Figure 5.13 (b, c), 
respectively. The higher the growth temperature, the narrower the peak width. The final 

improvement of the photoluminescence quality was realized by using higher aspect ratio 

WZ-GaAs core nanowires, which yielded the spectra in Figure 5.13 (e,f). Another 

important observation from this comparison is that even the lowest structural quality Ge 

shells still exhibit similar emission spectra to the highest quality samples, suggesting that 

Hex-Ge is intrinsically a good emitter, not being very sensitive for the crystal quality. This 

observation is supported by the nearly comparable radiative lifetime of Hex-SiGe 

individual nanowires of varying yet still high structural quality.  

5.4.5 External Radiative Efficiency of Hex-Si1-xGex 

Here we estimate the external radiative efficiency of our Hex-Si0.20Ge0.80 NW shells by 

measuring the emitted PL intensity in the setup used to measure the PL lifetime using a 

1030 nm laser source. For comparing the external radiative efficiency with a standard, we 

measure the intensity obtained from our Hex-Si0.20Ge0.80 shells and compare it with high-

quality InGaAs/InP multiple quantum well (MQW) samples. These samples are state-of-

the-art direct band gap materials for quantum well lasers55,56 and infrared photonic 

devices. These quantum wells are chosen to emit in a similar wavelength region as Hex-

Si0.20Ge0.80 to eliminate any wavelength dependence of our detection system. The 

measured integrated PL intensities are presented in Figure 5.14a.   

In order to compare the emission intensity of these very different optical structures, we 

first calculated the absorption probability of both structures shown in Figure 5.14 (b, c) 
when excited using the same light source. Details of the calculations to correct for the 

absorption probabilities and the light in-coupling and out-coupling of both structures are 

explained extensively in the extended data of Ref.17. 

The corrected emission spectra from our Hex-SiGe NW shells are shown to be of the same 

order of magnitude as the high-quality InGaAs/InP MQWs when their more complex 3D 

dielectric geometry is corrected for. A more quantitative assessment of the external 

radiative efficiency, e.g., incorporating exciton-polaritons, is outside the scope of this 

study. However, these simple considerations, combined with the experimental evidence 

presented in this study, provide strong additional support for our conclusion that the hex 

SiGe is a direct gap semiconductor with high internal radiative efficiency. 
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5.5 Conclusion 

We conclude that we observe direct band gap emission from Hex-Si1-xGex with a sub-

nanosecond recombination lifetime. The combination of our theoretical predictions, 

structural microscopy data, and luminescence data shows conclusive evidence for Hex-

Si1-xGex (0.65 < x <1.00) being a new class of direct band gap semiconductors. Direct-

bandgap hex-Si1−xGex opens a pathway towards tight monolithic integration in silicon 

technology. Now that the fundamental boundaries have been removed, a challenge is to 

get rid of the existing III–V substrate and epitaxial template via the development of a hex-

Si1−xGex technology platform that is fully compatible with complementary metal-oxide 

semiconductor processes (CMOS). Possible integration routes are strain-induced 

transformation23 of Si1−xGex, for instance, by a dielectric (that is, SiOx or SiNx) strain 

envelope, or alternatively by template-assisted selective area growth of the hexagonal 

phase57. 

 
Figure 5.14. External Radiative Efficiency: (a) Integrated photoluminescence intensities of Hex-SiGe in 

comparison with high quality InGaAs/InP multiple quantum wells (MQWs) as measured in a µ-PL 

setup using 1030nm wavelength, 125pJ pulses. The PL intensities of both the MQWs and the Hex-SiGe 

wires were corrected with their respective absorption and emission efficiencies as further elaborated 

on, in the ‘External radiative efficiency of Hex-SiGe’ section. (b) A cross section schematic 

demonstrating the layer structure of the InGaAs/InP MQW sample, showing a total absorption 

thickness of 625nm. The band gap wavelengths (WL) of the layers that are not lattice matched to InP 

are indicated. (c) A schematic illustration of the geometry of our horizontally oriented Hex-SiGe NW, 

showing the emission into a NA=0.48 cassegrain objective with a NA=0.22 obscurity. The polarization 

of the emitted light is indicated as V, H for vertical/horizontal. 
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5.7 Appendix 

Epitaxy of Hex-SiGe on Thin GaAs Cores 

Supporting Figure 5.1 (a,b) show SEM images of two samples, Si0.27Ge0.73, representing 

an intermediate composition in the range of interest, and Si0.59Ge0.41, as an extreme 

composition beyond the range to explore the alloyed composition limitations. The SEM 

images reflect the average morphology across the samples and show good uniformity.  

To confirm the pure hexagonal crystal structure, a representative HAADF-STEM image 

of GaAs/Si0.59Ge0.41 is shown in Supporting Figure 5.1e. The HAADF-STEM image 

displays an excellent epitaxial relationship between the GaAs and Si0.59Ge0.41 and 

confirms the ABAB stacking of the hexagonal crystal structure across the radial extension 

of the structure along the <0001> growth direction.  To investigate the composition 

uniformity across the radial direction of the core/shell structure, few nanowires from the 

nanowire ensembles shown in Supporting Figure 5.1 (a, b) were cut open and thin 

lamellas were extracted and analysed using EDX spectroscopy as depicted in Supporting 
Figure 5.1 (c, d). The EDX elemental maps in Supporting Figure 5.1 (c, d) and their 

corresponding line scans in Supporting Figure 5.1f confirm the uniform material 

composition during radial shell growth resulting in incorporated Ge fractions of 0.73 ± 

0.02 and 0.41 ± 0.04, for the Si0.27Ge0.73 and Si0.59Ge0.41 samples, respectively. The alloy 

fluctuation is relatively small (< 0.05) across a quite thick shell structure. 

Very thin Ge-rich alloy regions are observed along a sunburst-like geometry, as shown in 

Supporting Figure 5.2, aligned to the corners between the NW facets; a known effect in 

alloyed non-planar materials due to growth kinetic effects33–3. Yet, these sunburst regions have 

a Ge content of 0.76 ± 0.01, and 0.42 ± 0.01 for the Si0.27Ge0.73 and Si0.59Ge0.41 samples, 

respectively. Despite the Ge-richness of these regions, their composition is within the degree 

of alloy fluctuation within the core/shell structure, as indicated by the dashed horizontal lines 

in Supporting Figure 5.2 (b, d). Interestingly, for the lower Ge concentrations (Ge ~0.40-

0.50), Ge-rich regions start to appear close to the GaAs core as well as small prisms 

aligned to the corners between the facets, as depicted in Supporting Figure 5.2 (e,f). This 

effect is absent in intermediate and high Ge contents (xGe ≥ 0.70). The emergence of the 

Ge-rich triangular regions is similar to what has been reported in Hex-GaP/SiGe 

core/shell structures by Bergamascini et al, (submitted work not yet published). Yet, this 

study correlates the Ge-rich prisms to the existence of additional {11-20} facets of the core 
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GaP wire which is not clearly seen in our GaAs/SiGe structures. Further systematic 

studies are needed to understand the formation mechanism. 

To further confirm the compositional uniformity determined by EDX and map the 

incorporated impurities, APT characterization has been performed on a GaAs /Si0.25Ge0.75 

core/shell structure as shown in Supporting Figure 5.3. The radial measurement of the 

alloy composition by APT yields an alloy composition of Si0.25Ge0.75 which is found to be 

in agreement with the EDX quantification of the same sample, confirming the accuracy 

of the EDX technique in quantifying the composition in these structures. Similar to Hex-

Ge the SiGe shell is found to be heavily n-doped with As impurities. 

Epitaxy of Hex-SiGe on Thick GaAs Cores 

In this section, we will discuss the morphology and composition uniformity of epitaxial 

Hex-SiGe grown on thick GaAs nanowires cores. Surprisingly, it has been found that the 

nanowire core diameter influences the composition and structural quality. 

Supporting Figure 5.4 presents representative SEM images of Hex-Si1-xGex shells grown 

around thick WZ-GaAs cores of (DGaAs = 185 nm) with an input Ge fraction in the range 

of (0.92 < xinput-Ge < 0.77). The SEM images show small variations in morphology of the 

nanowire arrays and reflect the average morphology. Down to a Ge fraction xinput-Ge = 0.88, 

the Si1-xGex shells exhibit six well-defined, {1-100} facets. Below this concentration, the 

shell morphology differs significantly. For intermediate compositions (xinput ~ 0.85), clear 

faceting is shown but it is different from the observed six {1-100} facets of lower 

compositions. For even lower Ge concentrations, less defined facets and rough shell 

sidewalls are observed; a signature of a heavily defected structure. This growth trend is 

very different from the growth trend reported on much thinner GaAs cores in the first 

section of the Appendix. Hence, from a morphological point of view, input Ge fractions 

of xGe-input > 0.88 provide a well-defined and uniform morphology. 

To further investigate the crystal quality and composition uniformity of the core/shell 

structures, several nanowires from the Si0.12Ge0.88 (input composition) sample shown in 

Supporting Figure 5.4b were cut open and thin lamellas were extracted and analysed 

using STEM. Supporting Figure 5.5a displays a cross sectional HAADF-STEM image of 

the full core/shell structure. A zoomed-in view of Supporting Figure 5.5a is shown in 

Supporting Figure 5.5b confirming the core/shell morphology of the structure similar to 

the previously analysed structures around thin cores. EDX analysis of the shell 



5.7 Appendix 

161 

C
h

ap
te

r 
5 

composition yields a Ge composition of 0.82 ± 0.01 averaged over the six inner tiles of the 

hexagonal shell as indicated Supporting Figure 5.5b. The epitaxial quality of the 

core/shell cross section is determined by the aberration corrected HAADF-STEM images 

depicted in Supporting Figure 5.5 (c, d) acquired in the <0001> zone-axis. The atomic 

arrangement of Hex-SiGe follows the atomic stacking of WZ-GaAs confirming the perfect 

epitaxy of the core/shell structure. Intriguingly, the sunburst-like regions and the central 

area surrounding the core in this structure, clearly seen as darker regions of the shell, are 

Si-rich in opposition to the Ge-rich regions in the SiGe shells fabricated on thin GaAs 

cores, see Supporting Figure 5.5 (e-h). 

The clear difference of morphology, crystal quality and the elemental richness of the 

sunburst-like regions (Ge-rich and Si-rich) between similar Hex-SiGe compositions 

suggests that the core size plays a crucial role. The core size hints towards different 

induced strain levels in the shells. It is observed that the smaller the core size, the more 

the shell can accommodate the induced strain levels and the more single crystalline and 

uniform Ge-rich compositions achieved. This is evidenced by achieving up to 0.41% 

incorporated Ge fraction on thin cores (DGaAs = 50 nm) versus 0.82 Ge on thick cores (DGaAs 

= 185 nm) corresponding to lattice mismatch of Δa (0.41 Ge) = 2.7% and Δa (0.82 Ge) = 0.7% in the 

hexagonal phase at room temperature, respectively. Hence, as thin as possible cores are 

recommended to be utilized as the hexagonal template to further avoid induced strain 

defects and composition non uniformities at a higher Si content in Si1-xGex 

Challenges of the Uniform Epitaxial Growth of Hex- Si1-xGex Crystals 

The growth of Hex-SiGe is quite a challenging process since it is a multistep procedure 

including three main processes: (1) GaAs core growth, (2) Au wet etching, and (3) Si1-xGex 

shell growth. In this section we will discuss the most challenging parts categorized by 

these three steps, which are important for the resul ting GeSi crystal quality and 

compositional homogeneity. 

Growth of hexagonal GaAs cores—The Si1-xGex shell growth development cycle starts 

with the growth of WZ-GaAs cores whose main challenges have been addressed in detail 

in Chapter 4. Some of these challenges are very detrimental to achieving high crystalline 

quality structures free of impurities. Here is a list of additional challenges related to the 

processing of GaAs nanowire cores: 
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(1) Heavily defected GaAs cores lead to severely defected SiGe shells which can lead 

to a non-uniform composition within the shell structure, see Supporting Figure 
5.6. 

(2) Dimensions of WZ-GaAs nanowire cores, such as nanowire diameter, length and 

inter-wire spacing, have a strong impact on the subsequent process steps. During 

the wet processing steps prior to the shell growth, the combination of very thin 

and long nanowire dimensions enhances the nanowire elasticity. As a result, they 

may bend and stick to the substrate, hindering their upright positioning. Very 

small inter-wire spacing for long nanowires results in a similar effect where the 

nanowires stick together. Having the GaAs cores stuck together, results in 

defected and tilted SiGe structures. Supporting Figure 5.7 shows an example of 

nanowires sticking to the substrate or to each other as a function of the nanowire 

diameter (16-50 nm) for a fixed inter-wire spacing (P = 500 nm) and nanowire 

length. (LGaAs = 2µm). Thicker nanowires are less elastic even if they are of longer 

lengths and tend to stick to each other less, especially with wider spacing. 

Au wet chemical etching—Following the GaAs growth and processing, the Au etching is 

another challenging step if not optimized properly. Supporting Figure 5.8 exhibits the 

quality of both Si and Ge shells grown on GaAs cores upon optimized and un-optimized 

Au etching processes. The optimized Au removal process results in clean, well-defined, 

flat faceted shell structures. The shells are free of impurities, as confirmed by APT. With 

an un-optimized process, it is noticed that after the etching process Au residues are 

randomly distributed over the wire side walls and the substrate and may catalyze lateral 

nanowire branches or catalyze the growth of defected cubic segments at the top of the 

nanowire. This process induces irregularities in the shell growth.  Hence, an un-

optimized etching process in terms of the etchant concentration, the etching and rinsing 

processes duration, Au removal step disrupts the growth of high quality hexagonal shells 

in addition to the fact that Au acts as a deep level trap for silicon based materials61. 

Epitaxial hexagonal shell growth—Eventually, comes the optimization of the epitaxy of 

the hexagonal shell which still faces quite some challenges. Here is a summary of the 

most challenging aspects met in this study and the still existing challenges to be tackled 

for achieving better optical properties and eventually demonstrate lasing: 

(1) Low Aspect Ratio Hex-GaAs/SiGe structures: short GaAs core nanowires limit the 

growth of big enough volumes of hexagonal SiGe shells for having enough active 
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gain medium for probing the material optical properties. Supporting Figure 5.9a 
displays an SEM image of thick Hex-Ge shells grown on short GaAs cores (L < 2 

µm) after a long growth period. The thicker the SiGe shell, the more the parasitic 

cubic growth on the substrate surrounding the nanowires and the most top part 

of the nanowires is. This eventually leads to burying the desired hexagonal part of 

the structure into a cubic matrix and ultimately destroying the heagonal crystalline 

quality as reported in Ref. 62, see more details in Chapter 8. Hence, starting the 

growth process with high aspect ratio GaAs nanowires cores is inevitable. 

(2) Non-uniform side faceting of low aspect ratio structures: The main specific reason 

behind non-uniform faceting, as shown in Supporting Figure 5.9b is to be studied 

in detail in the future. Yet, we can speculate that the collection of the materials 

precursors is quite different and challenging in low aspect ratio structures 

compared to their high aspect ratio counterparts. This can be due to different 

growth dynamics on the cubic substrate compared to the hexagonal facets of the 

SiGe shells. Such non uniformity influences the growth dynamics and results in 

non-uniform growth rates and dimensions which may affect the optical properties 

of the structures reported in the literature63. Supporting Figure 5.9c shows high 

aspect ratio Hex-GaAs/Ge structures (LNW ~ 8-10 µm) with uniform faceting unlike 

Supporting Figure 5.9b, implying the importance of using high aspect ratio 

structures. 

(3) Non-flat end faceting of Hex-SiGe structures: This is observed in thick SiGe shells 

grown for quite long periods where the deposition of cubic silicon progresses at 

the top facet simultaneously with the hexagonal crystal side growth as clearly seen 

in Supporting Figure 5.9c. The non-flat end faceting can influence the modal 

reflectivity and contribute to optical losses; an aspect to be improved for realizing 

lasing. 

(4) High arsenic concentration in the Hex-SiGe shells: as previously discussed, the 

high concentration of As impurities results in heavily n-doped structures which 

might hinder the characterization of the intrinsic properties of the material and 

reaching the desired performance of future SiGe based laser devices. 
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Supporting Figure 5.1. Epitaxial Hex-𝐒𝐢𝟏−𝐱𝐆𝐞𝐱 shells in thin WZ-GaAs Core Nanowires: (a, b) 30 

degree tilted-view SEM images of arrays of epitaxial Hex- Si0.27Ge0.73 and Si0.59Ge0.41 shells grown 

around thin (40 nm) WZ-GaAs nanowire cores grown on a GaAs (111)B substrate in the <0001> 

crystallographic direction. (c, d) EDX elemental maps of cross sectional lamellas of  representative 

GaAs/Si0.27Ge0.73 and GaAs/Si0.59Ge0.41 core/shell NWs showing the GaAs NW core in blue, Si atoms in 

green and Ge atoms in red. (e) A HAADF-STEM image of the interface of the core/shell structure in (b) 

acquired along the <11-20> zone axis, displaying the ABAB stacking along the <0001> direction 

confirming the hexagonal crystal structure. (f) Radial line scans along the arrows marked by the dashed 

boxes in the EDX maps shown in (d) and (e) displaying the quantified silicon content in both samples. 
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Supporting Figure 5.2. Characterization of the Sunburst Ge-rich Regions: (a, c) Cross sectional 

HAADF-STEM images of the full GaAs/Si0.27Ge0.73 and GaAs/Si0.59Ge0.41 core-shell structures, 

respectively. The bottom panels show elemental EDX maps of Si and Ge in the framed regions in white 

in their respective STEM images in the top panels; the Si and Ge distributions are indicated in green and 

red, respectively. (b, d) Radial line scans along the arrows averaged over the widths of the dashed boxes 

in the EDX maps in (a, c) quantifying the silicon and Ge atomic content in the sunburst like geometry 

regions extending from the corners between the facets of the NWs in both samples. The atomic 

percentages in the Ge-rich sunburst geometry in panels (b, d) are determined by averaging over the 

regions indicated by the black bar. The dotted black horizontal lines indicate the upper and lower 

bounds of the atomic % of both Si and Ge in their respective shells. (e) STEM image of the central part 

of the core/shell structure of GaAs/Hex- Si0.59Ge0.41 in (c) where bright prisms are visible aligned with the 

corners in between the facets. (f) A corresponding EDX elemental map of (e). A clear Ge-enriched SiGe 

region is visible surrounding the GaAs core in addition to the prisms aligned with the corners. 
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Supporting Figure 5.3. Atom Probe Tomography characterization of Hex- Si0.25Ge0.75: (a) A 3D volume 

reconstruction of part of a Hex-GaAs/Si0.25Ge0.75 core/shell NW with thicknesses of 35nm / 46nm. For 

clarity only a slab of 40nm thick of the entire 1.1µm long analysis volume is shown. Ge (red) and Si 

(cyan) is shown to form a shell around the hexagonal Ga (green), and As (blue) core. (b) A plot of the 

atomic species concentration in the Ge (Si0.25Ge0.75) shell in the highlighted white (yellow) rectangle in 

(a) as a function of the radial distance across the core/shell structure. Every data point in the plot 

represents a 2nm slice taken along the entire length of the NW excluding the cubic top part of the NW. 

A constant concentration of As at a level of approximately 200ppm is observed in the entire shell while 

the Ga concentration quickly drops to a value close to the noise level of ~10ppm. (c) A radial profile of 

the GaAs/SiGe core/shell structure from the APT measurement integrated over a 1.0 µm length of the 

structure showing a Ge content of around 0.75 as shown in (b). On the highlighted dotted rectangular 

volume of (c), we carry out a nearest neighbor analysis for Si atoms as previously used to evaluate 

random alloys of GeSn83, 84. The nearest neighbor analysis evaluates the distances between each Si atoms 

pair and its first (to fourth) neighbors. (d) A plot comparing the nearest neighbor analysis on the 

measurement data to a randomized data set. This gives us no indication of Si clustering and has been 

established as a reliable way to evaluate random alloys85. 
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Supporting Figure 5.4. Epitaxy of Hex-Si1-xGex shells on Thick WZ-GaAs Nanowire Cores: 30° tilted-

view representative SEM images of Hex- SiGe shells grown at a fixed temperature (700°C) and a fixed 

total molar fraction of SiGe with variable Si and Ge input compositions: (a) Si0.08Ge0.92, (b) Si0.12Ge0.88, (c) 
Si0.25Ge0.85, and (d) Si0.23Ge0.77. From the SEM images, the morphology of the hexagonal Sige shells grown 

around the thick GaAs cores varies a lot among the different SiGe compositions unlike the shells grown 

on thin cores, hinting towards strain induced non-uniformity in the composition and the crystalline 

quality. The morphology ranges from uniform, well-defined atomically flat facets, signifying the single 

crystalline structure for high input Ge%, until reaching a non-uniform rough morphology indicative of 

a defected crystal when the input Ge % is lower. 
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Supporting Figure 5.5. Composition Characterization of the Si-rich regions in Hex-Si0.18Ge0.82 shells 
around Thick GaAs Nanowire Cores: (a) cross sectional HAADF-STEM image of GaAs/SiGe core/shell 

nanowire from the sample discussed in Supporting Figure 5.4b, of 0.88 input Ge fraction in the gas 

phase during growth, exhibiting a core (bright) shell structure. The nanowire is encapsulated by a thin 

carbon layer (black) and Pt/C deposited in the Focused Ion Beam. (b) A Zoomed in view of (a) indicated 

on it the incorporated Ge fraction in the different six tiles of the hexagonal solid shell resulting in an 

average uniform composition of 0.82 ± 0.01. (c) Aberration corrected HAADF-STEM image of the 

interface region between the GaAs core and the SiGe shell framed in red in (b). (d) A zoomed in view 

of the blue framed region in (c) showing an excellent epitaxial relationship between SiGe and GaAs. (e) 
An STEM image of the corner of the SiGe shell framed in Cyan in (a), focusing on the dark sunburst-

like region in (a). (f) A corresponding plot of the elemental composition of the region framed in the 

dotted black box in (e). The plot confirms a Si-rich region of average composition of 0.77 ± 0.01 Ge and 

0.22 ± 0.01 Si compared to 0.82 in the body of the shell as indicated in (b). Yet, the Si-enrichment is not 

very significant and it is within the alloy fluctuation in the shell. (g) A HAADF-STEM image of the 

central part of the core/shell structure framed in yellow in (a) exhibiting concentric circular regions of 

alternating bright and dark grey scales indicating a fluctuation in the composition in the 100 nm region 

of the shell surrounding the GaAs core. (h) A plot of the elemental composition across the core/shell 

region framed by the dotted white rectangle in (g). 
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Supporting Figure 5.6. Influence of the Defects on the Uniformity of the Shell Morphology and 
Composition: (a) 30° tilted-view SEM image of Hex-Ge shells on defected GaAs nanowires. The defects 

in the GaAs core are epitaxial transferred to the hexagonal Ge shell causing a rough morphology. The 

regions of flat morphology in the shell reflects the single crystalline quality. (b) HAADF-STEM image 

of a defected GaAs/Si0.14Ge0.86 core/shell structure of rough morphology. (c) A corresponding EDX 

elemental map of the core/shell structure in (b) where the GaAs core is highlighted in Blue, Si in green 

and Ge in red. The compositional non-uniformity is visible where some regions are Si-enriched. 
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Supporting Figure 5.7. Elasticity of Closely Spaced Thin GaAs Core Nanowires: 30 tilted-view SEM 

images of (a-b) Fields of WZ-GaAs nanowires arrays of fixed length L= 2µm, inter-wire spacing P = 0.5 

µm and variable diameters (a) 16 nm, (b) 20 nm, (c) 30 nm, (d) 40 nm, and (e) 50 nm. The thinnest 

nanowires (D = 16-30 nm) are very elastic and gets stuck to the substrate to each other during the wet 

etch step in the processing. (f) A zoomed-in view of a group of bending nanowires sticking together. (g) 
View of defected Ge-shells grown on a group of bent and merged GaAs nanowires, broken off across 

the structure. 



5.7 Appendix 

171 

C
h

ap
te

r 
5 

 

 

 

 

 

 
Supporting Figure 5.8. Comparison of Optimized and Non-optimized Au Wet Etching Prior to the 
Hexagonal Shell Growth: 30 tilted-view SEM images of (a, c) GaAs/Ge and GaAs/Si core/shell 

structures based on an optimized Au etching process, resulting in high quality, flat morphology. (b, d) 
GaAs/Ge and GaAs/Si core/shell based on a non-optimized Au etching process where the shell growth 

is disrupted due to the existing Au residues. Parasitic Si or Ge structures are catalyzed by the residual 

Au particles. Despite the large lattice mismatch of GaAs and Si that yields non-optimal structural quality 

of the Si shell, we care about the incorporation of Au impurities as a result of the etching process in the 

Si shell. Parasitic Si nanowires are easily catalyzed by Au. Hence, checking for the presence of parasitic 

wires can be used as a fast check for the result of the Au etching. 
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Supporting Figure 5.9. Challenges Facing the Hexagonal SiGe Epitaxy Step: 30° tilted-view SEM 

images of (a) Hex-Ge shells grown on low aspect ratio WZ-GaAs cores for a long growth period leading 

to nearly merged structures and a minimal pure hexagonal segment. (b) Non-uniform faceted Hex-Ge 

shells grown on similar low aspect ratio WZ-GaAs cores. (c) Hex-Ge shells grown on high aspect ratio 

WZ-GaAs cores grown for a long growth period, resulting non-flat end facets with overgrown cubic 

segments on top of each nanowire. This is in addition to the formation of pyramid-shaped islands 

around the bottom of the nanowires resulting in shell structures of modulated diameters. 
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Unveiling Planar Defects in 
Hexagonal Group IV Materials

Abstract—Recently synthesized hexagonal group IV materials are a promising 
platform to realize efficient light emission closely integrated with electronics. High 
crystal quality is essential to assess the intrinsic electronic and optical properties of 
these materials, not affected by structural defects. Here, we identify a previously 
unknown type of partial planar defects in hexagonal group IV materials and 
investigate this defect's structural and electronic properties. Transmission electron 
microscopy and atomistic modeling are used to reconstruct and visualize an I3 
planar stacking fault and its terminating dislocations in the crystal. From 
electronic band structure calculations, coupled to photoluminescence 
measurements, we conclude that the I3 stacking fault and the terminations do 
not create states within the band gap of Hex-Ge and Hex-Si. Therefore, the defect does 
not significantly degrade the (opto) electronic properties of the Hex-SiGe 
materials family. Finally, shedding light on this novel defect's structural and 
optical properties might be of great interest to the community of Hex-III-Ns, in 
which this defect is also present.

Chapter Contributions—Samples Fabrication, Nanowires Growth, 
Structural Data Analysis: Elham Fadaly (TU/e), TEM: Marcel Verheijen 
(TU/e-Eurofins), Molecular Dynamics: Anna Marzegalli (UNIMIB), 
DFT Calculations: Lin Sun (Jena), Raman Spectroscopy: Diego de 
Matties (Basel) and Riccardo Rurali (ICMAB), PL: Alain Dijkstra (TU/e).
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6.1 Introduction 

Group IV materials, especially Silicon (Si) and Germanium (Ge) are considered 

cornerstone materials in the semiconductor industry. Their unique physical and 

electronic properties, in addition to their well-established technology, qualified them for 

a broad range of applications in the fields of electronics and optoelectronics. However, 

the fundamental limitation is that bulk crystalline cubic-Si and -Ge are incapable of 

emitting light efficiently due to the indirect nature of their band gaps. This has so far 

restrained them from being fully utilized in active optical circuitry. Recently, we have 

experimentally realized direct band gap Si1-xGex alloys by exploiting the metastable 

hexagonal crystal structure1. This transformative result can open new frontiers towards 

uniting the electronic and optoelectronic functionalities on a single chip, paving the way 

towards integrated group IV photonics, a long-held goal. For this to happen, it is pivotal 

to master the structural, electronic, and optical properties of this new class of hexagonal 

group IV materials (i.e., Si and Ge) that are mostly unexplored. High crystalline quality 

is required to fully understand the materials’ intrinsic electronic and optoelectronic 

properties since structural defects can be detrimental to the material properties. 

In group IV materials, the hexagonal crystal phase is a metastable phase, which is not 

readily achieved via conventional thin film growth techniques and can only be realized 

under extreme conditions in small volumes, as demonstrated in the literature2–7. Here, a 

unique feature of bottom-up grown nanowires is employed - their intrinsic capability of 

creating metastable crystal phases inaccessible by conventional material synthesis 

techniques in the planar geometry. Capitalizing on this unique attribute, the hexagonal 

crystal phase has been achieved in group IV materials via the ‘crystal transfer’ technique 

reported by some of us in Refs.1,8–10. The hexagonal crystal structure of group IV materials 

is adopted from a hexagonal nanowire core material template. This technique allows 

fabricating single-crystalline materials in big volumes, as demonstrated in Ref.1. 

In this chapter, we investigate a new type of planar defects in hexagonal group IV 

materials. We have observed this distinct type of defect in three single-crystalline 

hexagonal group IV material systems: Si, Ge and their SiGe alloys. We present a 

comprehensive experimental study for this new type of planar defect in hexagonal group 

IV materials supported by theoretical modeling for the structure and its optoelectronic 

properties. 
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Outline of the chapter—This chapter is divided into three main parts; the first part 

addresses the crystal structure of this defect in both materials systems (Si and Ge) with 

an extensive transmission electron microscopy (TEM) study. Then, molecular dynamics 

(MD) and ab initio density functional theory (DFT) calculations coupled with 

photoluminescence (PL) measurements are presented to study the influence of the I3 

stacking fault on the electronic and optical properties of these material systems. 

Eventually, a complimentary characterization method for the I3 SFs is presented via 

Raman spectroscopy. This chapter focuses on studying the GaAs/Ge system in detail 

with few discussions about the GaP/Si system, which displays a similar defect geometry. 

6.2 Studied Material System 

The Hex-Ge and -Si studied in this chapter have been epitaxially grown around almost 

lattice-matched wurtzite gallium arsenide (GaAs) and gallium phosphide (GaP) 

nanowires, respectively, as previously discussed. In brief, the growth of GaAs/Ge and 

GaP core/shell structures have been performed in three main steps. First, gold (Au) 

catalyzed untapered wurtzite (WZ) nanowire arrays are grown with the vapor-liquid-

solid (VLS) method. Then, the Au catalysts are chemically removed from the nanowire 

cores, and eventually, Hex-Ge and Si shells are epitaxially grown around the Au-free 

nanowire cores1. The details of the fabrication protocol of the materials studied in this 

chapter are identical to what has been reported in Chapter 5, section 5.2. A representative 

scanning electron microscopy (SEM) image in Figure 6.1a shows an array of nanowires 

having thin Hex-Ge shells around thin WZ-GaAs nanowire cores. The elemental 

composition of the nanowires is studied by energy-dispersive X-ray spectroscopy (EDX) 

using TEM. The elemental maps across the axial and radial direction of the wires as 

depicted in Figure 6.1 (b, c) confirm the GaAs/Ge core/shell structure showing no 

intermixing between the GaAs and Ge. Similar results of Hex-Si have been previously 

reported11–13. 
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6.3 Nature of the Defect and its Stacking Sequence 

A detailed analysis of the crystal structure of Hex-Ge and -Si reveals one predominant 

type of defect. This type of defect appears in bright field (BF) TEM images as dark lines 

starting from random spots in the hexagonal shell continuing towards the edge of the 

shell as presented in Figure 6.2 (a, d). In the high-angle annular dark-field scanning TEM 

(HAADF-STEM) images, bright lines are visible, indicating the contribution of diffraction 

contrast to the atomic number contrast, see Figure 6.2 (b, e). The formation of the defect 

is intriguing for two main reasons: (1) there is no significant lattice strain present between 

the core and shell of our nanowires to be released in the form of a defect, (2) the defects 

nucleate in the shell and their formation seems to be intrinsic to the hexagonal group IV 

system. 

The atomic arrangement of the Hex-Ge (Hex-Si) and the defect, in particular, are studied 

in the high-resolution STEM image in Figure 6.2 (c, f). The defect is revealed to be 

composed of two stacking fault planes and the relative terminating dislocations. In the 

defect-free part of the Hex-Ge (Hex-Si) crystal, the atomic layers are found to correctly 

follow the ABAB stacking, verifying the hexagonal phase of the material. The stacking 

fault terminating dislocations are highlighted by the yellow circle indicated by a white 

arrow. The altered stacking sequence as a result of this defect is highlighted in red (cyan) 

 

Figure 6.1. Epitaxial Hexagonal GaAs/Ge Core/Shell Nanowires: (a) A representative SEM image of 

an array of hexagonal GaAs/Ge core/shell nanowires grown in the <0001> growth direction on a 

GaAs(111)B substrate. (b) EDX compositional map for the axial direction of one representative GaAs/Ge 

core/shell nanowire. (c) Overlapped HAADF-STEM and EDX images of a cross sectional thin lamella of 

a similar nanowire. 
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planes on either side of the terminating dislocations. The dumbbell orientation change 

occurs at the dislocation cores, see Figure 6.2 (c, f). The stacking fault starts from a 

random spot at the interior of the hexagonal crystal of group IV materials and extends to 

the edge of the core/shell structure, as clarified in detail in Supporting Figure 6.1. The 

result is a planar structure consisting of a four-layer stacking resembling the 4H- polytype 

stacking sequence14. This defect's altered stacking sequence is ABCBA which is identical 

to the I3 basal stacking fault 11F11F11F

* (BSF) type15. 

                                                 

* For clarity, a BSF in a wurtzite (hexagonal) crystal can be regarded as a planar defect in the {0002} plane 

forming an –ABC– cubic structure within the –ABAB– wurtzite stacking sequence, as defined by 

Zakharov et al.15 

 

Figure 6.2. Crystal Structure of Defected Hex-Ge and Hex–Si: (a, d) BF-TEM images, obtained in the 

<11-20> one axis, of GaAs/Ge and GaP/Si core/shell structures, with white dashed lines, as a guide for 

the eye, indicating the interfaces between the different material systems. The dark partial lines across 

the structure represent the stacking faults in the Ge and Si shells. (b, e) Aberration-corrected HAADF-

STEM zoomed-in images for a region of the GaAs/Ge and GaP/Si structure, indicating the starting 

position of the stacking faults. (c, f) A magnified image of the framed regions in (b, e) displaying the 

ABAB stacking of the hexagonal crystal structure, except the red and cyan highlighted regions that 

designate the I3 4-layer stacking fault originating from the terminating partial dislocations highlighted 

in yellow in Ge and Si shells, respectively. 



6. Unveiling Planar Defects in Hexagonal Group IV Materials 

180 

Stampfl and Van de Walle theoretically predicted the I3 BSF in 1998 in wurtzite III-V 

semiconductors such as aluminum nitride (AlN), gallium nitride (GaN) and indium 

nitride (InN)16. The I3 BSF was predicted to be an intrinsic type of defects in wurtzite 

material systems in which the A or B layers wrongly occupy the C-position resulting in 

the stacking as mentioned earlier. Only in 2005, it was first observed experimentally in 

wurtzite GaN showing the faulty stacked planes viewed from the wurtzite <11-20> zone 

axis15. Neither of these studies considered the possibility of the stacking fault termination 

to be in the bulk of the material instead of being at the surface. 

6.4 In-plane Reconstruction of the I3 BSF 

To fully characterize the in-plane boundaries of the I3 BSF and its termination, an 

extensive BF-TEM study has been performed on a thin GaAs/Ge core/shell nanowire with 

a core diameter/shell thickness of 9/45 nm. The same section of the core/shell structure 

has been imaged along two different <11-20> zone axes orthogonal to the <0001> long axis 

of the nanowire, having a mutual difference in viewing angle of 60°. The <11-20> zone 

axis is equivalent to the cubic <110> axes, which allow for discriminating between the 

cubic and hexagonal stacking sequence and identifying stacking faults in either of the 

lattices. An ensemble of partial dislocations is visible in the BF-TEM images as shown in 

Figure 6.3  (a, b), appearing as dark lines extending radially. The dark lines in the top 

TEM images are illustrated by colored lines in the bottom panels. Seven defects of 

different lengths can be clearly distinguished along the two zone axes. Imaging the 

defects along two different zone axes allows reconstructing the in-plane shape of the 

seven defects.  In Figure 6.3c, the defects are projected on the hexagonal cross-sectional 

core-shell shape. From this analysis, we can conclude that two dislocation pairs terminate 

this planar defect with a mutual angle of 60°, and that the layers in between the 

dislocations form the I3 BSF. It is worth mentioning that BF-TEM imaging is more suited 

to determine the defect density and in-plane extension than aberration-corrected 

HAADF-STEM imaging due to the limited depth-of-focus of the latter, despite its better 

visualization of the atomic arrangement at the dislocations, see Supporting Figure 6.2 
and Appendix for more details17. To further confirm that the structure of the dominant 

defect, intrinsic to hexagonal group IV materials, is the I3 BSF, and not another type of 

planar defects, we have compared it to similar defects in the literature as elucidated in 

the chapter Appendix 18,19. 
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6.5 Atomistic Modelling and Electronic Properties of I3 defected Hex-Ge 

Atomistic modeling and ab initio DFT calculations corroborate the structural 

characterization inferred by TEM analysis, as shown in Figure 6.4. A hexagonally shaped 

GaAs nanowire (blue) with {1-100} facets and a Ge shell (red) with hexagonal crystal 

lattice positions has been constructed, see Figure 6.4a. Analytical expressions for the 

displacement field of straight edge dislocations have been used to insert two partial 

 

Figure 6.3. Reconstruction of the In-plane Shape of the Partial Planar Defects: (a, b) The top panels 

show BF-TEM images of the same section of a 9 nm GaAs core / 45 nm Ge shell nanowire, imaged along 

two <11-20> zone axes orthogonal to the <0001> long axis of the nanowire. Several partial dislocations 

are visible. The bottom panels show a schematic illustration of the GaAs/Ge core/shell structure and the 

colored horizontal lines indicate the positions of seven defects that can clearly be recognized along the 

two different zone axes. (c) A top view for the reconstruction of the in-plane shape of the seven defects 

indicated in the BF-TEM images, created by projecting the defects into the hexagonal shape. All defects 

have symmetrically equivalent in-plane shapes. All defects have their origin in the shell, i.e., remote 

from the core/shell interface. 
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dislocations with opposite Burgers vectors in a basal plane, along two <11-20> directions 

with an angle of 60° between them (labeled A in Figure 6.4b), starting from an arbitrary 

point20. The same approach has been repeated in the subsequent basal plane (labeled B in 

Figure 6.4b). In the upper and lower defected planes, the opposite Burgers vector for the 

dislocation pairs has been chosen. Molecular dynamics simulations using a Tersoff 

potential are performed, allowing atoms to rearrange in their minimum energy 

configuration (see the Appendix for the MD simulations details)21. The terminations of 

the I3 BSF, as seen in Figure 6.2 (c, f), is fully reproduced and confirmed as a minimum 

energy configuration by MD. In Figure 6.4, atoms belonging to the dislocation cores are 

colored in green and blue. The same colors indicate the sign of the Burgers vector.  The 

double stacking fault in the internal triangular region is a natural consequence of the 

dislocation insertion, which are indeed partial dislocation dipoles on each plane. Figure 
6.4b shows that the edge of the I3 BSF can be observed only along a <11-20> viewing 

direction parallel to its dislocation line, while the dislocations not parallel to the viewing 

direction cannot be clearly identified, as confirmed by TEM analysis, see  Supporting 
Figure 6.4. 

Although the identification of the nucleation mechanism needs further investigation, the 

tendency of the system to introduce the illustrated specific defect (I3 BSFs with pairs of 

30° partial dislocations terminating them), can be explained via energetic considerations. 

Stacking faults in the hexagonal structure introduce cubically stacked layers in the perfect 

hexagonal structure. Since the cubic phase is the ground state of bulk Ge and Si, these 

stacking faults in Hex-Ge and -Si have negative formation energies. The energy gain is 

proportional to the number of cubic rows formed, which is two in this case, as shown in 

Supporting Figure 6.5, contrary to the case of a single stacking fault forming a unique 

row of cubic sites. Due to the null total Burgers vector, the deformation field induced by 

the partial dislocation pairs is negligible, and their core energies are predicted to be low20. 

Moreover, there is no interaction between the two dislocation pairs, again due to the null 

total Burgers vector of each pair, allowing the double stacking fault to be stable and 

evolve until maximum possible extension. The characteristic zero total Burgers vector of 

the pairs also explains their stability with respect to the nanowire free surfaces: no net 

image force is acting on them, so they cannot be expelled. Moreover, it is confirmed that 

the dislocation nucleation is not due to strain release since null Burgers vector defects 
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cannot release strain, which is consistent with the negligible lattice mismatch between the 

core and the shell materials. 

To investigate the electronic properties of the I3 BSFs and of their terminating 

dislocations, a multi-scale approach was employed: based on the within, considering 

defect supercell model shown in Figure 6.4 (a, b). A smaller atomistic model, as shown 

in Supporting Figure 6.6, was used to perform the atomistic relaxation and obtain the 

minimum energy geometry depicted in Figure 6.3c. Details of the DFT calculations are 

explained in the Appendix. The band structure diagram shows the local density of states 

(LDOS) along the <10-10> crystallographic direction, which contains the I3 BSF and the 

 

Figure 6.4. Atomistic Model and Electronic Band Structure Calculations of I3 BSF in Hex-Ge and their 
Terminating Dislocations: The WZ-GaAs nanowire core atoms are represented in blue and the Hex-Ge 

shell atoms in red. (a) Top-view atomic model of four atomic layers of the structure containing I3 BSF and 

four bounding partial dislocations; two at each stacking fault plane, separated with a 60° angle.  At the 

bottom, a side-view atomic model of the area indicated by the black lines, viewed from the direction of the 

arrow in the top panel. It displays the atomic arrangement at both partial dislocation pairs, for more details 

on the imaging directions, see Supporting Figure 6.2 and Supporting Figure 6.4. (b) A 3D view of the 

model in panel a. The most top and bottom layers are defect free and the middle layers contain the partial 

dislocations enclosing the planar stacking faults. A, refers to the top defected layer and B, refers to the 

bottom defected layer. The dislocations as seen along two different <11-20> viewing directions are shown 

in the framed boxes with dashed and solid lines, indicating viewing direction 1 and 2, respectively. The 

dislocations in the upper and lower defected planes are highlighted by blue and green atomic colors; same 

color means equal Burgers vector. (c) Local density of states (LDOS) of the Hex-Ge supercell modelled in 

(a) and (b), averaged in the <0001> direction, the plane orthogonal the <10-10> crystallographic direction. 

The supercell contains the I3 BSF and the local band structure plotted along the <10-10> clearly shows no 

mid-gap states. 
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dislocations embedded in the Hex-Ge crystal, averaged in the perpendicular plane, the 

<0001> direction22. More details on the band structure DFT calculations are provided in 

the chapter Appendix. Notably, the LDOS across the <10-10> direction in Figure 6.4c 
shows no states in the band gap associated with the I3 BSF, not at the dislocation cores. 

Intuitively, this can be understood because, at the stacking fault, cubic layers are formed, 

which have a larger bandgap than the hexagonal crystal, resulting in states in the 

conduction band.  Similar results are obtained for Hex-Si crystals, as explained in 

Supporting Figure 6.6.  Importantly, this means that the electronic properties of a Hex-

Ge crystal are theoretically not affected by the presence of I3 BSFs and by their terminating 

dislocations, which is the dominant defect in our Hex-group IV nano-crystals. 

6.6 Optical Characterization of Hex-Ge with I3 BSFs 

We have analyzed the photoluminescence efficiency of hex-Ge and hex-SiGe nanowires 

containing I3 BSFs elsewhere1, and we concluded that we have emission from band-to-

band recombination. We have not observed a substantial difference between nanowires 

with different defect density in the photoluminescence intensity or spectral lineshape. 

The photoluminescence quenching rate (decrease of PL intensity with increasing 

temperature) in defected Hex-Ge and Hex-Si0.20Ge0.80 nanowires are very comparable to 

what is observed in high-quality III/V semiconductor nanowires. Additional data show 

that our Hex-Si0.20Ge0.80 nanowires could reach the radiative limit up to room temperature, 

indicating a low density of non-radiative centers. The slightly lower photoluminescence 

quenching rate in hex-Ge as compared to hex-SiGe indicates that this conclusion should 

also be valid for Hex-Ge. These observations conclusively show that the I3 BSF defects are 

not significantly degrading the photoluminescence. Although we cannot exclude that I3 

defects provide a shallow defect level with a low photoluminescence quenching rate, our 

experimental results support the theoretical claim that the I3 BSF and its terminating 

dislocations do not provide a strong photoluminescence quenching center within the 

bandgap. 

6.7 Raman Spectroscopy 

A complementary method for structural characterization of the I3 BSFs is Raman 

spectroscopy. We have computed the Raman spectra of I3 defected Hex-Ge supercells of 

different sizes employing density functional perturbation theory (DFPT), see details in 

the Appendix. In addition to the expected E2g and TO/LO peaks 23,24, the computed spectra



C
h

ap
te

r 
6 

6.7 Raman Spectroscopy 

185 

of defected Hex-Ge exhibit a phonon mode at 241 cm-1, which is absent in pure Hex-Ge 

and does not result from the artificial folding imposed by periodic boundary conditions 

(for more details see Supporting Figure 6.7. The atomic displacements of the 241 cm-1 

mode at the Γ-point were also calculated and are shown in Figure 6.5a. The motion is not 

localized at the stacking faults, but it involves all atoms in the unit cell and is oriented 

along z. 

Raman scattering experiments were performed on single Hex-GaAs/Ge core/shell 

nanowires with varying defect densities. The measured nanowires have also been 

examined by TEM, as shown in Supporting Figure 6.8, and the defect densities have been 

calculated in terms of percentage of defected volume over the shell volume as explained 

Figure 6.5. Raman Fingerprint of the I3 BSF: (a) Calculated atomic displacement vectors of the defect-

enabled phonon mode at 241 cm-1 at the Γ-point for the smallest cell; (b) Scheme of the scattering 

configurations employed in the Raman measurements. (c) Raman spectra of four hexagonal Ge 

nanowires differing in I3 BSF defect density. The spectra have been normalized to the intensity of the 

E2g mode for a direct comparison of the defect peak intensities. For each sample, several nanowires (2-

6) were measured, and the average results are shown in panel d. (d) Left scale, circle symbols: intensity 
of the ⁓244 cm-1 peak relative to E2g intensity as a function of defected shell volume %; Right scale, tria- 
ngular symbols: theoretical values. Notice that the scales of the y-axes of the experimental and the- 
ortical intensities are different, as they are not directly comparable. Experimental error bars on the 
y-scale represent the half-difference between the maximum and minimum value found for that sample,  
on the x-scale come from the estimation of the defect density. The lines are guides to the eyes. 
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in Supporting Figure 6.9. The details of the defect density calculations is provided in the 

Appendix. Figure 6.5b exemplifies the back-scattering geometry adopted in the Raman 

measurements and calculations. In Figure 6.5c, we compare the Raman spectra of several 

GaAs/Ge core/shell nanowires, differing in the density of the I3 BSFs in the hexagonal 

crystal. All nanowires' spectra display the transverse optical E2g mode and the degenerate 

transverse and longitudinal optical A1g and E1g modes, typical of Hex-Ge23,24. In addition 

to this, we observe a weak feature at 244 cm-1 with varying intensity among the nanowire 

samples. To directly compare the spectral weight of this peak between different samples, 

we normalize each spectrum to the intensity of the E2g mode. We fitted the spectra with 

Lorentzian curves to extract the intensities of the 244 cm-1 modes relative to the E2g modes. 

In Figure 6.5d we summarize the relative intensities as a function of the percentage of 

defected nanowire shell volume. We observe direct proportionality between the intensity 

and the defect density for defect densities above 1.5% of shell volume; below this 

threshold, the experimental intensities are very low and similar. Considering the non-

localized nature of the vibration and the fact that the phonon dispersion of bulk Hex-Ge 

has a mode at that frequency with no Raman activity, we attribute the observation of the 

244 cm-1 peak to the presence of the I3 BSF altering the Raman selection rules, thus making 

a silent mode detectable. We suggest that the observation of a threshold I3 BSF density is 

because, below a specific density, these defects might be too diluted to significantly 

enhance the 244 cm-1 phonon mode's intensity. Overall, these results indicate that Raman 

spectroscopy is a powerful non-destructive tool for assessing the density of I3 BSFs in 

group IV semiconductor nanostructures. 
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6.8 Conclusion 

In summary, we have identified and characterized the atomistic microstructure of a 

unique planar intrinsic basal defect, dominant in hexagonal group IV family of materials.  

The investigated planar extension of such defect reveals that it is formed by an I3 basal 

stacking fault and its atomic stacking exhibited a triangular shape terminated by two 

partial dislocation dipoles. I3 BSF is the dominant stacking fault embedded in the 

hexagonal crystal matrix. In addition to TEM, we have confirmed that I3 BSFs can also be 

identified by Raman spectroscopy by observing a distinct phonon mode, enabled by the 

stacking fault, which is absent in the pure phase hexagonal crystal. Eventually, the 

electronic band structure calculations showed that I3 BSFs and its terminating dislocations 

do not introduce states in the energy gap of hexagonal Ge and Si. These theoretical 

calculations are consistent with the reported efficient light emission from hexagonal Ge 

and SiGe alloys with I3 BSFs. Identification of the dominant defects in a newly discovered 

class of materials such as hexagonal group IV family is essential for developing a well-

established technology for future optoelectronic devices.  
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6.10 Appendix 

Molecular Dynamics Simulations 

Hexagonal prismatic simulation cell sideways faceted by the {1-100} planes, representing 

hexagonal Ge nanowire has been used in atomic simulations using molecular dynamics 

approach. Two partial dislocation pairs have been placed into the same double plane of 

the cell separated by an I3 stacking fault naturally formed between them as a result of 

their insertion. Each dislocation pair is formed by two 30° partial glide dislocations with 

opposite Burgers vector situated one above another in consecutive lattice planes in the 

<0001> direction. The directions of dislocation lines correspond to [-12-10] and [11-20] for 

the first and second pair. 

The simulation cell with inserted defects has been subjected to energy minimization 

procedure with the Tersoff potential for Ge, applying the Polak-Ribiere conjugate 

gradient algorithm (stopping tolerance for energy and force were equal to 10-6 and 10-8 

eV/Å, respectively)25. Because of the absence of empirical potentials fitted for hexagonal 

Ge phase, we have used the Tersoff potential for cubic diamond Ge. However, as this 

potential considers the interactions of only nearest-neighbor atoms, the configuration of 

which is the same in both cubic and hexagonal phases, its applicability also for hexagonal 

Ge phase is expected. To perform the energy minimization, Large-scale atomic/molecular 

massively parallel simulator (LAMMPS) code for molecular dynamics simulations has 

been used26. 

Stacking Fault Energy Calculations 

The calculations of the formation energy of different SFs were performed with DFT and 

plane-wave basis sets as implemented in the Quantum Expresso code27. The exchange-

correlation was treated in the generalized gradient approximation (GGA) as 

parameterized by Perdew et al.28. A plane-wave cutoff of 80Ry and a 16×16×1 k-point grid 

was used. The supercells used for the atomistic simulations of the SFs, partially illustrated 

in the Extended Data Fig. 6 were created from a 1×1×6 periodic replica of the unit cell of 

hexagonal Ge (Si) and including different SFs configurations. The calculated formation 

energies of the single SFs in the two different configurations shown in Supporting Figure 
6.5 (a, b)  are -3.19  and -6.14 mJ/m2 (-2.71 and -4.72 mJ/m2 for Si), respectively, and thus 

roughly proportional to the row number of cubic sites formed in between Ge layers that 

are marked in the figures. Note that the cubic sites denote the cubic local symmetry, in 
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agreement with the h-c Jagodzinski notation29. Obviously, the symmetry of all the other 

pristine stacking layers in the 2H crystal is hexagonal, even if not explicitly indicated in 

Supporting Figure 6.5.  The double SF shown in Supporting Figure 6.5c, forming the I3 

BSF, is also characterized by two rows of cubic sites and has a formation energy of -6.32 

mJ/m2 (-5.38 mJ/m2 for Si), thus comparable to that of the SF in Supporting Figure 6.5b 

and about two times the value of the formation energy of the single SF in Supporting 
Figure 6.5a. The formation of two single SFs, as illustrated in Supporting Figure 6.5d, is 

thermodynamically equivalent to the I3 BSF and slightly favored than the SF in 

Supporting Figure 6.5b, if no dislocations are considered. Indeed, during a planar 

growth (in the vertical direction of the figures and corresponding to the <0001> direction) 

on top of a stacking fault plane the crystal can freely continue to incorporate atoms in any 

stacking sequence and having two separate single SFs as in Supporting Figure 6.5d, or 

the double one is not very different from the thermodynamic point of view. On the 

contrary, in the case of the nanowire radial growth, one should see a growth front in the 

radial directions (perpendicular to the <0001> direction). Thus the growing crystal 

containing the SF planes connects to the material deposited previously, which should 

form a perfect hexagonal crystal. Then, to have a configuration with two separate SFs as 

in Supporting Figure 6.5d, a column of dislocations in between the two stacking faults 

must be formed. Instead, the double-layer SF with the terminating dislocation pair as in 

Supporting Figure 6.5c is the natural configuration minimizing the number of 

dislocations (and their energy, being null in total Burgers vector) is thus favored in the 

radial growth. Instead, a sessile dislocation with Burgers vector out of the glide plane, 

thus having high formation energy, has to be formed to connect the SF in Supporting 
Figure 6.5b to the perfect crystal. Consequently, this single SF is also unfavored as 

compared to the I3 BSF15. 

Electronic Band Structure Calculations 

Band structure calculations were performed using the Vienna Ab initio Simulation 

Package (VASP), which implements DFT within the projector-augmented wave 

method30,31. We set the plane-wave cutoff to 500 eV and included Ge 3d electrons as 

valence electrons. The supercell model for the defect contains 384 Ge atoms, and it was 

relaxed using the minima hopping method for crystal structure prediction calculating 

energies and forces with the DFT tight-binding code DFTB+32–34. For this task, we 

employed Slater-Koster parameters specifically developed to obtain accurate energies 
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and forces35. The lowest energy geometry was then relaxed again using VASP with the 

Perdew-Burke-Ernzerhof (PBE) exchange-correlation functional28.  

A Γ-centered 3×2×2 k-point grid was used, and the calculation was converged until the 

energy difference of two electronic SC steps was less than 0.1 meV. The functional that 

we use for band structure calculations is the meta-GGA functional MBJLDA of Tran and 

Blaha, which gives an excellent band structure for diamond and hexagonal Ge36,37. Spin-

orbit coupling increases the band gap of hexagonal Ge by 0.09 eV, while there is no 

significant effect on band dispersion. Due to the difficulty to converge MBJLDA 

calculations for large supercells, including spin-orbit, we performed these calculations 

neglecting spin-orbit coupling, and added then a correction of -0.09 eV to account for the 

renormalization effect on the band gap. The band diagrams show the local density of 

states (LDOS) along the {10-10} crystallographic direction, averaged in the perpendicular 

plane, as obtained from MBJLDA calculations. We convoluted the LDOS with Gaussian 

smearing of 0.1 eV. 

Experimental Raman Spectroscopy Measurements 

Raman scattering measurements were performed on single GaAs/Ge core/shell 

nanowires at room temperature. The light source was the 514 nm line of an Ar-Kr ion 

laser, focused onto the samples through a high numerical aperture (0.95) 100x objective 

with a working distance of 0.3 mm. The beam power, the polarization of the incident, and 

backscattered light were controlled with neutral density filters and polarization optics. 

The spectra of all nanowires were recorded with the same acquisition times while always 

keeping a low incident laser power of 38 µW in order to avoid heating effects or damage 

to the nanowires. For the spectra presented in this work, the exciting and scattered light 

were polarized perpendicular to the nanowire growth axis (namely, polarized in the Y 

direction in our reference system). The signal was collected by a T64000 Horiba triple 

spectrometer working in a subtractive mode, equipped with 1800 g mm-1 diffraction 

gratings and with liquid nitrogen cooled multichannel Charge-coupled device (CCD) 

detector. The spectrometer in this configuration has a spectral resolution of 0.5 – 1 cm-1. 

Theoretical Raman Calculations 

The ground state geometry of hexagonal Ge has been obtained from density-functional 

theory calculations (DFT) performed with the Abinit code38,39 using the local-density 

approximation (LDA) and norm-conserving pseudopotentials18. We used a 38 Ha plane-
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wave cutoff and sampled the Brillouin zone with a 16×16×12 k-point grid. After the 

relaxation, the forces on the atoms and the stress tensor components were lower than 

3·10-5 eV/Å and 4.5·10-4 GPa, respectively. We then computed the Raman susceptibility 

tensors within density-functional perturbation theory (DFPT)40 from the third derivative 

of the total energy, twice with respect to the application of an electric field and once with 

respect to the phonon displacement coordinates, making use of the 2n+1 theorem as 

implemented in the Abinit code41. Given the sensitivity of the energy derivative to the 

quality of the converged wavefunctions, we imposed a strict convergence criterion of the 

wavefunction residual norm of 10-22. The k-grid that we used is shifted along kx, ky, and 

kz, so that the Monkhorst-Pack algorithm does not select any k-point where the bandgap 

of Ge vanishes due to self-interaction and the calculation of the Raman susceptibility can 

be performed. It was previously shown in hexagonal Si that this choice does not affect 

the results and that the differences with the Raman spectra obtained using a k-grid that 

features a shift only along kz and is G-centered in the (kx, ky) plane — and that is thus 

consistent with the hexagonal symmetry of the lattice — are negligible23. 

I3 BSF Visualization under Different Imaging Modes 

The studied structures have been extensively characterized under two different TEM 

imaging modes, TEM and STEM. As shown in Supporting Figure 6.2, there is one 

apparent contradiction between the results of imaging the I3 BSFs in the two different 

imaging modes BF-TEM and HAADF-STEM that needs to be addressed here. In the 

reconstruction of the 2-D shape of the planar defects in Figure 6.3c in the main text, it is 

evident that the edge defects do not extend over the entire thickness of the nanowire. 

However, in the high-resolution STEM images, we do not see a superposition of the 

defect geometry with that of a defect-free lattice. The reason for this is the depth-of-focus 

of an aberration-corrected STEM operated at 200 kV, being in the order of 11 nm17. Thus, 

by focusing on the nanowire's entrance surface, this first 11 nm will dominate the 

information in the image. Herby, BF-TEM imaging is more suited to determine the defect 

density and in-plane extension than aberration-corrected HAADF-STEM imaging due to 

the limited depth-of-focus of the latter despite its better visualization of the atomic 

arrangement at the dislocation, see Supporting Figure 6.2 and Supporting Figure 6.4.17 
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Comparison of the I3 BSF with Analogous Defects in Hexagonal Materials in the 

Literature 

To further confirm that the structure of the dominant defect, intrinsic to hexagonal group 

IV materials, is the I3 BSF, and not another type of planar defects, we have compared it to 

analogous defects in the literature18,19. In previous work, a defect was reported in Hex-Si 

nanowires, interpreted to be the manifestation of a ‘crack’, a local, small gap between 

individual atomic planes18. To investigate whether the defect in our material systems is 

of a similar nature as the crack defect, complementary high-resolution TEM and HAADF-

STEM imaging of the same defect in addition to spatial and intensity analysis of the 

atomic stacking were conducted as discussed in Supporting Figure 6.2 and Supporting 
Figure 6.3. This study concludes that the I3 BSF results in the same contrast as the 

previously reported crack. Accordingly, we deduce that HAADF-STEM imaging is 

required to uniquely identify the nature of planar defects in hexagonal group IV 

materials. Besides, very recently, in 2018, the termination of the same I3 BSF has been 

observed in the defective top part of zincblende GaAsP/GaAsP core/shell nanowires in 

the high-resolution STEM mode, together with 21 kinds of other defects in the same 

region of the crystal, formed in the final, non-equilibrium stage of the growth19. The 

authors described the zero Burgers vector nature of this defect and hypothesized it could 

be formed by the loss of monolayer-by-monolayer growth in the vertical direction. This 

explanation does not apply to our core-shell nanowires, as no nucleation of new close-

packed layers is required for the epitaxial growth from the sidewalls. In our Hex-Si, -Ge, 

and -SiGe shells, the I3 BSF is the planar defect type present. This is also the first time that 

the I3 BSF stacking fault and its terminating dislocations are observed in group four 

material. 

Defects Quantification and Defects Volume Fraction Calculations 

The I3 BSFs are quantified from the TEM images of the corresponding Raman 

characterized samples. The TEM images are acquired in the scanning TEM mode (STEM). 

The I3 defects density is quantified such that all partial defect lines apparent in the STEM 

images are counted on both sides of the shell in the imaged GaAs/Ge core/shell structure 

segment. All the I3 defects quantification is based on STEM images of segments of the 

nanowires, as elucidated in Supporting Figure 6.8. Therefore, each defect volume 

fraction reported is based on the defects volume in this segment of the nanowire with 

respect to the corresponding segment volume of the Hex- Ge shell structure, see eq. 6.1. 
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 I3 Volume fraction % = 
VI3

Vshell
 *100% (6.1) 

The core/shell structure is approximated in calculations as two concentric cylinders, for 

simplification, see Supporting Figure 6.9a. Hence, the core and shell volume is calculated 

as the volume of a circular cylinder as explained in eq. 6.2-6.4: 

 Vcore= π rcore
2 *𝐿𝑠𝑒𝑔𝑚𝑒𝑛𝑡 

 

(6.2) 

 Vcore/shell = π rcore/shell
2 *𝐿𝑠𝑒𝑔𝑚𝑒𝑛𝑡 

 

(6.3) 

 Vshell= Vcore/shell - Vcore 

 

(6.4) 

As explained in the main text, the I3 BSF is a planar stacking fault with two terminating 

partial dislocation pairs separated by 60°, consisting of two Ge layers. Hence, we can 

approximate the volume of I3 BSF (VI3
) as the volume of a triangular prism with an 

equilateral triangular base, see Supporting Figure 6.9. The side length of the equilateral 

triangle is equivalent to the extended length of the I3 BSF in the Hex-Ge shell (lI3), viewed 

in the <11-20> zone axis. The height of the prism (h), equivalent to the thickness of the I3 

BSF plus two non-defected layer, is approximately  equivalent to the out of plane lattice 

parameter (c) of the 4H-polytype of Hex-Ge, which is approximately double the c-

parameter of 2H Hex-Ge, reported in Ref.1. Hence, the volume of I3 BSF can be 

approximated as explained in eq. 6.5: 

 VI3
=

√3

4
 . h .𝑙𝐼3

2  ; where h = 2.c (6.5) 

For simplifying the defects’ quantification process, we assume all defects to start at the 

interface and extend to their maximum length, which is equivalent to the shell thickness. 

This assumption is based on the fact that the I3 defects, visualized in the STEM images of 

the samples characterized by Raman, mostly start at the interface and a few percentage 

starts later at the shell. Hence, we take the maximum length extension as an upper bound 

for the defect length. Hence, the calculation of the defects volume fraction in the shell 

might be overestimated. On the other hand, due to the limited depth of focus of the STEM 

imaging mode, not all defects are in focus, especially in quite thick core/shell structures. 

Hence, not all defects are in focus, so we might have missed quantifying a portion of the 

defect, which underestimates the number of defects. Tiny defects initiated at the end of 

the shell growth process will probably not be visible because of the limited diffraction 
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contrast. This effect may be larger for thicker wires. However, these smaller defects' 

volume contribution is quite small because of their limited lateral size. Hence, we can 

rewrite eq. 6.5 as explained in eq. 6.6:  

 
VI3

=
√3

2
 . h .𝑟𝑠ℎ𝑒𝑙𝑙

2 . 𝑐 (6.6) 

 

 

 

 

Supporting Figure 6.1. Tracing the Origin of the I3 BSF: (a-d) Aberration-corrected HAADF-STEM 

images obtained in the <11-20> zone axis tracing an I3 BSF in a Hex-Ge crystal appearing as a bright 

white line and indicated by a white arrow. As we follow this bright line inwards from the edge of the 

shell, we find out that the defect extends from the interior of the hexagonal shell to the edge of the 

structure. The highlighted region in (d) in red represents the I3 SF and its terminating dislocations. As a 

result of the presence of partial dislocations indicated by the yellow region indicated by a white arrow, 

a four-layer stacking resembling the 4H- polytope is formed as shown in the highlighted region in red. 
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Supporting Figure 6.2. Imaging the I3 BSF and its Terminations under 60° Viewing Direction: (a, c) 
BF-TEM images of several I3 defects in a Hex-Si shell, formerly named ‘cracks’.  Contrasts are identical 

to those described in Ref. 18. The inset cartoon in panel (a) represents the imaging direction of these 

defects in the shell part of the nanowire:  imaging is performed along a <11-20> zone axis. The partial 

dislocations are imaged under a 60° viewing angle. (b, d) HAADF-STEM corresponding to the same 

region imaged in a, c images. (e, f) Zoomed-in HAADF-STEM images for the framed regions in cyan in 

(d) showing two defects. f, Atomic resolution image of the partial defect framed in (e). (g) Atomic model 

of the atomic arrangement for the defect in (f) in this viewing direction, based on the defect geometry 

as discussed in detail in Figure 6.4. Green and light blue atoms belong to the dislocation cores. 
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Supporting Figure 6.3. Spatial and Intensity Analysis of the Atomic Stacking of I3 Defects Imaged 
under Two Different Orientations: (a, c) HAADF-STEM images acquired along the <11-20> zone axis 

of representative regions of the Hex-Ge crystal containing the I3 defect either running parallel to the 

viewing direction (a) or at 60° from the viewing direction (c) The I3 defected region is shaded in cyan, 

the perfect region in red, the overlap region of perfect and defected in green. (b) Corresponding 

intensity profile constructed crossing the atomic planes in the axial direction in the framed regions in 

(a), where a perfectly stacked hexagonal crystal is framed by a red rectangle and the I3 defected region 

is framed in cyan. (d) Corresponding intensity profile constructed the same way as in (b) for the framed 

regions in (c). The three intensity profiles show no noticeable difference in the spacing of the atomic 

planes nor dips in the intensity at the positions of the crystal planes that could hint at the absence of 

material. 
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Supporting Figure 6.4. Summary of the Different Projected Atomic Configurations of the I3 BSF and 
its Terminating Dislocations: (a) A top-view atomic model explaining the planar extension of the I3 BSF 

and of its terminating dislocations when analysing the structure in the <11-20> direction. (b) A side-

view atomic model corresponding to the black framed region in (a). (c) A HAADF-STEM image for the 

highlighted regions in (a, b). The unhighlighted regions display perfectly stacked planes showing the 

ABAB stacking. The green region shows the I3 stacking fault starting where the white arrow points. The 

blue region shows the super-position of a perfectly stacked volume with an I3 defect stacked region in 

the depth of view. Because of the dislocation line inclined orientation of one of the two I3 dislocations, 

the ratio perfect/defected volume changes laterally, yielding a gradual change in projected atomic 

arrangement.  
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Supporting Figure 6.5. Different Types of BSFs in a Slab of Hex-Ge: (a, b) with a single stacking fault 

in two different configurations and forming one or two rows of cubic sites, respectively, (c) With the I3 

BSF, and g With two separate single SFs and still forming two rows of cubic sites. The SF plane is 

highlighted by light blue colored bonds. The cubic sites are marked in the figures and with cub we 

indicate the cubic local symmetry, in agreement with the h-c Jagodzinski notation. The (hexagonal) 

symmetry of all the other pristine stacking layers is not explicitly indicated in the figure. 
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Supporting Figure 6.6. Band Structure Calculations of Hex-Si and -Ge Crystals With and Without I3 
BSFs and its Terminating Dislocations based on Atomic Models: (a) A defect free Hex-Si supercell 

composed of 384 atoms where Si atoms are colored in light blue. (b) A Hex-Si supercell composed of 

384 atoms as well with an I3 BSF and the terminating dislocations embedded in the supercell. The partial 

dislocation actually terminating the I3 BSF is colored in yellow. The green colored atoms representing a 

butterfly-like defect that have been introduced in the supercell to preserve the periodicity for the band 

structure calculations, being impossible to implement the real triangular shape of the defect. Indeed, it 

is worth mentioning that in our material systems, Hex-Ge and –Si, only the I3 BSF with the dislocation 

pair colored in yellow has been observed and the butterfly-like defect has never been observed. (c, d) 
Plots showing the calculated DOS as a function of energy of the simulated supercells in (a) and (b) for 

both Si and Ge with and without defects, respectively. The two curves are similar and there is not shift 

at Fermi energy confirming that the I3 defect has no mid-gap states associated with it in both materials 

systems. 
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Supporting Figure 6.7. Theoretically Calculated Raman Spectra of Defect-free and I3 Defected Hex-
Ge cells: DFPT computed Raman spectra in the zz scattering geometry of, from top to bottom, non-

defected hexagonal Ge, hexagonal Ge with a stacking fault in a 1×1×4, in a 1×1×6, and in a 1×1×8 

supercell. Lc is the distance between the stacking faults imposed by periodic boundary conditions 

(namely, between the stacking faults). The dashed line emphasizes that the position of the peak at ~240 

cm-1 is essentially independent on the computational cell size. 
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Supporting Figure 6.8. Representative TEM images of the Characterized Samples by Raman 
Spectroscopy: Low and high magnification BF-TEM images of the WZ-GaAs/Hex-Ge core/shell 

structures presented in Figure 6.5. These samples are of different volumes and fabricated under 

different conditions resulting in different I3 stacking faults density. (a, e) Sample A with an I3 BSFs 

volume fraction of 4 ± 1.4%, (b, f) Sample B with an I3 BSFs volume fraction of 2.4± 0.6%, (c, g) Sample 

C with an I3 BSFs volume fraction of 1.6 ± 0.1%, and (d, h) Sample D with an I3 BSFs volume fraction of  

0.2% and assumed to be I3 defect free. The dimensions of the structures (total structure diameter (D) and 

segment length (L) and growth temperature (T)) are indicated on the images in (a-d). 
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Supporting Figure 6.9. Defects Quantification and Volume Fraction Calculation: (a) Schematic 

illustration of the core/shell (blue/red) nanowire structure approximated as two concentric circular 

cylinders. (b) The I3 BSFs, illustrated in yellow, are represented as triangular prisms with an equilateral 

triangular base of a side length equivalent to the radial extension length for the I3 BSF in the shell (lI3) 

and a height (h) of 4-atomic layers of the previously discussed stacking ABCBA. 
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Abstract—Hexagonal group IV materials (Si and Ge) of 2H crystal polytype 
have recently been reported as a promising semiconductor material of a direct band gap 
nature in the mid-infrared range. This opens new frontiers for novel 
optoelectronic functionalities and paves the way towards uniting the electronic 
and optoelectronic functionalities on a single chip, CMOS compatible. The controlled 
fabrication of this 2H-Si and –Ge novel material family has remained elusive for decades 
despite the tremendous exerted efforts. Recently, this challenge has been overcome by 
utilizing wurtzite GaAs core nanowire templates where the hexagonal atomic stacking 
is epitaxially transferred to Ge and Si in a core/shell nanowire geometry. However, an 
unconventional basal stacking fault, namely I3, has been observed in the fabricated 
2H crystals. In this chapter, the formation mechanism of this defect is explored under 
selected growth conditions such as the shell growth temperature, shell growth time (and 
thus volume), and pre-shell growth surface treatments. We provide multiple 
hypotheses for the possible I3 defect formation mechanism. A complimentary in-situ 
and real-time TEM study provides a strong insight that the formation of this unusual 
defect occurs during the growth of the 2H shell. Its formation is believed to be driven 
by an unstable step flow regime resulting from limited surface diffusion of Ge 
leading to the formation of this defect. Eventually, Future experiments are 
proposed to further reveal the exact formation mechanism and investigate a 
more comprehensive range of influencing growth parameters, paving the way 
towards controlled epitaxy of defect-free 2H group IV materials.

Chapter Contributions—Samples Fabrication, Nanowires Growth, 
Structural Data Analysis: Elham Fadaly (TU/e), TEM: Marcel Verheijen 
(TU/e-Eurofins), ETEM: Laetitia Vincent (Paris-Saclay).
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in Hexagonal Ge

7



7. Formation Mechanism of I3 BSFs in Hexagonal Ge

210 

7.1 Introduction 

Polytypism in semiconductors is lately explored as a route to modify the electronic and 

optical properties in semiconductor materials for additional functionalities1. Despite its 

desired properties when intentionally introduced, polytypism might be detrimental for 

certain device functionalities when being improperly controlled. Hence, understanding 

the underlying formation mechanism of polytypes in the growing crystals can provide 

more insights into controlling them and help to get defect-free crystals and probe their 

intrinsic properties. Stacking faults (SFs) leading to polytypism are planar defects caused 

by growth irregularities in the stacking sequence of the atomic planes in the growing 

crystal. SFs occur in multiple crystal structures, but they occur frequently and favorably 

in metastable structures. 

Group IV elements, silicon (Si) and germanium (Ge) crystallize naturally in the typical 

cubic diamond structure (3C), which corresponds to the thermodynamically stable 

structure of this materials family2. The polytypes of the diamond structure are the 

hexagonal diamond 2H, 4H, and 6H types. These polytypes are known to be hexagonal 

to a certain extent such that 2H is considered 100% hexagonal, 4H and 6H are of 50% and 

33.3% hexagonality, respectively, in comparison to 0% for the cubic structure3. The 

polytypes total energy of formation with respect to their stable counterpart (3C) 

correspond to (ΔEhex-cub) of 10.7-11.7, 2.4, 1.0 meV/atom for Si 15.0-16.1, 6.9, 4.3 meV/atom 

for Ge2,4. This shows that the 6H type has the lowest formation energy after the stable 

cubic structure and 2H has the highest formation energy among these polytypes. Hence, 

speaking about the metastable 2H-Si and -Ge crystal structures, it is intuitive to see the 

unconventional I3 basal stacking faults (BSFs) –resembling the 4H polytype stacking– 

showing negative formation energy in 2H- Si and Ge crystals, as discussed in Chapter 6. 

For both 2H-Si and-Ge grown in the geometry of GaP/Si and GaAs/Ge core/shell 

nanowire structures, the unconventional I3 BSF is the dominant defect in their crystal 

structure. Such a defect is an intrinsic stacking fault with a characteristic sequence 

ABABACABAB where only one faulty stacked C plane replaces a B-plane. The crystal 

surrounding the C plane along the hexagonal c-axis remains perfect, i.e., unshifted. 

Despite being theoretically predicted as the second-lowest energetically favorable 

growth-related defect after I1 BSFs in 19985 in the III-Ns materials system, the I3 BSF 

configuration has almost never been experimentally observed in hexagonal crystals 

except once in GaN thin film grown in the <11-20> direction on 4H-SiC substrates6. 
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Nevertheless, the formation mechanism of this defect is unknown, especially in 2H-Si and 

-Ge. Despite not significantly degrading the optical properties of 2H-Si and -Ge, as 

discussed in detail in Chapter 6, the presence of the I3 BSF may still have an influence on 

the electronic properties such as carrier mobility, especially when their density is so high 

turning the single crystalline nature into a polytypic one. Therefore, the I3 BSFs formation 

mechanism is studied to optimize the epitaxial growth of high-quality 2H crystal 

structure in Si, Ge, and their SiGe compounds. 

Outline of the chapter—This chapter focuses on studying the I3 BSFs in the 2H-Ge 

polytype (hereafter noted as ’Hex’) in the GaAs/Ge core/shell nanowires geometry. The 

Hex-Si system is discussed elsewhere7. The chapter proceeds by first discussing the 

experimental details of the studied material system containing the I3 BSF. Then, the 

influence of few selected growth parameters (growth temperature and growth period 

which is translated to the grown shell volume) on the I3 BSFs density has been 

investigated. In addition, we discuss the impact of the pre-growth treatments of the 

growth substrate, i.e., growth template and the initial steps of the growth scheme, on the 

I3 BSFs formation. Eventually, we debate the underlying formation mechanism of such 

defect and possible driving forces in light of our growth conditions and experimental 

observations. 

7.2 Experimental Details 

This chapter utilizes the same material system, wurtzite (WZ) gallium arsenide 

(GaAs)/Hex-Ge core/shell nanowire structures, with identical experimental details as 

explained in Chapter 4-6. The studied structures in this chapter have been fabricated 

following the same procedure starting from the growth of gold (Au) catalyzed WZ-GaAs 

core nanowires, followed by the epitaxial growth of Hex-Ge shells in metal-organic vapor 

phase epitaxy (MOVPE).  It is worth mentioning that the growth of each material family 

(GaAs and Ge) has been performed utilizing a separate inner quartz kit and a substrate 

holder, i.e., susceptor in the MOVPE growth chamber to avoid materials cross-

contamination.  The growth scheme of the GaAs/Ge core/shell structures is summarized 

in Figure 7.1. The reported temperatures in this chapter represent the substrate surface 

temperature, monitored in-situ and real-time during the growth process using a 

pyrometer. For the visualization of the I3 BSFs, bright field transmission electron 

microscopy (BF-TEM) and BF and high-angle annular dark-field (HAADF) scanning 

TEM imaging modes have been utilized. In the BF- and HAADF imaging modes, the I3 
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defects appear as dark and bright lines, respectively, extending radially across the 

GaAs/Ge structure; see details of the defect imaging in Chapter 6 in Figure 6.4 and the 

Appendix. 

In this study, we have investigated multiple surface treatment conditions for the GaAs 

core nanowires templates prior to the Hex-Ge shell growth, different from the previous 

chapters, as summarized in Figure 7.2. The following three different GaAs nanowire 

templates have been utilized to mimic three different interface qualities to study their 

possible impact on the formation of the I3 BSFs in the Hex-Ge shell: 

(1) As-grown GaAs core nanowires: after growth, the as-grown, Au-catalyzed GaAs 

nanowires are stored in a glove box under an ambient of nitrogen (N2) to prevent 

surface oxidation and contamination. The utilization of the as-grown GaAs 

nanowires is meant to avoid any possible contamination or different surface 

termination that may occur during the chemical treatment of the nanowires' 

surface to remove the Au particles. Hence, this type of GaAs cores template is 

referred to, hereafter, as ‘untreated as-grown’ core surface, yet with Au particles. 

The crystal structure and morphology of the Hex-Ge shell grown on this template 

are investigated in detail in Supporting Figure 7.1 and Supporting Figure 7.2 in 
the chapter Appendix. It is worth mentioning that after the chemical etching step 

 

Figure 7.1. Schematic Illustration of the Growth Scheme Summary of the WZ-GaAs/Hex-Ge Shells 
Epitaxy: The WZ-GaAs core nanowires are grown first. Then, the as-grown GaAs nanowires are stored 

in a glove box under N2 ambient, or taken out of the MOVPE reactor if necessary, for chemical 

treatments, then reintroduced again into the reactor for necessary thermal annealing treatments prior 

the shell growth step. Eventually, the Hex-Ge shells are grown on the as grown nanowires in the first 

step or after being treated. 
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of Au particles, APT experiments have been performed on the etched GaAs core 

nanowires and the as-grown GaAs/Ge core/shell nanowires structures with Au 

present at the top, and no Au traces have been detected. Hence, the concentration 

of Au impurities -if any present- is beyond the APT detection limit. So, we can 

neglect the influence of Au on the crystal structure of Hex-Ge. 

(2) Chemically treated GaAs core nanowire: in this template, the as-grown GaAs 

nanowires are chemically treated with a diluted cyanide (KCN in deionized 

water) solution to etch away the Au particles. They are then treated with diluted 

ammonia (NH4OH in deionized water) to remove residual GaAs oxides. This 

template will be referred to as a ‘chemically treated’ core surface. 

(3) Annealed GaAs core nanowires: to obtain a clean core surface, free of potential 

wet chemical contaminants, after the Au etching step, the GaAs cores have been 

annealed at a high Tsubstrate = 613°C under high AsH3 pressure to desorb any 

existing contaminants after the annealing step. This template will be referred to 

as the ‘annealed’ core template. 

 
Figure 7.2. GaAs Core Nanowires Templates: Schematic illustration of the WZ-GaAs core nanowires 

templates utilized for the growth of Hex-Ge shells in this study. The three different templates are: (1) 
As-grown GaAs nanowires with the presence of the Au particles on top, (2) Au-free chemically treated 

GaAs nanowires with cyanide and ammonia, and (3) Au-free GaAs nanowires, similar to the 2nd 

template but annealed at a high temperature under a pressure of As and Ga gas precursors. These core 

templates mimic different surface qualities to help get an insight on the mechanism driving the 

formation of the I3 BSFs. 
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7.3 Results and Discussion 

7.3.1 Influence of Growth Temperature and Core Interface Quality on the 
Formation of I3 BSFs 

To understand the growth mechanism of the I3 BSFs, the influence of the growth 

temperature of the Hex-Ge shell has been investigated in the range of (405-565°C) 

substrate temperature (Tsubstrate). In this experiment, two core templates have been 

utilized, the as-grown GaAs nanowires template with the presence of the Au particles on 

top of the nanowires (clean as-grown template) and the Au-free chemically treated GaAs 

cores template (chemically treated template). The fabricated samples of both templates, 

at different Tsubstrate, have a similar shell thickness (45 ± 4 nm) and a similar WZ-GaAs 

nanowire core diameter of 40 nm (and ~ 2 μm in length), such that possible strain-related 

effects can be excluded to explain differences between these samples. Of each sample, 2-

3 nanowires have been studied by TEM, and the density of the I3 BSFs has been extracted, 

hereinafter referred to as I3 BSFs density per unit of length (SFs/µm).  

Figure 7.3a shows a plot of the quantified I3 BSFs density as a function of Tsubstrate of Hex-

Ge shells grown on the two different WZ-GaAs nanowires templates (clean and 

chemically treated). Figure 7.3b displays representative TEM images of nanowire 

segments corresponding to the designated samples (A, B, C) in Figure 7.3a.  It is evident 

from the plot that the I3 BSFs density decreases linearly with increasing growth 

temperature for both growth templates. This can be intuitively understood in light of the 

ab initio calculations presented in Chapter 6, where the simulated I3 defected Hex-Ge cell 

exhibits lower formation energy compared to the defect-free cell. Hence, the formation of 

the I3 BSFs is thermodynamically favorable at low temperatures. 

Influence of the Interface Quality—Intriguingly, the shells grown on chemically treated 

cores exhibit a higher defect density compared to the clean cores despite the similar 

decreasing trend, similar temperatures, and shell thickness. At low temperatures, the 

chemically-treated template shows an almost three times higher BSFs density than the 

clean cores (see samples A and B). In contrast, at high temperatures, the defect density 

converges for both templates displaying a nearly equivalent defect density (sample C), 

see Figure 7.3b. Looking thoroughly at the radial extension of the defects in the 

chemically treated sample (B) in the BF-TEM image in Figure 7.3b, most of the defects 

extend across the whole length of the shell thickness. 



7.3 Results and Discussion 

215 

C
h

ap
te

r 
7 

The apparent difference in the defect density between sample A (as-grown untreated) 

and sample B (chemically treated) suggests that the chemical treatment probably leads to 

different, inferior surface quality, promoting defects to start at the interface of the latter. 

The convergence of the defect density in both chemically treated and untreated clean 

templates indicates that the high temperature yields a similar surface quality for both 

templates. This is probably achieved either by desorbing contaminants or evaporating a 

few nanometers of the core prior to growth, leaving a clean surface for the epitaxy of the 

Hex-Ge shell. This evaporation process is facilitated by the incubation time before Ge 

growth starts, as discussed in Chapter 5, section 5.3.3. Both the desorption and the 

evaporation are thermally stimulated processes, thus becoming more pronounced at 

higher temperatures. 

To further investigate the influence of the surface quality on the I3 BSFs density in Hex-

Ge, we prepared three samples of GaAs/Ge core/shell nanowires, based on the three 

different GaAs cores templates, grown under the same growth conditions and only 

differing in the GaAs cores surface treatment, as schematically illustrated in Figure 7.2. 

 

Figure 7.3. Influence of Growth Temperature and Interface Quality on the I3 BSFs Density: (a) A plot 

of the average I3 BSFs density per unit of length in Hex-Ge shells of average thickness (rGe = 45 ± 4 nm) 

as a function of the substrate surface temperature. The plot exhibits two temperature series, the blue 

series is based on the as grown untreated GaAs nanowire cores, and the black series is based on 

chemically treated GaAs nanowire cores. (b) Representative BF-TEM images corresponding to the 

designated samples (A, B, and C)  in panel (a), displaying a clear difference in the I3 BSFs density, visible 

as dark lines extending radially. 
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The TEM images in Figure 7.4 for the three samples show a reduced defects density of 58 

and 30 SFs/µm in samples D and F (panels a and d), respectively in comparison to a 

relatively high defects density of 296 SFs/µm in sample E (panel b). In addition, fewer 

defects are apparent to start at the interface in samples D and F compared to sample E. 

Hence, we can confirm that the GaAs chemical treatment's negative influence can be 

reversed by annealing the GaAs core nanowires under high temperatures but with high 

AsH3 pressure to avoid damaging the GaAs nanowire surface via thermal decomposition. 

There might be a better solution by overgrowing the treated GaAs nanowire surface with 

a thin WZ-GaAs shell. This might help eliminate residual contaminants on the surface 

and restoring the surface's atomic flatness and crystal quality in case of any nanoscale 

roughness occurring as a result of the treatment process. Nevertheless, this approach has 

not been explored in our experiments yet. 

7.3.2  Development of I3 BSFs Density with the Hexagonal Shell Volume 

Here, we continue to explore the formation of the I3 BSFs in the Hex-Ge shell as a function 

of the growth time (and thus the shell volume). We quantify the I3 BSFs density in 

multiple samples of different shell volumes. We plot the BSFs density as a function of the 

shell volume for three different shell growth temperatures in Figure 7.5. At all growth 

 

Figure 7.4. Influence of the GaAs Template Surface Quality on the I3 BSFs Density: BF-TEM images of 

representative WZ-GaAs/Hex-Ge core/shell structures, grown under identical shell growth conditions, 

utilizing similar GaAs cores.  The Hex-Ge shells are grown on differently treated GaAs core templates, 

yielding different I3 BSFs densities in the Hex-Ge shells: (a) Sample D: untreated as-grown GaAs nanowire, 

exhibiting 58 SFs/µm, (b) Sample E: GaAs nanowire chemically treated with cyanide and ammonia prior 

to the shell growth, displaying  296 SFs/µm, and (c) Sample F: a GaAs nanowire core similar to the one 

utilized in (b) but annealed at high temperature under pressure of As and Ga precursors prior to the Hex-

Ge shell growth, showing 30 SFs/µm. 



7.3 Results and Discussion 

217 

C
h

ap
te

r 
7 

temperatures, the defect density increases linearly with increasing shell volume. This 

indicates that with the nucleation of every new monolayer of Hex-Ge, there is a 

probability of forming a new I3 BSFs. This observation confirms that the formation of I3 

BSFs is not restricted to start at the core/shell interface. It also indicates that the I3 BSFs 

are formed at the growth front. The fact that the density increases linearly with volume 

rather than with diameter indicates that the probability of forming I3 BSFs increases with 

surface area, i.e., the probability increases by growing the shell thicker. 

Remarkably, the slope is different for the samples grown at different temperatures; the 

lower the growth temperature, the steeper the slope, as elucidated in Figure 7.5. 

Extrapolating the slopes towards zero shell volume, we find that the lowest two substrate 

temperatures (405 and 489 °C) exhibit a finite defect density (65 and 46 SFs/µm), 

suggesting the start of this fraction of the I3 BSFs at the interface of the GaAs/Ge structure. 

On the other hand, the highest temperature (565 °C) intercepts the y-axis at a negative 

value, indicating a defect-free shell for a volume equivalent to a shell thickness of around 

25 nm. The different defect densities at a zero-shell volume show the strong influence of 

the temperature on changing the surface quality affecting the formation of the I3 BSFs. At 

higher volumes, the slopes of the two high temperatures (489 °C and 565° C) are almost 

similar and smaller than the low temperature (405 °C). This shows that fewer defects are 

initiated in the shell at higher temperatures. Hence, there is clearly a thermally activated 

process influencing the formation of the I3 BSFs. The underlying mechanisms are yet 

unknown and will be discussed in the following sections. 

7.3.3 Potential Formation Mechanisms of I3 BSFs in Hex-Ge 

This section will discuss the several potential factors stimulating the formation of I3 BSFs 

in Hex-Ge shell structure. 

Hypothesis 1: Lattice Strain at the Core/Shell Interface 

Research of lattice-mismatched hetero-epitaxial semiconductor thin film systems has 

suggested that the epitaxial growth of an overlayer of a material with a unit cell different 

from that of the substrate can be strongly affected by lattice-strain. Strain could be 

released in the form of dislocations and can lead to modifications in the thin film surface 

morphology. However, our hetero-epitaxial core/shell nanowire system of WZ-

GaAs/Hex-Ge shows minimal lattice mismatch (Δa = 0.03% and Δc = 0.1% at room 

temperature, where a and c are the dimensions of the hexagonal unit cell). Hence, no 

substantial lattice strain is expected to be released in the form of the observed I3 BSFs. 
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If strain was to play a central role in forming the I3 BSFs in our GaAs/Ge system, we 

should have observed a sublinear slope where the defects density should be the highest 

at the GaAs/Ge interface. After a certain critical Hex-Ge shell thickness, the increase of 

the defect density should level off to zero as the strain should be relaxed by the formation 

of defects that were formed at an earlier stage. As elucidated in Figure 7.3a, the linearly 

increasing trend of the  BSFs density as the shell thickness increases means that there is a 

constant probability of I3 BSF formation at every newly formed Hex-Ge shell monolayer 

defying the strain contribution. Furthermore, the I3 BSFs have zero Burgers vector, as 

discussed in Chapter 6, which therefore does not release strain. To sum up, the strain cannot 

be the driving force of the formation of the I3 BSFs in our Hex-Ge system. 

Hypothesis 2: Thermal Expansion Mismatch 

In our growth scheme, Hex-Ge shells are grown at elevated temperatures. The growth is 

terminated by switching off the Ge gas precursor, germane (GeH4) and cooling down the 

GaAs/Ge core/shell nanowires under an ambient of hydrogen (H2).  Possibly, during 

 

Figure 7.5. Evolution of the I3 BSFs Density with Shell Volume: (a) A plot of the average I3 BSFs density 

as a function of the Hex-Shell volume, for the three different temperatures in the range of (405-565°C), 

investigated in the blue series in Figure 7.3a. The data points are fitted linearly as indicated by the solid 

lines, and the dashed lines are extrapolations for the linear fits to identify the intercepts. The density of 

the I3 defects increases linearly with increasing the Ge shell volume. However, the defect density 

increases more rapidly at 405 °C with increasing shell volume. (b, c) Corresponding HAADF-STEM 

images of the indicated samples in panel (a). The I3 BSFs are visible as bright horizontal lines in the 

HAADF-STEM images. 
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cooling down, the formation mechanism of the I3 BSFs could be promoted. However, the 

thermal expansion coefficient  (TEC) mismatch between Ge and GaAs is relatively small 

(2%)8
12F12F12F

* leading to minimal stress levels, which are unlikely to cause the formation of 

defects9,10. If the TEC mismatch would induce defects, the defects should be mainly 

located at the interface where the thermal stress is the highest. However, this contradicts 

the fact that the I3 defects appear at arbitrary positions in the Hex-Ge shell. Especially for 

the shell grown at 565° C, the I3 defects only appear in the shell. In addition, if the TEC 

mismatch would cause the formation of the defects, the defect density should be higher 

for higher growth temperatures; the opposite trend has been observed. Therefore, we 

conclude that the post-growth cooling is unlikely to promote I3 defects in the Hex-Ge crystal 

structure. 

Hypothesis 3: Impurities at the Interface or in the Shell 

Interface—The cyanide-based Au etching step prior to the shell growth can lead to GaAs 

surface contamination/passivation with CN- and K+ ions. CN- ions have been reported to 

bond with Si dangling bonds, resulting in a Si-C≡N bond, which is quite stable even under 

high temperatures for this material system11. In addition, Si surface contamination with 

K+ ions has been reported to result in a surface potential gradient11. As previously 

discussed in the atom probe tomography (APT) characterization part of the Hex-Ge and 

Hex-Si0.25Ge0.75 samples in Chapter 5 in Figure 5.4 and Supporting Figure 5.4, we have 

observed C and N impurities across the shell thickness with an increased concentration 

at the interface. However, we cannot confirm if their source is the cyanide, the reactor 

ambient, or the APT system's vacuum background. In addition, we have observed that 

the defect density for the treated GaAs cores was reduced to a value comparable to 

untreated surfaces when growing the shells at a high temperature. Hence, despite the 

unknown influence of cyanide-based ions on the GaAs interface, the high defect density at the 

interface of chemically treated samples and the absence of the defects on untreated or high-

temperature annealed surfaces hints towards enhanced I3 defects formation as a result of the 

treatment, as elucidated in Figure 7.4. 

Shell—The presence of impurities at the growth front during shell growth could trigger 

the formation of I3 BSFs. According to the APT characterization of the Hex-Ge shell (as 

                                                 

* This value is based on the zinc blende GaAs and cubic Ge systems at room temperature since no thermal 

expansion coefficients data is available for their hexagonal structures.  
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discussed in Figure 5.4 in Chapter 5), it exhibits having carbon (C), oxygen (O), nitrogen 

(N), gallium (Ga), and hydrogen (H) impurities, in addition to a very high doping density 

of arsenic (As) equivalent to nearly 1019/cm3 (~ 400 ppm) across the shell thickness. 

Impurities or molecular clusters can passivate the dangling bonds at the growth surface12. 

In case these impurities do not desorb or diffuse away when a growth step is progressing 

over the surface, they may either slow down the step flow, resulting in step bunching and 

thus increased surface roughness, or lead to the disruption of the atomic stacking leading 

to structural defects13.  

Impurities such as Ga and As originate mainly from the GaAs core and the GaAs 

substrate. As shown in the APT characterization of Hex-Ge, the concentration of the 

impurities is highest at the interface. After few tens of nanometers (~ 20 nm) of shell 

thickness, the impurity concentrations rapidly decrease by nearly 2 and 4 orders of 

magnitude for As and Ga, respectively (approximated from the full-width half maximum 

of the dropping concentration to the lowest concentration in the line profile. If these 

impurities would induce the formation of I3 defects, a high defect density is expected near 

the core/shell interface, which should then steeply decrease. However, this is not the case 

in our study, as previously discussed in Figure 7.4.  

Also, assuming the nucleation event of every I3 BSF is induced by an impurity, and 

assuming every impurity leads to a defect, then a concentration of < 1 ppm of impurities 

is sufficient to induce the highest defect density (451 SFs/µm in a 0.02 µm3 of shell volume) 

observed in Figure 7.3. Hence, there are more than enough Ga and As impurities to account for 

an impurity-initiated defect formation mechanism, but not every Ga or As impurity may lead to 

the formation of an I3 BSF.  

Another main impurity in our material system is hydrogen (H), originating from the 

thermal decomposition of the Ge gas precursor (GeH4) utilized in our growth scheme. It 

is known in the epitaxy of semiconductor materials, utilizing hydride-based precursors, 

that the desorption of surface hydrogen is a thermally activated process, where less 

hydrogen coverage is achieved at high temperatures14,15. The thermally activated 

desorption of surface hydrogen is consistent with the decreasing trend of the I3 BSFs 

density as the shell growth temperature increase, as elucidated in Figure 7.3a. Hence, we 

conclude that the presence of Ga and As impurities in addition to adsorbed C, N, O, and H on the 

growth surface may induce the formation of the I3 BSFs. Further studies are required to prove this 

claim. 
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Hypothesis 4: Roughness of the GaAs Interface 

The interface roughness of the GaAs core nanowires, resulting from the chemical and 

thermal treatments, can be an origin of the formation of the I3 BSFs. Inferior nanoscale 

surface quality can influence the adsorption and reduce Ge adsorbates' diffusion, 

yielding randomly positioned Ge islands on the GaAs surfaces promoting stacking faults 

when coalescing. The starting surface quality is definitely strongly coupled to the growth 

kinetics, which can be altered by the chosen growth parameters, such as growth 

temperature and the gas precursor flow rate. In our study, the growth templates are 

chemically treated with an aqueous cyanide solution (to etch the Au particles), followed 

by an ammonia treatment (to etch the GaAs-oxide). These treatments have proven to 

influence the defect density, as shown in Figure 7.3a. Treated GaAs cores have been 

studied by TEM and show a minimal roughness, Figure 7.6. In addition, we have not 

found a correlation between interface roughness and defect density. We have observed 

1) examples with minimal GaAs core interface surface roughness yet with high I3 defects 

density, 2) samples with a substantially rough GaAs core interface, but no I3 BSFs despite 

the transfer of the roughness from the core to the Ge crystal. Hence, interface roughness 

cannot be the sole formation mechanism of I3 BSFs. Further discussion on roughens is provided in 

the following hypothesis. 

  

 

Figure 7.6. Overview of the Surface Roughness of Chemically Treated WZ-GaAsCore Nanowires: (a) 
BF-TEM images of a GaAs NW where the gold particle on top is chemically etched with a cyanide-based 

solution and treated afterwards with ammonia. (b, c) HR-TEM images of the framed regions in panel (a) 

displaying the surface roughness of the nanowire surface. Both images display a high-quality surface with 

minimal roughness. A few edge steps are visible in (c) as indicated by the black arrows. 
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Hypothesis 5: Growth Dynamics 

The Hex-Ge shell's epitaxy mimics the typical epitaxial process of thin films, starting with 

the physisorption of Ge species on the GaAs sidewalls, followed by the diffusion of Ge 

species on the GaAs surface until they chemically form a bond with the GaAs surface i.e., 

chemisorption. For the formation of a high-quality film, layer-by-layer (Frank-van der 

Merwe (FM)) growth is the desired growth mode. This mode requires small lattice strain, 

a sufficiently high supersaturation (Ge pressure), and adatom mobility on the surface. 

For too short diffusion lengths, the Ge adatoms may not be incorporated at a step edge 

but form a new nucleus. In this two-dimensional (2D) nucleation growth regime, new 

nuclei are continuously formed, after which they spread laterally. The resulting growth 

surface will contain a high density of step edges, enhancing the possibility of defect 

formation. It is thus essential to have sufficient adatom mobility, which increases with 

temperature. In this study, we have investigated the influence of the growth temperature 

on the I3 BSFs density. We have observed a decrease of the defect density with increasing 

temperature; however, we could not investigate the growth modes and their effect on 

defects due to the limited insights provided with ex-situ TEM characterization after 

growth.  

In-situ real-time monitoring of the I3 BSFs formation using environmental TEM (ETEM) 

as the Hex-Ge-shells grow has been of immense importance complementing the ex-situ 

characterization studies discussed above. The in-situ studies have been performed by our 

collaborator Dr. Laetitia Vincent at CNRS/Université Paris-Saclay. The details of the in-

situ ETEM study is outside the scope of this chapter. Nevertheless, the study provides a 

direct correlation between the growth conditions and the different growth modes and the 

formation of the I3 BSFs during unstable growth conditions.  

At relatively high growth temperatures and low Ge fluxes, step-flow (FM) growth has 

been observed, resulting in defect-free Ge shells on GaAs cores. The step-flow is generally 

stable if the adatom surface diffusion is sufficiently high compared to the step 

advancement rate. Hence, adatoms can rapidly migrate to a favorable nucleation site on 

a step edge which laterally extends16–19. A new monolayer's favorable nucleation site is 

often a step or a defect on the crystal surface. By reducing the growth temperature and/or 

increasing the Ge flux, the step-flow growth is destabilized. The incoming flux of Ge 

atoms is not balanced by the Ge adatom surface diffusion, and therefore the adatoms 

cannot reach an adjacent step edge. The adsorbed adatoms eventually get randomly 
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incorporated on the terrace, forming new nuclei and creating a rough surface. This 

roughening of the growth front leads to the formation of other types of facets. It has been 

observed that I3 BSFs are initiated at the positions with increased surface roughness. Such 

roughness has not been observed in our ex-situ studies. Most likely, during cooldown, 

the Ge surface becomes atomically flat due to (1) finite mobility of Ge atoms residing on 

the surface and (2) a reduced supersaturation at the final stage of growth when the 

precursor flow is switched off. The latter regime will be characterized by step flow rather 

than by forming new nuclei, thereby flattening the rough surface. In addition, the 

formation of a natural oxide layer after exposing the sample to the ambient also masks 

part of the surface roughness. These in-situ TEM experiments show that the growth dynamics 

play a crucial role in forming the I3 BSFs. The observed trend -decreasing defect density with 

increasing temperature- is consistent with the ex-situ studies. 

7.4 Conclusion 

We have found two different mechanisms that lead to the formation of I3 BSFs in Hex-Ge 

shells: 

(1) Impurities at the GaAs/Ge interface trigger the formation of defects starting at the 

interface. A high-temperature anneal step, or GaAs regrowth, removes these 

impurities, and the formation of defects can be avoided. 

(2) Growth instabilities at the growth surface front lead to the formation of defects in 

the Ge shell. A high temperature and low Ge flux results in stable growth and 

defect-free crystals. 

The growth temperature can be high as long as it is below the limit of Ge desorption and 

the GaAs decomposition temperature, leading to the destruction of the metastable 2H 

hexagonal crystal of the core/shell structure. Having said that, the understanding of the 

formation mechanism of the I3 planar defects and its main drivers in Hex-Ge is of utmost 

significance for the fabrication of defect-free, high-quality crystals. Further quantitative 

studies are needed to reveal the underlying kinetics of the atomic layers' arrangement 

during the growth and understand the transition between the different growth modes 

triggering the defect formation. 
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7.6 Appendix 

Morphology and Crystal structure of Studied Samples 

In this section, we will comment on the morphological and crystalline structure of the 

studied Hex-Ge shells analyzed in the chapter. As discussed in the experimental details 

section, this study addresses three different GaAs templates with and without gold. The 

morphology and crystalline quality of the Hex-Ge shell grown on the Au-free (treated 

and annealed) templates has already been discussed in section 5.3.1 and (Figure 5.2,  
Figure 5.3, Figure 5.4) in Chapter 5. Thus, here we will investigate the morphology and 

crystal quality of the remaining template, i.e., the as-grown untreated one, that it is 

utilized while the Au particles are present. Supporting Figure 7.1 exhibits representative 

SEM images of the GaAs/Ge core/shell structures grown at different temperatures. The 

SEM image corresponding to each growth temperature represents the average 

morphology across the whole sample. It is clear from the SEM images that the 

morphology of the shell varies with the substrate temperature. At Tsubstrate = 405 °C, the 

Hex-Ge shell has a uniform diameter from bottom to top, despite the presence of the tiny 

defected (Au-Ge) part at the top of the nanowire see Supporting Figure 7.1a.  At higher 

temperatures (405 °C < Tsubstrate < 644 °C), the flat faceted morphology is maintained as 

elucidated in Supporting Figure 7.1 (b, c), but the diameter of the Ge shell step-wise 

decreases towards the top, unlike at the lower temperature. The Ge-shell thickness is 

thicker at the base and gets thinner towards the top of the nanowire. Nanowires grown 

at Tsubstrate = 644 °C, exhibit an inferior morphology; most of the nanowire structures have 

either evaporated as indicated by white arrows in Supporting Figure 7.1d or they exhibit 

rounded non-flat facets. Such high temperature is excluded from our study due to the 

unstable growth. Further experiments are needed to understand the influence of such 

very high temperatures (≥ 644°C) on the crystalline structure of the core/shell nanowire. 

Fortunately, at all substrate temperatures, the Au particles seem not to diffuse or disturb 

the epitaxy of the Ge shell, except for catalyzing a cubic Ge part, of variable quality, on 

top of the nanowires. This is evident from the absence of Au residues on the Ge shell as 

confirmed by EDX elemental mapping of the Ge shell composition in Supporting Figure 
7.2  grown at Tsubstrate = 565 °C. Comparing the crystalline quality of the Au-catalyzed GaAs 

nanowires with their Au-free counterparts (see Figure 5.2, Figure 5.3, Figure 5.5 in 

Chapter 5) yields no difference, i.e., no influence of Au is found on the crystal structure 
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of the Ge shell. However, Au only affects the morphology in terms of the Ge shell 

diameter variation along the nanowire length.  

This diameter variation, i.e., the stepwise decrease, is most probably caused by the 

materials supply competition between the axial vapor-liquid-solid growth catalyzed with 

Au at the top of the nanowire and the lateral vapor-solid growth of the Ge shell.  To 

conclude, the different WZ-GaAs core nanowires templates (as-grown untreated (with 

Au) or chemically treated or annealed (Au free), grown at Tsubstrate < 644°C, are of single 

hexagonal crystalline quality, qualifying them to be utilized for the study of the I3 BSFs 

formation in Hex-Ge shells, discussed in the main text of the chapter. 

 

 

Supporting Figure 7.1 Overview of Hex-Ge Shells grown at different Growth Temperatures: 30° tilted-

view SEM images of WZ-GaAs/Hex-Ge Core/shell nanowires, grown on a GaAs(111)B substrate, at 

different substrate surface temperatures (Tsubstrate) monitored by a pyrometer, (a) 405 °C, (b) 489 °C, (c) 
565 °C, and  (d) 644 °C. These samples utilize the as grown untreated GaAs nanowire cores with the Au 

particles present on top. The inset right panels in (a-d) exhibit enlarged SEM images of representative 

corresponding nanowires. 
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Supporting Figure 7.2. Morphology and Crystal Quality of Hex-Ge Shells grown at Tsubstrate  = 565 °C: 
(a) overview BF-TEM image of a single as-grown WZ-GaAs/Hex-Ge core/shell nanowires on a TEM 

grid. (b- d) images of the framed regions in green, yellow and red at the top, middle and bottom parts 

of the nanowire in panel (a), respectively. A clear diameter modulation is visible such that the shell is 

thicker at the bottom and gets thinner towards the top.  (b, d) HAADF-STEM images of the top and 

bottom part of the nanowire. Both STEM images display a clearly visible core/shell structure where the 

core is brighter than the shell. The absence of bright, radially extended lines i.e., stacking faults, signify 

the high hexagonal crystalline quality of the studied structure. (c) Overlaid EDX elemental composition 

map of the middle part of the nanowire in (a), displaying a core shell structure with sharp interfaces 

between the core and the shell. The GaAs core is displayed in (green, and blue) and Ge in (red). 
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Future Research Directions

Abstract—Having the fundamental bottleneck overcome by achieving direct band 
gap emission from Hex-Si1-xGex, it is time to move forward and tackle the issues 
limiting the ultimate goal of fabricating a Si-based laser. In this chapter, we discuss five 
main research directions to be pursued in the near future to maximize the 
electronic and optical performance of this novel material system. These directions 
involve doping reduction, maximizing the radiative efficiency by passivation, 
scalability, and planarity of the fabricated material, extending the emission 
wavelength range towards the telecom-band window, and ultimately the fabrication of 
a laser.

The proposed research directions in this chapter are based on the 
contributions of:  Samples Fabrication and Nanowires Growth: 
Elham Fadaly (TU/e), Passivation Experiments: Willem-Jan Berghuis 
(TU/e), Strain Engineering Experiments: Wouter Peeters (TU/e), PBEL 
Simulations: Victor van Lange (TU/e), Scalable Hexagonal Templates 
Fabrication: Philipp Staudinger (IBM-Zurich)

8
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8.1 Introduction 

In the previous chapters, we have proved the possibility of achieving direct band gap 

emission from Hex-SiGe alloys and the tunability of the emission wavelength in the near 

to mid-infrared range; the theoretical prediction that remained experimentally elusive for 

nearly five decades. Such an achievement opens a pathway towards CMOS integrated Si-

based light sources. The work presented in this thesis lays the foundation that might 

spark a revolution in Si photonics, yet there are lots of phenomena to be understood, 

challenges to be solved, and requirements to be met.  In this chapter, possible research 

directions and strategies are proposed to be explored in the near future to make the best 

use of the recent developments of Hex-SiGe, reported in this work. These directions are 

inspired by the challenges faced during the fabrication and the electronic and optical 

characterization of Hex-SiGe. In the following subsections, we will tackle the following 

aspects of Hex-SiGe:  doping reduction, passivation, and possible routes to achieve planar 

films, extending the emission wavelength range, and ultimately demonstrating a Hex-

SiGe laser. A first concept to use a Si substrate as a step towards ultimately achieving a 

platform fully compatible CMOS technology is discussed in section 8.2. 

8.2 Doping Reduction in Hex-Si1-xGex 

The intrinsic carrier concentration in Hex- SixGe1-x crystals is of utmost importance for the 

fabrication of future optoelectronic devices, especially the possibility to create 

intentionally doped regions with control over the type and concentration of dopants. In 

Chapter 5, Figure 5.4 and Supporting Figure 5.3, we have shown that the fabricated Hex-

SixGe1-x shells are, unintentionally, heavily n-doped (400 ppm ~1019atoms/cm3) due to As 

impurities, in addition to a relatively low level of Ga impurities (~10 ppm-1017 atoms/cm3). 

This high level of dopants is an intuitive result of the growth of a heterostructure of group 

III-V and group IV materials in the same reactor chamber since the elements of the former 

are known to be dopants to the latter. Ga and As impurities in our Hex-Si1-xGex material 

system originate mainly from the unmasked GaAs substrate, GaAs core nanowires, and 

the contaminated MOVPE reactor chamber from the GaAs growth step preceding the 

Hex- SixGe1-x growth, as illustrated in Figure 8.1a. 
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The incorporation of Ga and As impurities is suggested to result either directly from the 

gas phase incorporation of re-evaporated species or from surface diffusion of the 

evaporated impurity atoms on the substrate and the nanowires sidewalls. Solid-state 

diffusion from the GaAs core has not been systematically studied in this work. However, 

we anticipate that it does not play a major role under our growth conditions due to the 

negligible solid-state diffusion constants of Ga and As in Si and Ge at the growth 

temperatures applied1,2. All the APT characterization experiments of the impurities level 

in Hex- SixGe1-x shell showed that the impurity concentrations in our system saturate at a 

certain level after few tens of nanometers in the hexagonal shell away from the core, even 

 

Figure 8.1. Doping Reduction in Hex-Si1-xGex Shells via Modification of the Substrate Template: (a) 
Schematic illustration of the possible sources of Ga and As impurities in the fabricated Hex-Si1-xGex 

shells which include the following: (1) the GaAs substrate, (2) reactor contamination, (3) the GaAs core 

nanowire. The impurities from the three possible sources can be incorporated during the hexagonal 

shell growth via gas phase or surface diffusion on the unmasked substrate and nanowires sidewalls. 

Two possible approaches based on the modification of the GaAs nanowire core template are proposed: 

(b) covering the GaAs substrate in the typical growth scheme presented in (a) with a dielectric mask 

from both sides, (c) replacement of the GaAs substrate with a masked silicon substrate. The SEM image 

in panel (b) exhibits preliminary results of the selective area (SA) epitaxy of Au-catalyzed WZ-GaAs 

nanowires on a GaAs(111)B/SiO2 substrate. The SEM image in panel (c) is adapted from Ref.4 and 

displays a SA-self catalyzed WZ-GaAs nanowire on a Si(111)/SiO2 substrate. 
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when grown at the highest temperature utilized in this study (565 °C) for long growth 

periods (8 hrs).  Details of the APT characterization have been discussed in detail in 

Chapter 5, section 5.3.1, and the Appendix. Further experiments based on thermal annealing 

of the Hex-Si1-xGex structures at different temperatures for variable growth periods are needed to 

confirm or refute this claim. 

To mitigate the high doping density in Hex- SixGe1-x and reach reasonably low doping 

concentrations (<1016/cm3), ideally, the epitaxial GaAs core template and the GaAs substrate 

should be avoided. The synthesis of Hex- SixGe1-x structures is currently limited to the 

crystal transfer technique from a nearly lattice-matched hexagonal template. The most 

suitable templates as of today are the WZ III-V hexagonal templates due to the nearly 

matched structural and thermal properties to the Ge-rich Hex-Si1-xGex system. Therefore, 

considering the current limitation, we propose three approaches for reducing the 

concentration of dopants while still using WZ-GaAs nanowires as a core template. 

(1) Selective Area Au-catalyzed Growth of GaAs cores on a GaAs substrate: the GaAs 

substrate is recommended to be masked with a dielectric layer from both sides to 

suppress the evaporation of Ga and As impurities, see Figure 8.1b. In this 

approach, the core nanowires' growth is confined selectively in predetermined 

openings in the dielectric mask by electron beam lithography. The parasitic GaAs 

layer growth on the dielectric mask during GaAs nanowire core growth is 

suppressed due to the low sticking probability of the growth species on the 

dielectric mask. This route helps getting rid of one primary source of impurities 

among two other sources. Nevertheless, this is not the optimal solution since the 

lateral sides of the substrate are still exposed. In addition, the surface of the GaAs 

core nanowires is exposed, and they have a huge surface area that contributes to 

the level of incorporated impurities. Despite not being the best solution, it is 

probably the fastest starting point to reduce the number of dopants coming out of 

the GaAs substrate since the Au-catalyzed growth of WZ-GaAs nanowires on a 

GaAs substrate is well established in the literature and has been thoroughly 

investigated in this work. Future experiments are mainly needed to extend this 

knowledge to tune the growth parameters to obtain defect-free pure phase WZ-

GaAs nanowires on the masked GaAs substrates. This is an essential prerequisite, 

as the surface diffusion length and the sticking probability on the mask will be 

different from that of the unmasked substrate. As a result, the net flux of growth 

species to the VLS catalyst particle will be different, requiring an optimization step 

of the growth temperature and/or precursor fluxes to yield pure WZ GaAs growth. 
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(2) Selective Area Ga-catalyzed Growth of GaAs Cores on a Si Substrate: This 

approach is similar to the 1st approach except for the replacement of the GaAs 

substrate with a Si substrate, as illustrated in Figure 8.1c. Replacing the GaAs 

substrate with a Si substrate is a big step towards a III-Vs-free and CMOS 

compatible growth approach. Recent studies have reported the controlled growth 

of defect-free WZ-GaAs nanowires on a Si substrate using self-catalyzed molecular 

beam epitaxy3–5. This approach has a two-fold advantage over the 1st approach. It 

allows getting rid of both the III-V substrate as well as the Au catalyst, which is 

notorious for the fabrication of silicon-based optoelectronic devices due to being a 

deep level impurity6.  

(3) Growth of Hex- SixGe1-x shells by MBE: In the case of GaAs/ SixGe1-x epitaxy, MBE 

is advantageous over the MOVPE technique used for all growth activities 

discussed in this work for multiple reasons. Firstly, MBE is an ultrahigh vacuum 

epitaxy technique with liquid nitrogen cooled cryo-shrouds surrounding the 

deposition chamber walls, which helps getter impurities more efficiently than the 

water-cooled MOVPE reactor walls. Secondly, epitaxy of Hex- SixGe1-x shells in 

MBE is anticipated to be performed at lower temperatures than in MOVPE growth. 

It utilizes atomic or molecular sources of Si and Ge precursors that do not require 

high temperatures, contrary to the temperatures needed in MOVPE to crack the 

metalorganic precursors. Thirdly, separate growth chambers can be an option for 

the deposition of different materials families, avoiding cross-contamination and 

further reducing the chance of incorporating impurities. 

(4) Two-step Hex- SixGe1-x Growth: the previous three approaches can be combined 

with a two-step shell growth approach: First, the growth of a thin Hex-Si1-xGex shell 

to cover the GaAs core nanowires and the unmasked substrate regions before 

proceeding with the growth of a thicker shell either in MOVPE or MBE. The 

growth interruption after the formation of a thin shell allows for flushing away the 

evaporated impurities in the ambient of the growth chamber, after which growth 

can be resumed in a cleaner environment that cannot be polluted again by 

evaporation of the substrate and cores. Besides, in the case of MOVPE, the growth 

can be resumed utilizing a clean inner quartz kit that has never been exposed to 

Ga or As species and running a precondition recipe with Si1-xGex coating to bury 

the remaining impurities in the chamber.  

Current Status—To our knowledge, limited research results are reported in the literature 

about the epitaxy of pure phase selective area WZ-GaAs nanowires via the VLS technique 

in MOVPE utilizing masked Si substrates7. Hence, we have decided to explore the 1st 
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approach of SA epitaxy of Au-catalyzed WZ-GaAs nanowires in MOVPE utilizing a 

GaAs/SiO2 substrate to confirm the viability of achieving defect-free WZ GaAs nanowires. 

The knowledge gained can be used in a future step on growth on Si substrates, as growth 

kinetics are likely to be quite similar since a similar mask can be used. We have managed 

to determine the WZ growth window for the growth on the masked substrate and we 

have achieved WZ nanowires predominantly but with a high defect density of around 

(40-60 SFs/µm). Also, Marco Vettori, a colleague at TU/e, is working on developing self-

catalyzed (Au-free) WZ-GaAs nanowires via MBE on a masked Si substrate. Ongoing 

experiments are being carried out to obtain a high aspect ratio, defect-free WZ GaAs nanowires on 

masked substrates. In the meantime, these GaAs templates are planned to be utilized for the growth 

of Hex-Si1-xGex shells and for checking the effect of masking the substrate on the doping density 

via APT. 

8.3 Passivation of Hex-Si1-xGex 

In semiconducting materials, the ratio between radiative and non-radiative carrier 

recombination is a critical element in determining the efficiency of optoelectronic devices. 

As the dimensions of the semiconducting materials decrease, the surface-to-volume ratio 

becomes significant, and the recombination of carriers at the surface becomes 

significantly important8. These low-dimensional materials are known to have electronic 

surface defects that can lead to a compromised performance of electronic and 

optoelectronic devices. In optoelectronic devices such as lasers -the ultimate goal of this 

work-, defects can act as non-radiative recombination centers for electrons and holes, 

resulting in a decrease of the radiative efficiency9–11. 

Speaking of Ge, the key material in this work, its native oxide is known for being 

hygroscopic, water-soluble, and thermally unstable12,13, in addition to forming a poor 

interface with Ge. This leads to the facile removal of the native oxide layer and the 

introduction of high-density electronic defects. The case of SixGe1-x alloys is even more 

complex since it combines both Si and Ge surface chemistry. In addition, because of the 

poor quality of the oxide, it is not unlikely that the (Si) Ge surface quality may degrade 

over time. Hence, surface passivation of Si1-xGex, especially in our nanowires system, is 

inevitable to mitigate these effects. Recently, a wide range of techniques, materials and 

post-deposition annealing treatments have been applied to investigate the surface 

passivation of cubic Ge to obtain a high-quality interface12. Among these techniques are 

surface oxidation/nitridation, epi-Si passivation, sulfur passivation, and atomic layer 
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deposition. Atomic layer deposition (ALD) has been widely used for the passivation of 

nano-laser cavities. It allows for the deposition of uniform, ultrathin passivation layers 

with a controlled sub-nanometer thickness and excellent conformality, especially for high 

aspect ratio structures, such as nanowires, as in our study. ALD aluminum oxide (Al2O3) 

has been reported as a very promising passivation layer for crystalline Si14–18 as well 

Ge19,20. 

Here, we propose three promising routes for the passivation of our Hex- SixGe1-x shell 

nanowires, (1) epi-Si, (2) ALD Al2O3, and (3) epi-Si combined with ALD Al2O3, as 

summarized in Figure 8.2 (a-c). Also, various pre and post-Al2O3 deposition treatments 

can be experimented in the future in combination with the different proposed passivation 

routes, to reach the optimum surface passivation quality21. The pre-treatments can range 

from chemical treatments to ensure the cleanliness of the Ge or Si interface to an 

intentional oxidation step via plasma- or ozone-assisted oxidation to form a controlled 

high-quality oxide layer before the Al2O3 deposition. As for the post-deposition 

treatment, post-dielectric annealing (PDA) is the most common treatment. Other 

passivation approaches emerging to be more effective for the Hex- SixGe1-x system will be 

examined. 

Current Status—we have performed initial experiments to investigate one of the 

proposed routes by passivating Hex-Si0.23Ge0.77 with ALD-Al2O3 (2nd Approach). As a first 

important step, our collaborators Willem-Jan Berghuis and Prof. Erwin Kessels at TU/e 

managed to deposit a homogeneous amorphous layer of 22 nm thick Al2O3 on the Hex- 

GaAs/ SixGe1-x core/shell nanowires, using a low-temperature ALD technique with 

trimethylaluminum (TMA) and oxygen (O2) as precursors. To verify the morphological 

quality of the deposited layer, TEM has been used to characterize the passivated 

nanowires. Figure 8.2d displays an overview HAADF-STEM image of a representative 

ALD Al2O3 coated GaAs/ SixGe1-x nanowire. The insets in panel (d) correspond to zoomed-

in images of the framed regions at the nanowire's top and middle parts. These insets 

exhibit a conformal layer of Al2O3, appearing with a darker contrast compared to the 

GaAs/SiGe core/shell part, with a uniform thickness. Due to the similar atomic masses of 
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Ga, As, and the Ge-rich SixGe1-x, there is a minimal contrast between the GaAs core and 

the SixGe1-x shell. The GaAs core's preserved crystallinity and the Ge shell are imaged in 

Figure 8.2e, whereas a diffuse contrast appears for the Al2O3 layer indicating an 

amorphous nature. The low-temperature ALD technique's main advantage is that the 

solid-state inter-diffusion of elements between the hetero-structured layers can be 

effectively suppressed. To verify this, EDX characterization has been performed on the 

top part of the material stack shown in panel (a). The EDX map of the elemental 

 
Figure 8.2. Passivation of Hex-Si1-xGex Shell Nanowires: (a-c) Schematic illustration of the proposed 

three approaches to passivate the Si1-xGex: (a) epi-Si layer, (b) ALD Al2O3, (c) a combination of epi-Si + 

ALD Al2O3. Preliminary results of the 2nd approach are shown in (d-f). (d) Overview HAADF-STEM 

image of an ALD-Al2O3 passivated WZ-GaAs/Hex-Si0.23Ge0.77 nanowire. The framed regions at the top 

and middle of the nanowire are shown in the enlarged view HAADF-STEM images, shown in the insets 

in panel (d). (e) Zoomed-in view HAADF-STEM image displaying the contrast difference between the 

GaAs and the Si0.23Ge0.77 where the dark diffuse contrast indicates the amorphous Al2O3 layer. The dashed 

lines are guides for the eye to indicate the interfaces between the different materials in the stack. (f) 
Overlaid EDX elemental map of the top part of the passivated structure. The different colors indicate the 

GaAs core nanowire, the Hex-Si0.23Ge0.77 shell and the Al2O3 shell in blue, orange, and green respectively. 
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composition of the GaAs/ SixGe1-x/Al2O3 heterostructure shown in Figure 8.2f represents 

a well-defined core/shell/shell structure with no evidence of inter-diffusion as confirmed 

by looking at the individual elemental maps (not shown here). Also, the distribution of 

both Al and O in the capping layer looks homogenous without apparent enrichment of 

either element. To evaluate the effectiveness of this route and others, photoluminescence 

characterization will be utilized in the future since the intensity of the emitted light can be a good 

measure of the radiative recombination of the passivated structures. Classical techniques to 

study the morphological nature of the passivating layers, such as X-ray photoelectron 

spectroscopy (XPS), ellipsometry, and others, cannot be applied in our case because of 

the nanowires’ geometry. Therefore, part of the current passivation experiments is 

performed on planar, cubic Ge wafers. 

8.4 Towards Planar Hex-Si1-xGex Films 

The metastability of the hexagonal crystal phase of SixGe1-x alloys and the lack of a 

hexagonal template with the correct lattice parameters for epitaxial growth poses a grand 

challenge on the fabrication of scalable planar Hex- SixGe1-x structures. Planarity of the 

Hex- SixGe1-x crystals is crucial for further device fabrication steps and can be a game-

changer for future optoelectronic applications. Capitalizing on the fabricated high-

quality WZ-GaAs nanowires (discussed in Chapter 4), two fabrication pathways are 

proposed: (1) growth of very thick Si1-xGex shells (2) template-assisted selective area 

epitaxy (TASE) of Si1-xGex layers. Both paths commonly use an Au-free WZ-GaAs 

nanowire as a seed template for the epitaxial growth of planar Hex- SixGe1-x layers. 

(1) Growth of very thick i.e., nearly planar Si1-xGex shells: this pathway relies on the 

crystal transfer technique discussed in Chapter 5 for the growth of Hex- Si1-xGex shells 

on WZ-GaAs core nanowires. Following this path, we extend the results discussed in 

Chapter 5 and propose to grow as thick as possible Si1-xGex shell such until it is 

considered nearly planar. There are two main obstacles in front of this approach: i) 

the parasitic cubic SiGe growth emerging on the substrate simultaneously with the 

hexagonal shell, and ii) the top cubic part growing in the vertical direction on top of 

the core/shell nanowire structure. The parasitic growth can be mitigated by the 

utilization of a masked substrate where the growth is suppressed on the mask and 

only allowed to proceed laterally on the side facets of the nanowires. Eventually, 

getting rid of the top cubic segment, polishing or planarization methods can be 

employed after finalizing the growth. For this technique's success, the I3 BSFs density, 
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which is the predominant defect in Hex-SiGe as discussed in Chapters 4 and 7, should 

be minimized or ideally eliminated, since otherwise the hexagonal shell might turn 

into a polytypic structure once growing very thick. 

(2) TASE: this path has been proposed by our collaborators Dr. Philipp Staudinger and 

Dr. Heinz Schmidt at IBM-Zurich, combining the TASE22,23 and crystal transfer 

techniques24–26. In the TASE approach, the grown WZ-GaAs nanowire in Figure 8.3a 

is initially deposited on a Si (001)/SiO2  substrate via mechanically swiping the 

nanowires from the growth chip in Figure 8.3b. Because of the wire's hexagonal 

symmetry with six {1-100} side facets, the wires will always lie with one facet face-

down on the substrate. Then, it is covered with a SiO2 mask to build a template where 

only the side facets of the nanowire are exposed to confine the epitaxial growth to 

lateral directions only, see Figure 8.3c. This seed template can be used for the first 

path to epitaxially extend the WZ-GaAs crystal laterally, forming a WZ-GaAs planar 

layer that can be later used as a hexagonal planar template for the vertical growth of 

Hex- Si1-xGex after etching the SiO2 mask in Figure 8.3 (d, e). In the second path, the 

template in Figure 8.3c can be directly used to laterally, epitaxially transfer the 

hexagonal crystal from GaAs to SixGe1-x, see Figure 8.3 (d’, e’). 

The TASE technique has the same advantage as the core/shell growth discussed in the 

major part of this thesis: planar defects responsible for forming the mixed ZB-WZ phase 

are not likely to be introduced when growth occurs orthogonal to the <0001> axis. In the 

1st TASE approach, growth proceeds along the <11-20> direction, allowing for defect-free 

crystal transfer steps in case of the lateral growth approach. In the 2nd TASE approach, 

the top surface, pointing towards the <1-100> direction, is employed for the vertical 

crystal transfer of Hex- SixGe1-x layers. A specific advantage of the TASE approach is the 

dielectric mask which confines the planar growth in the designated areas defined by the 

mask. This can help to minimize the parasitic cubic growth on the substrate that becomes 

very challenging when growing for extended periods to obtain large volumes of the 

hexagonal structure, as indicated in the challenges discussed in the Appendix of Chapter 
5. 
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Figure 8.3. Towards Planar Hex-Si1-xGex Layers via TASE: (a-d) Illustration of the process steps towards 

planar WZ GaAs and Hex-Si1-xGex layers on Si. These schematics are reproduced from unpublished 

work of P. Staudinger and H. Schmidt at IBM-Zurich. (a) VLS-grown WZ GaAs nanowires after Au 

etching are deposited on a Si substrate covered by a SiO2 layer as shown in panel (b). (c) A SiO2 template 

is built around the nanowire via electron beam lithography and PECVD fabrication techniques such 

that only the area on both sides of the nanowire is accessible for the following lateral growth steps. In a 

following epitaxy step, (d) WZ-GaAs or (d’) a Hex- Si1-xGex film is laterally grown. (e, e’) Removal of the 

template to reveal the planar film. (f) The WZ GaAs with its accessible <1-100> top surface can be utilized 

as a substrate for the deposition of Hex- Si1-xGex. (g-l) Preliminary results of the first grown planar WZ-

GaAs films: (g-i) top view SEM images of the lateral growth of WZ-GaAs films from a WZ-GaAs 

nanowire positioned on a Si/SiO2 substrate and covered with a SiO2 template with opening inlets to 

allow the gas precursors. (g) The structure with the top SiO2 layer, (h) after its removal, and (i) a zoomed-

in view of one segment of the planar GaAs films in panel (f). (j) HAADF-STEM image of a planar lamella 

of a similar structure to the one in panel (g) viewed under a 30°tilt angle along the <11-20> zone axis. (k, 
l) The crystal structure of the framed regions in purple and cyan is revealed by HAAD-STEM. The 

atomic stacking in both images exhibits the ABAB stacking, the hexagonal crystal hallmark along the c-

axis, confirming the perfect epitaxial relationship between the film and the nanowire. The preliminary 

results are courtesy of P. Staudinger and H. Schmidt. 
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Current Status—This TASE approach has been experimented as a proof of concept by 

our collaborators at IBM-Zurich. Figure 8.3 (g-l) exhibits preliminary results of the 

implemented planar growth of WZ-GaAs layers utilizing the bottom-up grown WZ-

GaAs nanowires, following the 1st approach. Figure 8.3g displays an SEM image a WZ-

GaAs nanowire mechanically transferred from the growth substrate, overgrown laterally 

with WZ-GaAs layers on a Si (100)/SiO2, and covered with SiO2 mask. The mask has 

openings acting as inlets for the gas precursors for growth. Figure 8.3h displays the same 

templated growth in panel (a) but after removing the mask. The zoomed-in image in 
Figure 8.3i displays an enlarged view of one planar GaAs film exhibiting a flat surface. 

To examine the crystal structure of the laterally grown GaAs layers, TEM characterization 

has been performed on one of the planar GaAs segments under a 30-degree tilt to view 

the sample along the <11-20> zone axis, see Figure 8.3j. The HAADF-STEM images 

acquired on the GaAs nanowire part and the laterally grown GaAs layers displayed in 

Figure 8.3 (k, l) confirm the single-crystalline quality of both segments and the perfect 

epitaxial relationship. This result proves that the TASE concept is promising for the 

hexagonal crystal transfer and that it can be extended to the growth of Hex- SixGe1-x layers. 

To improve the TASE approaches' scalability, alternative transfer techniques other than 

the currently used uncontrolled mechanical swiping are required for better control over 

the positioning of the nanowires for future device fabrication. One promising candidate 

is the ‘Transfer Printing’ technique27,28 of semiconductor nanowires, proposed by 

Guilhabert et al., for controllable nanophotonic device fabrication. 

8.5 Extending the Emission Range of Hex-Si1-xGex  

Direct band gap Hex- SixGe1-x alloys are a promising material platform for the integration 

of the near to mid-infrared optoelectronic devices utilizing the CMOS compatible group 

IV family. In this thesis, we have shown that by tuning the material composition via 

alloying with Si, we can tune the emission wavelength over a broad range of 1.8-4 µm. 

One promising technique to further tune the emission range other than alloying is strain 

engineering of the fabricated Hex- SixGe1-x. The strain has been a useful tool in changing 

the band structure of semiconducting materials, leading to improved electronic and 

optical performance such as increased hole mobility in MOSFETs29,30, the enhanced metal 

gate stack in CMOS transistors at the 45 nm technology node31, and driving the desired 

direct bandgap emission in cubic Ge32–34.  
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As for Hex- SixGe1-x, our collaborators at the Friedrich-Schiller-Universität Jena have 

theoretically predicted by DFT calculations that applying nearly 1.5% uniaxial tensile 

strain along the c-axis of Hex-Ge, as illustrated in Figure 8.6a, can invert the lowest two 

conduction bands (Γ8𝑐
−  and Γ7𝑐

− )35. This strain level is predicted to cause a pseudo-direct to 

direct transition in the Hex-Ge band structure, allowing hex-Ge to become a direct-gap 

semiconductor with a gap of 0.4 eV, where dipole allowed transitions at the energy gap 

are 3 orders of magnitude stronger than in the unstrained case. Applying the same 

concept of strain engineering on Ge- rich Hex- SixGe1-x alloys is predicted to extend further 

the emission of SixGe1-x alloys beyond the currently achieved wavelength range. 

Additional theoretical calculations and experiments are required to examine the 

influence of strain on the Ge-rich Hex- SixGe1-x alloys and verify this hypothesis. 

Different methods have been reported in the literature to induce strain in Ge, such as the 

utilization of lattice-mismatched hetero-structured buffer layers36,37, the application of 

dielectric stressor layers32,38, and fabricating Ge on micro-bridges/nano-membranes 34,39  or 

micro-disks32,33. To enhance strain, an all-around dielectric stressor has been employed in 

the literature to apply homogenous strain profiles40. This all-around dielectric envelope 

has been an effective route for inducing strain in nanowire structures41–43. The lattice-

mismatched layer route is not very suitable for our Hex- SixGe1-x nanowire system since 

there are no suitable group IV-based materials that can achieve the desired strain levels 

without compromising the optical properties. Therefore, we propose the following two 

approaches for straining our Hex-Si1-xGex nanowires: (1) deposition of an all-around dielectric 

envelope and the (2) fabrication of nanowire-on-micro-bridge structures. It is worth highlighting 

that there are competing wishes: a large Si1-xGex shell volume for having enough active 

gain material for light emission, but a thin shell to have the largest impact from the strain. 

The strain approach for thin shells might be interesting for further exploring the material 

properties and the band structure behavior as a function of strain. However, for future 

device applications, our nanowire structures' strain engineering is quite challenging and 

might not be practical. 

Current Status—we performed initial experiments with the 1st approach, i.e., the 

dielectric envelope. Wouter Peeters at TU/e has performed a few exploratory experiments 

with the deposition of silicon oxide (SiO2) and silicon nitride (Si3N4) layers via plasma-

enhanced chemical vapor deposition (PECVD) around the fabricated Hex-Ge shell 

nanowires, reported in Chapter 5. An example of the deposited SiO2 layer around the 
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Hex-Ge nanowire shell is displayed in Figure 8.4 (b-d). Hex-Ge has been chosen to start 

with since it is a single element material system and predicted to be easier to understand 

than a compound system like Hex- SixGe1-x in addition to the negligible lattice strain 

between the Hex-Ge shell and the WZ-GaAs core. Various deposition conditions have 

been varied to tune the strain levels induced by both dielectric materials such as chamber 

pressure, gas precursors flow rates, RF power, and deposition time (thus the thickness of 

the deposited layer). The few performed deposition experiments have adopted the 

deposition conditions reported in the study of Bavinck et al.41 to tune the emission 

wavelength of an InAsP quantum dot in an InP nanowire, as a starting point. Currently, 

the highest achieved strain levels in Hex- Ge, as reported by Peeters, are -0.33 % and +0.22 

% strain along the c-axis. Strain experiments on Hex- SixGe1-x shells have not been 

 

Figure 8.4. Strain Engineering of Hex- Si1-xGex Shell Nanowires: (a) Schematic illustration of applied 

tensile uniaxial strain on a core/shell nanowire structure along the growth direction of the nanowires i.e., 

c-axis. Two approaches are proposed to apply uniaxial strain on the WZ-GaAs/Hex- SixGe1-x core/shell 

nanowires as schematically illustrated in (b, e). (b) The first approach is via applying a dielectric envelope 

consisting of a Si3N4 or SiO2 amorphous layers around the core/shell nanowires. Preliminary results of 

SiO2 layer deposition on the nanowires structures is shown in the 30° tilted-view SEM images in (c, d). 

(c) An array of WZ-GaAs/Hex-Ge core/shell nanowires of (180nm/100nm) thickness grown on a GaAs 

(111)B substrate, and covered all around with a 180 nm thick SiO2 layer. (d) A zoomed-in tilted-0view 

SEM image of a broken off nanowire showing the cross section of the structure of a core/shell/shell 

structure of GaAs/Ge/SiO2. (e) The second approach is by placing the nanowire on a fabricated micro-

bridge structure where the nanowires are strained by a dielectric stressor layer as reported by Guilloy et 

al 46. (f) Tilted SEM image of a representative nanowire micro-bridge structure from the same study. The 

figures of (e, f) are adapted from Ref. 46. 
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executed yet. Further systematic optimization of the deposition parameters of SiO2 and Si3N4 

layers and of the core/shell structure dimensions is needed to reach the desired strain levels. 

8.6 A Silicon Laser: The Final Frontier 

Achieving a CMOS compatible silicon-based efficient light source, ‘Laser’ has been 

described as “the final frontier” and the “the holy grail of optoelectronics.” It has been a 

long-pursued dream in the semiconductors field since the first semiconductor laser's 

realization in the 1960s. Such an achievement has the potential to radically transform the 

optoelectronics and microchips industry, enabling broad-band communication in 

addition to a massive reduction of energy consumption. Despite the tremendous exerted 

efforts, this dream has remained elusive due to the lackluster indirect bandgap nature of 

cubic Si, the widely used structure in the semiconductor industry. 

In this work, we have experimentally realized a direct band gap in Si1-xGex, utilizing the 

concept of zone folding outlined firstly in the 1970s44, by fabricating it in the hexagonal 

crystal structure in a core/shell nanowire geometry. Additionally, we have confirmed that 

our Hex-Si1-xGex nanowires are in the radiative recombination-dominated regime 

required for lasing even up to higher temperatures (~ 200 K) which is an essential step 

towards the goal of achieving a silicon-based room temperature laser.  

The design of a laser requires three fundamental components: (1) a gain medium where 

spontaneous emission can be amplified by stimulated emission, (2) a resonating cavity to 

provide optical feedback, and (3) an energy source, i.e., pumping source to provide 

enough excited carriers to sustain the stimulated emission in the cavity, as illustrated in 
Figure 8.5a. To achieve this goal with the current nanowire geometry, we envision two 

routes: (1) a single Hex-Si1-xGex nanowire laser and (2) a photonic band edge laser of a 

Hex-Si1-xGex nanowires array. 
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Figure 8.5. Lasing from Single Nanowires: (a) A schematic illustration of the working principle of a 

‘Fabry-Perot Cavity’ laser where the active material acting as the gain medium is excited by a pumping 

mechanism (optically or electrically) and the emitted photons are amplified via stimulated emission in 

the resonating in the cavity between two mirrors. A single nanowire can act as a Fabry-Perot laser. (b) 
A top view SEM image of a representative WZ-GaAs/Hex-Si0.20Ge0.80 core/shell nanowire structure. The 

Hex- SixGe1-x in this case is the gain medium and the nanowire end-facets act as mirrors. One end facet 

is perfectly cleaved along a crystallographic direction, see the SEM image framed in green. However, 

the other nanowire end facet suffer from being not as flat as the other end. Ideally, it should be as flat 

as possible for maximum modal reflectance. (c) FDTD simulated modal reflectance (R) of the active 

optical modes in the GaAs/Si0.20Ge0.80core/shell nanowire structure placed on a virtual sapphire (Al2O3) 

substrate, as a function of the nanowire structure radius. The reflectance simulations have been 

performed once with the nanowire end facets as is (No Au) and another time with a gold layer (with 

Au) deposited on one end facet to enhance the reflectivity of this facet to mitigate the undesired non-

flat facet influence on the modal reflectance. Panels a and c are adapted from the Master Thesis of V. v. 

Lange. 
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8.6.1 Single Nanowire Laser 

A single nanowire, as shown in Figure 8.5b, could be utilized as a Fabry-Perot cavity 

laser, the simplest form of a nanowire laser45. To fabricate a Hex-Si1-xGex-based laser, the 

gain medium in our study will be the Hex- SixGe1-x nanowire shell, and the optical 

feedback in the nanowire cavity is defined by the end facets of the nanowire, acting as 

mirrors. The pumping source can be a pump laser with an energy larger than the bandgap 

energy of the gain material or the nanowire shell can be electrically pumped. The 

Nanowire needs to be thick and long enough to have enough gain medium to be able to 

amplify the emission. Light does not travel randomly in a nanowire cavity; it travels in 

so-called ‘modes’ due to interference of the internal reflections originating from the 

refractive index contrast between the GaAs/ SixGe1-x core/shell nanowire side facets and 

the surrounding environment. To properly determine the desired lasing optical guided 

mode in our structures, specific criteria need to be fulfilled45: 

 Nanowire Dimensions: the nanowire radius (r) and length (L) should be 

optimized. The radius is essential for the selectivity and confinement of the guided 

mode, and the length is crucial for lowering the lasing threshold gain. The 

threshold gain (𝑔𝑡ℎ) is inversely proportional to the cavity length according to this 

relation: Γ.g
th

~
1

L
.ln(R), where Γ is the mode confinement factor, L is the cavity 

length, and R is the geometric mean of the mode reflectance at the end facets45. The 

optical mode with the lowest threshold gain is the most likely favored mode for 

lasing. In addition, the optimum dimensions depend on the intended emission 

wavelength and the refractive index at that wavelength.  

 The flatness of the Nanowire End-facets: for nanowire lasers behaving as Fabry-

Perot optical cavities, the major losses occur at the nanowire end facets, which 

mimics the mirror losses. Hence, for the lowest possible losses, i.e., highest 

reflectance, end facets should be optically flat to maximize the end facets' modal 

reflectance. 

To determine the guided modes in the WZ-GaAs/Hex-Si1-xGex shell nanowire structure 

and their modal reflectivity at the end facets, V. v. Lange at TU/e has utilized finite the 

difference time-domain (FDTD) simulation technique to calculate the optimum 

dimensions of a nanowire cavity. The simulations have shown that for the modes to be 

guided, a specific nanowire width is required, depending on the mode, the wavelength, 

and refractive index of the light propagating in the chosen Hex- SixGe1-x shell composition. 

Among the different simulated optical modes, it has been found that the HE11, TE01, and 
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TM01 modes have the highest modal reflectivity in this material system, see Figure 8.5c. 

Having a closer look at the confinement of the three modes in the Hex- SixGe1-x shell, the 

most significant part of the HE11 mode is concentrated at the core part, which means it 

does not contribute to the gain medium. The TE01 mode exhibits significant modal 

confinement at the hexagonal shell part, which should contribute significantly to the gain. 

As for the TM01 mode, despite showing higher modal overlap than the HE11 mode with 

the hexagonal shell, part of the mode is lost at the core part of the structure. On the other 

hand, the modal reflectivity simulation at the end facets yields a higher reflectivity for 

the HE11 and TM01 modes than for the TE01 mode that shows higher modal overlap 

with the hexagonal shell medium. The modes reflectance proves to be enhanced by 

capping one of the end facets with a gold mirror. Further simulations supported with optical 

characterization experiments are required to determine the combined figure of merit between the 

modal overlap with the gain material and the modal reflectivity at the end facets for the optimum 

nanowire laser cavity design. 

Current Status—At present, the fabricated Hex- SixGe1-x shell can be grown as thick in 

diameter as needed by increasing the growth period. However, the core/shell structures 

are limited in length due to the limitation in the length of the defect-free WZ-GaAs 

nanowire cores, as discussed in detail in Chapter 4, Section 4.3. In addition to the limited 

length of the gain medium, the nanowire end facets' flatness is another challenging aspect 

in our nanowire cavity fabrication. Despite having one atomically flat end facet resulting 

from the cleavage of the nanowire crystal off the substrate along the preferred {0002} 

crystallographic cleaving plane, the other end of the nanowire is non-flat due to the 

irregular growth of the cubic segment at the top part of the nanowire, see Figure 8.5b. 

This non-flat end facet contributes to losses and reduced modal reflectivity. Hence, the 

fabrication of the structures needs to be further optimized to achieve longer cavity lengths and flat 

end facets. Additional complex nanowire laser external cavity structures can be fabricated to 

improve the laser quality factor (Q-factor) and further reduce the threshold gain. Among the 

potential candidates for external micro-cavities are the photonic crystal and the micro-stadium. 

Ongoing experiments are performed to fabricate micro-stadium single nanowire laser and photonic 

crystal of nanowire arrays (discussed in the following section). 
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8.6.2 Nanowire-based Photonic Band Edge Laser 

Another practical approach to lower the threshold gain for lasing is using a photonic 

crystal (PhC). A PhC is typically an engineered periodic structure of spatially varying 

dielectric materials with different refractive indices, distributed with a periodicity in the 

order of the wavelength of light. A promising type of the PhC lasers is the photonic band 

edge laser (PBEL), whose operation is based on enhancing the optical density of states at 

the photonic band edges. In a PBEL, the main goal is to create a material structure in 

which the electronic band gap matches the photonic band edge's energy. In this way, the 

emitted photons get trapped at the flat band edges with a very low group velocity. This 

leads to an increased effective cavity length of the desired optical mode, hereby lowering 

the threshold gain for achieving lasing. Utilizing the concept of the PBEL can help to 

 

Figure 8.6. Nanowires Photonic Band Edge Laser: (a) Schematic illustration of the proposed one-

dimensional (1D) and two-dimensional (2D) geometries of the nanowire photonic band edge laser 

(PBEL). (b-f) Preliminary results of the growth of the proposed 1D and 2D PBEL structures by V. v. 

Lange: (b) Overview tilted-view SEM image of multiple 1D periodic arrays of WZ-GaAs nanowires. (c) 
A zoomed-in 30° tilted-view SEM image of the framed region in panel (b). (d) Top-view SEM image of 

a 2D periodic arrangement of WZ-GaAs nanowires in a hexagonal lattice. (e) 30° tilted-view SEM image 

of the nanowires corresponding to the 2d arrangement in panel (d). (f) Hex-Ge shells grown on the WZ-

GaAs nanowires cores in the 2D arrangement in panel (e). 
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tolerate the limited cavity length of the single nanowire laser discussed in the previous 

section. 

The optical properties of the PhC can be tuned by the dimensions of the photonic 

structure. It can be fabricated in a one-, two- or three-dimensional geometry. In addition, 

in a PBEL, the band edge energy can be tuned by adjusting the architectural parameters 

of the photonic structure, such as the lattice constant, i.e., the inter-spacing and the 

diameter of the periodic structure. 

Current Status—Ongoing experiments are being performed with one-dimensional (1D) 

and two-dimensional (2D) PBEL structures, as illustrated in Figure 8.6a. The 1D structure 

is based on an array of GaAs/Ge core/shell nanowires periodically aligned in one 

direction as in Figure 8.6 (b, c) in contrast to the 2D structure where the nanowires are 

arranged in a 2D hexagonal lattice as in Figure 8.6 (d-f). FDTD simulations are carried 

out to determine the optimal inter-wire spacing (a), nanowires’ radius (r), and length (L) 

per Si1-xGex composition to tune the emission energy. Currently, the fabricated 1D and 2D 

nanowire-based photonic structures suffer from a certain degree of disorder in the 

nanowire arrangement in the 1D and 2D arrays in addition to the not very uniform 

faceting of the Hex- SixGe1-x shells across the arrays, as can be clearly seen in the SEM 

images of the fabricated nanowires arrays in Figure 8.6. Further experiments and 

simulations are needed to improve the sidewall flatness and order in the arrays.  
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