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a b s t r a c t
In this article, the reversible and irreversible thermo-mechanical time-dependent deformation of oriented polyethylene terephthalate ﬁlm is studied. A mean-ﬁeld model is used to simulate these effects
along with the long-term creep behaviour, taking into account the underlying material microstructure
and differences in constitutive behaviour of the phases. The material is modelled as an aggregate of layered two-phase domains. Irreversible deformation, or partial shape recovery, results from the presence of
an internal stress, which is characterised and incorporated into the constitutive behaviour of the noncrystalline phase. Using the micromechanical approach, the deformation mechanisms at the local scale
are analysed.
Ó 2014 Elsevier B.V. All rights reserved.

1. Introduction
Predictable mechanical response and high dimensional stability
are major requirements for polymer substrates used in the production of ﬂexible electronics [1,2]. There are a number of candidates
for the substrate material with the most common materials being
semicrystalline, oriented and thermally stabilised polyethylene
terephthalate (PET) and polyethylene naphthalate (PEN) ﬁlms.
The goal of this work is to predict the dimensional stability of
the polymer ﬁlm at temperatures above the glass transition temperature, i.e. to simulate reversible and irreversible deformation
of the ﬁlm under these industrially relevant conditions based on
the underlying microstructural information.
The polymer ﬁlms studied here are produced by sequential
biaxial stretching at temperatures above the glass transition (T g )
and subsequent cooling down to room temperature [3]. Upon heating above T g these ﬁlms demonstrate irreversible deformation
under stress-free conditions, referred to as thermal shrinkage, or
an emergence of shrinkage stress if the dimensions are ﬁxed
[4–6]. This process is signiﬁcantly inﬂuenced by the manufacturing
conditions [7]. Such behaviour can be classiﬁed as a shape-memory
effect, where the partial recovery of the original shape is a result of
increased molecular mobility above T g and the driving force is due
to the tendency of the structure to increase its entropy by relaxing
the oriented conformation [8]. In oriented amorphous PET there is
⇑ Corresponding author.
E-mail address: J.A.W.v.Dommelen@tue.nl (J.A.W. van Dommelen).
http://dx.doi.org/10.1016/j.commatsci.2014.11.004
0927-0256/Ó 2014 Elsevier B.V. All rights reserved.

evidence that the molecular origin of this process lies in a redistribution of the rotational isomers along the polymer chains, leading
to their coiling [9].
The modelling approaches of shape-memory polymers can
roughly be divided into macroscopic and micromechanical [8,10].
In macroscopic models, the material behaviour is simulated as
the behaviour of a system constructed of elastic, viscous and purely
plastic elements. In this case, a nonlinear temperature-dependent
viscosity captures the shape memory effect. In contrast, micromechanical approaches take into account aspects of the material
microstructure, while often lacking some reliable experimental
data at that ﬁne scale. In [11], the material was considered to consist of active and frozen phases with the phase transition being
described by a temperature dependent volume fraction. A similar
approach was used in [12] to construct a large deformation model
based on the rules of mixtures. In [13], a model for semicrystalline
shape-memory polymers was presented, where the shape-memory
effect occurred due to a tendency of each phase to return to its
initial conﬁguration.
In this article, the effect of shape recovery of a PET ﬁlm is modelled using a micromechanical model referred to as the composite
inclusion model [14–18]. In this model, the material is considered
to consist of two phases: the crystalline and the amorphous phases,
out of which layered domains are constructed. Here, the amorphous phase is referred to as non-crystalline since it signiﬁcantly
differs from purely amorphous material due to the constraints
induced by crystalline lamellae and the presence of tie molecules.
The material behaviour is modelled as the behaviour of an
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aggregate of such layered domains. Crystal plasticity [19] is used as
a constitutive model for the crystalline phase, with viscous slip on
the (limited number of) slip systems. The non-crystalline phase can
be modelled with one of the material models suitable for glassy
polymers, such as the model by Buckley et al. [20,21], by Boyce
et al. [22,23] and by Govaert et al. [24,25]. In this article, the model
by Govaert et al., referred to as the EGP model, is used.
In [26], the composite inclusion model was used to describe the
deformation kinetics of oriented HDPE. However, the model was
found to lack the contribution of the pre-stretched amorphous
phase. In [18], this model was used to simulate short-term and
long-term behaviour of the oriented PET ﬁlm taking into account
this pre-orientation. In the present article, the constitutive models
of the phases are further extended, i.e. thermal expansion is added
to the model and a relaxation of the internal pre-stress state of the
PET ﬁlm is incorporated to simulate the behaviour of the ﬁlm at
high temperatures and to model reversible and irreversible thermal deformation. The aim of this article is to simulate these effects
based on the underlying microstructure, and therefore to obtain a
reliable structure–property relationship and to analyse microstructural deformation processes.

2. Experimental methods
Thermally stabilised oriented polyethylene terephthalate ﬁlm,
manufactured by DuPont Teijin Films, was provided for the experimental analysis. The ﬁlm is produced by sequential biaxial
stretching with draw ratios 3:1 and 3:4 in machine direction
(MD) and transverse direction (TD) respectively. The draw temperature in the ﬁrst (MD) stage was set to 90  C, and the TD draw temperature was set to 110  C. The MD stretch stage is at a ‘‘constant
width’’, and when heated, the ﬁlm is accelerated between two
rotating rollers which causes the material to stretch to a ﬁxed ratio.
The TD draw was performed in a ‘‘stenter oven’’, where each edge
of the ﬁlm was clamped to a continuously moving chain. By causing the path of the two chains to diverge, the edges of the ﬁlm were
continuously drawn apart. The temperature during the ﬁnal heat
set was set to 210  C. The manufactured ﬁlm had an average thickness of 125 lm, a width of 90 cm and an approximate crystallinity
of 50%.
To measure irreversible deformation of the ﬁlm resulting from
different heating conditions, the behaviour of oriented PET ﬁlm
was measured using two different techniques. Strain measurements at varying temperatures were performed under uniaxial
tensile stress-controlled conditions using a Zwick Z010 universal
tensile tester equipped with a video extensometer, a temperature
controlled chamber and a 1 kN force cell. Samples, with a shape
according to ISO 527-2, type 1BA, cut in different directions were
heated from 60  C to 190  C with subsequent annealing at 190  C.
Three heating rates were imposed: constant rates of
1  C= min; 5  C= min and  10  C= min, which is the maximum
heating rate of the temperature controlled chamber. Measurements were performed under imposed stress of 0.16 MPa, which
is sufﬁcient to keep the sample straight while not leading to
noticeable creep effects at high temperatures. Prior to testing, the
samples were dried in the temperature controlled chamber at
60  C for 60 min to prevent interference of dehydration-induced
contraction with the measurements. For the samples heated at
10  C= min and 5  C= min, multiple measurements were performed
to ensure reproducibility.
The residual (i.e. irreversible) deformation after cooling down
was measured using digital image correlation (DIC). Dried samples
with dimensions of 15 cm by 10 cm (in TD and MD, respectively)
with a grid of 16  11 dots were placed in a pre-heated oven and
annealed for a certain time. Images of samples (with the size of

3300  2200 px) were taken before the heat treatment and after
removing the sample from the oven and cooling it down to room
temperature, thus eliminating reversible thermal deformation
(thermal expansion). The two-dimensional strain was extracted
from the images by correlating the displacement of the dots across
the series of images. A uniform strain ﬁeld in each sample was
assumed, since the strain inhomogeneity within one sample was
of the same order of magnitude as the deviation of the average
strain within multiple samples tested at identical conditions. The
actual calculated strain in each sample tested at certain conditions
was averaged from three subsequently taken images. Since heating
and annealing of the samples was performed at stress-free conditions, ﬁlm wrinkling, resulting from inhomogeneity of the sample
and of the temperature ﬁeld, was observed. Therefore, when
images of the samples were recorded, the samples were straightened by putting a glass plate on top.
The anisotropy and inhomogeneity of the ﬁlm was studied in
[18]. It was found that for the centre of the ﬁlm (i.e. the middle
position across the width) the principal strain directions correspond to MD and TD and for the sides the principal directions
are rotated by 15 . Therefore the effective MD and TD, which are
rotated by a small angle, are introduced here for the right part of
the ﬁlm. In [18], the mechanical behaviour along the effective
directions was found to be similar across the width of the ﬁlm.
Therefore, here samples from the sides of the ﬁlm were also used
for the experimental programme with strain measurements performed along the effective machine and transverse directions.
To measure the coefﬁcient of thermal expansion (CTE) of isotropic PET, semicrystalline PET samples were prepared from isotropic
amorphous PET, which was also supplied by DuPont Teijin Films,
by annealing in an oven for 1; 4; 10 and 13 h at 100 °C. Crystallinity
of the samples was measured by X-ray diffraction and DSC. To
determine the CTE, PET samples were heated from 30  C to 70  C
and then cooled down to 30  C at a rate of 5  C= min. The cycle
was repeated 2 times, and the obtained measurements of the
CTE during heating and cooling were averaged. The deformation
ﬁeld was obtained by DIC. The observed deformation of the samples was homogeneous and linearly dependent on temperature
within the imposed temperature region.
The CTE of the oriented PET ﬁlm was measured using the same
technique as used to measure the CTE of isotropic PET, however
during the heating stage of the ﬁrst cycle, strain was not recorded,
and thus only 3 measurements (2 during cooling and 1 during
heating) were taken. Measurements on 3 samples from the centre
of the ﬁlm were performed and the results were averaged.
3. Measurements, oriented material
The thermomechanical behaviour of PET ﬁlm under different
conditions was studied. The imposed temperature proﬁle is

Fig. 1. Schematic representation of the imposed temperature proﬁle.
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illustrated in Fig. 1. In the ﬁrst case, the strain evolution during
only the ‘‘heating’’ and ‘‘annealing’’ stages is considered with an
imposed heating rate of 1–10 °C/min. In the second case, only irreversible deformation due to the imposed temperature history is
considered, i.e. only the strain value at t ¼ te and its dependence
on parameters of the temperature proﬁle (the annealing temperature and the annealing time). As described in Section 2, for the second case, samples were placed in a preheated oven, which resulted
in almost instantaneous heating of the samples to the annealing
temperature (in Section 5.2, to model this case a heating rate of
17  C=s was used).
The heating stage and the annealing stage of the strain
measurements are analysed separately. Measurements corresponding to a particular heating rate were reproducible with the
absolute strain deviation between several samples not exceeding
2:5  103 . In Fig. 2, the effect of heating rate on the measured strain
is demonstrated. It is obvious that the deformation due to heating
is anisotropic with TD expanding and MD shrinking at lower temperatures. At higher temperatures, TD also shows shrinkage with a
faster deformation rate than for MD. Although for TD samples, the
inﬂuence of the heating rate on strain is comparable to experimental scatter, for MD it is noticeably larger. Using this measuring
method, only combined reversible and irreversible deformations
are obtained.
To analyse only irreversible deformations, the permanent strain
resulting from fast heating of the sample in the oven was obtained
with digital image correlation after cooling the sample. The
inﬂuence of annealing temperature and annealing time was investigated. In Fig. 3, the measured strain and its dependence on
annealing time (the time-dependent nature of the thermal irreversible deformation) and annealing temperature for the samples
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in effective MD and TD is shown. Comparing Figs. 2 and 3, it can
again be seen that the heating rate inﬂuences the residual shrinkage strain with approximately doubled strain values for the case
when samples are placed in a preheated oven. The reason for this
is internal relaxation taking place in the material during slow heating, which does not lead to a macroscopic deformation, as well as
the absence of reversible thermal deformation (thermal expansion)
in the results shown in Fig. 3.
The maximum absolute value of the deviation of the shear
strain from zero is 3  103 , i.e. the principal directions of the strain
tensor deviate only slightly from the previously measured 15 at
the sides of the ﬁlm. This small deviation changes with annealing
temperature: the shear strain is positive for temperatures below
180  C and negative above this value.
4. Micromechanical modelling
The material behaviour is modelled at multiple scales using the
composite inclusion model, see [16,27]. A detailed model description can be found in Appendices A–C. The macroscopic scale corresponds to a material point, where the Cauchy stress tensor rM and
the deformation gradient tensor F M are volume averaged quantities of the two-phase layered microstructure, which consists of
multiple differently oriented layered domains, each consisting of
different phases, see Fig. 4. The two-phase domains are referred
to as composite inclusions [15]. Each phase in a domain is
described with its representative constitutive law and has homogeneous stress and deformation ﬁelds. Compatibility and equilibrium conditions are enforced at the interface between the phases:
ak
ak
rck
F ck
k ¼ 1; N; n ¼ f1; 2; 3g; s ¼ f1; 2g; ð1Þ
n3 ¼ rn3 ;
ns ¼ F ns ;

Fig. 2. Dependence of strain on temperature for MD and TD samples during heating at heating rates of 1–10 °C/min (a) and evolution of strain with time during annealing at
190 °C starting from the point of reaching the annealing temperature (b). For the heating rate of 5  C= min, error bars indicating a 95% conﬁdence interval are shown, where
experimental scatter results from 9 measurements per direction (MD and TD).

Fig. 3. Dependence of the residual strain in effective directions on the annealing time at 170  C (a), dependence on annealing temperature, measured after annealing for 103 s
(b). The right part of the ﬁlm was used. Error bars indicate a 95% conﬁdence interval, where experimental scatter results from measurements performed on 3 different
samples and 3 images taken per sample per measurement.
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were used (based on a convergence study performed in [18]).
Another difference is the incorporation of anisotropic internal
stresses in the non-crystalline phase for the oriented material,
whereas a stress-free non-crystalline phase is used for the isotropic
material, as further elaborated in the following section. This addition was required to accurately model the differences between the
long-term creep responses in MD and TD directions [18].
4.1. Constitutive behaviour of the phases

Fig. 4. The two-layer composite inclusion after [15,16]. The structural unit of the
model is highlighted in a stack of crystalline lamellae.

where components are taken with respect to the inclusion
coordinate system shown in Fig. 4 (with unit vectors ~
eI1 ; ~
eI2 ;
I
I
~
~
e3 ¼ n ). Superscripts ‘‘c’’, ‘‘a’’ indicate quantities belonging to crystalline and non-crystalline phases and N is the number of layered
domains. The average stress tensor rI and deformation gradient
tensor F I of each layered domain are obtained by volume averaging.
The domains are coupled using a mean-ﬁeld interaction law
[15,16]: the components of the inclusion-averaged stress and deformation gradient tensors that are not constrained by intra-inclusion
equilibrium and compatibility conditions, are equal to their corresponding macroscopic quantities. Macroscopic quantities F M and
rM are obtained by volume averaging the inclusion-averaged quantities rI and F I . The semicrystalline morphology is then characterised by the orientation distribution of the crystalline phases and
interfaces between the crystalline and the non-crystalline phase.
Here, simulations of isotropic and oriented material are
performed. The difference in model behaviour results from the orientation differences of the layered domains, which is illustrated in
the equal area projection pole ﬁgures in Fig. 5, where the crystal
orientations as well as the orientations of interface normals are
shown. For the isotropic material, a set of uniform random orientations is adopted. For the oriented material, the orientation distribution in the PET ﬁlm was characterised in [18]. For the isotropic case
125 inclusions were used, and for the oriented case 100 inclusions

A multiplicative decomposition of the deformation gradient
tensor into an elastic (e), thermal (t) and plastic (p) part is used
for both phases: F ¼ F e  F t  F p [28]. Thermal expansion was introduced for each phase, with anisotropic expansion for the crystalline phase and isotropic expansion for the non-crystalline phase.
The thermal velocity gradient is linearly dependent on the time
derivative of the temperature through a tensor am containing thermal expansion coefﬁcients:

_
Lmt ¼ F_ mt  F tm1 ¼ am T;

m ¼ a; c:

ð2Þ

The non-crystalline phase is modelled with the Eindhoven
Glassy Polymer (EGP) model [29,25,30], which consists of a combination of viscoelastic Maxwell elements with neo-Hookean-like
elasticity and non-linear viscosity, which is temperature and stress
dependent. This constitutive model is schematically illustrated in
Fig. 6(a), where for simplicity only two viscoelastic modes are illustrated. The stress dependency is described using the Eyring ﬂow
model and temperature dependency using the Arrhenius law. The
viscosity depends on the equivalent stress s, the pressure pa , the
temperature T and the thermomechanical history S:

gi ¼ g0ir exp

s0 ¼

kT
;
V




 a
DU 1 1
s=s0
lp
exp ðSÞ;

exp
R T Tr
sinh ðs=s0 Þ
s0

ð3Þ
ð4Þ

where R is the universal gas constant, DU the activation energy, T r a
reference temperature, k is the Boltzmann constant and V  the activation volume. Multiple molecular relaxation processes can be
taken into account in this constitutive model by using different
stress and temperature dependency parameters for viscoelastic

Fig. 5. Equal area projection pole ﬁgures showing the initial crystallographic orientations (normal to the (1 0 0) plane and the [0 0 1] direction) and the normal to the interface
between phases (~
nI ) for isotropic material (a) and oriented material (b). The orientation set in (b) is taken from [18].
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Fig. 6. Schematic representation of the constitutive models used for the noncrystalline phase. Original EGP model formulation (a) and model with a predeformed initial state used in [18] (b).

modes. This model in combination with the composite inclusion
model described above was used to simulate the large-strain
mechanical behaviour of isotropic semicrystalline PET [27]. To simulate the long-term and short-term behaviour of an oriented PET
ﬁlm [18], an internal pre-stress in the elastic elements describing
the molecular network was included. These elastic elements are initially in a pre-deformed state (tension in MD and compression in
TD), see Fig. 6(b), thus introducing anisotropic yielding of the viscoplastic elements with isotropic behaviour in the elastic regime. The
deformation gradient tensor F ar corresponding to the molecular network is calculated from the total deformation gradient tensor F a of
the non-crystalline phase:

F ar ¼ F a  F ad ;

ð5Þ

F ad

where
is a deformation gradient tensor determining the initial
pre-deformation of the network. Initial elastic and plastic deformation gradients are calculated such that stress equilibrium of the
non-crystalline phase is maintained initially, ra ðt ¼ 0Þ ¼ 0,
whereby the deformation gradient tensor equals the identity tensor,
i.e. F a ðt ¼ 0Þ ¼ I. The original formulation of the EGP model is
recovered if F ad ¼ I. This internal stress state, which was included
in [18] to describe the anisotropic creep behaviour of oriented ﬁlm,
is the basic mechanism which causes irreversible thermal deformations (an in-plane pre-deformation was used in [18]). However, to
describe dimensional stability at temperatures above T g , as required
here, several additional modiﬁcations are made.
In Section 3, experimental results indicated that the heating
rate inﬂuences residual irreversible deformation. This is included
in the model by replacing the elastic hardening element in the
EGP model by a viscoelastic element, see Fig. 7(a), with a temperature dependent viscosity:

gr ¼ g0r exp





DU r 1 1
:

R T Tr

ð6Þ
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The molecular mobility of a part of the non-crystalline phase is
strongly inhibited by the presence of the crystalline material, leading to a strong increase of the local T g . As a result, the temperature
dependence of the viscosity of this ‘‘constrained amorphous phase’’
is taken Arrhenius-like, similar to that of a polymer glass. As such, a
mechanism of stress relaxation during slow heating is incorporated, which leads to a lower irreversible shrinkage strain. A large
relaxation time for the hardening elements is required such that
these modes deform only elastically below T g .
The crystalline phase is modelled with crystal viscoplasticity
[19], where the deformation is decomposed into elastic and viscoplastic parts in addition to the thermal expansion. The elastic
behaviour of the crystalline phase is anisotropic. The viscoplastic
deformation is a superposition of shear deformations on a limited
number of crystallographic slip systems with an Eyring ﬂow equation relating shear rate and resolved shear stress [17,27].
Since the mechanism of irreversible thermal deformation
(deformation driven by the presence of internal stresses due to
the pre-stretched non-crystalline phase) is incorporated in the
non-crystalline phase only, it elastically loads the crystalline phase
during and after thermal deformation. If the crystalline phase
deforms only elastically, it can subsequently deform the non-crystalline phase over longer time scales, such that the absolute value
of the residual shrinkage strain is decreasing, i.e. the material is
returning to its initial conﬁguration, which is not experimentally
observed. Therefore, a thermal dependence of the plastic slip has
to be incorporated to increase the mobility of slip systems
(decrease the time scale of plastic deformation), enabling plastic
deformations in the crystalline phase at high temperatures. The
following relation between shear stress sa and shear rate c_ a on slip
system a is used:

c_ a ¼ na exp

 a

DU 1 1
sa
sinh a ;

Tr T
R
s0

ð7Þ

where DU a is the activation energy of the slip system, T the current
temperature and T r a reference temperature. A similar dependence
of crystallographic slip on temperature was also included in a
micromechanical model of HDPE in [17].
The inﬂuence of viscoelastic hardening of the non-crystalline
phase and thermal dependence of the slip kinetics on the macroscopic behaviour obtained with the composite inclusion model is
shown in Fig. 8, where the evolution of strain with time after
reaching T ¼ 190  C is simulated. The heating stage (t < t h ) is not
shown here. A uniaxial state of pre-deformation of the non-crystalline phase (as in [18]) is imposed, with kd ¼ 1:25. Other model
parameters are summarised in Appendix D. The following cases
are compared:
1. non-crystalline phase with elastic hardening;
2. non-crystalline phase with internal relaxation of the hardening stress (with activation energy DU ¼ 225 kJ=mol);
3. crystalline phase with temperature dependent slip systems
(parameters as in Appendix D);
4. viscoelastic hardening and temperature dependent slip systems as in case (2) and (3), respectively.

Fig. 7. Schematic representation of the constitutive models used for the noncrystalline phase. Model extended with internal relaxation of the hardening stress
(a) and model further extended with anisotropic pre-deformation (b).

The introduction of a temperature dependence of the slip systems signiﬁcantly inﬂuences the deformation during annealing.
Without allowing for relaxation of the internal hardening stresses
of the non-crystalline phase, they drive the material to a state
where the non-crystalline phase is stress-free, i.e. to a large strain
determined by the pre-deformation. From a comparison of Figs. 2,
3 and 8 it can be seen that the simulated material behaviour is still
not qualitatively matching the measurements. These observations
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Fig. 8. Composite inclusion model prediction of the evolution of strain with time during annealing at T ¼ 190  C after heating from T 0 ¼ 20  C with a heating rate of 17  C=s
for TD (a) and MD (b). The model with a pre-deformed initial state of the non-crystalline phase (1), model extended with internal relaxation of the hardening stress in the
non-crystalline phase (2), extended with temperature dependent slip systems in the crystalline phase (3) and extended with both modiﬁcations of cases 2 and 3 (4).

indicate an anisotropic internal stress state, which constitutes the
basis for further modiﬁcations.
Previously, it was shown that the non-crystalline phase of these
ﬁlms has a uniaxial internal stress state [18]. This was based on
modelling the long-term behaviour of the ﬁlm, in correspondence
with the experimentally observed behaviour. In Section 3 it was
shown that during heating to high temperatures, irreversible
shrinkage deformation is observed in both directions, which indicates that at high temperatures the non-crystalline phase of the
ﬁlm demonstrates a biaxial internal stress state. At low temperatures, irreversible expansion in TD and irreversible shrinkage in
MD were observed, indicating a uniaxial internal stress state at
low temperatures. Therefore, to describe both effects, the viscoelastic hardening in the non-crystalline constitutive model was
split into two modes with different activation energies and different pre-deformations:

F adj ¼ kTDj~
e1~
e1 þ kMDj~
e2~
e2 þ

1
~
e3~
e3 ;
kTDj kMDj

j ¼ 1; Nr ;

ð8Þ

e1 corresponds to
where N r ¼ 2 is the number of hardening modes, ~
TD and ~
e2 corresponds to MD. Pre-deformation ratios and activation
energies for the hardening modes are summarised in Table 1. Hardening moduli for these modes are equal (the full set of model
parameters is given in Appendix D). For the adopted parameter
set, both modes deform elastically at low temperatures and jointly
reveal a uniaxial stress state as in [18], allowing the simulation of
anisotropic creep of the ﬁlm. With increasing temperature, one of
the modes undergoes relaxation while the other mode still contributes to the internal stress, thus describing a biaxial stress state leading to irreversible thermal shrinkage in both directions. This split is
schematically illustrated in Fig. 7(b). Note that the ﬁgure represents
only one-dimensional analogues of the model, whereas in the full
3D model, the hardening stress rar is anisotropic. Values of the activation energies were identiﬁed from the experimental data (Figs. 2
and 3). Results of simulations using this constitutive model for the
non-crystalline phase are compared in Section 5.2.
5. Results
5.1. Characterisation of thermal expansion
The thermal expansion of the crystalline phase of PET is anisotropic due to the triclinic lattice structure of the PET unit cell, [31].
Table 1
Pre-deformation parameters of the non-crystalline phase for oriented PET ﬁlm.
Parameter kTD1 (–) kMD1 (–) kTD2 (–) kMD2 (–) DU r1 (kJ/mol) DU r2 (kJ/mol)
Value
1:37
0:93
0:39
1:74
225
245

Thermal expansion coefﬁcients of the crystalline phase, obtained
by molecular modelling, were taken from [31] (parameters are
listed in Appendix D). Thermal expansion of the non-crystalline
phase was assumed to be isotropic, i.e. characterised by only one
parameter aa ¼ 7  105 K1 , which is the measured CTE below T g .
A comparison of the CTE at various crystallinities obtained using
the composite inclusion model (with an isotropic distribution of
the layered domains) and measured CTEs is shown in Fig. 9. The
micromechanical model qualitatively predicts the evolution of
the effective CTE of the isotropic material, although there is some
quantitative deviation. For the isotropic material, the dependence
of CTE on crystallinity is inﬂuenced by both the elastic and thermal
properties of the phases. Elastic and thermal properties of the crystalline phase are obtained from molecular modelling and for the
non-crystalline phase they are assumed to be isotropic and based
on measurements on amorphous PET. Hence, the simulation is performed without any ﬁtting parameters. In [18], it was already
shown that parameters of unconstrained and constrained amorphous material differ, with the latter being anisotropic. In the
model, anisotropic yielding was included by including the internal
stresses. However, the elastic and thermal expansion properties
are still isotropic. Deviations of the model from experimental data
is therefore attributed to the anisotropy of the elastic and thermal
properties of the non-crystalline phase, for which no experimental
data is available.
A comparison of the model prediction of the CTE and the measurements for oriented ﬁlm is shown in Table 2. The PET crystal has
a negative CTE in the chain direction, i.e. the crystalline phase is
contracting with increasing temperature in chain direction. Previous measurements show that MD is the dominant direction of
the molecular chains in the crystalline domains of this PET ﬁlm
[18]. Therefore, for a high crystallinity of 50%, it is expected that
the CTE in TD is higher than in MD, which is also predicted by
the model but not observed experimentally. Furthermore, in [32],
the mechanical behaviour as well as thermal behaviour of biaxially
oriented PET ﬁlm were measured and it was found that the direction corresponding to the largest hardening modulus demonstrated the lowest linear thermal expansion. For the PET ﬁlm
studied here, TD corresponds to the largest hardening modulus
and the CTE in TD has the lowest value. For uniaxially oriented
ﬁlms, modelling concepts based on a combination of crystalline
and amorphous phases and tie molecules give a reasonable prediction of linear expansion [33], whereby the CTE in drawing direction
decreases with draw ratio and the CTE normal to the drawing
direction increases with draw ratio. This result also corresponds
to the behaviour of the composite inclusion model studied here,
where the lower CTE in MD is a result of the dominant chain
orientation in MD. The explanation for the deviation observed here
is most probably the anisotropy of the non-crystalline phase, in
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Fig. 9. Macroscopic CTE of isotropic PET vs. crystallinity. Both experimental data
and model prediction are shown. The error bar indicates a 95% conﬁdence interval,
where experimental scatter results from 4 measurements.

Table 2
Macroscopic CTE below T g of oriented PET ﬁlm in different directions.
Direction

TD

MD

Measurement (105 K)
Model (105 K)

2.2
5.4

4.3
3.0

particular, an anisotropic CTE and elastic properties, resulting from
the biaxial drawing process.
5.2. Simulation of dimensional stability of oriented ﬁlm
A comparison of simulation results and measurements for the
case when both reversible and irreversible processes contribute
to strain during thermal loading is shown in Fig. 10, which is split
into two parts: ‘‘heating’’ and ‘‘annealing’’. The model qualitatively
predicts the experimentally observed behaviour in the entire temperature range, whereby the deformation rates are even quantitatively captured in the region up to 160  C. The fast change in
deformation rate after 160  C in the simulated results is due to
stress relaxation in the ﬁrst viscoelastic hardening mode, whereby
only the second mode remains active. A more smooth transition, as
observed in the experiment, can be achieved with a larger number
of viscoelastic hardening modes with different pre-deformation
ratios and different relaxation times. Both viscoelastic hardening
modes are active at low temperatures. Therefore the ﬁlm demonstrates shrinkage in MD and expansion in TD, i.e. corresponding
to a uniaxial internal stress state. After relaxation of the ﬁrst mode,
the remaining biaxial internal stress state leads to shrinkage
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deformation in both directions, resulting in both MD and TD deformations below 1%. The exact mechanism of transformation of the
internal stress state is discussed in Section 5.4. Due to a limited
amount of viscoelastic modes (relaxation times), no subsequent
deformation is observed during annealing at high temperatures.
All modes already passed the relaxation process, which is not the
case at lower temperatures, see Fig. 11.
The second case is fast heating with subsequent cooling. A comparison of simulation results and experimental data is shown in
Fig. 12. As in the experiments, the line corresponding to the modelling results is based on strain values taken at t ¼ te from simulations with an imposed temperature proﬁle as in Fig. 1, with varying
holding time (Fig. 12(a)) and varying temperature (Fig. 12(b)) and
heating and cooling rates of T_ ¼ 17  C=s. The model qualitatively
predicts the behaviour of the PET ﬁlm. For an annealing temperature of 170  C, the model demonstrates fast deformation, reaching
equilibrium faster than 104 s. In Fig. 12(b), qualitative deviations
are observed at temperatures above T ¼ 170  C, where in the
model, the internal biaxial stress state changes rapidly to a uniaxial
stress state and the material starts to expand in MD. This can be
remedied by using more relaxation modes. In the temperature
regime corresponding to the application conditions (for ﬂexible
electronics manufacturing), up to 170  C, the absolute deviation
between the predicted and experimentally determined strain does
not exceed 3:5  103 .
There is a small inﬂuence of the mismatch of the CTE prediction
of the oriented ﬁlm on the simulation of thermal deformation during heating, i.e. Figs. 10 and 11, where simultaneously reversible
and irreversible effects are observed. For example at 150  C, with
an accurate prediction of the CTE, the difference between model
and experiment would have been larger in MD by an absolute
value of strain of 1:2  103 and smaller in TD by an absolute value
of strain of 2:9  103 , whereas the experimental scatter of the
absolute value of strain is up to 2:5  103 . Therefore, it can be concluded that simulation of the combined effect of reversible and
irreversible thermal deformation is not qualitatively affected by
the mismatch in CTE prediction, since the contribution of the irreversible deformation to the total strain is higher.
5.3. Simulation of the long-term response
As indicated in the introduction, the long-term behaviour of the
material considered here was already predicted with the composite inclusion model in [18]. In the present article, an extension is
made to the model, such that the pre-deformation (internal stress)
of the non-crystalline phase in now modelled with two separate
modes, describing the behaviour of the PET ﬁlm at high temperatures. A simulation of the same creep conditions as in [18] with
the extended model is shown in Fig. 13. As observed in the ﬁgure,

Fig. 10. Dependence of strain on temperature during heating with a heating rate of 1  C= min (a) and evolution of strain with time during annealing (b). Comparison of model
results (solid lines) and measurements (symbols) for MD and TD.
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Fig. 11. Dependence of strain on time during annealing in case of heating from 60  C to 110  C; 150  C and 170 °C with a heating rate of 5  C= min. Comparison of model
results (solid lines) and measurements (symbols) for MD and TD.

Fig. 12. Dependence of residual strain on annealing time at 170  C (a) and on annealing temperature for an annealing time of 103 s (b) for the fast heating rate. Comparison of
the model results (solid lines) and the measurements (symbols) for MD and TD.

the creep prediction of the model at 50  C and a stress of 5 MPa is
not affected by the model extension, i.e. at lower temperatures the
non-crystalline phase of the ﬁlm demonstrates a uniaxial predeformation state (tensile state of the molecular network in MD).
The deviation above 109 s is a result of the asynchronous relaxation
in the hardening viscoplastic elements due to a difference in the
magnitude of the stress to which these elements are subjected.
This deviation does not inﬂuence the applicability of the model.
5.4. Local deformations
As discussed in Section 4.1, the stress of the non-crystalline
phase is split into two contributions: the intermolecular
interactions and the molecular network. The latter is modelled
with two viscoplastic hardening modes with different

Fig. 13. Dependence of the creep compliance of oriented PET on time for different
loading directions. Comparison of simulations (line) with measurements (symbols).
Measurements are master curves constructed for 50  C, taken from [18]. Results
corresponding to the case when one pre-deformation mode is used are also taken
from [18].

pre-deformation, representing two different deformation modes.
Mode 1 is pre-stretched in TD and mode 2 is pre-stretched in
MD. To quantify plastic deformation in the modes, associated with
relaxation of the molecular network F apr j (see Fig. 6(d)), the components of the inclusion-averaged plastic deformation gradient tensors are compared in Fig. 14(a). It can be observed that one of
the processes is slower and has lower accumulated plastic deformation. The amount of plastic deformation is inﬂuenced by the
amount of pre-deformation.
The internal stress state of the molecular network of the noncrystalline phase is shown in Fig. 14(b). The difference between
MD and TD components of the volume-averaged tensor rar , split
into the contributions of two modes, is shown. Mode 1 is initially
in a tensile state in TD and in a compressive state in MD, i.e. the
in-plane stress state is close to uniaxial. Mode 2 provides an opposite initial stress state with a higher magnitude of stress. As
observed in Fig. 14(b), the speed of stress relaxation of these modes
is different. Therefore the total internal stress is transformed during relaxation from a state which is close to uniaxial (a positive
MD stress component and a negative TD component) to a state
which is close to biaxial (both MD and TD components are positive
and approximately equal).
The deformation of the non-crystalline phase within the layered
domain is strongly dependent on the orientation of the interface.
The components of the deformation gradient tensor of the noncrystalline phase F a corresponding to the principal directions of
the ﬁlm depending on the orientation of the layered domains are
shown in Fig. 15 (the corresponding macroscopic response is
shown in Fig. 10). The selected temperatures correspond to
moments when constant-rate thermal deformation is observed
(T ¼ 90  C), a change from expansion to shrinkage for TD
(T ¼ 160  C) and the end of the heating stage (T ¼ 190  C). Upon
heating, the non-crystalline phase is contracting in MD and
expanding in TD for domains with an interface normal oriented
towards MD. The opposite effect is observed for domains, for which
the interface normal is oriented towards TD. It was found that the
molecular network stress hardly depends on the orientation of the
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Fig. 14. Evolution of TD and MD components of the inclusion-averaged plastic deformation gradient tensors in viscoelastic elements associated with the molecular network
of the non-crystalline phase, showing internal relaxation (a). Evolution of the difference between MD and TD components of the stress tensor associated with the molecular
network of the non-crystalline phase (b). Note that the maximum temperature is reached at t ¼ t h , i.e. the conditions (heating rate and annealing temperature) are the same
as for the results shown in Fig. 10.

Fig. 15. Equal area projection pole ﬁgures showing the initial normals to the interface between phases (~
nI ) for oriented material. The magnitude of TD and MD components of
the deformation gradient tensors of the non-crystalline phase of layered domains is shown in colour. Heating up to 190  C is simulated with a heating rate of 1  C= min, results
corresponding to two intermediate and ﬁnal temperatures are shown.

layered domain. The maximum value of the variation in stress tensor components was found to be 0.35 MPa; for a comparison see
Fig. 14(b).
The effect of the heating rate on the equivalent plastic deformaqﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
tion of the non-crystalline phase, deﬁned as c_ ap ¼ 2Dap1 : Dap1 , is
shown in Fig. 16(a). The relative change in plastic deformation
Dcap ðt Þ ¼ cap ðt Þ  cap ð0Þ is shown. Note that in case of slow heating,
the magnitude of plastic deformation is lower, i.e. the amount of
stress relaxation increases with decreasing heating rate. It was

found that components of the volume-averaged stress tensor of
the crystalline phase corresponding to TD and MD in the case of
slow heating are qualitatively different than those for fast heating,
see Fig. 16(b). The absolute value of the stress is slightly higher for
the slow heating and is qualitatively different for MD, where it is
compressive during fast heating and tensile during slow heating.
When thermal expansion for both phases is disabled in the model
(results not shown here), the stress in the crystalline phase is
similar for both heating rates, i.e. the TD component increases
and the MD component decreases during the initial part of the

Fig. 16. Inﬂuence of heating rate on the inclusion-averaged equivalent plastic deformations in elasto-viscoplastic elements associated with the molecular network of the noncrystalline phase (a) and on the volume-averaged stress in the crystalline phase (b). In (b) the evolution of TD and MD tensor components is shown.
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heating. The initial qualitative difference for MD is due to the
hydrostatic pressure resulting from a different thermal expansion
of the phases. The compressive stresses in TD and tensile stresses
in MD in the crystalline phase originate from the relaxation of
the stress associated with the molecular network, see Fig. 14(b).
6. Conclusions
In this article, mechanisms of reversible and irreversible thermal deformation of a polymer ﬁlm produced by biaxial stretching,
have been investigated both experimentally and numerically using
a micromechanical modelling approach taking into account the
microstructure and different phases of the material. The investigated thermo-mechanical effects can be classiﬁed as shape memory effects, since the material is partially returning to its initial
state prior to biaxial drawing. The measured thermo-mechanical
ﬁlm behaviour during heating was anisotropic with a qualitative
change in thermal deformation around 160  C, after which signiﬁcant thermal shrinkage is observed for both directions, while at
lower temperatures thermal shrinkage is observed only for one
of the principal directions of the ﬁlm. Previous modelling work
[18] indicated the necessity of taking into account the internal
stress state of the non-crystalline phase for micromechanical modelling of the long-term response. In this article, the internal stress
state is described by two deformation processes, each with its own
internal stress state and thermal activation energy. At low temperatures, both processes act as one process as modelled in [18], such
that the molecular network is in a tensile state in MD and in a
compressive state in TD. With such an internal stress state of the
material, the model quantitatively predicts the measured creep
behaviour. At higher temperatures, due to a difference of activation
energies, the processes separate and differently inﬂuence the
material behaviour.
The two separate modes have pre-stretches in MD and TD and
are activated at different temperatures. During biaxial drawing of
PET ﬁlm, molecules acquire mainly two types of orientations, in
MD and in TD [34,35,3]. Thus pre-stretches of the viscoelastic hardening modes can be linked to deformations of the ﬁlm, which occur
in MD and TD drawing steps. Shrinkage in MD is observed at lower
temperatures, which indicates that molecules that are oriented in
MD are mechanically less constrained than ones oriented in TD.
It was found that at the microscopic scale, the deformation
mechanisms do not signiﬁcantly depend on the orientation of the
interface during heating up to 160  C. The heating rate signiﬁcantly
inﬂuences not only the macroscopic behaviour but also the stress
distribution at the local scale. During slow heating, the crystalline
phase is subjected to a slightly higher equivalent stress than during
fast heating, with a qualitative change in the MD component of the
average crystalline stress tensor from compressive to tensile.
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Appendix A. Composite inclusion model
In this section, the equations representing the composite inclusion model are summarised. In addition to notations used in the

article, a superscript ‘‘k’’ is introduced to indicate that a tensor or
scalar describes an inclusion with number k. The constitutive
equations for each phase of the N I inclusions specify the stress
depending on the deformation gradient in the following way:





rmk ðtÞ ¼ rmk F mk ; t j0 6 t 6 t ; k ¼ 1; NI ; m ¼ a; c:

ðA:1Þ

The material is modelled as a collection of layered domains,
referred to as inclusions, see Fig. 4. Inclusion averaged quantities
are obtained as:

F Ik ¼ ð1  f 0 ÞF ak þ f 0 F ck ;


ðA:2Þ



rIk ¼ 1  f k rak þ f k rck ;

ðA:3Þ

where the volume fraction of the crystalline phase, with f 0 the
initial value, is given by:

f 0 J ck

k

f ¼

ð1  f 0 ÞJ ak þ f 0 J ck

ðA:4Þ

;

 
with J mk ¼ det F mk ; m ¼ a; c. The orientation of the interface is given
~Ik
by two vectors ~
eIk
1 and e2 lying in the interface and its normal vector
Ik
~
~
¼
.
A
subscript
‘‘0’’
indicates that quantities are taken in the
n
eIk
3
initial conﬁguration rather than in the current conﬁguration.
In the inclusion, two layers are considered to be perfectly
mechanically attached to each other. Therefore, equilibrium and
compatibility conditions within each inclusion are enforced:

rck  ~eIk3 ¼ rak  ~eIk3 ; k ¼ 1; NI ;
ck

ak
~
F ~
eIk
eIk
n0 ¼ F
n0 ;

I

k ¼ 1; N ;

ðA:5Þ
n ¼ f1; 2g:

ðA:6Þ

Various interaction laws between the inclusions can be deﬁned.
^ interaction law [16] is used, for which an
In this study, the U
^ is introduced as
auxiliary deformation-like symmetric tensor U
an unknown. A subscript ‘‘M’’ indicates that quantities belong to
the macroscopic scale. The following interinclusion interaction
laws are imposed:
Ik ~Ik
~
~Ik M ~Ik
eIk
m  r  en ¼ em  r  en ;

k ¼ 1; N I ;

^ ~Ik
eIk
U ~
30 ¼ U  e30 ;

I

Ik

Ik

M

R ¼R ;

m; n ¼ f1; 2g;

ðA:7Þ

k ¼ 1; N ;

ðA:8Þ

I

ðA:9Þ

k ¼ 1; N ;

where the macroscopic Cauchy stress is determined by volume
averaging:

rM ¼

NI
X

Ik

f rIk ;

ðA:10Þ

k¼1
Ik

Ik

and where f ¼ f 0 JIk =JM is the volume fraction of the inclusion,
P I Ik
Ik
JM ¼ Nk¼1 f 0 JIk is the macroscopic volume ratio, f 0 ¼ 1=N I is the
 
Ik
initial volume fraction of the inclusion and J ¼ det F Ik is the
volume change ratio of the inclusion. Volume averaging is also used
to ﬁnd the macroscopic right stretch tensor:

JM
JR

!13
UM ¼

NI
X
Ik
f 0 U Ik ;
k¼1

where JR ¼ det

P I
N

Ik Ik
k¼1 f 0 F

ðA:11Þ

.

Appendix B. Constitutive behaviour of crystalline phase
In this section, the equations representing the constitutive
behaviour of the crystalline phase are summarised. A multiplicative decomposition of the deformation gradient tensor is used,
i.e. F c ¼ F ce  F ct  F cp , with F ct being the deformation gradient tensor
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Table D.3
Components of the stiffness matrix and thermal expansion tensor of the PET crystal at 300 K, from [31].
Parameter
Value (GPa)

C c11
14:4

C c22
17:3

C c33
178:0

C c44
6:6

C c55
1:4

C c66
1:2

C c12
6:4

C c13
3:4

C c23
9:5

C c14
2:2

Parameter
Value (GPa)

C c34
3:8

C c15
0:3

C c25
0:5

C c35
0:7

C c45
0:2

C c16
1:8

C c26
0:5

C c36
1:8

C c46
0:4

C c56
0:0

Parameter
Value (105 K1)

ac11

ac22

ac33

11:4

4:12

1:07

2ac23
4:5

2ac13
1:38

2ac12
5:05

resulting from thermal expansion [28]. The elastic behaviour is
modelled in the following way:

S ce ¼ 4 Cc : Ece ;

ðB:1Þ

where 4 Cc is the elasticity tensor, S ce ¼ Jc F c1
 rc  F cT
and
e
e


c
cT
c
1
Ee ¼ 2 F e  F e  I . The velocity gradient tensor due to thermal
expansion is [36]:

_
Lct ¼ F_ ct  F tc1 ¼ ac T;

ðB:2Þ

where ac is a second-order tensor containing the thermal expansion
coefﬁcients.1 To complete the constitutive description, the viscoplastic behaviour is deﬁned through the plastic velocity gradient tensor:

Lcp ¼ F_ cp  F pc1 ¼

Ns
X

c_ a P a0 ;

ðB:3Þ

a¼1

where P a0 ¼ ~
sa0~
na0 is the non-symmetric Schmid tensor deﬁned in the
reference conﬁguration. An Eyring ﬂow rule is used for the plastic
ﬂow, i.e. the shear rate of slip system a is calculated in the following
way:

 a

DU 1 1
sa
sinh a ;
c_ a ¼ na exp

Tr T
R
s0

ðB:4Þ

where DU a is the activation energy of the slip system, T is the current temperature and T r is a reference temperature. The shear stress
sa on slip system a is deﬁned as:
a

a

sa ¼ sc : P ; P ¼

F ce

a

 P0 

F c1
e ;

c

sc ¼ J rc :

ðB:5Þ

Appendix C. Constitutive behaviour of amorphous phase

ðC:1Þ

The driving stress represents the contribution of the intermolecular
interactions and is modelled with N a viscoplastic modes, whereas
the hardening stress represents the molecular network modelled
with N r viscoplastic modes:
ah
s

r ¼K

a



J ae



 1 I;

ad
s

r ¼

Na
X

r

i¼1

ad
si

Na
X
~ ad ;
¼
Gai B
ei
i¼1

2

aT
3 a
~ a ¼ J a
B
ei F ei  F ei :
ei

ðC:3Þ

The elastic deformation gradient tensors of the modes corresponding to the molecular network, are determined from the following
multiplicative decomposition:

F a ¼ F aerj  F at  F aprj  F a1
dj ;

j ¼ 1; Nr ;

ðC:4Þ

where F adj is a deformation gradient tensor determining
  the initial
pre-deformation of the network, such that det F adj ¼ 1. In this
work the following form is adopted:

e1~
e1 þ kMDj~
e2~
e2 þ
F adj ¼ kTDj~

1
~
e3~
e3 ;
kTDj kMDj

ðC:5Þ

where ~
e2 corresponds to MD. The isochoric elastic Finger tensor of
~ a , is calculated in a similar way as in Eq. (C.3). The evolumode j; B
erj
tion of thermal expansion is according to:

_
Lct ¼ F_ ct  F c1
¼ aa TI;
t

ðC:6Þ

where aa is the scalar isotropic thermal expansion coefﬁcient.
The viscoplastic behaviour is deﬁned by the plastic part of the
deformation rate:

 r
1 a
s
Lpi þ LaT
¼ i :
pi
2
2gi
ad

Dapi ¼

ðC:7Þ

The viscosities gi for i ¼ 1; N a in Eq. (C.7) depend on the equivalent deviatoric driving stress s, temperature T, pressure pa , and
thermodynamic state S, which here is taken to be 0:




DU 1 1
s=s0

R T Tr
sinh ðs=s0 Þ
 a
lp
 exp
exp ðSÞ; i ¼ 1; Na ;

gi ¼ g0i exp

In this section, the equations representing the constitutive
behaviour of the non-crystalline phase are summarised. For each
mode i ¼ 1; N a , a multiplicative decomposition of the deformation
gradient tensor is used (the plastic deformation is taken spin-free):
F a ¼ F aei  F at  F api . The Cauchy stress tensor is split into a driving
stress, which, in turn, is split into a hydrostatic part and a deviatoric part and a hardening stress:
ad
a
ra ¼ rah
s þ rs þ rr :

C c24
3:3

Nr
X
r ¼ Grj B~ ad
erj ;
a
r

ðC:8Þ

s0

s¼

rﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
1 ad
r : rad
s ;
2 s

s0 ¼

kT
;
V

ðC:9Þ

where R is the universal gas constant, DU the activation energy, T r a
reference temperature, rad
s is the overall deviatoric driving stress, k
is the Boltzmann constant and V  the activation volume. The plastic
part of the deformation rate corresponding to the molecular
network, Daprj , is calculated in a similar way as in Eq. (C.7). The
viscosities gr j for hardening modes are only temperature
dependent:

grj ¼ g0rj exp





DU rj 1 1
;

T Tr
R

j ¼ 1; Nr :

ðC:10Þ

j¼1

ðC:2Þ
a

Gai

with K being the bulk modulus,
the shear moduli, Gr j the
hardening moduli and Nr the number of viscoelastic hardening
modes. The isochoric elastic Finger tensor of mode i is calculated as:
1

Eq. (B.2) is numerically integrated in the following way:
F ct ðtnþ1 Þ ¼ expðDt ac ðtnþ1 ÞT_ ðt nþ1 ÞÞ  F ct ðt n Þ.

Table D.4
Reference shear rates at different temperatures for the PET crystal.
Slip system

(1 0 0)[0 0 1]

(0 1 0)[0 0 1]

(1 0 0)[0 1 0]

na at 295 K (s1)

1016

1080

1030

na at 463 K ðs1 Þ

8  106

7  107

2  102
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Table D.5
Model parameters for PET, non-crystalline phase.
Parameter
Value

V  (nm3)
3:24

DU (kJ/mol)
230

aa (K1)

K a (MPa)
1800

T r (K)
323

7  105

l (–)
0:048

Parameter
Value (s)

s1

s2

s3

s4

s5

s6

s7

s8

s9

s10

sr 1

sr 2

1012

1011

1010

109

108

107

106

105

104

103

1013

1013

Parameter
Value (MPa)

Ga1
8

Ga2
13

Ga3
12

Ga4
16

Ga5
50

Ga6
53

Ga7
102

Ga8
257

Ga9
274

Ga10
28

Gr 1
2:35

Gr 2
2:35

Parameter
Value

kTD1 (–)
1:37

kMD1 (–)
0:93

kTD2 (–)
0:39

Appendix D. Model parameters
The stiffness matrix of the PET crystal is temperature dependent. In the model, values interpolated at a particular temperature
are used [31]. Here only values at ambient temperature (300 K) are
listed in Table D.3, where the Voigt notation ð11; 22; 33; 23;
i1~
i2~
i3 is coupled to the crys31; 12Þ is used (the coordinate system ~
tal, see [31,18]). Parameters for the viscoplastic deformation for the
crystalline phase are listed in Table D.4. For all slip systems, the
reference shear stress is sa0 ¼ 1:1 MPa.
For the non-crystalline phase, values of the parameters can be
found in Table D.5. Relaxation times for the rejuvenated state are
listed instead of viscosities s ¼ g=Ga , where the symbol s is used
for the relaxation time of the mode and not for the equivalent
stress as in the model description.
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